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PREFACE 


During  the  last  several  decades,  considerable  efforts  have  been  made  in  light 
materials  research  for  applications  in  transportation  systems.  Although  the 
impetus  for  this  comes  from  the  various  needs  depending  on  the  type  of 
transportation  system,  one  common  goal  is  to  develop  transportation  system 
with  improved  performance.  For  the  automotive  industry  in  particular,  ever 
increasing  restrictions  on  the  fuel  consumption  and  pollutant  emission  have 
placed  a  great  demand  to  the  automobile  manufacturers  to  produce 
automobiles  with  reduced  weight.  Using  light  materials  can  be  a  viable  solution 
to  this  challenge  and  it  is  expected  that  the  demand  for  the  light  materials  will 
continue  to  grow. 

As  such,  this  conference  aims  to  review  and  update  all  aspects  of  the  science 
and  technology  of  light  materials  for  applications  in  various  transportation 
systems.  The  first  conference  on  Light  Materials  for  Transportation  Systems 
was  held  in  Kyoungju,  Korea  in  1993  (LiMAT-93).  After  8  years  following  the  first 
conference,  the  second  conference  is  being  held  under  the  theme  of 
"Development  of  Better  Air,  Sea  and  Land  Transportation  Light  Materials  for  the 
2000's"  with  an  emphasis  on  technology  transfer  from  aerospace  to  sea  and 
land  transport  to  help  improve  performance,  cost  and  reliability.  We  believe  that 
it  is  timely  appropriate  and  also  important  to  review  our  efforts  on  the  light 
materials  research,  and  to  redirect  our  future  research  efforts. 

We  would  like  to  express  our  deep  gratitude  to  The  Korean  Institute  of  Metals 
and  Materials  (KIM),  The  Minerals,  Metals  and  Materials  Society  of  USA  (TMS), 
US  Air  Force  Office  of  Scientific  Research/Asian  Office  of  Aerospace  Research 
and  Development  (AFOSR/AOARD),  The  Office  of  Naval  Research 
International  Field  Office  (ONRIFO),  Korea  Science  and  Engineering 
Foundation,  Pohang  Iron  and  Steel  Co.,  Hyundai  Motor  Co.,  Technology 
Innovation  Center  for  Metals  and  Materials  (TICM)  of  Pohang  University  of 
Science  and  Technology,  who  have  co-sponsored  our  conference. 


Aug.,  2001 

Nack  J.  Kim 

C. S.  Lee 

D.  Eyion 

LiMAT-2001  Organizing  Committee 
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ABSTRACT 

The  ECAP  process  has  the  potential  for  significantly  refining  the  grains  of  polycrystalline 
materials  to  within  the  submicrometer.  In  this  investigation,  this  ECA  pressing  technique  has 
been  applied  to  a  commercial  6061  aluminum  and  alloy.  The  grain  size  has  been  significantly 
decreased  by  ECAP  process.  Pre-ECAP  solid-solution  treatment  plus  post-ECAP  aging 
treatment  has  been  found  to  be  more  effective  in  enhancing  the  strength  of  a  commercial  6061 
A1  alloy  than  pre-ECAP  peak-aging  treatment.  Large  increase  of  -40%  in  UTS  and  yield 
stress  was  obtained  in  the  post-ECAP  aged  material  compared  to  the  peak-aged  commercial 
6061  Al  alloy.  Fatigue  performance  of  the  ECAP  processed  6061  Al  alloy  was  discussed  in 
terms  of  fatigue  life,  crack  nucleation  and  propagation.  The  improvement  of  fatigue  properties 
was  observed  and  attributed  to  a  higher  resistance  to  crack  nucleation  in  the  ultrafme-grained 
material. 


1.  INTRODUCTION 

It  has  been  well  demonstrated  that  equal  channel  angular  pressing  (ECAP)  is  a 
prospective  method  of  producing  very  fine  grain  size  (sub-micrometer  or  nano-meter)  in 
ingot-processed  metallic  alloys  [1-6]  without  reduction  in  the  cross-sectional  dimensions  of  a 
sample.  Fine  grains  are  beneficial  in  viewpoints  of  increased  strength,  toughness  and  fatigue 
life,  and  improved  superplasticity.  Ferrasse  et  al.[7]  studied  the  effect  of  pre-ECAP  heat 
treatment  (i.e.,  peak-aging  and  over-aging)  on  development  of  sub-micro  structure  in  the 
ECAP  processed  6061  Al  alloy.  They  found  that  the  ECAP  processed  peak-aged  material 
exhibited  much  higher  strength  than  the  ECAP  processed  over-aged  material,  although  both 
materials  had  the  similar  subgrain  sizes  of  -  0.4pm. 

In  the  present  study,  another  heat-treatment  method  linked  with  ECAP  process  has  been 
proposed  to  enhance  the  strength  of  a  commercial  6061  Al  alloy.  Before  ECAP  process,  the 
alloy  was  solid-solution  treated,  quenched  into  water,  and  after  the  ECAP  process  the  material 
was  aged  at  relatively  low  temperature.  The  solid-solution  treated  alloy  has  an  advantage  over 
the  peak-aged  material  in  viewpoint  of  lowering  load  and  temperature  for  ECAP  process. 

Another  objective  of  this  study  is  to  investigate  enhancement  in  fatigue  properties  after 
ECAP  processing.  There;  have  been  relatively  few  studies  for  the  fatigue  behavior  of  ECAP 
processed  aluminum  alloys.  Vinogradov  et  al.[8]  studied  the  fatigue  property  of  the  ECAP 
processed  5056A1  alloy.  The  material  exhibited  a  slight  enhanced  fatigue  life  at  high  stress 
amplitudes  but  no  improvement  in  the  fatigue  limit  was  observed.  It  was  also  found  that  the 
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crack  growth  rate  was  greater  in  the  ECAP  processed  material  than  the  coarse-grained 
material. 

2.  Experimental  Procedure 

For  the  sample  preparation,  a  6061  A1  billet  was  extruded  to  a  diameter  of  18mm  at 
450°C  and  cut  to  the  length  of  100mm.  The  bar  was  solution  treated  at  530°C  for  4  hrs.  and 
then  quenched  into  water.  The  grain  size  measured  after  the  heat  treatment  was  40~80jim.  The 
ECA  pressing  was  conducted  on  a  solid  die  with  an  internal  angle  (<t>)  of  90°  between  the  two 
separate  portions  of  the  channel  at  the  pressing  speed  of  4mm  s'^  For  this  die  design,  it  has 
been  shown  that  the  true  strain  accrued  on  a  single  pass  through  the  die  is  ~1  [9].  A  606 lAl 
sample  was  held  at  125°C  for  20  min.  and  then  pressed  through  the  die  preheated  to  125°C. 
Repetitive  pressings  of  the  same  sample  were  performed  up  to  12  passes,  equivalent  to  strain 
of  ~12.  All  pressings  were  conducted  by  rotating  each  sample  about  the  longitudinal  axis  by 
90°  in  the  same  direction  between  consecutive  passes  (designated  as  route  Be  [10]).  After  the 
ECA  pressing,  the  606  lAl  bar  was  aged  at  175°C  or  100°C  as  a  function  of  time.  Micro¬ 
hardness  and  tensile  tests  were  carried  out  to  characterize  the  strength  and  ductility  of  the 
ECAP  processed  materials.  Tensile  test  was  conducted  in  air  at  room  temperature,  using  a 
testing  machine  operating  at  a  constant  cross-head  speed  with  an  initial  strain  rate  of  5xl0'^s'’. 

The  microstructure  of  each  sample  was  examined  using  transmission  electron 
microscopy(TEM).  Samples  for  TEM  were  cut  from  the  y  plane  and  selected  area  electron 
diffraction(SAED)  patterns  were  taken  from  areas  having  a  diameter  of  -lOpm. 

The  fatigue  life  experiments  were  carried  out  under  the  complete  unloading  condition  R 
(the  ratio  of  the  minimum  to  maximum  stress  for  a  cyclic  stress)=0.  The  crack  nucleation  and 
propagation  was  characterized  using  miniature  single  edge  notched  samples  at  the  stress  ratio 
R=0.1  and  initial  stress  intensity  factor  range  of  AKo=3MPaxm‘^^.  For  the  fatigue  life  and 
crack  propagation  tests,  a  sinusoidal  waveform  load  control  mode  was  employed  with  a 
frequency  of  lOHz. 

3.  Results  and  Discussion 

TEM  micrographs  of  the  as-ECAP  processed  samples  are  shown  in  Fig.  1,  together  with 
SAED  patterns  taken  from  regions  within  these  areas.  Fig.  1(a)  is  the  microstructure  after  1 
pass,  where  parallel  bands  of  elongated  subgrains  have  formed.  Further  deformation  (12  pass) 
has  broken  elongated  band  structure,  without  reduction  of  the  thickness,  to  equiaxed  subgrains 
by  fonning  the  boundaries  perpendicular  to  the  direction  of  the  bands  (Fig.  1(b)).  The 
subgrain  size  was  measured  to  be  0.3~0.4pm,  which  is  very  similar  to  those  measured  in  the 
ECAP  processed  peak-aged  and  over-aged  6061  A1  alloy  studied  by  Ferrasse  et  al.  [7].  This 
result  implies  that  the  size  of  subgrains  formed  during  ECAP  process  is  little  affected  by  the 
density  and  size  of  precipitate  particles.  The  SAED  pattern  shown  in  Fig.  1(b)  exhibits 
diffracted  beams  scattered  more  uniformly  around  rings  compared  to  that  for  the  1  passed 
material,  thus  indicating  the  presence  of  structure  of  grains  separated  by  boundaries  having 
higher  angles  of  misorientation. 

The  effect  of  number  of  pass  on  hardness  of  the  solid-solution  treated  materials  is  shown 
in  Fig.  2.  The  hardness  has  increased  by  about  55%  after  1  pass.  After  4  pass,  the  increase  in 
hardness  was  near  85%.  This  large  increase  in  hardness  can  be  directly  attributed  to  the 
considerable  grain  refinement  made  through  severe  deformation  (Fig.  1).  However,  after  4-6 
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pass,  the  hardness  gradually  continues  to  decrease,  indicating  softening  occurs  after  the 
critical  strain  accumulation. 

The  hardness  of  the  ECAP  processed  materials  was  measured  after  aging  treatment  at 
175°C  as  a  function  of  time  up  to  8hrs.  In  the  unpressed  state,  there  is  a  significant  increase  in 
hardness  with  time  (50%  after  8hrs).  In  the  pressed  materials,  on  the  other  hand,  the  opposite 
trend.  This  result  attests  that  in  the  pressed  material,  the  effect  of  recovery  or/and  grain 
coarsening  of  heavily  deformed  substructure  by  annealing  overwhelms  the  effect  of 
precipitate  hardening  by  aging.  To  reduce  the  softening  effect  by  annealing,  a  lower  aging 
temperature  of  100°C  was  used.  The  effect  of  aging  at  100°C  is  shown  in  Fig.  2.  The 
strengthening  with  aging  is  now  recognized.  All  the  pressed  materials  exhibit  large  increase  in 
hardness.  The  optimum  aging  time  at  100°C  was  determined  to  be  near  48hrs.  since  the 
hardness  started  to  fall  after  48hrs.  This  enhancement  in  strength  indicates  that  the  aging 
effect  is  more  dominant  than  the  softening  effect  at  100°C. 


(a)  (b) 

Figure  1.  TEM  micrographs  of  the  solid-solution  treated  6061  A1  alloys  after  ECAP  process 

(a)  1  pass  (b)  12  pass. 


Figure  2.  Vickers  hardness  of  the  ECAP  processed  materials  with  aging  treatment. 

The  engineering  stress-strain  curves  obtained  by  tensile  testing  on  the  peak-aged 
commercial  606  lAl  alloy  and  1,  4  and  12  passed  ECAP  606  lAl  alloy  with  and  without  aging 
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treatment  at  100°C  for  48hrs.  are  compared  in  Fig.  3.  The  combination  of  ECAP  process  with 
aging  treatment  at  100°C  results  in  a  significant  increase  in  tensile  strength.  There  is  an 
increase  in  yield  stress  and  UTS  by  --40%  at  4  pass  compared  to  that  of  the  peak-aged  (T6) 
commercial  606  lAl  alloy,  which  agrees  with  the  hardness  result.  It  should  be  noted  here  that 
even  the  4  passed  solid-solution  6061  A1  alloy  (425  MPa)  is  stronger  than  that  of  4  passed 
peak-aged  6061  A1  alloy  (400  MPa)  reported  by  Ferrasse  et  al.  [7],  This  result  may  be  linked 
with  the  difference  in  dislocation  accumulation  rate  and  stability  of  precipitates  during  ECAP. 
It  was  suggested  by  Hong  et  al.  [11,12]  that  the  hardening  rates  of  the  under-aged  and  solid- 
solution  treated  Al  alloys  are  higher  than  those  of  peak-aged  and  overaged  Al  alloys  because 
dynamic  recovery  is  more  effectively  suppressed  by  the  high  solute  content  in  the  matrix. 
Furthermore,  needle-shaped  0’  precipitates  in  Al-Cu  alloys  were  found  to  be  sheared  into  fine 
particles  after  a  few  passes  of  ECAP  [13],  which  may  weaken  the  strengthening  effect  of 
precipitates  in  the  pre-ECAP  aged  material.  Tensile  ductility,  on  the  other  hand,  shows  the 
trend  to  decrease  with  increase  in  number  of  pass.  Beyond  4  pass,  however,  no  further 
decrease  in  ductility  was  observed. 


Figure  3.  Comparison  of  engineering  stress-engineering  strain  curves  between  the  T6  treated 
commercial  6061  Al  alloy  and  ECAP  processed  6061  Al  alloy  (1,4  and  12  pass) 
with  and  without  the  low-temperature  aging. 


To  assess  general  fatigue  performance  one  needs  to  consider  two  factors:  the  resistance 
to  crack  nucleation  and  crack  propagation.  Fatigue  life,  which  is  determined  by  both  factors, 
is  usually  evaluated  through  the  stress  amplitude  versus  number  of  cycles  (S-N)  curve,  while 
the  resistance  of  crack  propagation  is  evaluated  in  terms  of  crack  growth  rate  and  its  relation 
with  a  stress  intensity  factor  K.  Fig.  4(a)  is  the  S-N  curves  for  the  solid  solution  6061  Al  alloy 
at  0  and  1  passes.  The  fatigue  data  for  the  T6  treated  commercial  6061  Al  alloy  are  also 
presented  for  comparison.  The  ECAP  processed  606  lAl  alloy  shows  a  significant 
improvement  in  fatigue  life  (more  than  a  factor  of  10!)  compared  to  the  0  passed  solid- 
solution  and  T6  treated  alloys  that  are  similar  in  fatigue  behavior.  This  result  is  remarkable 
since  this  improvement  can  be  achieved  in  both  low  and  high-cyclic  fatigue  region  (N~10^). 
Vinogradov  et  al.  [8]  also  reported  the  enhancement  in  fatigue  life  in  the  ECAP  processed 
5056  alloy  (4  pass)  but  it  was  only  valid  in  the  low-cycle  region  and  the  improvement  was 
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relatively  slight  (about  factor  of  2).  Vinogradov  et  al.  [8]  explained  the  increase  in  fatigue  life 
in  the  ECAP  processed  5056  Al  alloy  in  terms  of  higher  yield  stress  in  the  ECAP  alloy  that 
prevents  macroscopic  plastic  deformation  at  the  beginning  of  load  controlled  cycling  in 
contrast  to  the  low-strength  initial  alloy.  Therefore,  the  incubation  period  for  crack  nucleation 
is  increased  and  longer  fatigue  life  is  the  result. 


Number  of  Cyclics  to  Faiulre,  N 


Stress  Intensity  Factor  Range,  aK  (MPa  •  m’'^) 


Figure  4.  (a)  S-N  curves  and  (b)  Fatigue  crack  growth  rate  as  a  function  of  AK  value. 


The  crack  growth  rate,  da/dN,  where  a  is  the  crack  size,  is  plotted  in  logarithmic 
coordinate  in  Fig.  4(b)  as  a  function  of  the  stress  intensity  factor  range  AK.  In  the  intermediate 
range,  the  crack  propagation  reasonably  well  obeys  the  Paris  law: 

da/dN  -  C(AK)"^  (1) 

where  C  and  m  are  material  parameters  depending  on  loading  conditions. 

The  following  can  be  inferred  from  the  plot  in  Figure  4(b).  First,  values  of  C  and  m  in  Eq. 
(1)  do  not  change  significantly  after  1  pass.  However,  C  value  distinctly  decreases  at  4  pass. 
Second,  there  is  crossover  in  crack  growth  rate  at  small  AK  values:  higher  crack  growth  rate  is 
higher  number  of  passes.  This  result  agrees  well  with  the  known  effect  of  grain  size  on  fatigue 
threshold  at  low  load  ratios  where  the  material  with  fine  grains  shows  a  lower  apparent 
fatigue  threshold[14]. 


4.  Summary  and  conclusion 

In  the  present  study,  an  effective  heat-treatment  method  linked  with  ECAP  process  has 
been  proposed  to  enhance  the  strength  of  a  commercial  6061  Al  alloy.  Before  ECAP  process, 
the  alloy  was  solid-solution  treated  and  quenched  into  water  and  after  the  ECAP  process,  the 
material  was  aged  at  100°C.  The  large  increase  of  --40%  in  UTS  and  yield  stress  was  obtained 
in  the  post-EC AP  aged  material  compared  to  the  peak-aged  (T6)  commercial  6061  Al  alloy. 
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Large  enhancement  in  fatigue  life  was  observed  after  ECAP  processing.  Judging  from  the  S-N 
curve  and  crack  propagation  rate  measurement,  it  is  concluded  that  increased  resistance  to 
crack  nucleation  improves  the  fatigue  life  of  the  ECAP  processed  6061  A1  alloy. 
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Abstract 

As  important  glass-forming  alloys,  the  ternary  Al-Fe-Gd  and  Al-Ni-Gd  systems  in  their  Al- 
rich  comer  were  examined  experimentally  to  assist  in  a  thermodynamic  assessment  of  these 
systems.  The  solid-state  phase  equilibria  were  determined  using  XRD  and  TEM-EDS  tech¬ 
niques.  While  this  work  confirmed  the  solid-state  equilibria  in  Al-Fe-Gd  reported  previously, 
the  ternary  phase  in  Al-Ni-Gd  system  was  identified  to  be  Ali5Ni3Gd2  rather  than  Ali5Ni3Gd 
reported  in  literature,  and  its  morphology  changes  from  rods  to  irregular  particles  in  different 
tie  triangles.  Differential  thermal  analysis  of  24  alloys  in  Al-Fe-Gd  system  and  42  alloys  in  Al- 
Ni-Gd  system  yielded  critical  temperatures  pertaining  to  the  solid-liquid  equilibria.  A  self-con¬ 
sistent  thermodynamic  database  for  these  systems  was  developed  using  the  CALPHAD 
approach.  Parameters  describing  the  Gibbs  free  energy  of  various  phases  of  the  Al-Gd,  Al-Ni, 
Al-Fe-Gd  and  Al-Ni-Gd  systems  were  manually  optimized  in  this  study.  Topics  about  metallic 
glass  formation  are  discussed  in  light  of  these  results. 


1.  INTRODUCTION 

Aluminum-based  glasses,  discovered  by  our  group  in  1988  [1]  were  recognized  to  form  in  a 
nontraditional  manner  [2,  3],  Several  empirical  factors  favoring  metallic  glass  formation 
include  a  multicomponent  system  with  atomic  size  differences  larger  than  10%,  a  low  temper¬ 
ature  deep  eutectic  in  the  binary  (or  ternary)  phase  diagram,  negative  heats  of  mixing  between 
the  components  and  high  viscosity  of  the  melt  (see  [4]).  Aluminum-based  glasses,  in  particular, 
do  not  appear  to  follow  these  rules,  since  alloys  exhibiting  the  best  glass  formation  ability  tend 
to  lie  relatively  far  from  the  eutectic  region  [3].  The  glass-forming  range  of  Al-rare  earth 
binary  alloys  lies  on  the  solute-rich  side  of  the  eutectic  where  the  liquidus  temperature 
increases  rapidly  as  the  rare-earth  is  added.  In  fact,  in  a  recent  study  of  the  Al-Ni-Gd  system, 
Guo  et  al.  [3]  identified  alloys  which  exhibit  positive  glass  forming  ability  (GFA)-related 
parameters  but  which  experimentally  don’t  exhibit  good  GFA,  Extending  the  composition 
range  to  four  [5]  and  even  seven  components  [6]  does  extend  the  composition  range  but  does 
not  improve  the  GFA,  hence  the  confusion  principle  [7]  and  atomic  size  effects  [8]  are  not 
applicable.  Little  thermodynamic  information  is  available  for  the  Al-transition  metal-rare  earth 
glass-forming  alloys,  in  part  due  to  the  unusual  combination  of  elements  in  these  Al-transition 
metal-rare  earth  systems,  and  to  date,  no  thermodynamic  databases  have  been  developed.  A 
self-consistent  thermodynamic  database  would  be  a  useful  tool  in  analyzing  the  composition 
dependence  of  GFA  in  these  systems. 
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2.  EXPERIMENTAL  PROCEDURE  AND  RESULTS 


2.1  Experimental  procedure 

All  the  alloys  were  synthesized  from  pieces  of  A1  (99.9%  purity),  Gd  (99.9%)  and  Fe 
(99.995%)  or  Ni(99.9945%)  of  about  2-5  grams  in  a  Ti-gettered  arc-melter  in  an  argon  atmo¬ 
sphere,  (Note  that  all  compositions  reported  in  this  study  are  in  atomic  %.)  Alloys  selected  for 
isothermal  annealing  studies  first  underwent  rapid  solidification  using  a  melt-spinning  tech¬ 
nique  to  obtain  ribbons  of  10-30  micron  thickness.  These  ribbons  were  then  sealed  inside  silica 
tubes  under  a  partial  pressure  of  argon  and  annealed  at  500^C  for  times  up  to  64  days.  The 
annealed  ribbons  were  analyzed  with  X-ray  diffraction  (XRD)  using  CuKa  radiation.  Speci¬ 
mens  for  transmission  electron  microscopy  were  made  by  electropolishing  melt-spun  and 
annealed  ribbons  in  a  solution  of  1  part  nitric  acid  to  3.5  parts  methanol  at  8-12  volts  and  - 

30°C.  These  thin  foils  were  first  examined  in  a  conventional  TEM,  where  the  phases  were 
identified  using  selected  area  diffraction  (SAD).  The  chemical  composition  of  each  phase 
present  was  then  determined  using  small  probe  quantitative  energy-dispersive  x-ray  spectros¬ 
copy  (EDS)  in  a  field-emission  TEM.  The  composition  of  each  phase  was  determined  using 
Cliff-Lorimer  equations  [9].  Neither  k-factor  showed  a  substantial  thickness  dependence;  this 
indicates  that  preferential  x-ray  absorption  was  negligible  for  the  x-ray  lines  employed  and  for 
the  thicknesses  of  the  specimens  analyzed  in  the  FEG-TEM  [10].  A  minimum  of  10  particles 
from  each  phase  were  probed,  and  their  average  value  determined  for  each  annealing  condi¬ 
tion.  Differential  thermal  analysis  (DTA)  was  performed  by  heating  and  cooling  the  alloy  in 
alumina  crucibles  under  a  flowing  argon  environment  at  a  rate  of  10°C/minute.  It  was  found 

that  the  resolution  of  the  weaker  thermal  events  did  not  improve  with  scan  rates  of  5°C/minute. 
The  apparatus  was  periodically  calibrated  with  high  purity  standards  of  A1  and  Au.  The  initial 
sample  state  (as  arc-melted  ingot,  as  melt-spun  or  as  spun-and-annealed  ribbon)  was  seen  to 
have  no  effect  whatsoever  on  the  DTA  profiles  in  the  temperatures  of  interest,  so  specimens 
with  all  3  conditions  were  analyzed.  All  the  alloy  compositions  were  analyzed  2-5  times,  with 
the  DTA  profiles  showing  good  reproducibility. 

2.2  Al-Fe-Gd  system  at  500°C 

Fig.  1  shows  TEM  images  from  Al9oFe5Gd5  annealed  30  days  at  500°C.  The  original  amor¬ 
phous  phase  has  completely  decomposed  into  fcc-Al,  M3Gd  (M  =  Al,  Fe)  and  (A1  joFe2Gd). 

Fig.  2  shows  the  typical  XRD  patterns  of  annealed  alloys  for  7  days  at  500°C.  Notice  that  alloy 
AlssFeioGds  show  neither  M3Gd  nor  Ali3Fe4,  indicating  it  locates  on  the  boundary  connect¬ 
ing  fee  Al  and  The  EDS  results  are  reported  elsewhere  [12].  It  was  found  that  the  phase 

compositions  differ  little  with  annealing  time  at  500°C  when  comparing  7,  30  and  64  days.  The 
fcc-Al  matrix  is  essentially  depleted  of  both  Fe  and  Gd,  at  least  within  the  experimental  uncer¬ 
tainty  of  these  measurements.  The  M3Gd  phase,  originating  from  the  Al-Gd  binary  system  as 
Al3Gd  (D0|9  structure),  is  seen  to  have  about  1  at%  solubility  for  Fe,  which  is  different  than 
the  isothermal  section  by  Vivchar  et  al  [11],  which  assigned  no  Fe  solubility  to  this  phase.  The 
phase,  however,  is  seen  to  have  a  composition  close  to  its  reported  value  [11],  The  DTA  data 
were  published  elsewhere  [12]. 
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2.3  Ai-Ni-Gd  system  at  500®C 

Twelve  alloys  were  heat  treated  at  500°C  for  1  day,  7  days,  18  days,  30  days  and  60  days 
respectively.  Fig.  3  shows  the  TEM  images  of  alloys  Al9oNi3Gd7  and  Alg2Nii5Gd3  annealed  at 
500°C  for  30  days.  Note  the  difference  in  morphology  of  the  ternary  phase.  It  is  rod-shaped  for 
alloys  with  Ni/Gd  ratio  <1.5  and  has  an  irregular  shape  for  alloys  with  Ni/Gd  ratio  >  1.5,  Typ¬ 
ical  XRD  patterns  of  annealed  alloys  are  shown  in  Fig,  4.  Strong  diffraction  peaks  of  fee  A1 
from  A45Ni3Gd  (=AlgoNii5Gd5)  indicates  that  this  reported  chemistry  is  not  the  correct  com¬ 
position  of  the  ternary  phase.  The  identical  diffraction  peak  positions  from  Ali6Ni3Gd  and 
Al82Nii5Gd3  indicate  that  they  both  must  be  located  in  the  same  tie  triangle,  XRD  of  alloy 
Ali5Ni3Gd2  (=Al75Nii5Gdio)  shows  neither  Al3Gd  nor  A1  peaks.  The  EDS  results  of  the  equi¬ 
librium  ternary  phases  at  500°C  are  listed  in  Table  1,  Note  that  the  consistency  in  composition 
for  different  alloys  under  different  annealing  times.  According  to  these  results,  the  chemistry 
of  this  ternary  phase  was  tentatively  determined  to  be  Ali5Ni3Gd2,  Both  the  XRD  and  EDS 
results  from  this  work  disagree  with  the  reported  value,  Al3^5Ni3Gd  [13],  The  only  literature 
pertaining  to  the  Al-Ni-Gd  system  is  the  isothermal  section  at  800°C  in  the  range  0  to  33.3 
at.%  Gd  [13],  The  ternary  phase  closest  to  the  Al-rich  comer  was  reported  to  be  Ali6Ni3Gd 
with  an  orthorhombic  crystal  stmeture.  Currently,  the  crystal  structure  of  this  compound  is 
under  investigation. 

3,  THERMODYNAMIC  ASSESSMENT 

The  Gibbs  energy  of  individual  phases  is  described  by  sublattice  models  [14]  and  is  defined 
relative  to  the  Standard  Element  Reference  (SER),  i.e.,  the  enthalpies  of  the  pure  elements  in 
their  defined  reference  phase  at  298. 15K  and  1  atm.  The  detailed  formulation  and  the  magnetic 
contribution  for  Al-Fe-Gd  are  listed  in  [12].  The  description  of  Gibbs  energy  of  Al-Ni-Gd  [15] 
follow  in  a  similar  way  as  Al-Fe-Gd  system.  The  excess  Gibbs  energy  is  expressed  in  Redlich- 
Kister-Muggianu  polynomial  form  [16,  17].  All  the  ternary  mixing  parameters  were  set  to 
zero.  Lacking  compositional  data  from  ternary  alloys,  the  stable  intermetallic  compounds 
Ali3Fe4,  Al5Fe2,  Al2Fe,  AlFe  were  assumed  to  have  no  solubility  of  Gd.  Thus,  their  (binary) 
sublattice  models  and  parameters  are  accepted  without  alteration  [18, 19].  The  stable  interme¬ 
tallic  compounds  previously  assessed  for  the  Fe-Gd  binary  system  that  impact  the  equilibria  in 
the  Al-rich  comer  are:  Fei7Gd2  and  Fe2Gd,  and  the  2-sublattice  models  and  parameters 
reported  by  Liu  et  al  [20].  They  are  described  as  Mi7Gd2  and  M2Gd  in  this  work  since  prior 
work  [18]  indicates  that  Al  and  Fe  mix  on  the  first  (M)  sublattice,  while  Gd  is  confined  by 
itself  to  the  second  (rare-earth)  sublattice.  The  parameters  for  Gd-Ni  binary  assessed  previ¬ 
ously  [21]  was  used  in  this  work  without  modification  except  for  the  N^Gd  compound.  Ni5Gd 
was  modeled  as  M5Gd  with  Al  and  Ni  occupy  the  first  sublattice  and  Gd  the  second.  The  Al- 
Gd  binary  compounds  of  interest  to  this  study  are  Al3Gd  and  Al2Gd;  the  AlGd,  Al2Gd3  and 
AlGd2  do  not  affect  the  phase  equilibria  in  the  Al-rich  comer  and  will  not  be  considered  fur¬ 
ther.  Al2Gd  has  the  same  C15  Laves  phase  structure  as  Fe2Gd  and  Ni2Gd,  so  they  are  all 
described  as  M2Gd.  The  Al3Gd  phase  (DO  19  structure)  shows  some  solubility  of  Fe/Ni  in  the 
ternary  system,  thus  the  M3Gd  phase  is  defined  as  having  the  DOj9  stmeture,  with  Al  and  Fe/ 
Ni  mixing  on  the  M  sublattice.  A  magnetic  contribution  to  the  Gibbs  energies  of  Fe2Gd  and 
Fei7Gd2  was  made  as  described  by  Liu  et  al  [20],  No  magnetic  contribution  was  made  for  the 
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other  binary  and  ternary  compounds  of  interest  since  they  magnetically  order  at  temperatures 
far  below  ambient,  if  at  all.  The  ternary  phases  optimized  in  this  work  include  AliQFe2Gd  and 
Al3Fe4Gd  for  the  Al-Fe-Gd  system,  and  Al25Ni3Gd2,  Al4NiGd,  Al3Ni2Gd2,  Al7Ni3Gd2, 
Al2NiGd,  AlNiGd  for  the  Al-Ni-Gd  system.  They  are  all  modeled  as  stoichiometric  com¬ 
pounds  with  3  sublattices  which  are  exclusively  occupied  by  Al,  Fe/Ni  and  Gd,  respectively. 
Both  ternary  systems  were  optimized  by  trial  and  error  and  the  parameters  for  Al-Fe-Gd  are 
listed  in  Table  2.  All  calculations  during  and  after  optimization  were  carried  out  using  the 
Thermo-Calc  software  package  [22].  Currently  Al-Ni-Gd  system  is  still  undergoing  manual 
optimization,  and  the  results  associating  with  Al-Ni-Gd  in  this  paper  are  tentative. 

4.  RESULTS  AND  DISCUSSION 

The  calculated  Al-Gd  binary  phase  diagram  [12]  was  done  in  the  range  of  65-100  at.%  Al. 
Good  agreement  is  obtained  against  experimental  data  from  3  independent  sources:  Buschow 
[23],  Saccone  et  a/.  [24]  and  this  study.  This  thermochemical  comparison  gives  an  important 
cross-check  of  the  validity  of  the  parameters  for  Al3Gd  and  Al2Gd,  and  by  consequence,  the 
binary  Al-Gd  liquid  mixing  parameters.  The  only  literature  data  pertaining  to  the  Al-Fe-Gd 

system  is  the  partial  isotherm  at  500^C  [11].  Since  the  ternary  mixing  parameter  in  the  liquid 
was  set  to  zero,  the  solid-liquid  equilibria  in  ternary  alloys  are  determined  through  (1)  the 
binary  stability  and  mixing  parameters  (2)  the  mixing  parameters  for  Al  and  Fe/Ni  on  the  M 

sublattice  of  M^Gd3  compounds  and  (3)  the  stabilities  of  the  ternary  com¬ 

pounds.  In  assessing  the  ternary  systems,  (1)  the  binary  parameters  were  left  untouched  (2) 

^^AitFemiiGd  determined  to  give  agreement  at  500°C  and  to  avoid  improbable  solubilities 

at  higher  temperatures,  and  (3)  the  parameters  for  ternary  compound  phases  were  determined 
to  obtain  the  best  agreement  between  the  solid-liquid  phase  boundaries  and  the  DTA  heating 
onset  temperature  values  [12,15]. 

Figures  5  and  6  show  calculated  isopleths  through  the  Al-Fe-Gd  phase  diagram  at  5  at.%  Fe 
and  5  at.%  Gd,  respectively.  Reasonable  agreement  is  obtained  with  the  experimental  DTA 
data  for  these  and  other  compositions.  The  intermediate  phase  boundaries  (those  between  the 
initial  and  final  melting)  often  did  not  appear  as  a  thermal  event  in  the  DTA  data;  this  is  attrib¬ 
uted  to  the  low  volume  fractions  and/or  low  latent  heats  of  melting  of  the  particular  compound 
phases  in  question.  Figures  7  and  8  show  tentatively  calculated  isopleths  through  the  Al-Ni-Gd 

phase  diagram  at  3  at.%  Ni  and  3  at.%  Gd,  respectively.  Figures  9  and  10  show  the  500®C  iso¬ 
thermal  sections  for  Al-Fe-Gd  and  Al-Ni-Gd  respectively,  with  the  glass  forming  range 
marked. 

The  results  of  this  study  reinforce  two  main  ideas:  firstly,  that  there  are  no  deep  eutectics  in  the 
Al-rich  comer  and  secondly,  that  the  occurrence  of  intermetallic  compounds  (especially 
AljoFczGd  ),  determine  to  a  large  degree  in  the  solid-liquid  equilibria  in  the  Al-rich  comer 
where  metallic  glass  formation  has  been  observed.  This  has  important  conequences  for  the 
compositional  dependence  of  amorphous  phase  retention  during  rapid  solidification  and  the 
decomposition  of  this  phase  into  fcc-Al  and/or  compounds  upon  heating. 
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Table  1 :  Composition  (at%)  of  the  equilibrium  ternary  phase  in  3  Al-Ni-Gd  alloys  annealed  at 


500°C,  determined  using  TEM-EDS  on  thin-foil  TEM  specimens. 


bulk  alloy 

AlpQNiyGdi^ 

AlpQNi^Gdiy 

annealing  time 

18  days 

60  days 

30  days 

A1 

75.5±0.7 

73.5±1.0 

75.5+1.2 

Ni 

14.5±L0 

15.9±1.3 

15.2+1.9 

Gd 

10.0+0.9 

10.6±0.7 

9.4+ 1.0 

Table  2:  Thermodynamic  parameters  obtained  in  the  present  work  for  AI-Fe-Gd  system  (SI 

units) 


Phase 

Parameter 

Value 

Liquid 

Oy  liquid 
^Al,Gd 

-235000+55T 

ly  liquid 
^Al,Gd 

0 

2y  liquid 
•^Al»Gd 

+38000+8T 

FCC 

Oy  fee 

^AI.Gd 

+5000 

BCC 

Oy  bcc 

^Al,Gd 

+100000 

HCP 

Oy  hep 
^Al,Gd 

0 

M3Gd 

MjGd  -o^fee  ^  -<o^hcp 

^Al:Gd  “  ^A1  “  ^Gd 

MaGd  o^bcc  ^  ,,r0^hcp 

GFe:Gd-0-75  Gp^  -0.25  Gq^ 

0 

Oy  MjGd 

^Al,Fe:Gd 

M2Gd 

Gai:S  -  0.667°G^7  -  0.333“G^‘=j’ 

-57900+6.88T 

Oy  M2Gd 
^Al,Fe:Gd 

R^RQRjjjjlll 

Mi7Gd2 

gSg?'  -  0.8947°G^7  -  0.1053°G^7 

-5000 

Oy  Mi7Gd2 

•^Al.Fe:Gd 

AlioFe2Gd  (Ti) 

g""'  -  0.769“Ga7  -  0.154°Gp^''  -  0.077°Go/ 

Al8Fe4Gd  (T2) 

G^^  -  0.615“Ga7  -  0.308 °Gf^"  -  0.077°Gg/ 
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at.%  Gd 

Fig.  5  Calculated  AI-5Fe-Gd  isopleth 


at.%  Fe 

Fig.  6  Calculated  AI-Fe-5Gd  isopleth 


Fig.  7  Calculated  AI-3Ni-Gd  isopleth.  Fig.  8  Calculated  AI-Ni-3Gd  isopleth 


Fig.  9  Calculated  Al-Fe-Gd  isotherm  at 
500C  with  glass  forming  region  shaded. 


AbNIi  AhNiz  AINi 

at%  Ni 


Fig.  10  Calculated  Al-Ni-Gd  isotherm  at 
500C  with  glass  forming  region  marked. 
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ABSTRACT 

The  crystallization  behavior  of  amorphous  Al86Mm4Niio-xFex(x=0,2,3,5,8)  alloys  have  been 
investigated  to  examine  the  effect  of  Fe  addition.  The  thermal  stability  of  the  amorphous 
phase  significantly  increased  by  the  addition  of  Fe.  Two-step  crystallization  was  observed  in 
the  present  alloy  system.  That  is,  first  crystallization  of  a-Al  was  followed  by  the 
crystallization  of  intermetallic  phases,  such  as  Al3(Ni,Fe)  and  AlnCes.  The  activation  energy 
for  the  crystallization  of  a-Al  increased  from  2.47eV  to  3.70eV  as  the  Fe  content  increased 
from  0  at.%  to  5  at.%.  Simultaneous  precipitation  of  a-Al  and  intermetallic  phase  was 
observed  in  Al86Mm4Ni5Fe5  and  Al86Mni4Ni2Fe8  alloys.  Glass  transition  was  obscured  by 
exothermic  heat  evolutions  prior  to  crystallization  and  could  be  observed  in  DSC  thermogram 
only  after  proper  annealing  treatment  to  remove  exothermic  structural  relaxation. 


1.  INTRODUCTION 

Amorphous  aluminum  alloys  have  been  an  attractive  candidate  for  transportation 
applications  because  of  their  high  tensile  strength  and  low  density.  Amorphous  ribbons  of  Al- 
RE-TM  (RE:  rare  earth  element  and  TM:  transition  metal)  ternary  system  show  the  tensile 
strength  up  to  1560MPa,  which  is  approximately  3  times  higher  than  that  of  commercial 
crystalline  Al-based  alloys  [1~4].  Applications  of  these  amorphous  alloys  are  limited  to 
relatively  lower  application  temperatures  (below  200°C)  due  to  an  embrittlement  upon 
crystallization  when  exposed  at  high  temperature. 

It  was  reported  that  the  thermal  stability  of  Al-RE-Ni  ternary  amorphous  alloys  was 
substantially  improved  by  partial  substitution  of  Ni  with  other  transition  metals,  such  as  Fe, 
Mn  and  Co  [4,5].  However  the  crystallization  behavior  of  Al-base  amorphous  alloys  is  not 
clearly  understood  yet.  In  this  article,  we  has  been  investigated  the  effect  of  Fe  addition  on  the 
crystallization  behavior  of  amorphous  Al-Mm-(Ni,Fe)  alloys  with  a  systematic  change  in  the 
relative  composition  of  TM  elements. 


2.  EXPERIMENTAL  PROCEDURE 

AlggMm^NijQ  ^Fe^  (x=0,2,3,5,8  at.%)  alloy  ingots  were  prepared  by  arc  melting  under  argon 
atmosphere.  Starting  materials  were  highly  pure  elemental  granules  (99.99%  Al.  Ni,  Fe)  and 
Ce-rich  misch-metal(Mm).  Alloy  ingots  were  remelted  several  times  in  order  to  homogenize 
alloy  compositions.  The  alloy  ingots  were  melt-quenched  into  an  amorphous  state  using  a 
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single-roll  vacuum  melt-spinner  to  fabricate  alloy  ribbons  with  2  mm  in  width  and  30/ini  in 
thickness.  Amorphous  structure  of  rapidly  solidified  ribbons  was  examined  by  Rigaku  X-ray 
diffractometer.  Thermal  analysis  was  carried  out  in  the  differential  scanning  calorimetry 
(Perkin-Elmer  DSC-7)  under  N2  gas  flow.  Some  alloy  specimens  are  isothermally  annealed 
for  20  minutes  at  several  different  annealing  temperature  below  Txi.  Isothermal  annealing 
treatment  was  carried  out  in  DSC  and 
each  sample  was  cooled  down  to 
50”C  at  a  cooling  rate  of  200  K/min. 

After  isothermal  heating  treatment  the 
sample  was  reheated  at  20K/min  or  1 
40K/min  of  scanning  rate.  TEM  ^ 

observation  was  performed  on  a  | 

JEOL  200CX  equipped  with  an  in- 
situ  heating  holder.  Thin  foil  samples  | 
were  obtained  by  twin-jet  polishing  in  | 
a  solution  of  25%HN03+75%CH30H 
at  243K.  X-ray  photoemission  0 

spectroscopy(XPS)  spectra  were  also 
obtained  from  the  some  alloy  ribbons  Fig.  1.  X-ray  diffraction  patterns  of  the  rapidly 
with  a  Perkin-Elmer  PHI  5400  system  solidified  Al86Mm4Niio-xFex  alloys  with  varied  x 
using  Mg  Ka  radiation.  values  :  (a)x=0,  (b)  x=2,  (c)  x=3,  (d)  x=  5,  (e)  x=  8 

and  (f)  x=10. 


3.  RESULTS  AND  DISCUSSION 


X-ray  diffraction  patterns  of  the  melt-spun  Al86Mm4Niio-x^^x 


amorphous  ribbons  are  shown  in  Fig.  1.  Only 
broad  diffusive  peaks  were  observed  in  every 
specimens,  indicating  that  fully  amorphous 
structure  was  obtained  in  the  rapidly 
solidified  alloy  ribbons. 

Figure  2  shows  the  DSC  thermograms  of 
the  present  amorphous  alloy  ribbons.  The 
first  crystallization  temperature  (Txi) 
increased  with  an  increase  in  Fe  content. 
Significant  differences  in  crystallization 
behavior  were  observed  depending  on  the  Fe 
content.  That  is,  in  the  alloys  containing  less 
than  5at.%  Fe,  a  small  exothermic  peak  was 
followed  by  a  sharp  exothermic  peak.  The 
second  sharp  exothermic  peak  appeared  at  a 
temperature  about  lOOK  higher  than  that  of 
the  first  small  peak.  X-ray  diffraction  results 
revealed  that  the  first  small  exothermic  peak 
corresponded  to  the  crystallization  of  a -A1 
from  the  amorphous  matrix  and  the  following 
exothermic  peaks  corresponded  to  the 


Temperature  (C) 


Fig.  2.  DSC  thermograms  for  Al86Mm4Niio-x 
Fex  amorphous  alloys  at  a  constant  heating 
rate  of  20K/min  ;  (a)x=0,  (b)  x=2,  (c)  x=3, 
(d)  x=  5  and  (e)  x=  8. 
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Fig.  3.  Kissinger  plots  for  the  first 
exothermic  peaks  in  DSC  thermograms 
of  the  present  alloy  ribbons 


crystallization  of  some  intermetallic  phases 
such  as  Al3(Ni,Fe)  and  AliiCe3[6].  On  the 
other  hand,  alloys  containing  more  than  5  at.% 
Fe  exhibited  sharp  overlapped  exothermic 
peaks,  indicating  a  simultaneous  crystallization 
of  a-Al  and  a  intermetallic  phase  [8]. 

The  lowest  crystallization  temperature,  Txi, 
defined  as  the  onset  temperature  of  the  first 
exothermic  peaks  in  Fig.  2  (a)'-(d),  exhibited  a 
nearly  linear  relationship  with  the  Fe  content. 
Fig.  3  shows  the  Kissinger’s  plot  of  the  first 
exothermic  peaks  in  the  DSC  results.  The 
activation  energy  of  the  a-Al  precipitation, 
evaluated  from  the  slope  of  linearity  in 
Kissinger’s  plot,  is  2.47  eV  for  the 
AlggMm^Ni^^  alloy  and  increases  substantially 


with  increasing  Fe  content,  x.  The  activation 
energy  of  the  first  crystallization  reaches  a  value  of  3.70  eV  in  Alg^Mm^Ni^Fe^  alloy.  In  some 


of  the  Al-based  amorphous  alloys,  the  growth  of  a  -A1  without  nucleation  was  proposed  as  a 
first  crystallization  reaction  due  to  the  presence  of  quenched-in  nuclei  [7].  In  the  present  study, 
however,  the  activation  energy  of  crystallization  is  much  higher  than  that  of  A1  self- 
diffusion(~1.45eV).  Thus,  the  quenched-in  nuclei  theory  cannot  explain  the  crystallization  of 
a-Al  in  the  present  study. 

Figure  4  shows  the  microstructure  of  the  alloy  ribbons  observed  just  after  the  first 
crystallization  peak.  Only  a-Al  crystallites  were  observed  in  the  Al86Mm4Ni7Fe3  alloy 
ribbons.  The  presence  of  some  dendritic  particles  alloys  indicated  the  relatively  low 
nucleation  frequency  of  a-Al.  However,  some  intermetallic  phases  such  as  Al3(Ni,Fe)  were 
observed  in  the  Al86Mm4Ni5Fe5  alloy  ribbons,  as  indicated  by  arrows  in  electron  diffraction 
pattern  of  Fig.  4(b)  [8].  The  in-situ  isothermal  annealing  results  also  revealed  that  a-Al  and 
intermetallic  phases  precipitated  simultaneously  during  the  crystallization  process  of 
Al86Mm4Ni5Fe5  amorphous  alloy  ribbons.  Thus  the  first  exothermic  peak  observed  in 


Fig.  4.  Bright-field  TEM  micrographs  and  electron  diffraction  patterns  showing  the 
crystallization  products  after  first  exothermic  peak  in  DSC  curves  of  Al86Mm4Ni7Fe3(a)  and 
Al86Mm4Ni5Fe5(b) . 


519 


Al86Mm4Ni5Fe5  alloy  can  be  regarded  as  overlapping  of  the  peaks  for  the  precipitation  of  a  - 
A1  and  intermetallic  phases. 

It  was  noted  in  DSC  thermogram  shown  in  Fig.  2,  that  the  specimen  did  not  show  any 
distinct  endothermic  step  of  glass  transition(Tg)  before  crystallization.  The  glass  transition 
during  differential  scanning  calorimetry  can  be  described  as  a  kinetic  phenomenon  caused  by 
the  continuous  approach  of  free  volume  towards  an  equilibrium  during  the  warming  up.  The 
glass  transition  has  been  the  most  widely  used  calorimetric  evidence  of  amorphous  materials. 
However,  the  absence  of  this  glass  transition  in  DSC  scans  does  not  necessarily  imply  that  the 
material  is  not  really  amorphous.  In  fact,  for  some  amorphous  alloys,  glass  transition  was  not 
observed  though  they  were  absolutely  fully  amorphous[9~l  1]. 

It  has  been  suggested  that  the  absence  of  glass  transition  temperature(Tg)  implies  that  glass 
transition  temperature  is  higher  than  the  crystallization  temperature(Tx)[9].  However,  it  seems 
out  of  reason  to  consider  that  crystallization  can  take  place,  which  requires  long-range 
diffusion  of  constitute  atoms  and  the  formation  of  critical  size  of  nuclei,  while  maintaining 
excess  free  volume  far  from  the  equilibrium  state.  Some  researchers  supposed  that  Tg  might 
not  be  observed  if  crystallization  occurred  only  by  growth  mechanism  from  the  quenched-in 
a-Al  nuclei[10,  11].  In  the  present  study,  however,  the  activation  energy  for  the  first  a-AI 
crystallization,  evaluated  in  the  present  investigation,  is  much  greater  than  that  of  A1  self¬ 
diffusion.  Thus,  a  new  viewpoint  is  necessary  in  order  to  explain  the  crystallization  behavior 
of  the  present  alloy  system.  The  present  authors  suggest  that  glass  transition  may  be  obscured 
by  other  exothermic  reactions  since  the  glass  transition  of  a  particular  material  partly  depends 
on  its  thermal  history.  That  is,  small  endothermic  peak  due  to  the  glass  transition  may  be 
obscured  when  certain  heat  evolving  reactions  -  such  as  structural  relaxation  -  occur  near  the 
glass  transition.  Fortunately,  these  heat  evolving  reactions  can  be  removed  by  proper  pre¬ 
annealing  heat  treatment. 

Fig.  5  shows  the  DSC  scans  of  the  alloy  containing  3  at.%  Fe  obtained  before  and  after 


Fig.  5.  (a)  DSC  thermograms  recorded  after  an  isothermal  annealing  at  the  different  annealing 
temperatures  of  Al86Mm4Ni7Fe3  amorphous  alloy,  (b)  DSC  thermograms  recorded  after  an 
isothermal  annealing  at  260°C  for  20  min  with  a  scanning  rate  of  40  K/min  in  the 
Al86Mm4Ni5Fe5  amorphous  alloy. 
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annealing  treatment.  The  DSC  scan  of  as-quenched  specimen  exhibits  almost  steady  heat 
flow,  i.e.  nearly  flat  baseline,  before  crystallization.  However,  DSC  scans  of  isothermally 
annealed  specimen  exhibited  an  endothermic  step  of  the  glass  transition.  These  results  imply 
that  the  glass  transition  occurs  on  heating  the  present  alloy  ribbons,  although  it  was  not 
detected  in  conventional  DSC  scans,  and  that  the  endothermic  step  of  glass  transition  can  be 
masked  by  some  exothermic  reactions  near  the  crystallization  temperature  range.  The 
observation  of  endothermic  step(Tg)  was  more  pronounced  at  higher  annealing  temperature 
because  the  exothermic  reaction  could  be  effectively  eliminated  by  annealing  at  higher 
temperature. 

In  the  crystallization  by  nucleation  and  growth  mechanism,  pre-annealing  heat  treatment 
may  result  in  partial  crystallization[12].  Thus,  a  peak  shift  to  low  temperature  would  be 
observed  in  subsequent  DSC  scanning.  In  case  of  crystallization  by  growth  mechanism,  on  the 
other  hand,  peak  shift  toward  high  temperature  would  be  observed  because  pre-annealing 
increase  the  grain  size  of  quenched-in  nuclei[12].  In  the  present  investigation,  no  peak  shift 
could  be  recognized  in  the  subsequent  DSC  scanning  after  pre-annealing  heat  treatment.  This 
result,  thus,  excludes  the  possibility  of  partial  crystallization  of  amorphous  phase  or  the 
growth  of  quenched-in  nuclei  during  the  pre-annealing  heat  treatment. 

The  glass  transition  was  also  observed  in  the  alloys  containing  5  at.  %  Fe  after  pre¬ 
annealing  heat  treatment,  as  shown  in  Fig.  5(b).  An  increase  in  scanning  rate  revealed  a  broad 
exotherm,  designated  as  ‘u’,  in  the  DSC  thermogram  from  as-quenched  specimen.  And  this 
broad  exotherm  disappeared  after  isothermal  the  pre-annealing  heat  treatment.  This  result  is  a 
strong  evidence  for  the  masking  of  glass  transition  by  exothermic  structural  relaxation. 

Figure  6  shows  the  XPS  spectra  obtained  from  some  alloy  ribbons  near  the  A1  2p  level(72.9 
eV).  Only  one  sharp  peak,  designated  as  “a”,  appears  in  as-quenched  ribbons.  The  binding 
energy  of  “a”  peak  corresponds  to  72.8eV,  which  is  quite  close  to  that  of  pure  Al(72.9eV).  In 
pre-annealed  specimens,  a  new  peak,  denoted  as  “P”,  is  observed  in  addition  to  the  original 
“a”  peak.  The  binding  energy  of  “P”  peak  is  about  75.4eV,  2.6eV  higher  than  that  of  “a” 
peak.  And  the  “P”  peak  exhibited  higher  intensity  than  “a”  peak  in  fully  crystallized  alloy 


Fig.  6.  XPS  spectra  of  the  A186Mm4Ni7Fe3  alloy  ribbons  with  different  heat  treatment 
conditions,  (a)  as-quenched,  (b)  annealed  at  200  °C  for  20min.,  (c)  annealed  at  227  “C  for 
20min.,  (d)  annealed  to  450  C . 
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ribbons  after  DSC  scanning  to  450T.  These  results  indicated  that  pre-annealing  heat 
treatment  caused  the  structural  relaxation  of  amorphous  phase  to  evolve  two  different 
chemical  environments  of  Al,  i.e.  Al-rich  region  and  Al-poor  region.  And  the  evolution  of 
structurtuctural  relaxation  is  followed  by  the  precipitation  of  a  -  Al  and  intermetallic  phase 
such  as  (Ni,Fe)Al3  and  AlnMms  in  the  two  chemically  different  regions  respectively.  The 
substitution  of  Ni  with  Fe  enhances  this  kind  of  structural  relaxation  since  Fe  has  stronger 
interaction  with  Al  than  Ni  has. 


4.  CONCLUSION 

1.  The  thermal  stability  of  the  present  amorphous  alloys  was  enhanced  by  the  addition  of  Fe. 

2.  Primary  crystallization  of  a  -Al  was  the  first  crystallization  product  in  the  alloys  containing 
small  fraction  of  Fe  upto  3  at.%.  Further  increase  of  Fe  content  above  5  at.%  induced 
simultaneous  crystallization  of  a-Al  and  intermetallic  phases  as  a  first  crystallization 
reaction. 

3.  The  glass  transition  was  obscured  by  exothermic  heat  evolution  caused  by  structural 
relaxation.  By  applying  suitable  heat  treatment,  the  glass  transition  could  be  observed  in 
DSC  thermograms. 
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ABSTRACT 

Nanocrystalline  Al-Mg  alloy  powders  have  been  synthesized  by  a  mechanical  attrition 
technique  with  low  milling  energy  under  liquid  nitrogen  in  a  process  known  as  cryomilling. 
Two  classes  of  powder  blends  of  nominal  composition  Al-7.5Mg  (wt.%)  were  used  as  starting 
materials  for  cryomilling:  (i)  a  mixture  of  spray-atomized  Al-50Mg  powders  and  pure  Al 
blends,  and  (ii)  spray-atomized  Al-7.5Mg  alloy  powder.  The  microstructural  evolution  during 
cryomilling  has  been  characterized  by  X-ray  diffractometry  in  detail.  The  cryomilling  reduced 
the  grain  size  down  to  about  25  nm  and  produced  a  supersaturated  Al-Mg  face-centered  cubic 
(fee)  solid  solution  having  approximately  7.5  wt.%  Mg  in  solution.  Formation  of  the 
nanostructures  in  the  Al-Mg  samples  was  found  to  be  dominated  by  the  total  lattice  strain  of 
fee  Al,  which  is  similar  to  other  conventional  milling  processes  with  high  or  low  milling 
energy  levels.  The  nanocrystalline  Al-Mg  alloy  powders  produced  by  cryomilling  exhibited  a 
high  resistance  against  grain  growth,  which  facilitates  processing  of  bulk  nanocrystalline  Al 
alloys  at  elevated  temperatures. 


1.  INTRODUCTION 

In  the  past  decade  mechanical  attrition  (MA)  [1,2]  has  demonstrated  to  be  an  effective 
method  to  process  nanocrystalline  (nc)  materials,  which  are  materials  with  a  microstructure 
the  characteristic  length  scale  of  typically  less  than  100  nanometers  [3].  The  formation  of 
nanostructures  during  MA  was  found  to  be  total  strain  dominant  regardless  of  material 
systems  and  processing  variables  (e.g.,  mill  energy,  milling  temperature)  [1].  In  the  case  of 
ductile  materials,  for  example,  aluminum-based  alloys,  the  relatively  strong  tendency  to 
adhere  to  the  container  walls  and  to  sinter  to  larger  particles  with  several  millimeters  in 
diameter  during  milling  leads  to  difficulties  during  processing  by  conventional  MA 
techniques.  With  the  introduction  of  cryogenic  liquid  media  to  MA,  the  cryogenic  ball  milling, 
or  “cryomilling”  process  [4],  has  been  successfully  employed  in  solving  this  challenge.  A 
number  of  nc  alloys,  such  as  Fe-Al  [5],  5083  Al  alloy  [6],  stainless  steel  [7],  and  Inconel  alloy 
[8]  were  produced. 

This  study  is  to  investigate  the  microstructural  evolution  during  cryomilling  and  thereby  to 
enhance  our  understanding  of  the  possible  mechanisms  that  govern  the  crystal  refinement 
process.  Al“7.5Mg  (wt.%)  was  chosen  as  a  model  system  in  this  study  and  X-ray 
diffractometry  was  used  to  examine  the  development  of  grain  size  and  microstrain  during 
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milling  process.  In  addition,  thermal  stability  of  the  nc  alloy  powders  produced  by  cryomilling 
was  also  assessed  with  respect  to  possible  applications. 

2.  EXPERIMENTAL 

Two  classes  of  Al-7.5Mg  (wt.%)  powder  blends  were  used  as  starting  materials  for 
cryomilling:  (A)  a  mixture  of  spray-atomized  Al-50Mg  (wt.%)  alloy  powders  and  pure  A1 
blends  in  the  proper  ratio,  and  (B)  spray-atomized  Al-7.5Mg  alloy  powders.  The  milling  was 
carried  out  in  a  modified  Union  Process  01 -HD  attritor  with  a  stainless  steel  vial  and  balls 
(with  6.4-mm-diameter)  at  a  rate  of  180  rpm.  The  ball-to-powder  ratio  was  36:1.  During  the 
milling  operation,  liquid  nitrogen  was  added  into  the  mill  to  maintain  complete  immersion  of 
the  milling  media  that  keeps  a  temperature  of -190®C.  Prior  to  milling  ~  0.25  wt  %  of  stearic 
acid  (CH3(CH2)i6C02H)  was  added  to  the  powders  as  a  process  control  agent  to  moderate  the 
cold  welding  process.  After  different  milling  times  a  small  quantity  of  materials  was  removed 
from  the  attritor  for  microstructure  analysis.  The  x-ray  diffraction  (XRD)  measurements  were 
carried  out  by  a  Siemens  D  5000  diffractometer  equipped  with  a  graphite  monochromating 
crystal  using  Cu  Ka  radiation.  The  grain  size  and  lattice  microstrain  of  fcc-Al  in  the 
cryomilled  samples  were  determined  following  the  method  described  in  ref  [9]  from  peaking 
broadening  of  the  five  intense  diffraction  peaks  ({111},  {200},  {220},  {311}  and  {222})  with 
subtraction  of  the  instrumental  broadening  and  Ka2  components. 

3.  RESULTS  AND  DISCUSSION 

3.1.  Evolution  of  microstructure  during  cryomilling 

The  structural  evolution  of  the  two  types  of  Al-Mg  powders  during  cryomilling  is  shown  is 
Figure  1.  At  the  initial  stage  of  milling  (1  h),  the  type  A  sample  displayed  sharp  peaks  from 
fcc-Al  and  evident  peaks  of  the  y  phase  (Ali2Mgi7),  an  intermetallic  compound  that  was 
present  in  the  unmilled  spray  atomized  Al-50Mg  powders  (see  Figure  la).  The  reflection 
peaks  of  both  phases  diminished  rapidly  with  increasing  milling  time  and  the  y  phase  becomes 
undetectable  in  the  pattern  after  8  h  of  milling.  Simultaneously,  the  fcc-Al  peaks  shifted 
toward  lower  diffraction  angles,  indicating  a  lattice  expansion.  Figure  1(b)  shows  the  XRD 
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Fig.l .  XRD  patterns  for  Al-7.5Mg  samples  milled  for  various  times:  (a)  a  mixture  of  A1 
and  spray-atomized  Al-50Mg  alloy  (Type  A),  and  (b)  spray-atomized  powders  (Type  B). 
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patterns  of  the  type  B  sample  in  the  spray-atomized  state  and  after  cryomilling  of  4  h.  Only 
fee  A1  was  found  in  these  samples,  indicating  formation  of  a  fee  Al-Mg  solid  solution. 

The  variation  of  the  lattice  parameter  of  a-Al  with  milling  time  for  the  two  types  of  Al- 
7. 5 Mg  powders  is  shown  in  Figure  2.  Before  cryomilling,  the  lattice  constant  value  of  the 
sample  B  was  considerably  larger  than  that  of  the  sample  A,  suggesting  Mg  atoms  were 
trapped  in  fcc-Al  lattice  in  the  spray-atomized  powders.  For  both  of  the  samples,  the  lattice 
constant  value  remained  stable  in  the  initial  stage  of  milling  and  then  increased  substantially 
upon  further  milling.  Finally  it 
approached  to  a  value  of  about 
0.4085  nm.  Assuming  that  the 
expansion  of  the  fcc-Al  lattice  can  be 
singularly  attributed  to  the  dissolved 
Mg  atoms,  one  may  estimate  the  Mg 
concentrations  in  Al-Mg  solid 
solutions  based  on  the  literature  data 
available  in  ref  [10].  The  Mg  content 
in  the  fcc-Al  lattice  was  found  to  be 
approximately  7.5  (in  wt.  %)  after 
cryomilling  of  12  h,  indicating  that 
all  Mg  atoms  were  essentially 
dissolved  after  a  sufficiently  long 
time  of  cryomilling.  With  respect  to 
the  solubility  in  the  equilibrium  state 
[11],  the  fee  Al-Mg  solid  solution 
formed  was  supersaturated. 

The  extension  of  terminal  solid  solubility  has  been  reported  for  a  number  of  alloys  by 
mechanical  alloying  [12].  In  the  case  of  Al-Mg  binary  alloy,  it  was  reported  [13]  that  a 
terminal  solid  solubility  of  23  at.  %  of  Mg  in  A1  was  obtained  by  high  energy  MA  at  room 
temperature  while  only  about  1.0  at.  %  of  Mg  is  miscible  in  the  solid  state  under  equilibrium 
conditions  [11].  This  extension  of  solid  solubility  was  attributed  to  the  nc  structure  formed 
during  the  MA  process.  The  large  volume  fraction  of  grain  boundary  present  in  the  nc  state 
are  thought  to  enhance  the  solid  solubility  in  these  materials.  In  the  case  of  cryomilled  Al-Mg, 
it  was  seen  that  the  solid  solubility  of  Mg  increased  remarkably  after  milling  of  6  h,  at  which 
the  crystalline  size  of  fcc-Al  reduced  down  to  about  80  nm  (see  Figure  3  in  the  next  section). 
On  one  hand,  this  finding  suggests  that  the  enhanced  dissolution  of  Mg  content  in  A1  is 
associated  with  the  formation  of  nanostructure  by  MA,  which  may  give  rise  to  the  high 
diffusion  activity  in  the  alloy.  On  the  other  hand,  the  maximum  solid  solubility  of  Mg  in  the 
supersaturated  Al-Mg  solid  solutions  formed  by  the  cryomilling  process  in  the  present  study 
was  found  to  be  about  13  at.  %  [14];  this  value  is  much  lower  than  that  dissolved  by  the 
milling  conducted  at  ambient  temperature.  This  may  be  expected  as  a  result  of  the  extremely 
slow  diffusion  kinetics  at  the  process  temperature  (diffusivity  of  Mg  in  A1  at  -190^^0  is  much 
lower  than  that  at  room  temperature)  as  well  as  the  relatively  low  energy  imparted  by  the 
vibratory  mill,  for  example,  in  comparison  to  high  energy  SPEX  shaker  mill. 

3,2.  Grain  size  and  lattice  microstrain 


Fig.  2.  Estimated  lattice  constant  of  a-Al  (Mg)  in 
Al-7.5Mg  with  milling  time. 


The  crystallite  size  and  the  lattice  microstrain  in  the  milled  samples  were  estimated  by 
XRD  line  broadening.  Figure  3(a)  depicts  the  development  of  the  average  grain  size  of  fcc-Al 
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phase  during  the  cryomilling  process  for  the  two  types  of  Al-7.5Mg  samples.  The  cryomilling 
reduced  the  grain  size  values  rapidly  during  the  first  hours  of  milling  and  then  decreased  it 
much  slowly  to  a  constant  value  for  long  milling  times  (i.e.,  t>8  h).  After  12  h  of  milling,  the 
grain  size  reached  a  steady  state,  being  about  25  nm  for  the  both  samples  studied  herein, 
despite  a  large  difference  between  them  in  starting  stage  of  the  cryomilling.  The  grain  size 
measurements  by  XRD  were  also  confirmed  by  the  TEM  observations.  The  minimum  grain 
size  value  that  achieved  in  the  Al-Mg  alloys  is  comparable  with  the  literature  data  reported  for 
pure  Al.  For  example,  a  final  grain  size  of  22  ±  2  nm  was  found  by  Eckert  et  al.  [15]  in  ball- 
milled  A1  prepared  by  high  energy  ball  milling  (with  Spex  8000  at  a  ball-to-powder  ratio  of 
4:1).  Similar  results  have  been  also  reported  earlier  by  Oleszak  et  al  [16]  for  a  nc  Al  prepared 
by  ball  milling  with  a  low  energy  level. 

The  lattice  microstrain  estimated  from  the  XRD  reflections  is  plotted  against  milling  time 
in  Figure  3(b).  A  maximum  strain  value  was  observed  during  the  milling  process,  /.e.,  the 
strain  increased  at  the  early  stage  of  milling  and  reached  a  maximum  before  it  dropped  in  the 
final  stage  of  the  milling  process.  For  the  two  classes  of  Al-Mg  samples,  the  maximum  strain 
was  found  to  be  around  0.4%.  The  samples  milled  for  8,  10  and  12  h  exhibited  a  much  higher 
strain  value,  which  may  be  speculated  to  originate  from  the  formation  of  a  supersaturated  fee 
Al(Mg)  solid  solution.  The  strain  in  the  steady  state  of  cryomilling  was  seen  to  be  about  0.3%, 
which  is  comparable  to  the  values  reported  for  milled  Al  [15,  16]. 


Milling  Time  (h)  Milling  Time  (h) 

Fig.  3.  The  variation  of  (a)  grain  size  and  (b)  lattice  microstrain  with  milling  time. 


The  lattice  microstrain  was  found  to  be  responsible  for  determining  the  nc  grain  size  [1]. 
For  the  materials  in  the  present  study,  it  was  noted  that  the  strain  increased  with  decreasing 
grain  size  and  reached  a  maximum  before  it  decreased  to  low  values  at  the  smallest  grain  size. 
The  maximum  was  found  to  correspond  to  the  milling  time  of  which  the  crystallite  size 
approached  to  the  final  steady  state  value.  This  is  consistent  with  the  study  of  Oleszak  et  al 
[16]  that  indicated  a  broad  maximum  in  strain  vs.  1/d  for  a  number  of  elements  including  Al 
and  several  other  fee  metals  in  a  low  energy  mill.  It  has  been  suggested  in  previous  studies  [1, 
2]  that  the  microstrain  is  due  to  dislocation  density  which  rapidly  increases  with  initial  milling 
time.  As  the  grain  size  becomes  nanoscale  within  shear  bands  and  as  the  number  of  such  shear 
bands  increases  and  the  average  grain  size  decreases,  the  dislocation-free  nanograins  and  the 
absorption  of  dislocations  at  the  increasing  number  of  grain  boundaries  results  in  a  decrease  in 
dislocation  density  and  therefore  in  microstrain. 
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In  comparison  to  the  low  energy  milling  process  at  ambient  temperature,  it  was  noted  that 
for  cryomilling  the  milling  time  needed  to  reach  the  final  steady  state  in  A1  was  much  shorter. 
This  may  be  explained  by  the  effect  of  milling  parameters  on  the  microstructure  of  the  final 
product.  It  has  been  shown  that  lower  milling  temperatures  typically  result  in  smaller 
minimum  grain  sizes  [1],  as  the  minimum  grain  size  obtained  by  milling  has  been  attributed  to 
a  balance  between  the  defect/dislocation  structure  introduced  by  the  plastic  deformation  of 
milling  and  its  recovery  by  thermal  processes.  In  light  of  the  cryogenic  temperature  of  the 
milling  in  the  present  study,  it  is  therefore  expected  that  the  recovery  is  not  as  effective  as  the 
milling  at  the  ambient  temperature  and  subsequently  the  milling  time  to  reach  a  steady  state  is 
relatively  shorter. 

3.3.  Grain  size  stability 

Thermal  annealing  was  carried  out  at  various  temperatures  for  the  milled  nc  Al-7.5Mg 
alloy  powders  in  order  to  evaluate  grain  growth  behavior.  Figure  4  shows  the  grain  size  v.s.  the 
annealing  temperature  for  1,  2,  4,  and  6  hours.  On  heating  the  as-milled  sample,  limited  grain 
growth  occurred.  The  grain  size  in  the  powder  sample  annealed  at  200°C  for  1  hour  was 
measured  to  be  around  40  nm,  an  increase  by  a  factor  of  less  than  2.  With  increasing 
temperature  up  to  450°C,  only  limited  growth  was  observed.  No  considerable  growth  was 
detected  for  an  increase  in  the 
annealing  time  from  1  h  to  6  h  at  each 
temperature.  It  is  worth  noting  that  in 
all  of  the  Al-7.5Mg  samples 
isothermally  annealed  within  the  time 
limits  applied  in  this  study  the  grain 
size  of  fcc-Al  was  maintained  below 
100  nm.  It  should  be  also  pointed  out 
that  in  a  related  study  [6]  the  grain 
size  in  a  bulk  Al-7.5Mg  sample 
produced  by  hot  isostatic  pressing  and 
extrusion  at  300®C  was  around  50  nm, 
consistent  well  with  the  results  for  the 
powder  sample.  In  practice  enhanced 
grain  size  stability  was  also  observed 
in  other  nc  materials  produced  by 
cryomilling  (e.g.,  in  A1  [17]).  It  was 
revealed  that  the  high  grain  size 
stability  may  be  mainly  attributed  to  the  pinning  effect  arising  from  the  following  two  sources 
existing  in  milled  samples:  (i)  grain  boundary  segregation  of  solute  or/and  impurities,  and  (ii) 
the  second  phase  (such  as  ultrafme  A1  oxide  and  nitride).  In  the  case  of  Al-Mg,  the 
segregation  of  solute  atoms  of  Mg  to  the  grain  boundaries  in  the  supersaturated  fee  Al(Mg) 
solid  solution  may  result  in  the  pinning  force  inhibiting  grain  growth  process.  Microstructural 
analyses  are  needed  to  support  this  suggestion.  In  reference  to  possible  applications,  the  high 
grain  size  stability  of  the  cryomilled  Al-Mg  alloy  powders  renders  cryomilling  a  promising 
route  to  produce  large  quantity  of  powder  materials  for  processing  of  bulk  nc  A1  alloys  by 
means  of  hot  consolidation  techniques. 


Fig.  4.  The  grain  size  in  the  Al-7.5Mg  samples 
as  a  function  of  annealing  temperature. 


527 


4.  CONCLUSION 


A  supersaturated  Al-Mg  solid  solution  with  grain  size  of  about  25nm  was  produced  by 
mechanical  attrition  under  liquid  nitrogen  {Le.,  cryomilling).  The  cryomilling  of  the  Al-7.5Mg 
mixture  consisted  of  two  phases  of  fcc-Al  and  y-Ali2Mgi7  gives  rise  to  a  supersaturated  fee 
Al-Mg  solid  solution.  Similar  Al-Mg  solid  solution  was  also  formed  by  cryomilling  of  spray- 
atomized  Al-7.5Mg  alloy  powders.  The  formation  of  nanostructures  during  cryomilling  was 
found  to  be  the  total  microstrain  dominant  process,  which  is  similar  to  other  conventional 
milling  processes  with  high  or  low  milling  energy  levels.  A  high  degree  of  stability  of 
nanostructures  was  found  in  the  cryomilled  materials. 
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ABSTRACT 

The  purpose  of  this  study  is  to  predict  the  growth  behavior  of  the  primary  A1  nanocrystals 
with  the  application  of  appropriate  model.  From  the  JMA  analysis  of  the  crystallization  of  an 
AlgsNiioNds  amorphous  alloy  it  was  shown  that  the  early  nucleation  sites  saturation  of 
primary  A1  phases  was  occurred  and  that  with  the  crystallization  proceding  the  nucleation  rate 
was  gradually  decreased. 

The  Ham  analysis  from  this  study  predicts  quite  well  the  measured  crystal  size  and  growth 
rate.  The  predicted  crystal  size  (the  Ham  model)  becomes  less  than  that  given  by  SVUt 
(parabolic  growth  raw)  after  only  a  few  seconds  for  temperatures  above  the  glass  transition, 
emphasizing  the  need  to  consider  diffusion-field  impingement  in  a  growth  kinetics  analysis 
involving  high  particle  densities. 


1.  INTRODUCTION 

Nanocrystalline  materials,  namely,  polycrstals  with  <100  nm-sized  crystalline  grains,  have 
attracted  much  attention  in  recent  years  since  the  first  report  by  Gleiter  and  his  co-workers 
was  published  [1].  Of  special  importance  is  the  recent  discovery  of  A1  rich  glasses  containing 
~85  at.  %  A1  and  a  combination  of  transition  and  rare-earth  element  additions  [2-3].  These 
materials  yield  microstructures  consisting  of  a  high  volume  fraction  of  A1  nanocrystals  in  an 
amorphous  matrix.  The  volume  fraction  of  nanocrystals  approaches  30%,  which  offer 
remarkably  high  strength. 

Some  researches  on  the  growth  kinetics  of  A1  nanocrystal  have  been  conducted  using  the 
parabolic  growth  model.  However,  the  results  are  rather  unsatisfactory  since  the  parabolic 
growth  model  doesn’t  consider  the  diffusion  field  impingement.  In  the  metallic  glass  alloy 
system,  which  reveals  a  high  nucleation  density  after  annealing  above  glass  transition  such  as 
the  most  Al-base  metallic  glasses,  the  diffusion  field  impingement  has  to  be  considered  for  the 
growth  kinetics.  The  focus  of  the  present  study  is  to  expand  upon  the  analysis  of  the  growth 
rate  considering  diffusion  field  impingement. 


2.  EXPERIMENTS 

The  alloy  investigated  in  the  present  study  was  prepared  by  melting  and  casting  high- 
purity  metals  in  a  vacuum  induction  furnace  under  an  Ar  gas  atmosphere.  Nominal 
composition  was  AlgsNiioNds.  The  alloy  of  AlgsNiioNds  was  rapidly  solidified  by  remelting 
under  an  Ar  gas  atmosphere,  and  then  melt-spinning  onto  the  outer  surface  of  the  rotating 
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copper  wheel.  The  melt-spun  ribbons  exhibit  thickness  of  about  20/iiii  and  width  of  about  2iniii. 
Crystallization  behavior  of  the  amorphous  ribbons  was  investigated  by  using  differential 
scanning  calorimetry  (Perkin-Elmer  DSC7).  Heat  treatment  of  the  melt-spun  ribbons  was 
conducted  at  various  temperatures.  Microstructural  changes  during  heat  treatment  of 
amorphous  ribbons  were  studied  by  using  X-ray  diffractometry  with  Cu  Ka  radiation  and 
transmission  electron  microscopy  (JEOL  201  OF). 


3.  RESULTS  AND  DISCUSSION 

A  DSC  heating  curve  of  melt-spun  AlgsNiioNds  alloy  for  the  entire  course  of 
crystallization  is  shown  in  Fig.  1.  The  glass  transition  onset  temperature  is  about  242  ®C  and 
the  first  observable  crystallization  reaction  occurs  at  about  252°C.  From  this  work,  XRD  and 
TEM  analyses  indicate  that  the  microstructure  of  as-melt-spun  ribbon  is  amorphous.  TEM 
analysis  of  the  sample  isothermally  held  at  251  °C  for  2  min  (Fig.  2)  indicates  the 
development  of  A1  nanocrystals  of  23  nm  average  size  and  about  4.9xl0^’m‘^  particle  density. 


Fig.  1  DSC  continuous  heating  curve  at 
at  40®C/min  of  amorphous  AlssNiioNds 
alloy 


Fig  2  TEM  bright-field  micrograph 
and  SADP  (inserted)  of  AlgsNijoNds 
sample  held  at  251  °C  for  2  min. 


Fig.  3  shows  the  change  in  the  first  exothermic  reaction  with  annealing  time  at  different 
annealing  temperatures  below  the  onset  temperature  of  the  first  exothermic  reaction  in  Fig.  1. 
The  exothermic  reaction  for  the  AlssNiioNds  alloy  begins  to  appear  after  an  incubation  period, 
followed  by  a  maximum  exothermic  peak  and  then  a  rapid  decrease  in  the  reaction.  With 
increasing  annealing  temperature  the  exothermic  peak  becomes  sharp  and  moves  to  left-hand 
side  indicating  acceleration  of  transformation  kinetics. 

In  the  theory  of  solid  state  phase  transformation,  the  Johnson-Mehl-Avrami  (JMA) 
equation  is  widely  used  in  modeling  the  isothermal  phase  transformation  mechanism  [4-6]. 
The  JMA  equation  relates  the  transformed  volume  fraction  x  at  a  constant  annealing 
temperature  T  and  time  t  [4-6] : 


x(/)  =  l-exp[-A:7,(/-r)"]  (1) 

where  Ky,  t  and  n  are  the  temperature  dependent  kinetic  constant,  incubation  time  and  Avrami 
exponent,  respectively.  Avrami  exponent  n  reflects  the  characteristics  of  nucleation  and 
growth  process  during  the  transformation.  Nonnaly,  for  an  isothermal  crystallization  of  an 
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amorphous  alloy,  a  mean  value  of  the  Avrami  exponent  was  used  to  interpret  the  process. 
Recently  as  an  alternative  method  of  analysis  of  the  isothermal  DSC  results  of  amorphous 
alloys  crystallization  the  local  value  of  the  Avrami  exponent  has  been  proposed  by  Calka  et  al 
[7].  The  local  Avrami  exponent  n(x)  is  defined  as 


n(x)  = 


ain(-ln(l-x)) 

d\n(t-T) 


(2) 


Fig.  4  shows  the  relationship  between  the  crystallized  volume  fraction  of  primary  Al  x(t)  and 
anneal  time  t  at  annealing  temperature  of  247  °C .  Plotting  ln(-ln(l-x))  against  In  (t-x),  as  in  Fig. 
5  (a),  we  can  get  the  local  Avrami  exponents  in  the  whole  transformation  range  using  the 
definition  of  n(x)  in  equation  (2).  Fig.  5(b)  shows  a  plot  on  n(x)  vs  x  at  247  “C  isothermal 
annealing  the  as-quenched  AlgsNiioNds  glass,  in  a  range  of  0.5%-'99.5%.  It  can  be  seen  from 
the  plot  (Fig.  5  (a))  that  in  the  whole  transformation,  there  are  three  distinct  stages  with 
different  Avrami  exponents.  This  evident  variation  of  the  mean  value  of  Avrami  exponent 
indicates  that  there  are  different  dominating  mechanisms  at  the  different  transformation  stages. 


Fig.  3  Change  in  the  first  exothermic  peak  of 
AlgsNiioNds  alloy  with  annealing  time. 


Fig.  4  Isothermal  transformation  curve 
for  nanocrystallization  of  primary  Al 
phase  of  A185NilONd5  alloy  at  247^ 


According  to  the  classical  phase  transformation  theory  [8],  that  the  Avrami  exponent  in 
the  early  stage  of  crystallization  is  smaller  than  1  means  the  surface  crystallization  dominates, 
and  such  a  process  frequently  occurs  in  the  crystallization  of  amorphous  melt-spun  ribbon  of 
metallic  system  [9,  10].  With  the  crystallization  proceeding,  the  value  of  n  increases  and  tends 
to  an  average  value  of  about  2,  indicating  that  3 -dimensional  nucleation  and  growth  becomes 
dominating.  Finally,  the  n  value  decreases  and  tends  to  about  1,  which  implies  that  in  the  final 
stage  of  crystallization,  the  growth  of  primary  Al  phases  with  a  considerable  volume  is 
dominant. 

As  shown  in  Fig.  5  (b),  the  local  Avrami  exponent  value  n(x)  increases  up  to  the 
maximum  value  of  about  2  in  the  very  early  stage  of  transformation  and  decrease 
continuously  to  about  1 .  Decreases  of  n(x)  values  shows  a  decrease  of  the  increasing  rate  of 
nucleation,  and  reaching  to  the  maximum  value  in  such  a  short  time  indicates  the  early  sites 
saturation  of  nucleation  (heterogeneous  nucleation). 
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(a)  (b) 

Fig.  5  (a)  plot  of  in[-ln(l-x)]  vs  In(t-T)  for  nanocrystallization  of  primaryAl  phase,  and 
(b)  plot  of  local  Avrami  exponent  (n(x))  vs  crystallized  volume  fraction  (x)  of  primary 
A1  phase. 

Generally,  in  the  analysis  of  diffusion  controlled  precipitate  growth,  the  parabolic  growth 
model  has  been  applied.  But  because  this  type  of  law  does  not  consider  the  diffusion  field 
impingement  effect,  so  it  is  not  rigorous  to  describe  the  growth  behavior  during  non- 
polymorphic  transformtion.  In  a  recent  research,  the  adoption  of  Ham  model  [11],  which 
considers  spherical  precipitate  growth  including  diffusion  field  impingement,  for  describing 
the  growth  behavior  during  the  non-polymorphic  transformation  has  reported  [12].  In  this 
study,  Ham  model  is  adopted  to  predict  the  growth  behavior  of  primary  A1  nanocrystals 
developed  from  the  AlssNiioNds  amorphous  alloy.  The  brief  description  of  Ham  model  is  as 
follows. 

For  a  precipitate  size  R(t)  and  spacing  2rs,  Ham  gives  the  growth  rate  as 


dt 


C{t)-C„,  ^ 
C,-C„,\R{t) 


(3) 


where  D  is  the  matrix  diffusivity,  C  is  the  average  solute  content  in  the  matrix,  and  Cp  and 
Cm  are  the  precipitate  and  matrix  compositions  at  the  interface,  respectively.  The  parameters 
needed  for  the  Ham  model  include  the  A1  nanocrystal  particle  density,  which  is  obtained  from 
TEM  analysis  (Nv~4.9xl0^’m'^,  Fig.  2);  the  enthalpy  of  crystallization  and  the  interface 
compositions,  which  can  be  obtained  from  thermodynamic  model;  and  the  diffusivity,  which 
can  be  obtained  from  modeling  the  DSC  exotherm. 

In  order  to  obtain  the  interface  composition  of  the  matrix  and  the  precipitate,  Coates 
Model,  which  accounts  for  diffusion  limited  growth  of  precipitates  in  ternary  systems  with 
unequal  component  diffusion  coefficients  [13,  14],  is  adopted  in  this  study.  For  purpose  of  this 
analysis,  the  ratio  DNi/DNd=100  has  been  used  which  is  reasonable  for  the  large  observed 
differences  in  composition  profiles  of  rare-earth  and  transition  metal  [15].  The  calculated 
metastable  fcc-liquid  equilibria  at  524K  is  given  in  Fig.  6.  The  alloy  composition  of  interest 
(Al-10Ni-5Nd)  is  on  the  tie  line  joining  the  fee  phase  and  liquid  phase  of  composition  Al- 
10.1Ni-7.3Nd.  The  calculated  enthalpy  change  (AHv)  is  -1 .20x10^  jW. 

In  order  to  estimate  the  diffusivity  of  Nd  the  Ham  analysis  was  applied  to  the  continuous 
heating  curve  with  the  starting  time  for  the  peak  onset  and  the  values  of  Nv=4.9xl0^’m'^  and 
AHv=- 1.20x10^  J/m^  (eqn.  (4)). 
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Fig.  7  shows  the  calculated  heat  evolution  rates  for  the  continuous  heating  curve  for  three 

^  17  9 

different  DNd  values.  For  the  case  of  DNd  -5.6x1  O'  m'  /s,  the  calculated  heat  evolution  rate 
shows  relatively  good  agreement  with  the  experimental  data  except  for  the  higher  temperature 
region.  The  Ham  model  is  based  on  the  assumption  of  a  constant  diffusivity,  but  in  fact  the 
diffusivity  varies  with  the  temperature  and  the  composition.  These  are  the  reasons  why  there 
are  some  discrepancies  between  calculated  and  experimental  data  in  the  higher  temperature 
region  as  shown  in  Fig.  7. 

In  Fig.  8,  the  crystal  size  of  primary  A1  as  a  function  of  time  calculated  from  parabolic 
growth  model  and  Ham  model  was  compared.  The  Ham  analysis  predicts  a  rapid  deviation 
from  parabolic  growth  behavior  when  the  high  observed  particle  density  and  the  estimated 
diffusion  coefficient  are  used  in  calculation.  Fig.  9  shows  the  measured  crystal  size  variation 
with  annealing  time  t  at  260  °C  and  280 'C .  As  shown  in  Fig.  9,  the  crystal  size  of  primary  A1 
nanocrystals  was  very  stable  as  about  25-30  nm  size  even  after  annealing  for  3  hours. 


Fig.  6  Calculated  metastable  phase 
diagram  (524K)  of  Al-Ni-Nd  showing 
fcc-L  equilibria. 


Fig.  7  Modeling  of  continuous  heating 
curve  of  Al-10Ni-5Nd  from  Fig.  1.  The  peak 
has  been  fitted  with  three  values  for  the 
neodymium  diffusion  coefficient. 


Fig.  8  Calculated  crystal  size  as  a  func¬ 
tion  of  time  given  by  the  Ham  model 
(solid  line). 
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Fig.  9  Measured  crystal  size  by  XRD 
method  after  annealing  at  260  °C  and 
280  °C  for  various  holding  time. 


The  Ham  analysis  predicts  quite  well  the  measured  crystal  size  and  growth  rate  in  the 
present  study.  The  predicted  crystal  size  (the  Ham  model)  becomes  less  than  that  given  by 
SV  Dt  after  only  a  few  seconds  for  temperatures  above  the  glass  transition,  emphasizing  the 
need  to  consider  the  diffusion-field  impingement  in  a  growth  kinetics  analysis  when  particle 
density  are  high. 


4.  CONCLUSION 

In  this  study,  the  nucleation  and  growth  behavior  of  primary  A1  nanocrystals  in  Al-Ni-Nd 
amorphous  alloy  was  investigated  using  the  JMA  analysis  and  Ham  model. 

Avrami  exponents  for  crystallization  of  primary  A1  phase  were  obtained.  In  early  stage,  it 
was  about  0.7.  This  indicates  that  the  crystallization  mechanism  in  the  early  stage  is  surface 
nucleation  and  growth.  In  the  middle  stage,  the  obtained  Avrami  exponent  was  about  2.  From 
this  result,  it  was  found  that  the  dominant  mechanism  is  bulk  nucleation  and  growth.  In  the 
last  stage,  the  Avrami  exponent  was  about  1 .0  and  this  means  that  the  primary  A1  nanocrystals 
grow  in  bulk. 

In  order  to  investigate  the  growth  behavior  of  primary  A1  nanocrystals,  the  variations  of 
primary  A1  crystal  sizes  with  annealing  temperatures  and  time  were  measured  by  XRD 
method  (Scherrer  equation).  Before  the  formation  of  intermetallic  compounds,  the  growth  rate 
of  primary  A1  nanocrystals  reaches  nearly  zero  in  a  very  short  time.  This  behavior  cannot  be 
predicted  by  the  conventional  diffusion-controlled  parabolic  growth  raw,  which  doesn’t 
consider  the  diffusion  field  impingement  effect.  However,  the  Ham  analysis  from  this  study 
predicts  quite  well  the  measured  crystal  size  and  growth  rate.  The  predicted  crystal  size  (the 
Ham  model)  becomes  less  than  that  given  by  SVDt  (parabolic  growth  raw)  after  only  a  few 
seconds  for  temperatures  above  the  glass  transition,  emphasizing  the  need  to  consider 
diffusion-field  impingement  in  a  growth  kinetics  analysis  involving  high  particle  densities. 
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ABSTRACT 

A  differential  scanning  calorimeter  (DSC)  measurement  and  high-  resolution 
transmission  electron  microscopy  (HRTEM)  were  performed  to  confirm  the  precipitation 
sequence  of  Al-Mg2Si  alloys  containing  Mg2Si  0.6,  1.0  and  1.6  mass%  during  heating,  4 
exothermic  (peaks  A,  C,  D  and  E)  and  1  endothermic  (peak  B)  peaks  were  clearly 
detected  on  a  DSC  curve  of  Al-1.6  mass%  Mg2Si  alloy.  These  peaks  were  unclear  when 
Mg2Si  contents  decreased  from  1.6  to  0.6  mass%.  Needle-shaped  and  rod-shaped 
precipitates  were  observed  in  alloys  heated  to  temperature  peak  B  or  more  by  TEM. 
HRTEM  observation  was  also  performed  for  samples  heated  upto  each  peak.  The 
mono-layer  GP  zone  was  observed  in  the  sample  heated  to  temperature  between  peaks  A 
and  B.  The  precipitation  sequence  of  1.0  and  0.6  %  alloys  were  also  confirmed  and 
precipitation  sequence  of  Al-Mg2Si  alloys  during  heating  are  as  follows: 

G.P.  zones  ^  Random-type  — ^  Parallelogram-type  ^  P'  phase  p  phase 
No  P"  phase  existed  in  these  alloys  what  did  not  include  Si  in  excess. 


1.  INTRODUCTION 

The  precipitation  sequence  of  Al-Mg-Si  alloys  has  been  studied  by  several  techniques, 
especially  by  the  thermal  analysis,  which  can  obtain  information  about  precipitation 
from  its  early  stage  to  the  equilibrium  stage.  Since  Al-Mg-Si  alloys  have  been  focused 
on  as  materials  for  body  sheets  of  vehicles  and  structural  materials  with  weldability, 
there  are  many  reports  about  precipitation  sequence  of  this  alloy  system  by  the 
deferential  scanning  calorimetory  (DSC)[1-11].  There  are,  however,  no  reports  that  were 
clarified  relationship  between  peaks  on  DSC  curves  and  precipitates  caused  during 
heating  by  to  be  classified  crystal  structures  or  types  of  precipitates.  We  are  studying 
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precipitation  sequence  by  high-resolution  transmission  electron  microscopy  (HRTEM) 
[12-17].  In  this  study,  DSC  curves  of  Al-Mg2Si  alloys  containing  several  amount  of 
Mg2Si  were  measured  and  precipitates  in  these  alloys  were  observed  by  HRTEM  in  order 
to  confirm  corresponding  between  results  peaks  on  DSC  curves  and  precipitates  in  the 
matrix. 


2.  EXPERIMENTAL  PROCEDURE 

Alloys  used  were  prepared  using  99.99  %A1  and  99.9  %Mg  and  Si  ingots.  Alloys 
included  Mg2Si  of  0.6,  1.0  and  1.6  mass%  and  they  are  called  as  0.6,  1.0  and  1.6  % 
alloys  in  the  present  work.  Ingots  were  hot-  and  cold-rolled  to  0.2  mm  thick  sheets. 
These  sheets  were  solution  heat  treated  at  848  K  for  3.6  ks  DSC  samples  were  prepared 
from  sheets  to  discs  of  4  mm  in  diameter  and  0.05mm  in  thickness,  and  its  weight  was  15 
mg.  These  discs  were  heated  from  the  room  temperature  to  773  K  at  the  heating  rate  of 
10  K/min  after  solution  heat  treatment  at  848  K  for  3.6  ks.  99.99  %  aluminum  disc  was 
used  as  the  blank  sample.  TEM  samples  were  prepared  by  the  electrolytic  polishing 
method.  DSC  was  used  a  DSC-3300S  (Mac  Science),  and  HRTEM  was  used  EM-002B 
(Topcon)  at  200  kV. 


3.  RESULTS  AND  DISCUSSION 

Figure  1  shows  DSC  curves  obtained  from  the  0.6,  1.0  and  1.6  %  alloys  heated  at  10 
K/min.  There  are  4  endothermic  peaks  A,  C,  D  and  E,  and  1  exothermic  peak  B.  It  has 
been  reported  that  peak  A  is  the  formation  of  G.P.  zones,  peak  B  is  the  dissolution  of  G.P. 
zones,  and  C,  D  and  E  are  corresponding  to  the  formation  of  P”,  P'  and  p  phase, 
respectively  [1-11].  Peaks  in  Fig.l  were  similar  to  previous  reports.  Peaks  on  the  DSC 
curve  of  0.6  %  alloy  were  unclear  compared  with  that  of  1.6  %  alloy. 

Figure  2  shows  microstructures  obtained  from  the  1.6  %  alloy  heated  up  to  near  peaks 
B,  C,  D  and  E.  Needle-shaped  and  rod-shaped  precipitates,  which  are  parallel  to  [100] 
and  [010]  directions  of  the  matrix,  were  observed  in  TEM  images  of  Figs.  2(b),  (c),  (d) 
and  (e).  Fig.  2(a)  shows  TEM  image  of  the  sample  heated  to  463  K  between  peaks  A  and 
B.  There  are  no  needle-  or  rod-shaped  precipitates  in  this  figure  when  the  sample 
observed  in  this  magnification.  Fig.  2(f)  shows  an  optical  micrograph  of  the  sample 
heated  to  723K  and  a  lot  of  plate-shaped  P-phase  was  observed  in  there. 

Figure  3  shows  typical  HRTEM  images  of  Fig.  2(a)  -  (d).  The  mono-layer  G.P.  zones 
[12,17]  were  observed  in  Fig.  3(a),  although  there  were  no  precipitate  in  Fig.  2(a).  The 
mono-layer  G.P.  zone  shows  arrangement  of  bright  and  dark  dots  along  the  (200)  plane 
of  the  matrix  alternately.  Fig.  3(b)  shows  a  cross-section  of  the  needle-shaped  precipitate 
and  there  were  no  periodicity  in  there.  This  is  the  random-type  precipitate  what  is  a 
transition  phase  from  G.P.  zones  to  metastable  phases  [12,17].  There  were  many 
random-type  precipitates  in  this  temperature.  The  parallelogram-type  precipitate,  which 
is  a  precursor  of  the  P'  phase  and  different  from  the  p"  phase  [13,16,17],  was  observed  in 
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Fig.  3(c).  It  can  be  seen  a  parallelogram  network  of  bright  dots  in  its  cross-section.  Fig. 
3(d)  shows  a  typical  HRTEM  image  of  the  P'  phase  [14]  in  the  1.6  %  alloy  heated  upto 
peak  D.  In  the  1.6  %  alloy,  namely,  it  was  confirmed  that  the  G.P.  zones,  the 
random-type,  the  parallelogram-type  precipitates,  the  P'  phase  and  the  P  phase  are 
observed  during  heating. 

Figure  4  shows  TEM  images  of  1.0  %  and  0.6  %  alloys  heated  to  533  and  573K. 
Needle-  and  rod-shaped  precipitates  were  also  confirmed  in  those  samples.  It  was  also 
confirmed  by  HRTEM  that  the  precipitation  sequence  of  1.0  %  and  0.6  %  alloys  was 
similar  to  that  of  1.6  %  alloy.  Figure  5  shows  a  typical  HRTEM  image  of  the  P"-phase  in 
an  Al-1.0  mass%  Mg2Si-  0.4  mass%  Si  alloy  (excess  Si-type)  aged  at  423  K  for  2400 
ks[13,15].  This  phase  was  never  observed  in  this  study.  As  6000  series  aluminum  alloys 
of  excess  Si-type  have  been  generally  used  for  studies  of  precipitation  sequence  in  this 
alloy  system  [1-11],  it  is  expected  that  the  P"  phase  was  observed  in  samples  heated  upto 
the  maximum  exothermic  peak  of  DSC  curve  in  their  reports. 


4.  CONCLUSIONS 

DSC  curves  of  Al-Mg2Si  alloys  were  obtained,  and  HRTEM  observation  was 

performed  for  peaks  in  their  DSC  curves  to  clarify  their  precipitation  sequence.  Results 

obtained  are  summarized  as  follows: 

1.  There  are  4  endothermic  peaks  A,  C,  D  and  E,  and  1  exothermic  peak  B  in  the  1.6  % 
alloy  as  the  same  as  that  reported  in  previous  works.  These  peaks  were  unclear  when 
Mg2Si  contents  decreased  from  1.6  to  .06  mass%. 

2.  The  1 .6%  alloy  heated  to  temperatures  near  or  between  each  peak  was  observed  by 
TEM.  Needle-shaped  and  rod-shaped  precipitates  were  observed  in  samples  heated 
to  temperature  peak  B  or  more.  There  are  no  needle-  or  rod-shaped  precipitates  in 
the  sample  heated  to  temperature  between  peaks  A  and  B.  HRTEM  observation  was 
performed  for  samples  heated  upto  each  peak  and  found  out  the  random-type,  the 
parallelogram-type,  the  P'  phase.  The  P  phase  was  also  confirmed  in  the  sample 
heated  to  peak  E.  The  mono-layer  GP  zone  was  observed  in  the  sample  heated  to 
temperature  between  peaks  A  and  B. 

3.  The  precipitation  sequence  of  1.0  and  0.6  %  alloys  were  also  confirmed  and  those 
were  similar  to  that  of  1.6  %  alloy,  namely  it  is  as  follows; 

G.P.  zones  — ^  Random-type  — >  Parallelogram-type  P'  phase  ^  p  phase 

4.  No  P"  phase  existed  in  these  alloys  what  did  not  include  Si  in  excess. 

REFERENCES 

1.  J.D.Bryant,  Metall.  Mater.  Trans. A,  Vol.30A  (1999),  pp.l999  -  2006. 

2.  S.P.Chen,  et  al.,  J.Mater.  Sci.,  Vol.33(1998),  pp.4477-4483. 

3.  I.Dutta,  S.M.Allen  and  J.L.Hafley,  Met.  Trans.A,  Vol.22A(1991),  pp.2553-2563. 


537 


4.  A.K.Gupta  and  DJ.Lloyd,  Met.MatenTrans.A,  Vol.30A  (1999),  pp. 879-884. 

5.  LDutta  and  S.M.Allen,  J.Mater.Sci. Letters,  Vol. 10(1991), pp.  323-326. 

6.  T.Das,P.R.Munroe  and  S.Bandyopadhyay,  J.Mater.Sci.,  Vol. 31(1996),  pp. 5351-5361. 

7.  A.Borrego  and  G.Gozalez-Doncel,  Mater.Sci.Eng.,  Vol.A245  (1998),  pp.10-18. 

8.  T.Das, S.Bandyopadhyay  and  S. Blairs,  J. Mater.  Sci.,  Vol. 29  (1994),  pp. 5680-5688. 

9.  G. A. Edwards, K.Stiller  et  al.,  Acta  Mater.,  Vol.40(1998),  pp. 3893-3904. 

10.  L.Zhen,S.B.Kang  and  H.W.Kim,  Mater.Sci.Tech.,  Vol.  13  (1997),  pp. 905-9 10. 

11.  L.C.Doan,Y.Ohmori  and  K.Nakai,  Mater.  Trans.  JIM.,  Vol,4 1(2000),  pp. 300-305. 

12.  K.Matsuda,H.Gamada  et  al.,  Met.MatenTrans.A.,  Vol.29A  (1998),  pp.l  161-1 167. 

13.  K.Matsuda,T.Naoi  et  al.,  Mater.Sci.Eng.,  Vol.A262  (1999),  pp.232-  237. 

14.  K.Matsuda,  S.Ikeno  and  S.Tada,  J.Japan  Inst.Metals,  Vol. 57(1993),  pp.l  107-1 1 13. 

15.  K,Matsuda,Y.Sakaguchi  et  al.,  J.  Mater.  Sci.,  Vol. 35  (2000),  pp.l 79-  189. 

16.  K.Matsuda,  H.Gamada  et  al.,  J.Japan  Inst.Light  Metals,  Vol.47(1997),  pp. 493-499. 

17.  K.Matsuda, T.Yoshida  et  al.,  J.Japan  Inst.  Metals,  Vol. 62  (1998),  pp.l 33-  139. 

ACKNOWLEDGEMENT 

The  authors  are  grateful  to  staff  of  Hokuriku  Fabrication  center,  Shin-Nikkei  Co.  Ltd. 
for  analysis  of  chemical  composition  of  alloys. 


Fig.  1  DSC  curves  obtained  from  the  0.6, 1 .0  and  1 .6  %  alloys  heated  at  10  K/min. 
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Fig.3  HRTEM  images  of  Fig.  2  (a)  -  (d).  Samples  were  heated  to  (a)  463,  (b)  498  (c)  547  and  (d)  573  K. 
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Fig.  5  HRTEM  image  of  the  P"  phase  in  an  AI-1 .0  mass%  Mg2Si  -  0.4  mass%  Si  alloy 
aged  at  423  K  for  2400  ks[  13]. 
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ABSTRACT 

Effect  of  the  external  stress  on  precipitation  of  Q  plates  and  G.R  zone  in  an  Al-Cu-Mg-Ag 
polycrystalline  was  examined.  Compressive  stress  during  ageing  promoted  the  nucleation  of 
particular  variants  of  Q  and  G.R  zone.  During  the  early  stage  of  aging,  the  number  density  of 
G.R  zone  was  increased  under  stress  aged  condition  than  that  of  stress-free  aged  condition.  In 
contrast  to  that,  the  number  density  of  Q  under  stress-aged  condition  is  quite  small  at  the 
beginning  of  ageing.  The  Q  plate  was  hardly  observed  by  conventional  TEM.  However, 
HRTEM  observation  revealed  that  small  Q  plate  exists  with  weak  contrast  in  the  dark  strain 
contrast.  These  results  indicate  that  the  growth  of  Q  is  suppressed  by  excess  nucleation  of  G.R 
zone  at  the  early  stage  of  ageing. 


1.  INTRODUCTION 

Addition  of  Mg  and  Ag  to  an  Al-Cu  binary  alloy  introduces  finely  dispersed  Q  precipitates 
on  {111}ai  habit  planes  replacing  G.R  zone  and  0’  on  {001  }ai.  Muddle  et  al  [1]  have  reported 
that  the  crystallographic  structure  of  Q  precipitate  is  orthorhombic  (a=0.496,  b=0.895, 
c=0.848)  similar  to  0’  (AI2CU).  Recently  Murayama  et  al  [2]  investigated  nucleation  of  the  Q 
precipitates  using  3DAPFIM  method.  They  found  that  Mg-Ag  co-clusters  form  at  the  very 
early  stage  of  ageing,  and  then  Cu  atoms  aggregate  to  these  clusters  to  form  Q  nuclei.  In  this 
point  of  view,  the  precipitate  sequence  of  Q  is  closely  related  to  G.R  zone  which  consists  of 
Cu  atoms.  In  the  mean  time,  stress  effect  on  nucleation  and  growth  was  treated  by  Eto  et  al  [3] 
concerning  G.R  zones  in  Al-Cu  binary  alloys.  They  suggested  that  the  particular  variant  of 
G.R  zone  nucleated  under  the  external  stress  will  grow  to  0’  through  G.R  [II]. 
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In  the  present  study,  the  stress  effect  on  the  precipitation  sequence  of  Q  together  with  G,R 
zone  in  Al-Cu-Mg-Ag  polycrystalline  alloy  was  investigated.  Applying  the  stress  during 
ageing,  the  stress  effect  on  the  precipitation  behavior  of  Q  and  G.P.  zone  was  examined. 
Two-step  ageing  (combination  of  stressed  and  stress-free  ageing)  was  also  conducted  for 
further  investigation.  Q  precipitates  at  the  very  early  stage  of  aging  were  observed  by 
HRTEM. 

2. EXPERIMENTAL  PROCEDURES 

Chemical  composition  of  the  alloy  was  Al-6.3  Cu-0.3  Mg-0.5  Ag  (wt.%).  The  alloy  cast 
plate  of  40  mm  in  thickness  was  homogenized  at  743  K  for  8  h  in  air,  and  hot-rolled  down  to 
the  plate  of  15  mm  thick.  Grain  size  was  about  100  pm.  Rectangular  specimens  bar  (2x2x4 
mm^  )  were  used  in  compressive  stress  aging.  The  longest  axis  of  the  specimen  along  which 
the  external  stress  applied,  corresponds  to  a  rolling  direction.  Specimens  were  quenched 
into  iced  water  after  solution  heat  treatment  at  793  K  for  Ih.  Subsequently  they  were  aged 
either  under  compressive  stress  in  the  range  from  75MPa  to  ISOMPa  or  under  stress-free 
condition  at  450  K  for  1  ~  10  h.  Two-step  ageing  (combination  of  stressed  and  stress-free 
ageing)  was  also  made,  TEM  specimens  were  cut  from  the  aged  specimen  and  mechanically 
thinned  down  to  200pm,  and  twin-jet -polished  to  a  few  pm  in  a  solution  of  10  %  perchloric 
acid  and  90  %  methanol  at  238  K  and  14V.  Final  polishing  was  made  in  a  solution  of  33% 
nitric  acid  and  66  %  methanol.  The  TEM  observation  was  carried  out  using  JEOL  2011  and 
PHILIPS  CM200. 

3.  EXPERIMENTAL  RESULTS  AND  DISCUSSION 

3.1  Stress  effects  on  the  number  density  of  Q  and  G.P.  zone 

Figures  1  (a)  -  (c)  show  the  TEM  microstructures  of  the  specimens,  which  were  aged  at 
450K  for  1  h  under  stress  free  condition  (a),  the  compressive  stress  of  150MPa  along  near 
[111]  direction  (b)  and  along  near  [Oil]  direction  (c).  Stress  axis  is  indicated  with  arrows  in 
the  figures.  Q  plates  were  finely  dispersed  on  {111}  A1  matrix  together  with  G.P.  zone  on 
(001 }  A1  matrix  (Fig.l  (a)).  The  number  of  Q  is  about  the  same  as  that  of  G.P.  zone  at  Ihour. 

Stress  effect  on  Q  plates  and  G.P.  zone  is  shown  in  Fig.s  1  (b)  and  (c).  Under  the 
compressive  stress  along  near  [111]  direction,  Q  precipitates  are  hardly  observed.  The  number 
density  of  the  G.P.  zone  variant  perpendicular  to  the  stress  axis  is  very  high  (Fig.  1(b)).  On  the 
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other  hand,  in  Fig.l  (c),  small  Q  precipitates 
are  observed  along  near  [Oil]  direction.  The 
number  density  of  G.R  zone  variant  parallel  to 
the  compressive  stress  axis  is  quite  low.  These 
results  are  explained  by  misfit-effect  [3-5]. 

The  nucleation  of  the  G.R  zone  variant 
perpendicular  to  the  stress  axis  is  promoted  in 
early  stage  of  aging.  The  nucleation  and 
growth  of  Q  is  seemed  to  be  suppressed  by 
excessly  nucleated  G.P.  zone.  Fig.  1(a)  TEM  microstructure  of  the 

The  number  density  of  Q  and  G.R  zone  was  specimen  stress-free  aged  for  1  h.  Q  and 
measured  for  the  specimens  aged  from  1  to  10  G.R  zone  are  finely  dispersed, 
hour.  Changing  the  total  number  density  of  G.R 

zone  and  Q  was  shown  as  a  function  of  aging  time  in  Fig. s  2  (a)  and  (b),  for  stress-free  and 
stress-aged  condition  respectively.  For  stress-free  aged  specimens,  the  total  number  density  of 
G.R  zone  was  estimated  from  the  number  density  obtained  for  one  of  the  three  variants  using 
TEM  image.  It  should  be  mentioned  that  omega  has  four  equivalent  variants.  For  the 
stress-aged  specimen,  the  obtained  total  number  density  of  G.R  zone  was  from  only  one  (001) 
variant  whose  precipitation  is  facilitated  by  compressive  stress  along  [001].  On  the  other  hand, 
the  total  number  density  of  Q  is  estimated  from  the  number  density  obtained  for  one  of  four 
variant,  because  no  preferable  Q  variant  exist  for  the  external  stress  along  [001]  direction.  In 
Fig.  2  (a),  the  number  density  of  G.R  zone  aged  under  stress  is  higher  than  that  of  free-aged. 
As  increasing  the  time,  the  number  density  of  G.R  zone  decrease  to  1/30  for  both  stress  and 


Fig.  1(b)  Stress-aged  for  Ih.  The 
preferential  nucleation  of  G.R  zones 
perpendicular  to  stress  axis  is  evident.  Q 
is  hardly  observed. 


Fig.  1(c)  Stress-aged  for  Ih.  Small  Q 
plates  are  exhibited.  The  nucleation  of 
G.R  zones  parallel  to  stress  axis  is 
seemed  to  be  suppressed. 
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Aging  time  /  h 

Fig,  2(a)  The  change  in  the  total 
number  density  of  G.R  zones  as  a 
function  of  ageing  time.  Stress  aging 
increases  the  number  density  of  G.R 
zones. 


Aging  time  /  h 


Fig.  2(b)  the  change  in  the  total 
number  density  of  Q  as  a  function  of 
ageing  time.  Stress  aging  decreases  the 
number  density  of  Q  at  early  stage. 


stress-free  condition.  Meanwhile,  in  Fig.  2  (b),  decrease  in  the  number  density  of  Q  in 
stress-free  condition  is  moderate.  In  contrast  to  that,  at  1  hour,  the  number  density  of  Q  aged 
under  stress  is  quite  low  compared  to  free-aged  one.  In  the  present  compressive  stress 
direction  was  chosen  so  that  none  of  the  four  variant  of  Q  show  preferential  nucleation  and 
growth.  Therefore,  decrease  in  the  number  density  of  Q  is  considered  to  be  due  to  the  excess 
nucleation  of  G.R  zones. 


3.2  HRTEM  observation  of  the  early  stage  of  Q  plates 


In  order  to  find  the  early  stage  of  Q,  HRTEM 
observation  was  carried  out.  Figure  3  shows 
the  HREM  image  of  the  specimen  aged  for  1  h 
under  stress.  A  small  Q  plate  with  a  slight 
contrast  is  visible  in  the  strong  strain  contrast. 
They  could  not  be  detected  by  the 
conventional  TEM  as  shown  before.  Muddle  et 
al  [1]  reported  the  crystallographic  structure  of 
Q  is  orthorhombic  and  the  c  axis  of  Q 
corresponds  to  four  { 1 1 1 }  Al  planes.  However, 
the  thickness  of  this  thin  Q  plate  in  Fig.  3  has 
only  two  layers  of  {111}  Al  planes.  This 
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corresponds  to  the  1/2  of  the  Q  unit  sell.  Similar  Q  morphology  was  reported  by  Cui  et  al  [6]. 
Such  Q  plates  give  fairly  weak  contrast.  So  it  is  generally  difficult  to  observe  them  by 
conventional  TEM.  Considering  these  facts,  the  number  density  of  Q  at  Ihour  of  stress  aging, 
as  shown  in  Fig.2(b),  is  considered  to  be  underestimated.  This  result  also  suggests  that  the 
precipitation  of  Q  is  suppressed  by  excess  G.P.  zones. 

3.3  The  effect  of  external  stress  on  the  nucleation  of  Q  and  GP-zone 


It  is  found  that  the  small  Q  nuclei  exist  at  the 
time  of  1  hour  of  stress  aging.  To  examine  the 
stress  effect  on  the  Q  nuclei  existed  at  the  time 
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Fig.  4  Stress  orienting  effect  of  Q  in 
the  two-step  aged  specimen,  (stress 
ageing  for  Ih  followed  by  stress-free 
ageing). 


of  1  hour  of  stress  ageing,  two-step  ageing  ^ 

(stress  aging  +  stress-free  aging.)  was 

performed.  Figure  4  shows  the  microstructure  - 

of  the  specimen  stress-aged  for  Ih  and  then  V  i  ^ 

stress-free  aged  at  450  K  for  10  h.  Applying  .  V"  ' 

the  stress  at  the  beginning  of  ageing,  the  I  ''if/-’  '■%  nniitf  ■ 

number  density  of  Q1  variant  perpendicular  to 

Fig.  4  Stress  orienting  effect  of  Q  in 

the  stress  axis  became  twice  as  that  of  02  ^  ^ 

the  two-step  aged  specimen,  (stress 
variant.  The  present  authors  reported  the  .  ^  ^ 

ageing  for  Ih  followed  by  stress-free 
preferential  alignment  of  O  plates  by  .  ^ 

stress-aging  for  lOh  at  the  same  temperature 

[7].  The  stress-orienting  effect  obtained  here 

was  comparable  to  that.  This  indicates  that  the  stress  effect  for  O  is  dominated  by  the  first 
step  of  stress-aging  for  Ih. 

This  study  found  that  the  nucleation  of  G.P.  zone  is  facilitated  by  compressive  stress. 
Consequently,  the  growth  of  O  is  suppressed  by  excess  G.P,  zone  at  early  stage  of  stress  aging. 
These  results  suggest  that  the  precipitation  sequence  of  Q  and  G.P.  zone  are  closely  related. 
Generally,  the  precipitation  sequence  of  0’  in  Al-Cu  alloy  is  known  as  follows,  a’  G.P.  (I) 
G.P.  (II)  O’.  On  the  other  hand,  for  Al-Cu-Mg-Ag  alloys,  it  is  considered  that  Q  and 
G.P.  zone  independently  nucleate  in  the  early  stage  of  ageing  [8]  and  the  volume  fraction  of  0’ 
is  about  10%  of  all  the  precipitates(  Q  +  0’  ).  This  indicates  that  the  growth  of  Q  on  {111} 
habit  planes  is  preferred  rather  than  the  continuous  growth  of  G.P.  zones  to  0’  on  {001}  habit 
planes  in  Al-Cu-Mg-Ag  alloys.  Recently,  Murayama  et  al.  [2]  found  that  the  Mg  and  Ag 
co-clusters  formed  in  early  stage  of  ageing,  and  Cu  atoms  aggregate  to  these  co-clusters  to 
form  Q  nucleus.  Lower  number  density  of  Q  in  early  stage  of  stress-aging  (Fig.  2(b))  and  very 
fine  Q  plates  observed  by  HRTEM(Fig.  3)  demonstrated  that  the  growth  kinetics  of  Q 
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precipitate  is  closely  related  to  G.R  zones. 


5.  SUMMARY 

Stress-assisted  nucleation  of  Q  precipitate  and  G.R  zone  was  investigated.  Applying  the 
stress  at  the  early  stage  of  ageing,  the  number  density  of  G.R  zone  was  higher  than  that  of 
stress-free  aged.  In  contrast  to  that,  the  number  density  of  detectable  Q  in  stress-aged 
condition  was  observed  to  be  quite  low  at  the  beginning  of  ageing.  It  is  found  that  the 
nucleation  of  G.R  zone  is  facilitated  by  compressive  stress.  HRTEM  observation  and  the 
experimental  results  of  two-step  aging  suggest  that  the  precipitation  of  Q  is  suppressed  by 
excessly  nucleated  G.R  zones. 
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A  STUDY  ON  THE  STRUCTURAL  CHARACTERISTICS  AND  TENSILE 
PROPERTIES  OF  Al-Si  ALLOYS  UTILIZING  STRIP  CASTING  METHOD 

S,  L.  Kuan,  T.  S.  Lui,  L.  H.  Chen  and  J.  M.  Song 
Dept,  of  Materials  Science  and  Engineering,  National  Cheng-Kung  University, 
Tainan,  Taiwan  701,  R.O.C. 


ABSTRCT 

Al-Si  alloys  in  a  thin  strip  form  can  be  produced  using  the  strip  casting  with  a  low 
production  cost,  which  apparently  broaden  its  usability.  A  fine  solidification  structure  of 
hypoeutectic  strips  can  be  classified  into  four  zones  along  the  through-thickness  direction, 
namely,  the  upper  dendritic  zone,  the  mixed  zone  of  dendritic  and  equiaxed-dendritic,  the 
equiaxed-cell  zone  and  the  lowerdendritic  zone.  With  hypereutectic  strips,  the  primary 
silicon  particles  exist  in  the  vicinity  of  the  subsurface,  and  the  matrix  microstructure  can  be 
divided  into  eutectic  structure  in  the  center  of  the  strips  and  off-eutectic  structure  near  the 
surface. 

The  results  of  tensile  test  show  that  the  cracks  of  the  hypoeutectic  Al-Si  strips  initiate  from 
the  broken  acicular  silicon  particles,  which  only  appear  in  the  equiaxed-cell  zone,  and  the  low 
ductility  of  hypereutectic  strips  can  be  resulted  from  crack  initiation  on  the  massive  primary 
silicon  particles. 

Performing  a  proper  TMT  process  is  essential  to  enhance  the  ductility  of  hypoeutectic 
Al-Si  strip. 

Keyword:  Strip  Casting,  Al-Si  Strip,  Solidification  Structure,  Tensile  Property,  Solution 
Treatment,  TMT  process 

1.  INTRODUCTION 

Binary  Al-Si  alloys  combine  the  advantages  of  excellent  castability,  high  corrosion 
resistance  and  good  mechanical  properties,  accounting  for  their  extensive  use  as  engineering 
materials  [1,2].  It  is  difficult  to  produce  Al-Si  plates  due  to  the  problem  with  plastic 
working,  e.g.  rolling,  especially  for  the  materials  with  high  silicon  content.  Using  strip 
casting,  1  mm  to  3  mm  plate  can  be  produced  by  direct  casting,  thereby  eliminating  the  hot 
rolling  and  annealing  processes  [3,4].  According  to  our  previous  study  [3,4],  the 
solidification  rate  in  the  center  of  the  strip  is  slower  than  that  near  the  strip  surface;  thus  a 
multi-layer  solidification  structure  of  Al-Si  strip  was  produced. 

Because  the  Al-Si  strips  not  only  possess  a  multi-layer  microstructure  but  also  different 
kinds  of  eutectic  silicon,  therefore,  the  tensile  properties  of  Al-Si  strip  are  worthy  to 
investigate.  In  addition,  the  effects  of  the  solution  treatment  and  thermal  mechanical 
treatment  (TMT)  were  also  examined, 

2.  EXPERIMENTAL  PROCEDURES 

As  illustrated  schematically  in  Fig.  1,  the  unequal-diameter  twin-roller  strip  caster  used  in 
this  study.  Table  1  lists  the  composition  of  Al-Si  strips.  To  prepare  the  strips,  commercial 
pure  aluminum  (99.7wt%  purity)  and  metallic  silicon  (99.9wt%  purity)  were  melted  in  an 
induction  furnace  and  poured  into  the  strip  caster  after  degassing  by  argon.  Small  amount  of 
refiner  containing  Ti,  B,  P  was  applied  in  hypereutectic  compositions. 

Solution  treatment  was  held  in  the  salt  bath  furnace  at  530°C  for  1  to  12  hours.  The  TMT 
samples  were  cold-worked  by  rolling  parallel  to  the  casting  direction  prior  to  the  solution 
treatment,  and  the  rolling  reductions  were  10%,  30%  and  75%  (denoted  as  “C.W.10%”, 
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“C.W.30%”  and  “C.W.75%”  in  the  text  and  figures). 

The  dimension  of  tensile  specimens  was  illustrated  in  Fig.  2.  The  longitudinal  direction  of 
the  specimens  is  parallel  to  the  casting  direction.  The  initial  tensile  strain  rate  of  the  tensile 
testing  was  6  x  sec‘\ 


Casting  Direction  (C.  D.) 
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Fig.  1  Schematic  diagrams  of  (a)the  unequal-diameter  twin-roller  strip  caster,  showing  1: 
upper  roller  (200mm  diameter),  2:  main  roller  (625mm  diameter),  3:  tundish,  4:  knife  for 
detaching  the  strip  from  the  main  roller,  and  0:  contact  angle;  (b)  the  tensile  specimen  (unit: 
mm). 


Table  1  Chemical  compositions  of  Al-Si  strips  (wt%). 


Si 

Fe 

Ti 

B 

P 

A1 

7.1Si 

7.1 

0.36 

— 

— 

— 

Bal. 

14.1Si 

14.1 

0.18 

0.23 

0.046 

0.03 

Bal. 

n.OSi 

17.0 

0.22 

0.26 

0.052 

0.03 

Bal. 

3.  RESULTS  AND  DISCUSSION 

To  illustrate  the  overall  solidification  structure,  Fig.  3(a)  displays  a  though-thickness  optical 
micrograph  of  the  Al-7.10wt%Si  strip  that  was  produced  at  the  pouring  temperature  of  630°C. 
As  depicted  in  this  figure,  there  are  distinct  zones  with  structural  morphologies,  namely  the 
upper  and  lower  columnar-dendrite  zones  near  the  top  and  bottom  surfaces  (denoted  as 
“UCD”  and  “LCD”  in  the  figure  and  text),  mixed  zone  of  the  columnar-dendrites  and 
equiaxed  cells  below  the  upper  columnar-dendrite  zone  (denoted  as  “M”  in  this  figure  and  the 
text),  and  a  euqiaxed-cell  zone  in-between  the  mixed  zone  and  lower  columnar-dendrite  zone 
(denoted  as  “E”  in  this  figure  and  the  text).  Magnified  microstructures  of  the  M-Zone, 
E-Zone  and  LCD-Zone  are  shown  in  Figs.  3(b),  (c)  and  (d),  respectively.  As  revealed  in 
these  micrographs,  eutectic  silicon  particles  are  acicular  in  the  E-Zone  and  granular  in  the 
other  zones.  Therefore,  we  can  recognize  that  the  hypoeutectic  strip  possesses  a  multi-layer 
structure  and  th  eutectic  silicon  can  be  divided  into  a  granular  form  and  a  acicular  form. 
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Fig.  2  Micrographs  of  hypoeutectic  7.1  Si  strip  produced  at  the  roller  speed  with  23.4  m/min: 
(a)  through-thickness  microstructure  (C.  D.:  casting  direction);  (b)  mixed  zone  (M-Zone);  (c) 
equiaxed-cell  zone  (E-Zone)  and  (d)  lower  columnar-dendrite  zone  (LCD-Zone). 


To  investigate  in  which  zone  crack  initiates  during  tensile  deformation,  Figs.  3  (a)  through  (c) 
illustrate  the  magnified  micro  structures  of  as-cast  strip  that  has  been  strained  to  nearly 
necking  stage.  Figure  3(b)  show  several  cracks  have  been  developed  from  the  broken 
acicular  particle  into  matrix  in  the  E-Zone  (marked  by  the  arrows).  Meanwhile,  although  the 
broken  granular  particles  was  observed  (marked  by  the  arrows),  it  should  be  noted  that  no 
cracks  can  be  observed  to  extent  into  the  matrix  of  the  M-Zone  and  LCD-Zone,  as  shown  in 
Figs.  3(a)  and  (c).  The  examination  of  the  fracture  surface  of  the  same  specimen  after 
fracturing  shows  that  the  fracture  surfaces  of  M-Zone  and  LCD-Zone  both  show  dimple 
pattern  (see  Figs.  3(d)  and  (f)),  and  the  fracture  surface  of  the  E-Zone  reveals  a  combination 
of  quasi-cleavage  and  dimple  pattern  as  illustrated  in  Fig.  3(e). 
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Fig.  3  (a)-(c)  Microstructures  of  hypoeutectic  7.1  Si  strip  strained  nearly  necking:  (a)  M  zone, 
(b)  E  zone  and  (c)  LCD  zone;  (d)-(f)  SEM  fractography  of  hypoeutectc  strip  after  fracturing: 
(d)  M-Zone;  (e)  E-Zone;  (f)  LCD-Zone. 

The  aforemention  features  imply  that  the  acicular  particles  predominantly  cause 
inferior  elongation  of  hypoeutectic  strip. 

The  effects  of  S.T.  and  TMT  process  on  the  morphology  of  eutectic  silicon  in  the 
E-Zone  and  tensile  elongation  of  specimen  are  summarized  in  Fig.  4.  As  depicted  in 
Fig.  4(a),  the  longitude  size  of  acicular  particle  decreases  with  increasing  the  rolling 
reduction,  but  the  transverse  size  is  not  affected.  Consequently,  the  aspect  ratio  of 
acicular  particles  decreases  with  a  higher  rolling  reduction,  as  illustrated  in  Fig.  4(b). 
Additionally,  it  can  be  correlated  to  the  part  cleavage/part  dimple  fracture  pattern 
appeared  at  the  E-Zone  as  shown  in  Fig.  3(e).  To  realize  the  influence  of  the  shape 
change  of  the  acicular  particles  on  the  fracture  pattern  in  the  E-Zone,  the  area  fraction 
ratio  of  the  quasi-cleavage  and  dimple  patterns  of  the  fractured  specimens  are  given  in 
Fig4  (c).  According  to  the  results,  the  area  fraction  ratio  of  dimple  and 
quasi-cleavage  patterns  increase  with  decreasing  the  aspect  ratio  of  acicular  particles 
and  thus  the  elongation  of  specimens  is  improved. 
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Fig.  4  The  effects  of  solution  treatment  and  TMT  process  on  the  properties  of  strip,  plotted 
against  five  different  specimen  conditions  for  (a)  the  longitude  and  transverse  size  of  acicular 
particle,  (b)  the  aspect  ratio  of  acicular  particle  and  total  elongation  and  (c)  area  percentage  of 
dimple/quasi-cleavage  in  E-Zone  on  fracture  surface. 

Fig.  5  displays  the  tensile  properties  of  hypereutectic  17.0Si  strip  produced  under  different 
rolling  speed,  indicating  that  the  elongation  of  each  strip  is  about  1.0%.  Fig.  6  shows  the 
microstructure  of  refined  hypereutectic  strip,  indicating  that  the  micro  structure  of  the 
hypereutectic  strip  consists  of  the  eutectic  structure,  off-eutectic  structure  and  primary  silicon 
particles.  The  off-eutectic  structure  is  mainly  formed  near  the  surfaces  of  the  strip,  and  the 
eutectic  structure  locates  in  the  center  of  the  strip.  Due  to  the  formaton  of  off-eutectic 
structure  near  the  top  surface,  the  primary  silicon  particles  are  constrained  to  sub-surface  of 
thehypereutectic  strip.  We  infer  that  the  cracking  on  the  massive  primary  silicon  particles 
(see  Fig.  6  (a)  and  (b))  leads  to  the  deterioaton  in  elongation  of  refined  hypereutectic  Al-Si 
strips. 


10.0  13.5  IS.O  18.5  23,5 

Roller  Speed  (m/mln) 


Fig.  5  Tensile  properties  of  hypereutectic  strips  against  the  roller  speed. 
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Fig.  6  Microstructure  of  hypereutectic  strip  and  the  cracking  on  the  primary  silicon  particles 
under  0.6%  strain. 

4.  CONCLUSIONS 

L  During  the  tensile  deformation,  the  cracks  initiate  easily  on  the  broken  acicular  particles  in 
the  equiaxed-cell  zone  of  the  strip.  The  acicular  particle  is  a  major  factor  to  cause  inferior 
elongation  of  the  hypoeutectic  Al-Si  strip. 

2.  Increasing  the  rolling  reduction  of  TMT  process  will  improve  the  ductility  of  hypoeutectic 
Al-Si  strip  by  reducing  the  longitude  size  and  the  aspect  ratio  of  the  acicular  silicon  particles. 

3.  Low  ductility  of  hypereutectic  Al-Si  strip  can  be  attributed  to  massive  primary  silicon 
particles. 
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ABSTRACT 

A  study  has  been  on  the  microstructure  and  mechanical  properties  of  strip  cast  A16061 
alloy  with  and  without  0.5Mn  addition.  The  microstructures  of  the  as-cast  alloys  are 
characterized  by  the  presence  of  Si  particles  along  cell  boundaries.  It  also  shows  that  there  is  a 
development  of  well-defined  subgrains  caused  by  hot  rolling  effect  during  strip  casting.  Si 
particles  present  along  the  cell  boundaries  transform  into  fine  a-AlFeSi  particles  during 
solution  treatment  in  the  base  alloy.  There  is  also  a  presence  of  a-AlFeSi  particles  in  the  A1 
matrix.  The  addition  of  Mn  results  in  an  increase  in  the  volume  fraction  of  a-AlFe(Mn)Si 
particles  in  the  A1  matrix.  Due  to  the  increased  volume  fraction  of  a-AlFe(Mn)Si  particles  in 
the  Mn  containing  alloy,  the  Mn  containing  alloy  has  less  amount  of  Mg2Si  precipitates  in  the 
A1  matrix  than  the  base  alloy.  Accordingly,  the  Mn  containing  alloy  shows  lower  yield 
strength  but  higher  ultimate  tensile  strength  due  to  higher  work  hardening  rate  than  the  base 
alloy.  The  increased  work  hardening  rate  of  the  Mn  containing  alloy  is  due  to  the  presence  of 
fine  a-AlFe(Mn)Si  particles  in  the  A1  matrix. 

1.  INTRODUCTION 

Twin-roll  casting  or  strip  casting  is  the  preferred  method  for  fabricating  thin-gauge  A1 
sheets  and  foils  [1].  One  of  the  main  advantages  of  strip  casting  is  that  capital  investment  for  a 
strip  caster  is  much  lower  than  the  conventional  ingot/hot  rolling  process.  Since  the  strip 
casting  process  combines  solidification  and  hot  rolling  into  one  operation,  hot  rolling  needed 
for  conventionally  produced  ingots  can  be  eliminated  or  reduced,  resulting  in  substantial 
savings  in  energy  and  cost.  Besides  such  economic  benefits  of  strip  casting,  it  is  also  able  to 
reduce  segregation,  to  improve  inclusion  size  distribution  and  to  refine  microstmctufal  and 
textural  homogeneity  [2-5].  In  fact,  the  steel  industry  is  quite  enthusiastic  about  the  strip 
casting  and  several  R&D  efforts  are  currently  underway  to  produce  steels  with  high  solute 
contents  such  as  stainless  steels  by  strip  casting  [6-11].  However,  the  application  of  strip 
casting  in  A1  alloys  is  mostly  limited  to  the  alloys  with  low  solute  contents  [12-14]. 

Recently,  attempts  have  been  made  to  fabricate  the  highly  alloyed  Al-6Fe-lV-2Si  alloy  by 
strip  casting  using  single-roll  caster  [15-17].  Al-6Fe-lV-2Si  alloy  is  a  derivative  of 
commercial  non-heat  treatable  A18009  alloy.  A18009  alloy  derives  its  excellent  high 
temperature  properties  from  the  finely  distributed  thermally  stable  dispersoids  [18];  hence  the 
rapid  solidification/powder  metallurgy  (RS/PM)  process  is  used  to  produce  the  alloy.  The 
studies  on  the  strip  casting  of  Al-6Fe-lV-2Si  alloy  show  that  its  micro  structure  is  less  than 
desirable  since  it  has  the  coarser  microstructure  than  the  RS/PM  alloy.  However,  the  studies 
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show  that  otherwise  non-existing  metastable  phases  form  in  the  microstructure  of  strip  due  to 
the  fast  solidification  rate  of  strip  casting,  suggesting  that  strip  casting  can  be  applied  for  the 
production  of  relatively  highly  alloyed  A1  alloys. 

The  present  research  was  aimed  at  studying  the  structure  and  properties  of  strip  cast 
SC6061  alloy  to  see  the  feasibility  of  strip  casting  for  the  production  of  A1  alloys  with  modest 
solute  contents.  In  addition  to  A16061  alloy,  0.5  wt.%  Mn  containing  alloy  was  also  studied  to 
utilize  the  potentially  beneficial  effect  of  Mn  on  the  formation  of  dispersoids. 

2.  EXPERIMENTAL  PROCEDURE 

The  strip  casting  apparatus  is  schematically  shown  in  Fig.  1.  Molten  metal  is  fed  from  the 
melting  furnace  through  the  tundish  into  twin  rolls.  Rolls  are  made  of  Cu-0.7wt%Be  and 
200mm  in  diameter  and  100mm  in  width.  The  roll  speed  can  be  varied  continuously  in  the 
range  of  4  -  16m/min.  Two  alloys  have  been  strip  cast  in  the  present  study;  A16061  with  and 
without  0.5Mn  addition  (SC6061Mn  and  SC6061,  respectively).  Their  chemical  compositions 
are  shown  in  Table  1.  These  alloys  were  induction  melted  in  Ar  atmosphere  at  lOOO^C.  After 
melting,  melt  was  transferred  into  tundish  whose  temperature  was  set  at  750^C.  Roll  gap  was 
set  at  2mm  and  2.5mm  and  roll  speed  was  4m/min.  Produced  strips  were  2  -  2.5mm  in 
thickness  and  50  -  70mm  in  width. 

Ar 


Fig.  1.  Schematic  drawing  of  the  twin  roll  caster  used  in  the  present  study. 

Microstructural  observation  of  the  strip  was  conducted  on  the  cross  sections  by  optical 
microscopy  (OM)  and  scanning  electron  microscopy  (SEM).  Details  of  the  microstructural 
constituents  were  analyzed  on  the  longitudinal  sections  by  transmission  electron  microscopy 
(TEM).  Thin  foils  for  TEM  were  made  by  jet  polishing  in  a  solution  of  33%  HNO3  and  67% 
methanol  or  ion  milling.  Strips  were  subjected  to  solution  treatment  at  540°C  for  2  hours 
followed  by  aging.  Tensile  tests  were  conducted  using  flat  tensile  specimens  with  12.6  mm 
gage  length,  2  mm  gage  thickness  and  5  mm  gage  width.  Strain  rate  used  was  Sxlo  Vsec. 


Table  1.  Chemical  Compositions  of  the  Alloys  Used  in  the  Present  Study 


A1 

Mg 

Si 

Mn 

Fe 

SC6061 

Bal. 

0.89 

0.50 

0.06 

0.43 

SC6061Mn 

Bal. 

0.90 

0.49 

0.54 

0.40 
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3.  RESULTS  AND  DISCUSSION 


3.1  As-cast  Microstructure 

TEM  analysis  has  been  conducted  on  the  jet  polished  specimens  and  the  results  are  shown 
in  Fig.  2.  Bright  field  micrograph  of  Fig.  2a  shows  that  the  200  -  300  nm  sized  particles  are 
present  along  the  cell  boundaries.  EDS  analysis  shows  that  the  particles  mostly  contain  Si 
(Fig.  2b).  It  is  not  clear  whether  A1  is  present  in  the  particles  since  A1  peak  can  come  from  the 
surrounding  matrix.  Microdiffraction  analysis  of  the  particles  shows  that  they  have  diamond 
cubic  structure  with  a  =  0.543  Inm  (Fig.  2c).  These  results  indicate  that  the  nature  of  the 
particles  is  Si.  High  magnification  micrograph  of  the  cell  boundary  area  shows  that  the  cluster 
of  fine  particles  decorates  the  cell  boundaries,  besides  the  above  mentioned  Si  particles.  TEM 
analyses  of  these  fine  particles  show  that  they  are  bcc  phase  containing  Al,  Si  and  Fe.  Its 
lattice  parameter  has  been  calculated  to  be  1.258  nm.  This  phase  is  identical  to  the  a-AlFeSi 
phase  observed  in  our  previous  studies  of  rapidly  solidified  Al-Fe-V-Si  alloys  [17,18].  Fig.  3 
shows  the  bright  field  TEM  micrograph  of  the  as-cast  SC6061Mn  alloy  strip  containing 
0.5Mn.  It  shows  that  cell  boundaries  are  decorated  by  particles,  as  in  the  case  of  the  as-cast 
SC6061  alloy  strip.  Microdiffraction  and  EDS  analyses  again  show  that  they  consist  of  Si 
particles  and  cluster  of  fine  a-AlFeSi  particles. 


Fig.  2.  a)  BF  micrograph  of  as-cast  SC6061  alloy  b)  EDS  spectra  from  Si  containing 
particles  (ion-milled  specimen),  and  c)  microdiffraction  pattern  of  Si  containing  particles  (ion- 
milled  specimen). 

It  is  also  interesting  to  note  that  there  is  development  of  well-defined  subgrains  formed  by 
recovery  within  the  cell.  During  strip  casting,  solidified  cells  receive  a  large  amount  of  rolling 
deformation.  The  presence  of  large  amount  of  dislocations  within  the  subgrains  indicates  that 
the  temperature  or  the  deformation  was  not  enough  for  the  recrystallization  to  occur.  These 
subgrains  are  more  or  less  oriented  parallel  to  the  casting  direction. 
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Fig.  3. 


BF  micrograph  of  as-cast  SC6061Mn  alloy. 


3.2  T6  Microstructure 


Fig.  4a  shows  the  micro  structure  of  the  T6  treated  SC6061  strip.  Morphologically,  the 
microstructure  of  the  T6  treated  specimen  is  quite  similar  to  that  of  the  as-cast  specimen. 
However,  there  is  a  very  important  difference  between  these  two  specimens;  coarse  Si 
particles  present  in  the  as-cast  specimen  disappear  after  heat  treatment  and  arc  replaced  by 
fine  particles.  Microdiffraction  (insert  in  Fig.  4a)  and  EDS  (Fig.  4b)  analyses  of  the  particles 
show  that  they  are  the  a-AlFeSi  phase.  It  indicates  that  A1  and  Fe  diffuse  onto  boundaries  and 
react  with  Si  to  form  a-AlFeSi  phase  during  heat  treatment.  There  are  also  a-AlFeSi  particles 
within  the  AI  matrix,  although  their  volume  fraction  is  low.  Besides  the  above  mentioned  a- 
AlFeSi  particles,  there  is  also  a  presence  of  very  fine  Mg2Si  particles  within  the  Al  matrix  of 
the  T6  treated  SC6061  strip. 


Fig.  4.  a)  BF  micrograph  of  T6  treated  SC6061  alloy  showing  a-AIFeSi  particles  along 
grain  boundaries  and  b)  EDS  spectra  from  a-AlFeSi  particles. 

T6  heat  treatment  of  the  SC6061Mn  alloy  results  in  the  similar  microstructure  to  that  of  the 
base  alloy.  As  shown  in  Fig.  5a,  however,  there  is  a  larger  volume  fraction  of  second  phase 
particles  within  the  matrix  in  the  SC6061Mn  alloy  than  in  the  SC6061  alloy.  These  particles 
have  the  same  crystal  structure  as  a-AlFeSi  particles  observed  in  the  SC6061  alloy  but 
contain  Mn  besides  Al,  Si  and  Fe  as  shown  in  Fig.  5b.  It  can  also  be  seen  that  there  are  some 
particles  which  are  rod-shaped;  however,  diffraction  analysis  shows  that  these  particles  are 
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also  a-AlFeSi  particles.  Although  such  type  of  particles  are  known  to  be  detrimental  to 
mechanical  properties  due  to  their  asymmetric  morphology,  it  might  not  be  the  case  in  the 
present  study  since  they  exist  as  fine  particles.  The  volume  fraction  of  Mg2Si  particles  in  the 
T6  treated  SC6061Mn  alloy  is  very  small.  This  is  mainly  due  to  the  fact  that  the  SC6061Mn 
alloy  contains  a  larger  volume  fraction  of  a-AlFe(Mn)Si  particles  than  the  SC6061  alloy, 
thereby  decreasing  the  amount  of  Si  available  for  the  formation  of  Mg2Si  particles  in  the 
former. 


Fig.  5.  a)  BF  micrograph  of  T6  treated  SC6061Mn  alloy  showing  a-AlFe(Mn)Si  particles 
along  grain  boundaries  and  within  A1  matrix  and  b)  EDS  spectra  from  a-AlFe(Mn)Si  particles. 

4.  Mechanical  Properties 

Tensile  properties  of  the  ingot  cast  and  rolled  commercial  IM6061  alloy  are  also  shown  for 
comparison  purposes  (Table  2).  It  shows  that  the  SC6061Mn  alloy  has  a  higher  ultimate 
tensile  strength  than  the  SC6061  alloy  with  equivalent  elongation.  Ultimate  tensile  strength  of 
the  SC6061  alloy  is  slightly  lower  than  that  of  the  IM6061  alloy,  but  the  addition  of  Mn 
results  in  higher  ultimate  tensile  strength  and  elongation  than  the  IM6061  alloy. 


Table  2.  Tensile  Properties  of  Strip  Cast  Alloys 


YS  (MPa) 

UTS  (MPa) 

El.  (%) 

SC6061 

197 

326 

23 

SC6061Mn 

176 

350 

24 

IM6061 

240 

330 

22 

Although  the  exact  contribution  of  each  phase  to  the  overall  strength  of  the  strip  cast  alloys 
is  not  known,  it  is  expected  that  the  yield  strength  of  the  strip  cast  alloys  is  mainly  controlled 
by  the  more  densely  populated  Mg2Si  particles.  Therefore,  the  SC6061  alloy,  which  has  a 
larger  volume  fraction  of  Mg2Si  particles,  shows  higher  yield  strength  than  the  SC6061Mn 
alloy.  It  shows  that  the  SC6061Mn  alloy  has  higher  ultimate  tensile  strength  with  equivalent 
elongation  than  the  SC6061  alloy  despite  its  lower  yield  strength.  Analysis  of  the  stress-strain 
curves  shows  that  the  SC6061Mn  alloy  has  a  higher  work  hardening  rate  than  the  SC6061 
alloy.  This  is  undoubtedly  due  to  a  larger  volume  fraction  of  a-AlFe(Mn)Si  particles  in  the 
SC6061Mn  alloy  than  in  the  SC6061  alloy.  Unlike  the  Mg2Si  particles  which  are  susceptible 
to  shearing  by  dislocations,  a-AlFe(Mn)Si  particles  are  incoherent  with  A1  matrix  [19]  and 
thus  induce  the  bypassing  of  dislocations  [20].  In  general,  shearable  precipitates  do  not 
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contribute  to  work  hardening  significantly  since  there  is  no  multiplication  of  dislocations 
around  precipitates.  Rather,  they  often  cause  severe  planar  slip.  On  the  other  hand,  non- 
shearable  dispersoids  significantly  contribute  to  work  hardening  since  there  is  multiplication 
of  dislocations  around  dispersoids.  Hence  the  SC6061Mn  alloy  shows  a  higher  work 
hardening  rate  and  accordingly  a  higher  ultimate  tensile  strength  than  the  SC6061  alloy. 

5.  SUMMARY 

1.  The  microstructure  of  the  strip  cast  alloys  consists  of  fine  cell  structure  with  Si  particles 
along  cell  boundaries.  Inside  cell  structure,  there  is  a  development  of  dislocation  subgrains 
which  are  caused  by  hot  rolling  effect  during  strip  casting. 

2.  During  heat  treatment,  Si  particles  transform  into  a-AlFeSi  particles,  resulting  in  a 
dispersion  of  a-AlFeSi  particles  along  grain  boundaries  in  the  base  alloy.  The  addition  of 
Mn  results  in  an  increase  in  the  volume  fraction  of  a-AlFc(Mn)Si  particles  in  the  A1  matrix. 

3.  The  base  alloy  has  higher  yield  strength  but  lower  ultimate  tensile  strength  than  the  Mn 
containing  alloy.  The  Mn  containing  alloy  shows  a  much  higher  work  hardening  rate  than 
the  base  alloy  due  to  the  presence  of  a-AlFe(Mn)Si  dispersoids  in  the  A1  matrix  of  the 
former. 
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ABSTRACT 

Retrogression  and  reaging  (RRA)  consists  of  heating  T6  samples  at  high  temperatures 
below  the  solvus  line  for  a  short  time  and  then  reaging  them  to  the  original  T6  treatment.  The 
effect  of  RRA  on  improving  the  tensile  strength  and  corrosion  resistance  properties  of  7249- 
T76  aluminum  alloy  is  reviewed.  The  retrogression  heat  treatments  were  carried  out  in  the 
temperature  range  of  170°C  to  210°C  from  20  to  120  minutes.  Reaging  was  done  similar  to 
the  optimized  T6  treatment. 


1.  INTRODUCTION 

Retrogression  and  Reaging  (RRA)  is  a  multi-step  process  heat  treatment  which  involves 
taking  the  7xxx  series  aluminum  alloy  in  the  T-6  temper,  retrogressing  it  by  heating  it  to  a 
high  temperature  for  a  short  time,  quenching,  then  reaging  the  alloy  at  a  low  temperature  for  a 
long,  similar  to  the  T-6  aging  time  [1,  2].  This  results  in  an  optimized  combination  of  the 
stress  corrosion  cracking  resistance  of  the  T-7  temper  and  the  strength  of  the  T-6  temper. 

If  the  material  could  be  heated  to  a  temperature  high  enough  to  allow  the  dislocations  to 
disappear,  but  without  causing  overaging,  the  susceptibility  to  stress  corrosion  cracking 
should  be  decreased.  Retrogression  should  be  carried  out  at  a  temperature  below  the  solvus 
line  of  the  material,  but  high  enough  to  allow  the  dislocations  to  disappear.  Reaging  is  done 
to  bring  the  material  back  to  its  original  yield  strength  (i.e.  that  of  the  T-6  temper)  [1,  3]. 

J.K.  Park,  [4],  studied  the  influence  of  retrogression  and  reaging  treatments  on  the  stability 
of  the  various  phases  in  aluminum  alloy  7075-T6.  The  resistance  to  SCC  of  the  retrogressed 
and  reaged  T-6  temper  was  due  to  coarsening  of  the  grain  boundary  precipitates.  The  initial 
loss  of  strength,  which  was  the  result  of  the  retrogression  treatment,  was  due  to  the  partial  or 
complete  dissolution  of  small  r|'  particles.  The  crack  growth  rate  for  the  RRA  samples 
studied  were  both  along  the  order  of  magnitude  of  that  of  the  T73  condition,  which  is  two 
orders  of  magnitude  less  than  the  T6  condition.  The  crack  growth  rate  decreased  with  the 
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increase  in  the  areal  fraction  of  the  grain  boundaries  covered  by  particles.  It  also  decreased 
with  the  increase  in  particle  size  (i.e.  coarsening)  and  the  decrease  in  particle  density,  [4]. 

The  resistance  to  stress  corrosion  cracking  without  loss  of  strength,  which  is  obtained 
through  the  RRA  process,  is  the  coarsening  of  second-phase  particles  at  the  grain  boundaries 
and  the  increase  in  volume  fraction  of  second-phase  particles  at  the  grain  interior,  [4-6]. 

It  was  suggested  that  retrogression  be  carried  out  in  the  range  of  200  to  260  °C,  while 
reaging  should  be  at  120°C,  [3].  While  original  retrogression  times  ranged  from  a  few 
seconds  to  a  few  minutes,  subsequent  research  showed  that  retrogression  times  could  be 
increased  if  the  retrogression  temperature  were  to  be  decreased,  [7]. 


2.  RRA  HEAT  TREATMENT  OF  7249  ALLOY 

Al-7249  is  an  Al-Zn-Mg-Cu-Cr  alloy  developed  as  a  derivative  from  7149;  the  chemistry  of 
the  alloying  elements  are  shown  in  Table  I.  It  was  developed  as  a  replacement  material  for 
7075-T6  forgings,  which  are  susceptible  to  SCC. 


Table  I:  Composition  of  7249: 


Wt.  % 

Zn 

7.5-8.2 

Mg 

2.0-2.4 

Cu 

1.3-1.9 

Cr 

0.12-0.18 

Fe 

<0.12 

Si 

<0.10 

Mn 

<0.10 

Ti 

<0.06 

other,  each 

<0.06 

other,  total 

<0.15 

7249  alloy  was  received  as  wide  extrusions.  The  wide  extrusions  were  received  as  plates 
with  fins.  The  dimensions  are  as  shown  in  figure  1 .  Samples  were  machined  parallel  to  the 
extrusion  direction,  [8].  Additional  samples  were  also  machined  in  the  908,  458  and  fin  08 
angles. 
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2.1  Optimization  of  T-6  Temper  from  the  Wide  Extrusions 

Since  this  alloy  system  is  relatively  new,  a  T-6  optimization  treatment  needed  to  be 
established.  T-6  optimization  for  the  wide  extrusions  consisted  of  solution  treating,  naturally 
aging,  then  artificially  aging  samples  at  various  temperatures  and  times,  Tables  (Ila)  and  (Ilb), 
[8].  All  samples  were  taken  from  the  08  direction  from  the  wide  extrusions..  There  were  three 
samples  per  combination.  All  samples  were  solution  treated  at  their  respective  time  and 
temperature,  then  water  quenched.  They  were  then  naturally  aged  for  48  hour,  after  which 
they  were  kept  in  the  freezer  until  they  were  artificially  aged.  All  samples  were  artificially 
aged  at  121 8C  at  their  respective  times.  After  artificial  aging,  all  samples  were  air-cooled, 
then  tensile  tested. 

A  multi-step  solution  treatments  were  performed  to  observe  if  there  were  any  quantitative 
differences  in  the  mechanical  properties  of  the  alloy  from  the  different  solution  treatments. 


Table  Ila:  Solution  Treatment 

lhr@4638C _ 

1  hr  @  4748C _ 

1  hr@3638C+  1  hr@4138C 

+  2  hrs  @  4698C _ 

1  hr  @  3748C  +  1  hr  @  4248C 
+  2  hrs  @  4748C _ 


Table  lib:  Aging  at  1218C 

_ 24  hrs _ 

_ 36  hrs  _ 

_ 48  hrs _ 

60  hrs 


2.2  Retrogression  and  Reaging 

After  the  optimum  T-6  condition  was  performed  (i.e.  they  were  solution  treated  for  1  hour  at 
4748C,  water  quenched,  naturally  aged  for  48  hours,  then  artificially  aged  at  1218C  for  24 
hours),  the  samples  were  retrogressed  and  reaged,  [8].  Optimization  of  retrogression  and 
reaging  then  consisted  of  various  retrogression  times  and  temperatures.  The  retrogression 
temperatures  were  170,  180,  190,  and  2108C  and  the  times  varied  from  20  to  120  minutes. 
The  reaging  time  and  temperature  was  the  same  time  and  temperature  used  for  the  T-6 
condition,  (i.e.  121 8C  for  24  hours). 

2.3  Results 

The  best  results  for  the  T-6  optimization  was  1  hour  at  474°  C  and  24  hours  @  121°C, 
respectively,  [8].  The  0.2%  yield  and  ultimate  strength  for  this  combination  was  591.9  and 
655.2  MPa  respectively. 

For  the  optimization  of  the  T-6RRA  temper,  the  best  0.2%  yield  and  ultimate  strengths  were 
640.1  and  662.1  MPa  respectively.  The  retrogression  time  and  temperature  was  60  minutes  at 
170°C,  figure  2.  The  percent  elongation  for  this  time  and  temperature  was  7.60%;  the 
conductivity  was  35%  lACS,  with  a  corresponding  resistivity  of  5.7  micro-ohm-cm,  figure  3. 
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Figure  3:  Resistivity  of  RRA  Treated  7249,  [8] 
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Figure  3:  Resistivity  of  RRATreated  7249,  [8] 
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A  set  of  40  samples  which  were  first  brought  to  the  T-6  temper,  retrogressed,  then  reaged  for 
24  hours  had  mean  0.2%  yield  and  ultimate  strengths,  standard  deviations  and  percent 
anisotropy  as  shown  in  Table  III. 


Table  III  T6  Retrogressed  and  Reaged  for  24  Hours 


Degree  Orientation 
(in  regards  to  Extrusion 
Direction) 

0.2%  Yield  Strength  (MPa) 

Ultimate  Strength  (Mpa) 

Mean 

Standard 

Deviation 

Percent 

Anisotropy 

Mean 

Standard 

Deviation 

Percent 

Anisotropy 

45 

myyi 

1.8 

12.5% 

1.2 

90 

2.7 

1.4 

0 

1.1 

2.1 

0  -  Fin 

2.8 

1.9 

EXCO  tests  performed  on  samples  retrogressed  at  180C  for  60  minutes  indicated  that  the 
RRA  samples  had  better  exfoliation  corrosion  properties  at  short  intervals  as  compared  to  the 
T-76  and  T-6  tempers,  Table  IV  [8]. 
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5Hrs 


Table  IV  EXCO  Corrosion  Test,  [8] 


5Hrs 

T6 

Pitting  &  copper  redepositing  on  the 
surface 

T76 

Light  pitting  &  copper  redepositing 
on  the  surface 

RRA 

Very  light  pitting  with  copper  in  the 
scratch  pattern 

T6 

EB 

EB 

EB 

T76 

EB 

EB 

EB 

RRA 

EB 

EB 

EB 

All  the  E 
dissolvec 
the  surfa( 

B  surfaces  with  copper  layers 
off  or  lifted  and  floated  away  from 
:e 

48Hrs 

T6 

EC 

EC 

EC 

T76 

EC 

EC 

EC 

RRA 

EC 

EC 

EC 

A  microstructural  characterization  study  is  underway  to  evaluate  the  particle  size  and 
distribution  in  the  RRA  sample.  Figure  4  reveals  relatively  large  sized  precipitates  on  the 
grain  boundaries  and  in  the  grain  interior  of  RRA  7249  sample  which  was  retrogressed  at 
170°C  for  1  hour  and  reaged,  [9]. 


Figure  4:  7249-RRA 


3.  CONCLUSIONS 


The  recommended  T6  heat  treatment  for  the  wide  extrusions  is  solution  treating  at  474°C  for 
one  hour,  water  quenching,  naturally  aging  for  48  hours,  then  artificially  aging  for  24  hours  at 
12  PC.  For  strength,  the  best  retrogression  time  and  temperature  for  the  wide  extrusions  is 
170”C  for  1  hour. 

The  purpose  of  retrogression  and  reaging  is  to  find  the  best  strength  and  resistance  to  stress 
corrosion  cracking;  because  of  this,  the  best  retrogression  and  reaging  treatment  is  not  always 
the  one  which  exhibits  the  greatest  strength.  Therefore,  the  recommended  retrogression 
treatment  that  might  provide  good  strength  and  stress  corrosion  cracking  resistance  is  1  SOT 
for  60  minutes,  then  reage  each  for  24  hours  at  12  PC  as  shown  in  the  EXCO  test.  Further 
optimization  studies  and  microstructural  characterization  are  underway. 
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ABSTRACT 

The  effect  of  additional  elements,  pre-aging  and  RRA  treatment  on  the  bake  hardenabilily  of  Al-Mg-Si  alloys 
will  be  investigated  RRA  (retrogression  and  reaging)  is  useM  heat  treatment  method  to  increase  the  SCC  in  Al- 
Zn-Mg-Cu  (7XXX)  system  alloys.  The  bake  hardenability  of  Al-Mg-Si  alloy  has  been  inproved  by  the 
addition  of  Cr  and  Be  due  to  increase  of  p  "  (MgzSi)  prccipitate  density.  Moreover  the  bake  hardening  is  also 
inproved  by  retrogression  and  reaging  (pre-aged  at  120'’C,  followed  by  baked  at  225  °C  for  3min  and  re-aged  at 
180°C  for  30  min)  and  two-step  aging  treatment  (pre-aged  at  120‘C,  followed  by  re-aged  at  180  ”0/301X1^1)  in 
Al-Mg-Si-(Cr3e)  alloys.  The  pre-aged  time  at  120°C  in  RRA  influenced  the  mechanical  properties  like 
elongation  and  stienglh,  and  formability  in  Al-Mg-Si-  (Cr,  Be)  alloys.  Therefore,  RRA  (retrogression  and 
reaging)  is  very  useful  heat  treatment  metiiod  to  in^rove  the  bake  hardenability  in  Al-Mg-Si  system  alloys. 


1.  INTRODUCTION 

Al-Mg-Si  system  alloys  are  ceipebh  of  providing  a  good  combination  of  formability  and  paint  bake  response 
that  has  fevored  with  automotive  penal  applications.  Cr  and  Be  are  useful  elements  to  increase  flie  elongation 
and  slrcngth  respectively.  The  strength  of  Al-Mg-Si  system  alloys  aged  at  ambient  temperature  for  a  long  time, 
followed  by  artificial  aging  at  170-1 80 °C  are  lower  than  that  of  artificial  aging  at  170- 180 °C  without  pre-aging 
at  ambient  tenperature.  This  effect  is  well  known  as  negative  effect  of  strength  in  Al-Mg-Si  alloys  [1,2]  because 
of  G.P.I  zone  formation  during  prc-aging  treatment  The  bake  hardenability  decreases  vwth  increase  of  G.P.I  zone 
content  in  Al-Mg-Si  system  alloys.  Therefore,  it  is  important  to  decrease  or  remove  the  G.P.I  zone  before  bake 
treatment  at  170-180 C  in  Al-Mg-Si  alloys.  Retrogression  at  hi^  temperature  is  well  known  to  effective  heat 
treatment  method  to  remove  the  G.P.I  zones  formed  at  ambient  or  low  aging  tenpeiatuie  [3].  In  this  stucfy,  RRA 
effect  in  Al-Mg-Si-  (Cr3e)  alloys  on  bake  hardenability  has  been  investigated  using  hardness  and  tensile  test, 
DSC(differential  scanning  calorimetry),  TEM(transmission  electron  microcopy)  and  Erichsen  test. 


2.  EXPERIMENTAL 

The  Al-Mg-Si-X  (Cr,  Be)  alloys  were  fabricated  by  a  high  frequency  melting  furnace  under  Ar  atmosphere, 
with  pure  (99,99%)  alurninuni,  high  purity  master  alloys  of  Al-10%Mg,  Al-20%Si,  Al-2.5%Be  and  Al-75%Cr. 
The  alloy  designs  and  chemical  conpositions  of  the  specimens  are  shown  in  Table  1 . 
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Table  1  Alloy  designs  and  chemical  compositions  of  Al-Mg-Si-X  (Be,  Cr)  alloys  (wt%) 


Alloy  designs 

Mg 

Si 

Tr 

Be 

Cr 

A1 

Al-0.8%Mg-1.0%Si 

0.85 

1.02 

- 

- 

- 

Bal. 

Al-0.8%Mg-l  .0%Si-0.05%Be 

0.86 

1.09 

0.01 

0.054 

- 

Bal. 

Al-0.8%Mg-1.0%Si4).05%Be-0.1%Cr 

0.98 

0.95 

0.01 

0.057 

0.1 

Bal. 

As-cast  ingots  were  scalped,  followed  by  homogenizing  at  560  °C  for  24  hrs,  forged  in  thickness  of  35  mm, 
and  then  were  hot  and  cold  rolled  to  strips  of  1.2  mm.  The  specimens  were  solution  treated  at  550 “C  for  0.5 
hrs  in  salt  bath,  followed  by  quenched  into  iced  water.  Table  2  shows  the  processes  of  heat  treatments  used  in 
this  study. 


Table  2  Aging  processes  used  in  fois  study. 


Kinds  of  treatments 

Rrocesses 

Rreaging  treatment 

i2or 

Two  step  aging  treatment 

Rre-aging(120°C)  Baketreatment(180°C/30min) 

RRA(RetrDgression  and 

Rre-aging(120°C)  ^  Retrogression(225‘C/3min) 

Reaging)  treatment 

Bake  treatment(l 80 °C/30min) 

The  hardness  of  specimens  was  conducted  with  Rockwell  hardness  tester.  Using  the  automatic 
displacement  measurement  device-equipped  Instron  25  ton  multi  purpose  tester  with  the  specimen  of  plate  type 
carried  out  the  tensile  test  The  crosshead  speed  of  the  tensile  test  was  2mm/min.  To  observe  the  fiacture  surface 
of  the  tensile  tested  specimens,  SEM  was  used  The  specimen  size  for  Erichsen  test  is  100  x  100  x  1.7  (mm) 
plate.  The  experimental  conditions  of  Erichsen  test  are  as  follows. 

Diameter  of  tip  of  punch  :  10+0.05  mm.  Inner  and  outer  diameter  of  dice  :  27+0.05  mm,  55+0.05  mm. 
Inner  and  outer  diameter  of  press  plate:  33mm,  55mm 


3.  RESULTS  AND  DISCUSSION 


'IcHipcratiiroCC) 

Fig.  1  DSC  curve  of  as-quenched  Al-0.8%Mg- 
1.0%Si-(Cr,Be)  alloy s(heating  rate  :  10"C/min) 


Fig.  1  shows  the  DSC  thermograms  of  as 
quenched  Al-Mg-Si-(Cr3e)  alloys  analyzed 
with  the  heating  rates  of  10°C/min.  Four 
exothermic  peaks  A,  C,  D  and  F  and  three 
endothermic  peaks  B,  E  and  G  are  shown.  The 
four  peaks  A,  C,  D  and  F  may  be  attributed  to  the 
precipitation  of  G.RI  zone,  p",  p'and  p  phase, 
respectively.  The  endofoermic  peaks  B,  E  and 
G  are  due  to  the  dissolution  of  G.RI  zone,  p",  p' 
and  P  phase  respectively.  By  the  addition  of 
Be  or  Cr  and  Be  in  AI-Mg-Si  alloy,  the 
temperature  of  P"precipitation  shills  to  the  lower 
temperature.  These  results  show  that  p'phase  in 
Al-Mg-Si-Be  and  Al-Mg-Si-Cr-Be  alloys 
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precipitate  at  lower  temperature  than  that  in  Al-Mg-Si  alloy.  Quantitative  analysis  of  fliese  peaks  is  shown  in 
Table  3.  The  amounts  of  G.P.I  zone  fomied  during  heat  treatment  in  as-quenched  Al-Mg-Si  alloy  were  reduced 
by  the  addition  of  Be.  And  the  onset  ten:q)erature  of  G.P.I  zone  in  Al-Mg-Si  alloy  is  lower  than  that  in  Al-Mg-Si- 


Fig.  2  Transmission  election  micrographs  of  al-0.8%Mg-l  .0%Si(Cr3e)alloys  aged  at  1 80°C  for  4hr 
(a)  Al-Mg-Si  alloy  (b)  Al-Mg-Si-Be  alloy  (c)  Al-Mg-Si-Be-Cr  alloy 


Be  or  Al-Mg-Si-Be-Cr  alloy  due  to  Be  additioa 

Fig.  2  shows  bright  field  TEM  images  of  P'phase,  which  obtained  (100)  zone  axis,  of  Al-Mg-Si-(Cr3e) 
alloys  aged  at  180°C  for  4hrs.  By  the  addition  of  Cr3e  in  Al-Mg-Si  alloy,  needle-sh^ied  P' phases  are  shown 
the  finer  and  denser  distribution  in  conparison  with  the  Be  containing  Al-Mg-Si  alloy  and  Al-Mg-Si  alloy.  Be 
added  Al-Mg-Si  alloy  aged  at  1 80  °C  promoted  the  precipitation  and  growth  of  P"  phase. 

Fig.3  shows  the  effect  of  pre-aging  time  in  RRA  treatment  (as  shown  in  Table  2)  on  hardness  of  Al-0.8%Mg- 
1.0%Si  alloy  and  of  Al-0.8%Mg-1.0%Si-0.1%Cr-0.05%Be  alloy.  The  hardness  of  RRA  treated  Al-0.8%Mg- 
1 .0%Si  alloy  increases  with  pre-aging  time.  The  hardness  of  RRA  treated  specimen  increased  more  than  any 
other  specimens  and  two-step  aged  specimens.  This  is  because  the  content  of  |B  "  precipitate  increases  rather 
than  that  of  other  aging  treatments(T6  and  two-step  aging)  due  to  dissolution  of  GP.I  zone  by  retrogression  at 
225 1  for3min[4]. 

The  effect  of  pre-aging  time  at  120  °C  on  hardness  of  two-step  aged  and  RRA  treated  Al-0.8%Mg-1.0%Si- 
0.1%Cr-0.05%Be  alloy  is  similar  to  that  of  two-step  aged  and  RRA  treated  Al-0.8%Mg-L0%Si  alloy.  The 
hardness  of  two-step  aged  Al-0.8%Mg-1.0%Si-0.1%Cr  -0.05%Be  is  higher  than  that  of  Al-0.8%Mg-1.0%Si 
alloy,  especially  for  short  pre-aging  time  at  120 °C.  This  is  because  that  the  precipitation  of  GP.I  zone  and  p  " 
phase  is  promoted  by  the  addition  of  Be  in  Al-0.8%Mg-L0%Si  alloy[4].  Also  the  hardness  of  RRA  treated  Al- 
0.8%Mg-1.0%Si-0.1%Cr-0.05%Be  alloy  is  higher  than  any  other  hardness  of  ageing  treated  Al-0.8%Mg- 


Aging  Time(min) 


Fig.  3  Variation  of  hardness  of  two-step  aging  and 
RRA-treatment  with  pre-aging  time  of  Al-0.8%Mg- 
1.0%Si  and  Al-  0.8%Mg-L0%SiCr-0.005%Be 
alloy  pre-aged  at  120 °C.  557 


Fig..  4  Variation  of  hardness  of  Al-0.8%Mg-1.0%Si- 
(Cr3e)  alloys  RRA  treated  225'’C  for  3min  after  pre¬ 
aged  at  120  °C,  and  then  aged  at  180  “C  fQr30min 


1 .0%Si  alloy.  Be  is  an  effective  element  to  dissolve  the  G.RI  zone  retrogression  aged  at  225  ‘’C . 

Fig.4  shows  the  effect  of  pre-aging  time  at  120  "C  in  RRA  treatment  on  hardness  of  Al-0.8%Mg-l  .0%SKCr, 
Be)  alloy  The  hardness  increases  with  pre-aging  time  in  all  the  alloys  because  the  precipitation  of  G.P.I  zone  and 
P  "  phase  are  suppressed  by  the  formation  of  P  "  phase  during  pre-aging  at  120  C,  G.RI  zone  deteriorated 
the  bake  haixienability  at  ISO^C,  and  P  "  phase  is  an  effective  phase  to  increase  hardness  and  strength.  The 
hardness  increases  rapidly  at  early  pre-aging  time,  but  it  increases  slowly  at  long  pre-aging  time  in  Al-Mg-Si-Be. 
This  is  because  the  precipitation  of  GP I  zones  in  Be  added  Al-Mg-Si  alloy  is  accelerated  due  to  decrease  of  the 
formation  energy  of  G.RI  zone[4],  but  G.RI  zone  formed  at  120G  is  unstable  at  high  temperature,  so  it  is 


dissolved  easily  by  aging  at  225  °C.  Therefore,  the  content  of  P  ”  precipitate  in  RRA  treated  Al-0.8%Mg- 
1 .0%Si-(Cr,  Be)  alloy  increases  because  of  easy  dissolution  of  G.RI  zone  aged  at  225  "C  in  Be  added  Al-Mg-Si 
alloy. 

The  hardness  for  short  aging  time  of  Cr  and  Be  added  Al-Mg-Si  alloy  is  lower  than  that  of  Al-Mg-Si-Be  alloy, 
because  the  precipitation  of  P  "  phase  is  retarded  because  of  lots  of  G.P.I  zones  which  are  stabilized  by  the 
addition  of  Cr  in  Al-Mg-Si-Be  alloy[4],  so  the  precipitation  of  p  "  phase  is  difficult  because  the  dissolution  of 
G.P.I  zone  is  difficult  at  early  pre-aging  time  at  120 “C.  But  pre-aging  at  120 °C  for  a  long  time,  the  hardness 
increase  with  formation  of  P  "  phase  and  p  '  (Mg2Si)  phase.  The  hardness  of  all  the  RRA  treated  specimens 
is  almost  same  if  pre-aging  time  at  120'’C  was  long.  This  shows  that  RRA  effect  is  not  prominent  if  pre-aging 


timeatl20°C  is  long. 

Fig.5  shows  tensile  properties  of  Al- 
0.8%Mg-I.0%Si-(Cr,  Be)  alloy,  which  is 
RRA  treated  after  pre-aged  at  120°C  for  1, 
4  and  24hrs.  The  strength  of  all  the 
specimens  increases  slowly  with  increase 
of  pre-aging  time,  but  the  fiactuie 
elongation  decreases  rapidly  with  increase 
of  pre-aging  time.  The  ultimate  tensile 
stiength(UTS)  of  Al-0.8%Mg-1.0%Si- 
0.05%Be-0.1%Cr  alloy,  which  is  RRA 
treated  after  pre-aged  at  120°C  for  1  hr,  is 
27kgFmm^.  And  the  yield  strength  (24- 
25kgFmm^)  of  Al-0.8%Mg-1.0%Si- 
0.05%Be-0.1%Cr  alloy,  which  is  RRA 
treated  after  pre-aged  at  1 is  similar  to 
that  of  Al-0.8%Mg-1.0%Si-0.05%Be 
alloy  but  yield  strength  of  Al-0.8%Mg- 
1 .0%Si-0.05%Be-0. 1  %Cr  alloy  is  higher  than  those  of  commercial  Al-Mg-Si  system  alloys(  1 7-  22kgftmm^)[5]. 
From  this  result,  RRA  treatment  in  Al-Mg-Si  system  alloys  is  very  useful  heat  treatment  method  to  enhance  the 
bake  hardenability  for  automobile  body  panels. 

The  formation  of  P  "  phase  and  p  '  (Mg2Si)  phase  in  Al-0.8%Mg-l  .0%Si-0.1%Cr-0.05%Be  alloy  which 
is  RRA  treated  after  pre-aged  at  1 20  for  1  hr,  is  easy  due  to  increase  of  excess  solute  atoms  by  a  dissolution  of  the 
G.P.I  zone  during  retrogression  at  225  °C  for  3  min.  Therefore,  ftie  strength  and  elongation  of  Al-0.8%Mg- 
1.0%Si-0.1%Cr-0.05%Be  alloy  which  is  RRA  treated  after  pre-aged  at  120 “C  for  Ihr,  are  higher  than  those  of 
the  Al-0.8%Mg-1.0%Si-(  Be)  alloys  two-step  aged  at  180°Cfor30min  after  pre-aged  at  120 °C.  Cris  known  as 
an  effective  element  to  increase  the  strength  and  deformability  in  Al-Mg-Si  alloy[6,7,8]  due  to  decrease  the  grain 
size[8],  increase  nucleation  rate  of  GP  zone[7]  ,but  Choi  [9]  reported  that  Cr  caused  to  decrease  the  strength  in 
Al-Mg-Si  alloy.  In  our  study  Cr  is  also  an  effective  element  to  increase  the  strength  and  toughness.  The 


Fig.  5  Tensile  Properties  of  Al-0.8%Mg-1.0%Si-(Cr,Be) 
alloys  RRA  treated  after  pre-aged  at  1 20^. 
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formation  of  G.RI  zone  is  retarded  at  the  aging  temperature  of  120°C[9],  so  is  useful  pre-aging 
temperature  to  eliminate  the  negative  effect  of  G.RI  zone  for  bake  hardenability.  Even  if  GRII  zone  (P  ”  phase) 
is  formed  being  aged  at  120  °C,  this  GRII  zone  is  easily  dissolved  into  matrix  by  letrogtession  treated  at  225  for 
3  min  due  to  instability  by  the  addition  of  Cr  in  Al-Mg-Si[7].  As  the  stricture  of  GRII  zone  is  similar  to  tiie 
sttucture  of  G.RI  zone  because  Cr  combines  with  the  quenched-in  vacancies. 

Fig.6  shows  the  fiactographs  of  tensile  fiacture 
smfces  of  Al-0.8%Mg-1.0%Si-(Cr,  Be)  alloys 
RRA  treated  after  pre-aged  at  120‘’C  for  1  and 
4hrs.  The  fiacture  surfeces  of  Al-0.8%Mg- 
1.0%Si  and  A14).8%Mg-1.0%Si-0.1%Cr- 
0.05%Be  alloys  are  tansgranular  fiacture  suifce. 
But  the  prominent  intergranular  fiacture  surfeces 
are  shown  in  Be  added  Al-Mg-Si  alloyaged  at 
120 C.  From  this  result,  Be  is  not  effective 
element  to  increase  the  toughness  and  elongation. 

Table  3  shows  the  relation  between  the  yield 
stength,  elongation  and  Erichsen  value  of  Al- 
0.8r(Mg-1.0%Si-0.1%Cr-0.05%Be  alloy 
The  stength  of  AlT).8%Mg-1.0%Si-0.1%Cr- 
0.05%Be  alloy  by  two-step  aged  at  180“C  for 
30min  after  pre-aged  at  120  °C  for4hrandRRA 


Fig.  6  Scanning  electai  microgn^hs  of  tensile  fiacture 
sur&ces  of  Al-0.8%Mg-1.0%SKCrJBe)  alloys  RRA- 
teated  afier  pre-aged  at  \2(fC 


teated  afier  pre-aged  at  120V  for  4hr  is  higher  than  two  step  aged  at  bOC  for  4hr  followed  by  180 °C  for  30 
min  in  Al-0.8%Mg-1.0%Si-0.1%Cr-0.05%Be  alloy  The  Erichsen  value  of  Al-0.8%Mg-1.0%Si-0.1%Cr- 
0.05%Be  alloy  is  similar  to  other  heat  teatment  mefiiods  like  two-step  aging  treatTient[4].  Cr,  Be  added  alloy 
has  good  Erichsen  value,  which  is  9.8,  because  Cr  element  decreases  ^e  grain  sizes[7].  This  Erichsen  value  is 
similar  to  that  in  commercial  Al-Mg-Si  system  alloys  which  developed  to  use  automobile  panel  materials  [5]. 
Stnin  hardening  exponent,  n  which  is  deformability  fector,  is  0.  27  in  RRA  teated  Al-0.8%Mg-1.0%Si- 
0.  l%Cr-0.05%Be  alloy[4].  This  value  is  higher  than  that  (n  is  0.22  or  0.23)  of  commercialized  Al-Mg-Si  system 
alloys  [5].  But  in  Be  added  Al-0.8%Mg-1.0%Si  alloy,  the  Erichsen  value(Er)  and  deformability  fector  (n) 
decrease  because  of  increase  the  precipitates  content  at  grain  boundaiy[4].  This  is  because  grain  boundary 
precipitates  enhance  the  intergranular  fiactire.  Therefore,  to  improve  the  deformation  property,  it  is  important  to 
decrease  the  grain  size  and  reduce  the  grain  boundary  precipitate. 

RRA  treated  Al-0.8%Mg-1.0%Si-0.1%Cr-0.05%Be  alloy  after  pre-aged  at  120  C  has  better  combination 
of  yield  strength,  elongation  and  Erichsen  value  than  other. 


Table.  3  Yield  strength,  Elongation,  and  Erichsen  value  of  Al-0.8%Mg-l  .0%Si-0.  l%Cr-0.05%Be  alloy 


Yield  Strength 
(kg/mm^) 

Erichsen  Value 
(Er:mm) 

60°C/4hr 
— bake 

23 

31 

10 

120°C/4hr 
^  bake 

27 

29 

9.7 

120r/4hr 
225°C/3min 
^  bake 

28 

29 

9.8 
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4.  CONCLUSIONS 


The  effect  of  additional  elements,  pre-aging  and  RRA  treatment  on  fie  bake  haidenability  of  Al-Mg-Si  alloys 
has  been  investigated.  This  study  has  been  examined  by  means  of  measurement  of  hardness,  tensile  test, 
transmission  electron  microscope,  differential  scanning  calorimetry,  and  Erichsen  test. 

The  hardness,  strength  and  deformability  were  enhanced  by  RRA(120”C  for  lhr/225'’C  for  3min/180°C  for 
30min)  treatment  in  of  Al-0.8%Mg-1.0%Si-0.1%Cr-0.05%Be  alloy,  because  G.P.I  zone  easily  decomposed 
during  retrogression  treatment  at  225  C  for  3  min  by  fie  addition  of  Be  and  Cr  in  Al-Mg-Si  alloy.  The  bake 
haidenability  of  Al-Mg-Si  alloy  has  been  improved  by  fie  addition  of  Cr  and  Be  due  to  increase  of  |3  "  (Mg^i) 
precipitate  density.  Moreover,  fie  bake  hardening  was  also  improved  by  RRA(pre-aged  at  1 20  °C,  followed  by 
baking  at  225‘’C  for  3min  and  re-aged  at  180C  for  30  min)  and  two-step  aging  treatment  (pre-aged  at  120 °C  / 
re-aged  at  180'’C  for  30min)  in  Al-Mg-Si-(CrJBe)  alloys.  The  pre-aged  time  at  120  °C  in  RRA  influenced  fie 
mechanical  properties  like  elongation  and  strengfi,  and  formability  in  Al-Mg-Si-  (Cr,  Be)  alloys.  Therefore, 
RRA  is  very  usefol  heat  treatment  mefiod  to  improve  fie  bake  haidenability  in  Al-Mg-Si  system  alloys. 
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ABSTRACT 

The  high  strength,  aluminum  alloys  are  susceptible  to  environmental  induced  cracking  (EIC) 
in  the  peak  aged  tempers.  A  treatment,  called  retrogression  and  reaging  (RRA),  combining  the 
beneficial  effects  of  peak  aging  and  over  aging  tempers,  is  a  way  to  improve  the  EIC 
resistance.  Retrogression  was  carried  out  for  a  8090  Al-Li-Cu-Mg-Zr  alloy  at  temperatures 
below  and  above  the  6^  solvus  line  for  varying  time  ranging  from  30  sec  to  45  minutes  and 
immediately  reaging  to  peak  aged  temper.  Hardness  and  tensile  properties  were  studied.  The 
susceptibility  to  stress  corrosion  cracking  (SCC)  has  been  studied  on  peak  aged  (T8),  over 
aged  (T7)  and  retrogression  and  reaging  treated  8090  Al-Li-Cu-Mg-Zr  alloys  by  using  slow 
strain  rate  technique  (SSRT)  and  constant  load  technique.  The  effects  of  applied  potentials 
have  also  been  studied.  Retrogression  and  reaging  (RRA)  treatment  on  8090  alloy  have  been 
found  to  improve  the  SCC  resistance. 


1.  INTRODUCTION; 

Aluminum  alloys  containing  lithium  are  candidate  alloys  for  aerospace  industries  because  of 
reduction  in  density,  increase  in  elastic  modulus  and  increase  in  specific  strength  over  the 
most  widely  used  aluminum  alloys  2024  and  7075  [1].  Their  mechanical  properties  are 
strongly  sensitive  to  processing  conditions,  and  therefore,  the  product  quality  is  more  difficult 
to  control  than  for  conventional  alloys.  Al-Li  alloys  have  unattractive  fracture  behaviour, 
especially  poor  ductility  compared  to  traditional  high  strength  alloys  [2].  The  weight  saving 
and  increased  stifftiess  benefits  of  Al-Li  alloys  are  much  useful  to  the  aerospace  vehicle 
designers  provided  the  alloys  are  relatively  immune  to  environmental  induced  cracking  (EIC). 
Alloys  based  on  Al-Li-Cu-Zr  and  Al-Cu-Li-Zr  systems  are  known  to  exhibit  maximum 
resistance  to  stress  corrosion  crack  initiation  in  the  near  peak  aged  condition,  whereas  the 
magnesium  containing  Al-Li-Cu-Mg-Zr  alloys  exhibit  maximum  resistance  to  crack  initiation 
in  the  over  aged  condition.  Various  techniques  are  used  for  studying  SCC  susceptibility  of 
8090  systems.  The  literature  shows  that  there  are  no  consistent  trends  of  SCC  susceptibility  of 
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the  different  aging  tempers.  It  has  been  proposed  that  the  SCC  susceptibility  of  8090  alloys  is 
due  to  film  rupture  by  anodic  dissolution  and/or  by  hydrogen  embrittlement  [3, 4, 5, 6, 7]. 
Generally  the  high  strength  aluminum  alloys  arc  susceptible  to  stress  corrosion  cracking 
(SCC)  in  the  peak  aged  (PA),  T6x  or  T8x  tempers.  The  over  aging  (OA)  temper  (T7x)  has  an 
acceptable  SCC  resistance,  but  has  lower  strength  by  10-15%.  Retrogression  and  rcaging 
(RRA)  treatments  are  ways  to  avoid  this  problem  [8].  Commercial  retrogression  heat 
treatments  could  be  identified  by  the  T77xx  designation.  RRA  treatments  produce 
microstructures  in  the  grain  boundaries  that  closely  match  with  those  found  in  the  T7x 
microstructures  and  with  lower  dislocations  density  compared  to  peak  aged  temper  due  to 
annihilation  of  some  dislocations  at  the  retrogression  temperature  [9,10].  Low-high-duplex 
ageing  (LHDA)  treatment  comprises  reaging  the  retrogressed  alloy  at  lower  temperature  than 
the  isothermal  reaging  temperature  followed  by  higher  temperature  stage  for  short  time  [11]. 
The  paper  deals  with  the  studies  of  mechanical  and  stress  corrosion  properties  of  a  8090  alloy 
in  the  peak  aged,  over  aged  and  retrogressed  and  reaged  tempers. 


2.  EXPERIMENTAL  PROCEDURE: 

The  alloy  8090  was  obtained  from  Defence  Metallurgical  Research  Laboratory,  Hyderabad, 
India,  in  sheet  form  having  a  thickness  of  2.8  mm.  The  alloy  was  cast,  homogenised,  hot 
rolled  and  cold  rolled  to  required  thickness.  The  cold  rolled  sheets  were  solutionised  at  530  - 
535°C,  water  quenched,  stretched  1.5-  2.5  %,  followed  by  artificial  aging  at  170X  for  24 
hours  corresponding  to  peak  aged  (PA)  temper.  The  chemical  composition  (in  wt%)  of  the 
8090  is  2.29%  Li,  1.24%  Cu,  0.82%  Mg,  0.12%  Zr,  0.09%  Fe,  0.004%  Si  and  balance  Al. 
Coupons  of  approximate  dimensions  of  10  X  10  X  2.5  mm^  for  hardness  and  tensile 
specimens  for  SSRT  and  constant  load  testing,  cut  from  the  as  received  8090  alloy  sheet,  were 
retrogressed  in  air  in  a  small  vertical  tube  furnace.  Retrogression  temperatures  were  chosen 
above  and  below  the  5'  solvus  line.  After  a  precise  time  of  holding  in  the  furnace,  specimens 
were  quenched  into  ice-cold  water  followed  by  reaging  to  peak  aged  strength.  Retrogression 
and  reaging  sehedule  to  which  the  specimens  were  subjected  are  given  in  Table  1. 


Table  1 :  Retrogression  and  Reaging  treatments  to  8090  peak  aged  as  received  alloy 


Specimens 

Retrogression 

Retrogression 

Isothennal 

Low-high-duplex 

temperatures, 

0"C 

time 

reaging 

reaging  (LHDA) 

For  hardness 

250  and  280 

30  sec  to  45 

170'’Cfor  24 

150‘’Cfor  26  hours 

mins 

hours 

plus  210^C  for  1  hour 

Tensile 

250 

12  mins 

specimens 

280 

8  mins 

-do- 

-do- 

Tensile  speeimens,  transverse  to  rolling  direction,  obtained  from  as  received  sheet,  had  the 
following  dimensions:  25  mm  extended  gauge  length,  4  mm  width  and  2.5  mm  thickness.  The 
surfaces  of  the  gauge  portion  of  the  tensile  specimen  were  ground  to  100  pm  minimum  so  as 
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to  remove  the  lithium  and  magnesium  depleted  zones,  developed  during  solutionising  carried 
out  in  air  at  535^C,  followed  by  polishing  of  the  gauge  portion. 

A  constant  elongation  rate,  CORRTEST  machine  was  used  for  testing  in  laboratory  air  and  in 
3.5  %  NaCl  solution  with  a  pH  value  of  6.9  under  total  immersion  condition.  SSRT  tests  with 
applied  potentials  were  also  studied,  constructing  an  electrochemical  cell  with  the  specimen  as 
a  working  electrode  and  a  platinum  counter  electrode.  Potentials  were  noted  against  saturated 
calomel  reference  electrode.  Anodic  and  cathodic  potentials  were  applied  using  an  EG  &  G 
Princeton  scanning  potentiostat,  model  3 62. Stress  corrosion  cracking  studies  were  also  carried 
out  by  constant  load  method  using  a  Mayer’s  SC  MK-2  testing  unit  with  a  lever  ratio  30:1 . 


3.  Results  and  Discussion 

3.1  Hardness 

Fig.  1  shows  the  variation  of  hardness  vs.  retrogression  and  reaging  time  at  temperatures  250 
and  280^C.  The  graphs  exhibit  the  characteristic  shape  of  retrogression  and  reaging.  The 
hardness-retrogression  curves  have  three  distinct  regions.  There  is  an  initial  decrease  in 
hardness,  followed  by  an  increase  and  again  decrease  in  hardness.  These  stages  are  the  result 
of  the  preferential  dissolution  of  shearable  coherent  matrix  5  precipitates  which  are  no  longer 
stable  at  the  retrogression  temperature,  the  nucleation  and  growth  of  new  stable  phases  and 
the  overaging  of  the  phases,  respectively.  The  decrease  in  hardness  on  retrogression  might 
also  result  due  to  the  decrease  of  dislocation  densities.  The  minimum  in  the  retrogression 
curve  is  indicative  of  the  maximum  dissolution  of  5  precipitates.  Reaging  the  retrogressed 
alloy  regained  the  hardness. 

3.2  Tensile  Properties 

Table  2  gives  the  tensile  properties  of  the  alloy  at  various  retrogression  and  reaging  tempers  at 
a  strain  rate  of  3.5  X  10'^  s'K  The  ultimate  tensile  strengths  and  plastic  strains  to  fracture  of 
the  peak  aged  and  retrogressed  and  reaged  to  peak  aged  tempers  are  of  the  same  order.  The 
strengths  of  only  retrogressed  alloys  without  reaging  have  decreased  due  to  the  dissolution  of 
matrix  strengthening  5^  precipitates,  but  there  is  an  increase  of  plastic  strain  to  fracture 
compared  to  peak  aged  tempers. 


3.3  Stress  Corrosion  Cracking 

3.3.1  Slow  Strain  Rate  Technique  (SSRT) 

The  effect  of  strain  rate  on  the  SCC  susceptibility  was  examined  in  the  peak  aged  condition. 
Experiments  were  performed  in  air  and  in  3.5  %  NaCl  solution  at  five  strain  rates.  Tests  were 
repeated  to  confirm  the  results.  The  ratio  of  plastic  strain  to  fracture  in  the  environment  to  that 
in  air  (cNaCi/Sair),  called  ductility  ratio  (DR),  was  used  as  a  measure  of  SCC  susceptibility.  Fig. 
2  shows  the  plot  of  ductility  ratio  (DR)  vs.  strain  rates  of  8090-T8  alloy.  At  high  strain  rates, 
the  deformation  rate  is  too  rapid  for  electrochemical  equilibrium  to  be  achieved  and  hence 
there  is  limited  susceptibility.  At  lower  strain  rates,  the  decrease  of  susceptibility  is  due  to 
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higher  repassivation  rate  at  the  crack  tip  than  the  process  of  slip  step  emergence  and 
subsequent  anodic  dissolution. 

The  different  aging  treatments  were  the  peak  aging  (PA),  over  aging  (OA)  and  retrogression 
and  reaging  by  isotheimally  and  by  low-high  duplex  ways  corresponding  to  peak  aged 
strength.  Fig.  3,  the  bar  diagram,  shows  the  plastic  strain  to  fracture  in  air  and  3.5  %  NaCl 
solution  for  peak  aged,  over  aged  and  RRA  treated  samples.  RRA  and  over  aged  samples 
showed  more  resistance  to  SCC  susceptibility  (using  the  strain  to  failure  ratio  criterion) 
compared  to  peak  aged  samples. 

In  the  peak  aged  temper,  the  microstructure  comprises  a  combination  of  equilibrium 
precipitates  5  (AlLi),  S  (A^CuMg),  T2  (Al6CuLi3  or  Al6Cu(Li-Mg)3 )  on  the  high  angle  grain 
boundaries  and  fine  5  (A^Li),  S  (AbCuMg)  and  Ti  within  the  grain  matrix.  The  initiation  of 
stress  corrosion  is  apparently  by  the  preferential  dissolution  of  grain  boundary  precipitates 
accelerated  by  the  propensity  for  planar  slip  leading  to  stress  concentration  at  the  grain 
boundary  [11].  In  isotheimally  over-aged  tempers,  equilibrium  phases  are  additionally 
precipitated  on  sub-grain  boundaries  and  heterogeneously  within  the  matrix.  As  a  result,  the 
attack  is  more  uniform,  leading  to  an  increase  in  SCC  resistance.  The  low-high  duplex  reaging 
treatment  also  results  in  the  development  of  fine  and  more  homogenous  distribution  of  6  and 
s'  precipitates  and  also  formation  of  equilibrium  phases  at  grain  boundary  and 
heterogeneously  within  the  matrix,  conferring  the  improved  SCC  resistance. The  improvement 
in  the  SCC  resistance  is  also  attributed  to  the  decrease  of  dislocation  density  [11]. 

Fig.  4  shows  the  stress  strain  curves  of  peak  aged  samples  tested  in  air,  3.5%  NaCl  solution 
and  with  applied  anodic  and  cathodic  potentials.  Under  applied  anodic  potentials,  both  metal 
dissolution  and  hydrogen  reduction  take  place  while  under  applied  cathodic  potentials 
hydrogen  reduction  is  the  predominant  reaction.  Under  anodic  polarization,  the  susceptibility 
is  most  severe.  Under  applied  anodic  potential,  the  SCC  susceptibility  is  severe,  indicating 
that  local  anodic  dissolution  (LAD)  plays  an  important  role  in  the  phenomenon. 

3.3.2  Constant  Load  Test: 

The  constant  load  test  results  are  given  in  Table  3.  The  results  show  that  the  time  to  fracture 
of  retrogressed  and  reaged  specimens  is  more  compared  to  those  with  peak  aged  temper. 

Table  3:  Constant  load  test  SCC  results 


Alloy  Condition 

Environment 

Stress  Applied,  MPa 

Time  to  fracture,  h 

Peak  aged 

3.5  %  NaCl 

370 

528 

R__280_170-_24 

-do- 

378 

No  failure  till  528 

Peak  aged 

3.5%  NaCl  +  O.IM 
LiCl  +  0.3%  H2O2 

370 

96 

R  280  170  24 

-do- 

370 

No  failure  till  150 

4.  CONCLUSIONS: 

1)  The  higher  the  retrogression  temperature  and  time,  the  more  the  decrease  of  hardness  and 
strength  values.  This  is  due  to  an  increased  dissolution  of  5'  precipitates.  2)  Retrogression  and 
reaging  treatments  have  been  found  to  increase  the  resistance  to  SCC  susceptibility  of  8090 
alloy.  3)  SCC  of  8090  alloy  is  aggravated  under  applied  anodic  potentials. 
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Table  2;  Tensile  Properties  of  8090  at  various  tempers. 


Tempers 

UTS,  MPa 

Total  Strain,  % 

Plastic  Stain  to  fracture,  % 

Peak  aged 

446.17 

7.92 

5.28 

R  280  8 

335.43 

12.352 

8.24 

R  250  12 

345.9 

10.796 

8.04 

(R  280  8  170  24) 

446.12 

8.656 

5.79 

(R  250  12  170  24) 

434.11 

7.02 

5.08 

(R  280  8  LHDA 

418.12 

9.056 

6.01 

(R  250  12  LHDA 

413.7 

7.724 

5.67 

Peak  aged  +  170  96 

434.292 

8.64 

5.30 

R_280_8:  Retrogression  at  280®C  for  8  minutes;  R_280_8_170_24:  Retrogression  at  280®C 
for  8  minutes  and  immediately  reaging  at  170^C  for  24  hours.  LHDA:  low-high-duplex  aging. 
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Plastic  strain  to  fracture,  % 


EFFECTS  OF  EXCESS  SILICON  CONTENT  ON  THE  AGEING 
BEHAVIOUR  OF  SOLUTION-TREATED  Al-Mg-Si  ALLOYS 

Y.  Ohmori,  Y.  Matsuiira,  K.  Nakai  and  S.  Kobayashi 

Department  of  Materials  Science  &  Engineering,  Ehime  University 
3  Bunkyo-cho,  Matsuyama  790-8577,  Japan 

ABSTRACT 

The  effects  of  excess  Si  and  Mg  contents  on  the  precipitation  behaviour  of  intermediate 
phases  in  Al-Mg2Si  alloys  have  been  investigated  by  means  of  differential  scanning 
calorimetry  and  transmission  electron  microscopy.  At  the  ageing  stage  which  has  been 
identified  as  rodlike  P’  precipitation,  the  precipitation  of  cuboid  p-Mg2Si  particles  with  the 
cube-cube  p/Al  orientation  relationship  was  recognised.  With  the  progress  of  ageing,  thin  P- 
Mg2Si  plates  inclining  either  45°  or  18.4°  from  the  cube-cube  relationship  about  the  {001  }ai  ll 
(001  }p  habit  plane  normals  formed.  The  morphological  and  the  crystallographic  changes  of 
the  precipitates  can  be  explained  in  terms  of  elastic  energy  due  to  the  precipitation  and  the 
misfits  on  the  interfaces. 


L  INTRODUCTION 

In  the  Al-Mg-Si  alloys,  the  formation  of  various  intermediate  phases  such  as  monoclinic  p” 
needles^^'^^,  hexagonal  P’rods^^’ and  small  cuboid  particles  with  f.  c.  c.  structure  has  been 
reported  in  the  aging  processes  prior  to  the  stable  P-Mg2Si  precipitation^ Although  these 
intermediate  precipitates  have  been  examined  extensively  by  means  of  transmission  electron 
microscopy,  the  results  of  the  structural  determinations  are  largely  diversified  and  the  details 
have  not  been  well  understood. 

In  the  previous  paper^’^^,  it  has  been  pointed  out  that  the  DSC  peak  which  has  been  so  far 
identified  as  p’  precipitation  is  probably  due  to  that  of  cuboid  p-Mg2Si  particles  with  the  cube- 
cube  orientation  to  the  matrix.  This  type  of  p-Mg2Si  precipitation  can  clearly  be  recognized 
especially  in  the  Al-Mg2Si  quasi  binary  and  the  excess  Mg  alloys.  These  results  suggest  that 
various  modes  of  P-Mg2Si  precipitation  can  exist  according  to  both  chemical  composition  and 
precipitation  condition. 

In  the  present  paper,  therefore,  the  effects  of  excess  Si  content  on  the  formation  of  the 
intermediate  phases  have  been  examined  mainly  by  differential  scanning  calorimetry  and 
transmission  electron  microscopy. 
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2.  EXPERIMENTAL  PROCEDURES 


The  nominal  compositions  of  the  Al-Mg-Si  alloys  are  shown  in  Table  1 .  The  ingots  were 
rolled  to  plates  at  the  reduction  ratio  of  90%  and  homogenized  at  833K  for  12h.  The 
specimens  solution-treated  at  863K  for  30  min  were  quenched  into  iced  water  prior  to  ageing. 

DSC  measurements  were  carried  out  at  a  heating  rate  of  20K/min  under  a  dynamic  N2 
atmosphere.  All  the  DSC  runs  were  started  at  room  temperature  and  were  ended  at  853K.  The 
microstructures  of  continuously  heated  specimens  at  20K/min  were  examined  by  quenching 
from  various  temperatures. 

The  as-quenched  specimens  evacuated  in  quartz  tubes  were  isothermally  aged  at  673K  for 
various  times.  The  observations  of  the  microstructures  and  Vickers  hardness  measurements  for 
them  were  conducted.  The  thin  foil  specimens  were  examined  in  a  JEOL-2000EX  microscope 
operating  at  200k V. 


Table  1  The  nominal  compositions  of  the  alloys  used,  (at  %) 


Alloy 

Mg 

Si 

Excess  Si 

Excess  Mg 

1 

1.4 

0.70 

0 

0 

2 

1.4 

1.00 

0.3 

-0.6 

3 

1.4 

0.55 

-0.15 

0.3 

3.  EXPERIMENTAL  RESULTS 

Figure  1  shows  the  results  of  DSC  during  continuous  heating  at  20K/min.  As  can  be  seen 
in  Fig.  1  (a),  five  exothermic  reactions  and  two  endothermic  reactions  were  detected  in  the 
excess  Si  alloy  2.  Although  the  exothermic  peaks  A  and  E  were  commonly  believed  as 
clustering  of  solute  atoms  and  the  precipitation  of  P’  rods,  the  previous  results^’ showed  that 
the  exothermic  peaks  A,  B,  D  and  E  are  probably  due  to  the  clustering  of  quenched-in 
vacancies,  the  solute  atom  clustering,  the  precipitation  of  P”  needles  and  the  cuboid  p-Mg2Si 
precipitation,  respectively.  The  reactions  F  may  be  the  precipitation  of  stable  p-Mg2Si. 

The  effect  of  excess  Si  content  on  the  peak  height  ratio  of  the  reaction  E  to  that  of  D,  he/ho, 
is  shown  in  Fig.l  (b).  The  he/ho  value  increases  with  decreasing  the  excess  Si  content  linearly 
as  reported  in  the  previous  study 

In  order  to  confirm  various  precipitation  modes  of  intermediate  phases,  the  microstructures 
formed  during  both  continuous  heating  at  20K/min  and  isothermal  aging  were  examined  by 
means  of  transmission  electron  microscopy.  Figure  2  shows  the  TEM  micrograph  for  the 
excess  Si  alloy  2  aged  up  to  the  peak  D,  548K.  The  bright  field  image  and  the  selected  area 
electron  diffraction  pattern  are  in  Fig.  2  (a)  and  (b),  respectively.  The  structure  comprised 
mainly  very  fine  P”  needles,  but  the  structure  could  not  be  determined  because  of  the  extremely 
elongated  reflections  normal  to  the  needle  directions  (Fig.  3  (b)).  In  the  alloy  2  aged  up  to  a 
higher  temperature  continuously,  the  formation  of  the  so-called  P’  rods  was  recognised.  The 
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Heat  flow 


reflections  from  the  rods  obtained  by  continuous  heating,  however,  were  still  largely  streaked, 
and  the  transformation  from  p”  to  p’  could  not  be  confirmed  in  the  present  study. 


Fig.l  The  results  of  DSC  analysis 

(a)  DSC  curves  for  the  alloys  used  at  the  heating  rate  of  20K/min  and  (b) 
the  effect  of  excess  Si  content  on  the  peak  height  ratio  of  the  reaction  E  to 
that  of  D 


On  the  other  hand,  in  the  excess  Mg  and  the  Al-MgiSi  quasi  binary  alloys  aged  up  to  the 
peak  E,  cuboid  P-Mg2Si  particles  were  densely  distributed  in  addition  to  the  p”  needles.  An 
example  of  such  precipitations  in  the  alloy  1  aged  up  to  603K  is  shown  in  Fig.  3.  The  bright 
field  image,  the  selected  area  electron  diffraction  pattern  and  the  key  diagram  for  it  are  in  Figs, 
(a),  (b)  and  (c),  respectively.  As  can  be  seen  in  the  diffraction  pattern  (b)  and  the  key  diagram 
(c),  the  cuboid  P-Mg2Si  particles  are  related  to  the  matrix  with  the  cube-cube  orientation 
relationship 

[lOOl^j  ||[100]p,  [010]^!  ||[010]p,[001]Ai  ||[001]p. 

The  cube  plane  normals  are  <100>ai  elastically  soft  directions. 


Fig,  2  Fine  P”  needles  formed  in  the  alloy  2  by  ageing  up  to  548K  at  20K/min. 
(a)  The  bright  field  image  and  (b)  the  selected  area  electron  diffraction  pattern. 
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Fig.  3  Cuboid  P  and  nccdiclikc  P”  precipitation  in  the  alloy  I  heated  up  to  603 K  at 
20K/min. 

(a)The  bright  field  image,  (b)  the  selected  area  electron  diffraction  pattern,  and  (c) 
the  schematic  representation  of  (b). 


(  150nm 


Fig.  4  The  precipitation  of  p  plates  and  cuboid  particles  in  the  alloy  I  aged  at  573K  for  20h. 
(a)  The  bright  field  image,  (b)  the  selected  area  electron  diffraction  pattern,  and  (c) 
the  schematic  representation  of  (b) 


The  isothermal  ageing  for  long  time  at  cuboid  particle  formation  temperature  induced  the 
precipitation  of  P-Mg2Si  plates.  These  precipitates  nucleated  either  separately  or  at  the 
cuboid  particles.  In  the  intermediate  stages  of  such  an  isothermal  ageing,  the  p-MgaSi 
plate/matrix  relationship  was  close  to  that  obtained  by  Kanno  et  al^’^^  as  in  Fig.  4: 

(001)^1  ||(001)p  . .  ■  -habit  plane,  [100]^,  ||  [1 1 0]p,  [010]^,  ||  [1 1 0]p  . 

The  edges  of  the  plates  were  parallel  to  <1  10>ai  and/or  <100>ai  directions. 

In  the  final  stages  of  ageing,  very  large  p-Mg2Si  thin  plates  were  formed  with  18.4° 
rotation  about  the  [001]ai  ||  [001]p  direction  from  the  cube-cube  relationship  as  shown  in  Fig. 
5  and  the  following  relationship  was  obtained: 

(001)a,||(001)p  habit  plane,  [1 10U,||  [120]p,  [T  10U,||  [210]j, 
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Fig.  5  The  precipitation  of  p  plates  and  cuboid  particles  in  the  alloy  1  aged  at  573K  for  50h. 


(a)  The  bright  field  image,  (b)  the  selected  area  electron  diffraction  pattern, 
and  (c)  the  schematic  representation  of  (b) 


4.  DISCUSSIONS 

Although  the  reaction  E  obtained  in  DSC  has  been  believed  to  be  the  transformation  from 
P”  needles  to  hexagonal  P’  rods,  the  previous  results  showed  that  the  cuboid  p-Mg2Si 
particles  form  within  the  reaction  E.  The  hn/hD  ratio,  which  is  proportional  to  the  fraction  of 
the  reaction  E,  decreased  with  increasing  excess  Si  content  in  keeping  with  the  previous 
results  Therefore,  the  detection  of  P-Mg2Si  particles  becomes  difficult  with  increasing 
excess  Si  content  though  the  reaction  E  arises  from  the  precipitation  of  cuboid  p-Mg2Si 
particles.  Thus,  the  reason  for  the  morphological  and  the  crystallographic  variation  of  p- 
Mg2Si  phase  with  ageing  condition  should  be  revealed. 


•  :  A1  atom  in  the  matrix  O  :  Si  atom  in  p  0  :  Mg  atom  in  P 

Fig.  6  Atomic  correspondences  between  A1  and  pi  phase  on  the  (001)ai  ||  (OOl)p  plane 
(a)  The  cube-cube  orientation  relationship,  (b)  Kanno  relationship  and 
(c)  the  relationship  rotating  about  18.4°  from  the  cube-cube  relationship. 
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At  the  initial  ageing  stage,  coherent  precipitates  will  form.  The  criterion  to  control  such  a 
precipitation  is  the  elastic  strain  energy  minimisation.  In  the  case  of  cube-cube  orientation 
relationship,  the  misfits  along  three  <100>  axes  are  only  4.5%  as  shown  in  Fig.  6  (a)  and  the 
<100>  directions  of  both  phases  are  elastically  soft.  Therefore,  this  relationship  will 
provide  the  small  elastic  energy  at  least  at  the  initial  stage  of  precipitation. 

With  the  growth  of  precipitates,  the  elastic  strain  energy  proportional  to  the  volume  of  an 
individual  precipitate  increases  rapidly  and  the  driving  force  for  the  coherent  precipitation 
decreases.  Then,  the  shape  of  the  precipitate  will  change  into  plate  with  the  habit  plane  of 
low  surface  energy.  In  the  case  of  45°  rotation,  although  the  misfits  are  slightly  larger  than 
those  in  the  coherent  case,  the  atomic  arrangements  of  p  phase  and  those  of  A1  matrix  on  the 
(001)ai  II  (001)(3  plane  are  quite  similar  as  shown  in  Fig.  6  (b),  this  plane  being  the  habit 
plane.  At  later  stage  of  ageing,  the  third  orientation  relationship  (18.4°  rotation)  was 
obtained.  In  this  case,  the  atomic  arrangements  on  the  (001)ai  ||  (OOl)p  plane  of  both  phases 
are  slightly  different  but  the  coincident  site  lattices  are  formed  as  shown  in  Fig.  6  (c).  Thus, 
this  can  also  be  the  habit  plane.  The  precipitation  sequence  of  plates  will  be  determined  by 
both  the  interface  structures  described  above  and  the  misfits  normal  to  the  habit  plane. 

5.  CONCLUSIONS 

At  the  ageing  stage  which  has  been  identified  as  rodlike  P’  precipitation  so  far,  the  cuboid 
P-Mg2Si  particles  with  the  cube-cube  p/Al  orientation  relationship  formed.  With  the 
progress  of  ageing,  thin  p-Mg2Si  plates  inclining  either  45°  or  18.4°  from  the  cube-cube 
relationship  about  the  {001  }a!  ||  {001  }p  habit  plane  normals  grew  at  the  cuboid  particle 
interfaces.  The  change  in  morphology  and  crystallography  of  the  precipitates  can  be 
explained  in  terms  of  elastic  energy  due  to  the  precipitation  and  the  misfits  on  the  interfaces. 
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ABSTRACT 

The  effects  of  the  increased  addition  of  alloying  elements,  Cu  and  Ni,  on  the  microstructure 
and  elevated  temperature  mechanical  properties  of  a  Al-12Si-CuMgNi  (ACS A)  piston  alloy 
were  investigated.  Elevated  temperature  properties  of  AC8A  cast  alloys  were  improved  by  the 
increase  of  Cu  and  Ni  content.  Cu  and  Ni  added  alloy  showed  good  elevated  temperature 
stability  of  mechanical  properties  after  over-aging  at  350°C  up  to  1000  hours.  0'  and  0"  phases 
are  the  main  hardening  precipitates  in  both  alloys  after  aging  for  5  hours  at  210  °C.  The  0'  and 
0"  precipitates  changed  to  Q  (AlsCuaMggSie)  phase  (a=1.04nm,  c=0.45nm)  after  over-aging. 
Growth  of  fine  silicon  particles  and  precipitation  of  Cu-rich  silicide  were  also  observed  after 
prolonged  over-aging. 


1.  INTRODUCTION 

Aluminum-silicon  eutectic  alloy  shows  excellent  castability,  low  thermal  expansion 
coefficient,  good  thermal  conductivity,  and  excellent  corrosion  resistance[l].  They  are  well 
suited  to  aerospace  structural  applications,  automobile  industry,  military  applications,  etc. 
And  one  of  the  well  known  AC8A(Al-12Si-CuMgNi  wt.%)  alloy  has  been  widely  used  as  a 
piston  material  for  gasoline  and  diesel  engine  and  referred  to  as  ‘piston  alloy’.  These  alloys 
show  good  reliable  strength  and  wear  resistance.  Hard  silicon  and  intermetallic  phases  are 
known  to  provide  good  wear  resistance  in  these  alloys.  Various  alloying  elements  were 
introduced  for  further  improvement  of  the  alloy  strength  and  to  make  alloys  heat  treatable[3]. 
But  nowadays,  pistons  are  getting  exposed  to  higher  gas  pressure  and  temperature  in 
combustion  chamber  and  good  elevated  temperature  strength  and  stability  are  required  for 
piston  materials.  The  purpose  of  this  study  is  to  investigate  the  effects  of  increased  addtion  of 
Cu  and  Ni  on  the  microstructure  and  elevated  temperature  mechanical  properties  of  AC 8 A 
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alloy  after  prolonged  over-aging  at  high  temperatures. 


2.  EXPERIMENTAL  PROCEDURE 

The  alloys  were  produced  by  a  gravity  casting  process  at  Dong  Yang  Piston  Co.  Ltd., 
Ansan,  KOREA.  The  chemical  compositions  of  AC8A(A-alloy)  and  Cu,  Ni  added(B-alloy) 
alloys  are  given  in  Table  1.  Both  alloys  were  cast  into  automotive  pistons  and  then  artificially 
aged  at  210°C  for  5hr  to  a  T6  condition.  To  simulate  the  prolonged  use  at  elevated 
temperature,  alloys  were  heat  treated  in  a  salt  bath  (KN03(55%)-NaN02(45%))  at  150”C, 
250T  and  350T  for  1,  3,  6,  20,  40,  100,  200  and  1000  hours.  Alloy  hardness  was  measured 
using  Brinell  hardness  tester  with  2.5mm  diameter  ball  indentor  at  the  load  of  62.5kg.  The 
tensile  tests  were  conducted  using  10-ton  capacity  tensile  testing  machine  (Instron  5582)  at 
the  cross-head  speed  of  0.3mm/min  according  to  ASTM  B557M.  Cast  structures  were 
observed  by  scanning  electron  microscope  JSM-5600  and  XL-20  and  chemistry  of  inter- 
dendritic  precipitates  were  investigated  by  EDS  analysis.  The  thin  film  specimens  for  TEM 
were  prepared  by  twin-jet  electro-polishing  technique  in  a  solution  of  75%  methanol  and  25% 
nitric  acid  at  -30''C.  Philips  CM-20  and  JEM-200CX  electron  microscope  were  used  for  TEM 
observation. 

3.  RESULTS  AND  DISCUSSION 

3.1  Mechanical  properties  of  alloys 

3.1.1  Variation  of  hardness  on  over-aging  temperature  and  time 

After  T6  heat  treatment,  both  A  and  B-alloys  were  over-aged  at  150"C,  250”C  and  350"C 
for  up  to  1000  hours.  Fig.l  shows  that  variation  of  hardness  with  over-aging  temperature  and 
time.  Alloy  B  which  contains  larger  quantities  of  Cu  and  Ni  shows  higher  hardness  values  not 
only  after  T6  aging  but  also  after  prolonged  over-aging  heat  treatment.  When  aged  at  150°C, 
alloy  B  shows  second  hardening,  which  is  believed  due  to  the  precipitation  of  0"  phase.  After 
aging  at  350  °C,  both  A  and  B  alloy  show  rapid  softening  but  the  hardness  of  alloy  B  is  about 
higher  than  that  of  A  alloy  even  after  1000  hours  of  extended  aging. 


Table  1.  Chemical  composition  of  the  alloys  (weight  percent  (w/o)) 


Alloy 

Si 

Cu 

Ni 

Mg 

Ti 

V 

Zr 

Fe 

Mn 

Zn 

A1 

A 

11.96 

1.14 

1.16 

1.22 

0.014 

0.515 

0.014 

bal. 

B 

12.1 

3.18 

2.39 

1.07 

0.165 

0.15 

0.229 

0.053 

0.023 

0.333 

bal. 
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Stress  (MPa) 


Time  (Log  scale),  hr 

Fig.l  Variation  of  alloy  hardness  according  to  over-aging  temperature  and  time. 

3.1.2  Tensile  test 

Tensile  behavior  of  two  alloys  are  compared  in  Fig.  2.  Fig.2(a)  shows  the  room  temperature 
tensile  curves  of  alloy  A  and  B.  Both  alloys  fractured  at  similar  strength  level  without 
significant  plastic  strains  after  T6  aging.  Primary  Si  particles  were  the  major  fracture  initiation 
sites.  It  is  interesting  to  note  that  cracking  of  silicon  particles  frequently  occurs  along  their 
longest  dimension.  This  type  of  cracking  can  only  be  understood  by  the  fact  that  primary 
silicon  crystals  as  well  as  the  eutectic  silicon  particle  contain  twin  boundaries[5]  which 
exhibit  a  significantly  low  resistance  to  cracking  than  single  crystal.  Fig  2(b)  shows  tensile 
curves  of  alloys  at  350®C  after  over-aging  at  350^C  for  1000  hours.  As  expected  from  high 
hardness  values,  alloy  B  exhibited  about  20%  higher  tensile  strength  than  alloy  A. 


(a)  Strain  (%)  (b)  Strain  (%) 

Fig.  2  Tensile  curves  of  A  and  B  alloys  at  room  temperature(a),  at  350^C  after  over-aging  at 
350^C  for  1000  hours(b). 
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As  will  be  discussed  in  next  sections,  both  alloys  shows  similar  microstructural  variations 
during  aging.  Higher  strength  in  alloy  B  may  be  a  simple  results  of  high  volume  fractions  of 
precipitates  and  intermetallic  phases  in  alloy  B. 

3.2  Microstructural  variation  during  over-aging 

3.2.1  Optical  and  SEM  observation 

In  both  A  and  B  alloys  investigated,  aluminum  dendrites,  primary  silicon,  unmodified 
eutectic  silicon,  and  intermetallic  phase  are  commonly  present  (Fig.  3).  There  have  been  many 
reports  on  the  intermetallic  compounds  in  alloy  systems  having  similar  chemical 
composition[6-7].  In  this  study,  observed  intermetallic  phases  are  (  i  )A1-Fe-Ni,  (ii)Al-Mg- 
Si-Fe,  (iii)Al-Si-Cu-Ni-Zr,  and  (iv)Al-Cu-Ni  etc.  The  shape  and  distribution  of  these 
intermetallic  compounds  were  not  easy  to  characterize  but  abundant  needle-  and  lath-like  rich 
phases  were  observed  in  B-alloy(Fig.3(b)).  During  extended  over-aging,  aluminum  dendritic 
structure  was  disappeared  but  over-aging  had  no  effect  on  the  microscopic  appearance  of 
microstructural  features  of  primary  silicons,  eutectic  silicons  and  multi-element  intermetallic 
compounds.  The  intermetallic  phases  reduce  the  mean  linear  intercept  length  i.e.  the  mean 
free  path  for  moving  dislocations  in  the  matrix.  Alloy  B  showed  heavier  presence  of 
intermetallic  phases  and  smaller  dendrite  arm  spacings  than  alloy  A. 


Fig.  3  Scanning  electron  micrographs  shows  intermetallic  compounds  in  A(a)  and  B(b)  alloys. 

3.2.2  TEM  observation 

After  T6  heat  treatment,  metastable  plate-like  0''  or  0'  (A^Cu)  phases  were  formed  in 
significant  amount  in  both  alloys  as  shown  in  Fig.  4.  S"  or  S'  phases  were  not  observed  in 
even  in  alloy  A  which  has  lower  Cu/Mg  ratio.  Formation  of  Mg  containing  intermetallics  such 
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as  Mg2Si  and  Al-Mg-Fe-Si  could  reduce  the  Mg  content  in  the  alloys.  Fine  silicon 
particles(~50nm)  were  also  observed  in  the  matrix  of  both  A-  and  B-alloys.  In  specimens 
over-aged  at  350°C  for  250  hours,  rod-shaped  and  bulk  hexagonal  Q-Al5Cu2Mg8Si6  phases 
(a=1.04nm,  c=0.45nm)  and  coarse  Si  particles(~250nm)  were  observed  (Fig.5).  Finely 
dispersed  (less  than  50nm)  Cu-rich  unknown  Cu-Si  phase  was  observed  after  significant  over- 
aging(Fig.  6).  When  compared  microstructural  changes  during  elevated  temperature  aging, 
both  alloys  show  identical  aging  behaviors.  Increased  amount  of  Cu  may  form  larger 
quantities  of  Q  phase  and  increased  amount  of  Ni  may  contribute  to  larger  volume  fraction  of 
Ni  containing  intermetallic  phases  which  may  results  in  smaller  dendrite  arm  spacing. 


Fig.  4  Transmission  electron  microscophs  shows  0"  or  6'  (AI2CU)  phases(a)  and  fine  silicon 


particles(b). 


200nm 

Fig.  5  Transmission  electron  microscophs  shows  rod-shaped  and  bulk  hexagonal  Q- 
Al5Cu2Mg8Si6  phases  and  coarse  Si  particles. 
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Fig.  6.  Transmission  electron  microscophs  shows  Cu-rich  unknown  Cu-Si  phase 


4.  CONCLUSIONS 

The  effects  of  increased  addition  of  Cu  and  Ni  on  the  over-aging  behavior  of  ACS  A  piston 
alloys  were  investigated.  Increased  addition  of  Cu  and  Ni  resulted  in  the  improved  tensile 
strength  of  T6  and  over-aged  alloys.  Hardening  of  both  alloys  is  believed  due  to  the 
precipitation  of  0''  and  0^  phases  and  these  precipitates  turned  to  Q  phase  after  extended  aging 
at  elevated  temperature.  Coarsening  of  fine  Si  particles  also  observed  and  precipitation  of  Cu 
rich  silicon  intermetallics  also  observed.  Both  alloys  showed  identical  microstructural 
variations  during  aging  and  increased  tensile  strength  of  in  alloy  B  may  simply  due  to  the 
large  quantities  of  precipitates  and  Ni  containing  intermetallics. 
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ABSTRACT 

Aluminum  alloy  2297-T87  is  an  Al-2.8Cu-L3Li-0.3Mn-0.lZr  alloy,  developed  in  the  early 
90’ s  to  provide  a  good  combination  of  strength  and  toughness  in  thicknesses  to  152mm,  while 
offering  advantages  in  density,  modulus,  and  especially,  fatigue  crack  growth  resistance. 
Additionally,  the  alloy  has  excellent  resistance  to  corrosion  and  fatigue  crack  initiation. 
Tensile  properties  show  minimal  variation  with  orientation.  Both  strength  and  toughness  are 
quite  stable  after  exposure  to  elevated  temperatures.  An  extensive  coupon  and  subcomponent 
test  program  verified  that  2297  is  a  superior  choice  for  fighter  aircraft  structure. 

Initial  applications  of  2297-T87  were  as  replacements  for  fighter  aircraft  structural  parts 
found  to  have  limited  fatigue  life  due  to  more  severe  flight  spectra  loading.  The  increased 
fatigue  resistance  and  toughness  of  2297-T87  provided  a  5-fold  increase  in  the  spectrum 
fatigue  performance  compared  to  conventional  aluminum  alloys.  As  a  result  of  the  successful 
implementation  on  replacement  bulkheads,  frames,  and  fittings,  additional  production 
applications  have  been  implemented  to  capture  the  weight  savings  and  service  life 
improvements  available  through  direct  substitution  of  2297-T87.  Over  3  million  pounds  of 
2297-T87  has  been  successfully  fabricated  into  aircraft  structure  since  1995.  An  AMS 
specification  has  been  prepared  for  this  alloy  and  properties  have  been  submitted  to  Mil- 
Hdbk-5. 


1,  INTRODUCTION 

The  development  effort  for  2297  benefited  from  the  Al-Li  production  development 
experience  gained  by  the  mill  producers  on  earlier  alloys  [1,2].  The  alloy  design  approach 
built  on  the  experience  from  many  scientific  investigations  of  the  microstructure  and 
mechanical  behavior  of  the  early  experimental  and  commercial  Al-Li  alloys.  The  demanding 
set  of  mechanical  property  goals  set  for  2297  were  demonstrated  in  detailed  coupon  testing 
and  evaluation.  The  damage  tolerance  advantages  of  2297  were  validated  with  a  series  of 
subcomponent  tests  [3,4]. 

1.1  Background 

The  promise  of  lithium-containing  aluminum  alloys  with  significantly  lower  density  and 
higher  elastic  modulus  was  established  in  the  1970’s  [5].  In  the  80’s  the  major  aluminum 
producers  initiated  alloy  development  efforts  to  define  compositions  and  production  processes 
to  fulfill  this  promise.  Al-Cu-(Mg)-Li  alloys,  2090,  8090,  and  2091  were  introduced  and 
evaluated  by  the  aerospace  industry.  They  offered  an  8-10%  lower  density,  strength  levels 
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comparable  to  7075  and  2124,  and  notably,  unusually  high  resistance  to  fatigue  crack  growth 
[6].  While  a  number  of  applications  were  pursued  in  aircraft  and  launch  vehicles,  these  alloys 
had  shortcomings  that  limited  their  application  in  fighter  aircraft  structure.  They  were  each 
formulated  with  solute  contents  near  the  maximum  that  could  be  dissolved  in  solid  solution, 
resulting  in  pronounced  quench  sensitivity.  Except  for  thin  gages,  embrittling  equilibrium 
phases  nucleated  during  the  quench  and  coarsened  during  aging  [7].  The  alloys  could  be 
underaged  to  provide  adequate  fracture  toughness  with  only  small  sacrifices  in  strength. 
However,  thermal  exposure  from  aerodynamic  heating,  engines,  and  other  equipment  would 
reduce  toughness  to  unacceptable  levels  in  most  fighter  aircraft  applications.  Other  problems 
included  anisotropic  properties  due  to  intense  texture,  resulting  in  1 5-20%  lower  strength  in 
45-60°  orientations,  and  relatively  low  stress  corrosion  resistance  in  8090. 

Despite  their  limitations,  the  early  Al-Li  alloys  had  useful  properties  in  thin  gages.  But 
except  for  small  parts  like  brackets,  trade  studies  favored  the  use  of  advanced  composites  for 
most  applications  of  thin  gage  materials  in  advanced  fighter  aircraft  structures.  The  real  need 
in  these  designs  was  for  materials  with  improved  perfonuance  that  could  be  used  for  large, 
complex,  multi-load  path  parts  like  bulkheads  and  frames,  substituting  for  7050-T7451  and 
2124-T851.  The  design  requirements  for  these  arc  a  good  combination  of  strength  and 
toughness  in  all  orientations,  thermally  stable  properties,  and  good  corrosion  resistance. 
Allowable  stresses  are  largely  controlled  by  the  durability  and  damage  tolerance  properties  of 
the  material,  making  fatigue  and  fracture  resistance  the  critical  properties  for  sizing  parts. 

1.2  Alloy  Development 

An  alloy  development  effort  for  thick  plate  products  was  begun  in  1987  to  overcome  the 
problems  observed  in  2090,  8090,  and  2091  [1,2].  This  effort  began  with  a  collaborative 
producer-airframe  company  program  to  screen  compositions  based  on  plate  made  from  small 
ingots,  and  progressed  to  scale-up  of  a  selected  composition  with  detailed  characterization  of 
mechanical  and  physical  properties  in  38  mm  and  91mm-thick  plate.  Heat  treat  parameters 
were  optimized,  providing  a  peak  aged  condition.  The  alloy  was  given  an  experimental  alloy 
designation  and  subsequently  registered  with  the  Aluminum  Association  as  2297.  Its  nominal 
composition  is  Al-2.8Cu-l.3Li-0.3Mn-0.lZr.  This  alloy  was  incorporated  in  a  USAF 
sponsored  effort.  Supportable  Hybrid  Fighter  Structures,  providing  experience  with  the  alloy 
in  design  and  hardware  fabrication  [8].  In  another  collaborative  effort,  140mm-thick  plate 
was  produced  to  demonstrate  mechanical  properties  in  sections  typically  used  for  airframe 
bulkheads  [3].  Following  the  successful  demonstration  of  alloy  2297,  the  USAF  sponsored  a 
Producibility,  Reliabilitity,  Affordability,  and  Maintainability  (PRAM)  program  to  accelerate 
the  qualification  and  implementation  of  2297  for  fatigue-prone  aircraft  structure  [4].  Under 
the  PRAM  contract,  additional  lots  of  material  were  produced  for  full-scale  qualification  tests, 
aircraft  component  tests,  aircraft  strain-surveys,  manufacturing  trials,  and  aircraft  flight 
evaluations.  Alloy  2297  surpassed  all  expectations  as  a  direct  substitute  for  fatigue  prone 
parts  to  extend  the  service  life  and  was  selected  for  production  and  spares  applications. 

1.3  Test  and  Evaluation 

Properties  of  2297  were  extensively  characterized  with  coupon  tests  [2].  To  summarize  the 
results  of  this  work:  Strength  and  fracture  toughness  is  equal  to,  or  better  than,  2124-T851  in 
all  orientations;  there  is  no  loss  in  toughness  with  thermal  exposure;  exfoliation  resistance  is 
high;  stress  corrosion  resistance  exceeds  172MPa;  anisotropy  in  strength  is  minimal  and 
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comparable  to  2124;  density  is  5%  lower  than  2124;  elastic  modulus  is  7%  higher  than  2124; 
stress-life  fatigue  tests  show  notched  fatigue  life  equivalent  to  2124  and  7475  with  improved 
smooth  specimen  fatigue  life;  cyclic  stress-strain  tests  show  that  2297  is  cyclically  stable 
whereas  2124  cyclically  softens  and  7050  cyclically  hardens;  and,  fatigue  crack  growth  rates 
are  significantly  lower  in  constant  amplitude  and  spectrum  fatigue  tests  [1,2,3]. 

The  coupon  fatigue  tests  were  conducted  in  different  environments  and  covered  a  range  of 
stress  ratios.  These  provided  the  database  needed  for  fatigue  life  calculations  to  predict  the 
performance  in  structural  components.  Three  subcomponents  were  selected  to  validate  the 
improvement  in  fatigue  life  with  2297  over  2124  [4].  Figure  1  shows  the  setup  for  testing  the 
joint  between  upper  and  lower  FS341  bulkhead  segments  for  the  F-16.  The  loading  is  a 
tension-dominated  wing  bending  moment  spectrum.  Cracks  typically  initiate  at  the  bore  of  a 
cold-worked  bolt  hole  joining  the  segments.  A  test  simulating  a  shear  web  in  an  F-16  FS325 
bulkhead  also  utilized  a  tension-dominated  spectrum.  In  this  case  cracks  develop  at  the 
systems  penetration  holes  and  the  test  was  terminated  when  the  crack  extended  completely 
from  hole  to  hole.  The  third  subcomponent  in  Figure  2  simulates  the  loading  in  the  F-16 
FS479  upper  bulkhead  segment  where  the  vertical  stabilizer  is  attached.  For  this  test,  a  fully 
reversed  spectrum  is  applied  with  periodic  tensile  loads  well  above  the  maximum  design  load. 


Fig.l  F-16  FS341  lower  bulkhead  test.  Fig.2  F-16  FS479  upper  bulkhead  test. 

The  subcomponent  tests  clearly  illustrated  the  benefit  of  2297  in  highly  loaded,  fatigue 
critical  applications.  Fatigue  cracks  initiated  from  intentional  preflaws  early  in  the  tests.  The 
slower  crack  growth  rates  in  2297  typically  resulted  in  a  five-fold  increase  in  life.  Fatigue 
crack  growth  in  the  2124  tests  led  to  critical  crack  lengths  and  catastrophic  failure  of  the 
FS341  and  FS479  subcomponents.  The  2297  tests  were  discontinued  after  2  or  4  simulated 
lifetimes  and  tested  for  residual  strength.  Cracks  had  generally  initiated  at  multiple  locations, 
in  addition  to  the  preflawed  location,  and  propagated  to  produce  cracks  several  inches  in 
length.  Nevertheless,  residual  strength  was  well  in  excess  of  design  limit  load. 


2.  PRODUCTION  APPLICATIONS 

The  initial  production  applications  for  alloy  2297-T87  were  for  military  aircraft 
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replacement  components  that  were  subject  to  fatigue  life  limitations  associated  with  a  severe 
spectrum  fatigue  environment.  Alloy  2297-T87  provided  a  “drop-in”  substitute  for  alloy 
2124-T851,  thus  minimizing  the  redesign/non-recurring  costs  as  well  as  providing  a  5-fold 
fatigue  life  enhancement  and  a  5%  weight  reduction.  Even  with  the  higher  raw  material  costs 
compared  to  conventional  A1  alloys,  the  alloy  substitution  demonstrated  life-cycle  cost 
savings  of  over  100  million  dollars  associated  with  the  reduced  inspection  and  replacement  of 
components  manufactured  with  2 1 24-T85 1 . 

Additional  fatigue  testing  and  component  testing  demonstrated  that  2297-T87  could  replace 
higher  strength  alloys  such  as  7050-T7451  in  parts  that  are  sized  primarily  by  durability  and 
damage  tolerance.  As  an  example,  recent  trade  studies  for  a  part  with  20%  load  transfer 
(5.1mm  flange  thickness,  6.35mm  hole  diameter)  showed  that  a  high  strength  alloy  like  7050- 
T7451  offered  a  163MPa  durability/damage  tolerance  allowable  stress  compared  to  200MPa 
for  a  similarly  sized  2297-T87  part.  The  higher  stress  allowable  in  concert  with  a  7%  density 
reduction  compared  to  7050  provides  for  weight  savings  potential  in  the  range  of  15-20% 
when  2297-T87  is  specified  in  a  new  design  for  durability/damage  tolerance  designed  parts. 

Applications  in  fighter  aircraft  require  good  corrosion  resistance.  The  corrosion  behavior 
of  2297  and  the  application  of  standard  corrosion  preventive  finish  systems  has  been 
extensively  studied.  In  both  accelerated  laboratory  testing  and  in  shipboard  exposure  testing, 
2297  has  demonstrated  equal  or  better  corrosion  resistance  than  alloys  currently  in  use.  Alloy 
2297-T87  has  completed  the  requirements  for  inclusion  in  Mil-Hdbk-5  and  has  an  industry 
AMS  specification  under  development  for  design  and  procurement.  The  following 
paragraphs  discuss  specific  applications  where  Al-Li  alloy  2297-T87  provided  a  cost-effective 
solution  for  design. 

2.1  Main  Landing  Gear  Bulkhead 

The  Main  Landing  Gear  bulkhead  (Figure  3)  is  an  example  application  where  alloy  2297- 
T87  provided  the  only  aluminum-based  solution  for  a  durability/fracture  critical  part.  The 
main  landing  gear  bulkhead  is  a  primary  wing-bending  load  path  that  has  numerous 
penetrations  for  electrical  and  hydraulic  systems.  Cold-working,  while  successful  in  delaying 
fatigue  crack  initiation,  was  unsuccessful  in  providing  for  significant  fatigue  life  enhancement, 
especially  in  areas  such  as  flange  radii.  While  it  is  always  a  consideration  to  add  to  the  part 
thickness  to  account  for  stress  reductions,  the  main  landing  gear  bulkhead  joint  configuration 
was  limited  by  geometry  constraints.  In  this  case,  to  meet  the  service  life  requirement,  the 
only  available  options  were  to  produce  the  part  with  2297-T87  or  convert  to  titanium.  A 
change  to  titanium  would  result  in  a  4-fold  increase  in  the  part  manufacturing  and  raw 
material  costs  compared  to  2297-T87  in  addition  to  the  non-recurring  costs  associated  with  a 
redesign. 

In  2124-T851,  component  testing  and  service  life  experience  indicated  that  under  a  severe 
spectrum  fatigue  loading  (100%  tension/30%compression),  the  part  would  not  meet  the  8,000 
hours  required  service  life.  Using  2297-T87,  component  testing  and  fatigue  life  analyses 
showed  that  the  material  provided  a  5-fold  life  improvement  using  the  most  severe  fatigue 
spectra  anticipated  (Figure  4)  [9]. 

While  2297-T87  showed  the  necessary  life  improvement,  other  manufacturing  and  design 
considerations  also  needed  to  be  addressed.  First,  the  effect  of  the  increased  stiffness  of  Al-Li 
alloys  on  the  overall  load-path  was  evaluated  using  a  static  aircraft  strain  survey  to  make  sure 
that  the  increase  in  material  stiffness  would  not  adversely  impact  the  stress  levels  in  the  part. 
Strain  survey  results  indicated  that  the  load  path  was  not  altered  more  than  5%  over  the 
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baseline  configuration  due  to  the  increased  material  stiffness  [9].  Also,  concerns  regarding 
cold-working  Al-Li  alloys  were  considered.  The  joint  configuration  requires  that  the  upper 
and  lower  bulkhead  be  cold-worked  during  assembly  with  the  fuel  shelf  Component  tests 
were  conducted  using  standard  production  tooling  that  indicated  that  the  5%  cold-work  during 
assembly  was  not  an  issue  with  Al-Li  alloys.  Other  concerns  that  were  addressed  included  the 
ability  to  utilize  standard  2124  machining  tooling  and  finishing  operations.  As  a  result  of 
these  evaluations  and  the  successful  component  testing,  alloy  2297-T87  was  selected  for 
production. 

Crack  Length,  mm 

12.81 - 1 - 1  I  I  I 


Fig.3  F- 1 6  FS341  Main  Landing  Gear  °  ®  o  5  10  15  20  25 


Bulkhead.  Flight  Hours  to  Failure,  Thousands 

Fig.4  Spectrum  Fatigue  Crack  Growth  Life. 


2.2  Vertical  Stabilizer  Attach  Bulkhead 

The  vertical  stabilizer  attachment  is  a  multiple  load  path  design,  however,  the  rudder  hinge 
moment  is  applied  primarily  to  the  aft-most  bulkhead.  The  high  rudder  loads  transferred 
through  to  the  buMead  produced  a  very  highly  loaded  joint.  The  flight  spectra  is  also 
completely  reversed  (100%  in  both  tension  and  compression),  minimizing  the  potential 
benefits  of  cold- work  through  shot-peening  processes.  As  with  the  main  landing  gear 
bulkhead,  geometry  limitations  precluded  flange  thickness  increases  as  an  option  for  redesign. 
In  this  case,  component  testing  comparing  2124-T851  and  2297-T87  again  showed  a  5X 
improvement  in  fatigue  life  for  2297-T87.  This  bulkhead  (Figure  5)  was  converted  to  2297- 
T87  in  1996  and  has  provided  a  significant  increase  in  life  compared  to  the  original  bulkhead. 


Fig.5  Alloy  2297  Production  parts  include  the  Upper  Longeron  at  top. 
Vertical  Tail  Attach  Bulkhead  at  center,  and  Engine  Access  Cover  Stiffener. 
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2.3  Engine  Access  Cover  Stiffener 

The  engine  access  cover  (Figure  5)  provides  for  load  transfer  from  the  fixed  ventral 
stabilizer  fin  into  the  aircraft.  Due  to  the  highly  dynamic  environment  associated  with  the 
ventral  fin,  the  engine  access  cover  stiffener  is  primarily  designed  by  high  cycle  fatigue. 
Through  the  use  of  analytical  modeling  tools  combined  with  service  experience,  the  crack 
growth  of  2124-T851  was  not  adequate  to  meet  the  service  life  requirements  of  the  part. 
Analytical  evaluation  of  2297-T87  provided  for  considerable  additional  margin  of  safety  for 
this  part  in  conjunction  with  redesign.  As  a  result,  2297-T87  was  selected  for  fbture 
production  and  spares  requirements. 

2.4  Lower  Frame 

The  F-16  FS446  Lower  Frame  has  highly  loaded  joints  with  mating  structure.  The  joint 
locations  are  subject  to  loads  induced  by  the  engine,  the  horizontal  stabilizer  and  the  vertical 
stabilizer.  The  joints  were  redesigned  for  future  production.  To  provide  sufficient  life  for 
aircraft  with  original  design,  replacement  parts  were  made  from  2297. 

2.5  Upper  Longeron 

This  is  a  highly  loaded  part  that  was  originally  fabricated  from  a  2024-T62  stretch-formed 
extrusion.  It  developed  fatigue  cracks  at  stress  concentrations  and  countersunk  fastener  holes. 
The  part  was  redesigned  to  increase  thickness  and  reduce  the  stress  concentrations.  However, 
cracks  initiated  at  the  fastener  holes  and  the  part  failed  from  very  short  critical  cracks.  Life 
was  further  improved  with  a  change  to  7475-T7351,  increasing  critical  crack  length.  Full 
service  life  was  only  attained  with  a  change  to  2297. 


3  NEW  APPLICATIONS 

Based  on  the  successful  experience  with  2297  to  date,  it  is  anticipated  that  applications  as 
replacements  in  aging  aircraft  and  as  candidates  for  new  design  will  continue  to  expand. 
Material  selection  is  usually  guided  by  a  trade  study.  These  generally  show  that  the  higher 
performance  but  higher  cost  nature  of  2297  compared  with  conventional  alloys  is  affordable 
when  durability  and  damage  tolerance  are  the  principal  design  drivers.  Affordability  from 
lower  cost  is  also  demonstrated  when  comparing  with  titanium  or  advanced  composites  for 
these  kinds  of  applications.  The  cost  of  structure  fabricated  from  aluminum  alloys  is  being 
dramatically  reduced  with  the  use  of  high  speed  machining,  again  providing  an  advantage 
over  titanium  alloy  structures.  And,  the  availability  of  2297  in  thick  plate  enables  the  use  of 
large,  unitized  structure  that  saves  both  weight  and  cost  by  eliminating  joints  and  assembly. 
Weight  savings  are  maximized  in  new  design  applications.  In  aging  aircraft,  the  cost 
avoidance  from  eliminating  redesign  and  eliminating  inspections  and  more  frequent  repairs 
have  favored  replacements  with  2297. 

Raw  material  cost  is  an  important  element  in  the  material  selection  trade  studies.  As 
illustrated  in  Figure  6,  cost  has  decreased  significantly  as  production  requirements  have 
increased.  Further  reduction  in  cost  is  anticipated. 
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Fig.6  Alloy  2297  Raw  Material  Production  and  Cost 


4.  CONCLUSIONS 

The  problems  of  brittle  fracture  behavior,  poor  thermal  stability,  anisotropy,  and  low  stress 
corrosion  resistance  that  were  found  in  the  early  AhLi  alloys  have  been  overcome  with  the 
development  of  2297-T87.  Alloy  2297  thick  plate  has  proven  an  excellent  choice  for 
replacing  fatigue  prone  parts  in  aging  aircraft.  It  can  be  used  effectively  where  other  kinds  of 
repair,  like  cold  working,  or  redesign  are  not  sufficient  or  may  not  be  practical.  The  higher 
strain  allowable  associated  with  the  higher  fatigue  strength  may  enable  alternate  load  paths, 
further  increasing  structural  life.  In  replacing  parts  with  2297  significant  cost  avoidance  has 
been  realized  by  eliminating  continued  periodic  inspections  and  more  frequent  repair  or 
replacement.  Fatigue  problems  can  be  resolved  with  minimal  nonrecurring  cost.  In  new 
applications,  alloy  2297  offers  affordable  weight  savings  compared  with  other  high  strength 
aluminum  alloys  and  large  cost  savings  compared  with  titanium  or  advanced  composites. 
Weight  savings  are  greatest  in  structure  sized  by  durability  and  damage  tolerance.  In  these 
cases,  weight  savings  of  15-20%  can  be  expected.  Large  quantities  of  plate  material  have 
been  produced,  accompanied  by  a  continuing  decrease  in  raw  material  cost. 
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ABSTRACT 

Recently  our  group  reported  the  development  of  extremely  high  strength  AlZnMgCu 
alloys  (Mesoalite),  which  contain  additional  Mn  and  Ag  elements.  The  major  mechanical 
property  of  Mesoalite  is  characterized  in  terms  of  precipitation  hardening,  where  fine  T’ 
metastable  precipitates  act  as  pinning  centers.  One  of  interaction  mechanisms  between 
precipitate  and  dislocation  is  described  by  the  cut- through  regime.  According  to  our  analysis, 
the  coherency  strain  model  contributes  for  the  hardening  due  to  T’  precipitates.  Another 
mechanism  is  the  so-called  Orowan  model.  The  Orowan  stress  decreases  with  increasing  the 
average  precipitate  radius,  while  the  yield  stress  due  to  the  coherency  strain  model  increases. 
The  maximum  yield  strength  is  expected  to  realize  at  the  cross-over  point  for  both 
mechanisms.  The  total  strength  to  the  present  Mesoalite  was  made  clear  to  be  given  by  the 
multiple  effect  due  to  optimal  precipitation  hardening  together  with  fiber  reinforcement  due  to 
Mn  intermetallic  compounds  as  well  as  fine  grain  strengthening.  The  highest  tensile  strength 
have  been  observed  as  910  MPa  by  the  tensile  test  and  1033  MPa  by  the  compression  test. 
The  superior  anti-SCC  and  environmental  characteristics  have  been  revealed. 


1.  INTRODUCTION 

The  relationship  between  the  specific  strength  and  the  tensile  strength  for  several  structure 
materials  is  shown  in  Fig.  1,  where  the  specific  strength  is  the  tensile  strength  divided  by  the 
specific  weight.  The  data  seem  to  be  divided  into  two  groups.  Ti  and  Fe  based  alloys  show 
the  high  specific  strength  and  heavy  specific  weight.  On  the  other  hand,  Mg  and  A1  alloys 
give  light  specific  weight,  but  their  specific  strength  tends  to  become  higher  for  the  same 
tensile  strength.  The  second  category  of  materials  is  greatly  interesting  for  the  transportation 
systems. 

While  the  industrial  high  strength  aluminum  alloys  are  well  known  as  2024  and  7075, 
many  efforts  have  been  continuously  paid  to  develop  higher  performance  alloys.  Recently 
some  high  strength  alloys  have  been  commercialized  as  their  trade  names,  GIGAS,  Weldalite 
and  Mesoalite  are  given  in  Fig.  1.  Our  group  developed  extremely  high  strength  AlZnMgCu 
alloys  (Mesoalite)  by  means  of  powder  metallurgy[l]. 
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d=\J  6=2,1  6=4  A 


Tensile  Strength  (MPa) 


Fig.  1  Specific  strength  vs  tensile  strength  for  several  structure  materials.  Here  d  is  the 
specific  weight  and  the  specific  weight  is  defined  as  the  tensile  strength  divided  by  d. 

The  present  study  has  been  focused  on  discussing  several  possible  strengthening 
mechanisms  and  clarifying  their  contribution  to  the  strength.  Also  the  environmental 
properties  important  to  the  application  have  been  investigated. 


2.  EXPERIMENTAL  PROCEDURE 

The  present  powder  was  manufactured  by  air  atomization  technique.  The  powder  used 
here  had  an  average  particle  diameter  of  40  pm.  The  cooling  rate  was  estimated  to  be  1 0^  to 
10^  K/s  from  the  dendrite  arm  spacing.  The  preparation  technique  is  shown  in  Fig.  2.  The 
powder  was  canned  into  the  aluminum  container  and  then  pressed  under  hydrostatic  pressure 
of  392  MPa.  After  degassing,  the  compact  piece  was  hot-extruded  at  773K.  The  extrusion 
ratio  was  selected  as  10  or  20. 


Table  1  Chemical  composition  of  the  samples  used  here 


Zn 

Mg 

Cu 

Mn 

Zr 

Ag 

Fe 

Si 

Al 

I/M 

7075 

5.  70 

2.  36 

1.5 

0.  03 

0.  18 

bal. 

P/M 

7075 

5.  58 

2.60 

1.6 

0.  01 

ba  1 . 

MesolO 

9.  64 

3.09 

1.64 

0.  048 

0.  02 

ba  1 . 

Meso20 

9.08 

2.90 

1.79 

3.  74 

0.  038 

0.  09 

0.  03 

bal. 

598 


In  the  present  study,  several  kinds  of  alloys  with  different  chemical  composition  were 
used  as  listed  in  Table  1,  where  the  commercial  I/M  7075  alloy  was  also  tested  as  a  reference 
material. 


Fig.  2  Experimental  procedure 

Depending  on  the  purpose,  the  round  bar  or  the  plate  was  prepared.  The  present  technique 
can  provide  a  large  scale  product,  for  instance,  the  rod  with  dimension  of  75  mm  dia  and  1200 
mm  length.  As  a  standard  procedure  of  heat  treatment,  the  solution  treatment  was  carried  out 
at  763  K  for  7.2ks  and  followed  by  water  quenching.  The  standard  condition  of  aging 
treatment  as  T6  was  393  K  and  86.4  ks. 

The  synchrotron  radiation  -small  angle  scattering  measurements  were  carried  out  at  BL15 
of  Photon  Factory  -  KEK.  Their  data  can  provide  the  structure  parameters  of  small  particles 
dispersed  in  the  matrix.  The  Guinier  radius  (Rg)  is  an  average  size  parameter.  The  interparticle 
distance  (Lp)  means  the  nearest  neighbor  distance  among  particles  distributed  in  the  matrix. 
The  volume  fraction  of  particles  per  unit  volume  (Ff)  is  assessed  using  both  size  parameters  of 
Rg  and  Zp.  Further  the  microstructure  characterization  was  carried  out  by  means  of  TEM  and 
SEM.  Tensile  test,  compression  test  and  hardness  measurements  were  performed.  The  SCC 
test  was  also  carried  out. 


3.  EXPERIMENTAL  RESULTS  AND  DISCUSSION 
3.1  Microstructure  Characterization 

According  to  TEM  observation,  the  microstructure  of  Meso20  after  T6  heat  treatment  was 
made  clear  as  follows.  The  average  grain  size  was  about  0.9  jum.  At  the  grain  boundaries, 
the  Mn  compounds  (Al2o(Cu,  Zn)2Mn3)  distribute,  which  formed  during  the  hot  extrusion.  In 
each  grain,  the  T’  metastable  precipitates  distribute  homogeneously[2,3].  In  MesolO 
without  Mn  addition,  the  fine  MgZn2  phase  precipitates  at  grain  boundaries  and  the  average 
grain  size  was  in  the  range  between  2  and  5  pm.  In  the  matrix,  the  T’  metastable  precipitates 
distribute  homogeneously.  In  7075  alloys,  the  fine  MgZn2  phase  precipitates  at  grain 
boundaries  and  the  r|  ’  metastable  precipitates  distribute  homogeneously. 

Table  2  shows  Guinier  radius  and  the  interparticle  distance  of  metastable  precipitates  in 
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the  matrix  for  three  alloys  after  T6  treatment.  It  was  found  that  the  radius  of  precipitates  is 
about  2  nm  and  the  nearest  neighbor  distance  is  between  8  and  12  nm.  The  nearest  neighbor 
distance  is  just  2^3  times  of  the  particle  diameter.  The  metastable  precipitates  distribute  so 
densely  in  the  matrix. 

Table  2  Microstructure  of  metastable  preciptates  after  T6  treatment. 


/?«  (nm) 

4  (nm) 

K  W) 

Meso20 

2.7 

8.0 

6.3 

MesolO 

2.4 

8.2 

4.4 

P/M7075 

2.  1 

11.8 

0.  92 

3.2  Mechanical  Properties 

Table  3  shows  the  mechanical  property  of  high  strength  aluminum  alloys.  Meso20  showed 
very  high  tensile  strength,  but  the  elongation  was  low  less  than  1%.  The  yield  strength  of 
MesolO  was  larger  by  50%  than  that  of  commercial  7075  alloy.  The  small  elongation  of 
Meso20  is  suggested  to  be  induced  by  the  fiber-like  Mn  compounds.  In  order  to  avoid  the 
local  stress  concentration  as  much  as  possible,  the  compression  test  was  carried  out.  Table  4 
indicates  the  mechanical  property  determined  from  the  compression  test.  Both  samples 
showed  enoughly  large  elongation.  The  tensile  strength  of  Meso20  exceeded  1000  MPa. 


Table  3  1 

"ensile  properties  after  T6  treatment 

YS 

UTS  Eiongat ionMicrovickers 

(MPa) 

(MPa) 

(%) 

Hardness 

Meso20 

900 

910 

0.7 

230 

MesolO 

780 

790 

9.5 

211 

I/M7075 

505 

573 

11.4 

178 

Various  types  of  strengthening  mechanism  contribute  to  the  yield  strength.  When  there  is 
no  fibre  reinfbrcening,  the  yield  strength  is  typically  given  by  three  following  terms; 

(7fjj  —  CTfjjp  +  ^ ppt  ^ HP '  ^  ^  ^ 

Here  Qmo  is  the  contribution  from  the  matrix  including  the  solute  atom  strengthening  and 
work-hardening.  This  contribution  is  not  high  for  the  samples  after  T6  treatment.  The  appt  is 
the  precipitation  hardening  obeying  the  coherency  strain  model[l]  as 

The  ohp  indicates  the  fine  grain  strengthening  and  is  expressed  by  the  Hall-Petch  type 
relation, 

a^P=kMld^'\  (3) 

where  M  is  Schmid  factor,  G  is  the  shear  modulus,  €  is  the  coherency  strain,  b  is  the  Burgers 
vector,  k  is  the  constant  and  d  is  the  grain  size.  By  fitting  Eq.  (1)  to  the  data  of  Table  2,  the 
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observed  yield  strength  of  MesolO  (780  MPa)  was  divided  in  three  contributions  of  amo=48 
MPa,  appt=630MPa  and  aHp=102MPa. 

In  the  case  of  Meso20,  an  additional  fiber  reinforcening  contributes  to  the  yield  strength 
according  to  the  rule  of  mixture, 

o-c=(1-/K+/<7/.  (4) 

where  /  and  Of  are  the  volume  fraction  and  strength  of  Mn  intermetallics,  respectively.  The 
yield  strength  jumps  from  780  to  900  MPa  when  comparing  two  samples  of  MesolO  and 
Meso20.  This  increment  is  attributed  to  the  fiber  reinforcement.  When  the  total  strength 
obeys  the  rule  of  mixture,  each  contribution  has  been  estimated  as  follows;  amo=50  MPa, 
c>ppt=639MPa,  aHP=178MPa  and /crf=120MPa. 

Table  4  Mechanical  property  determined  from  the  compression  test. 


YS 

UTS 

E 1 ongat i on 

(MPa) 

(MPa) 

(%) 

Meso20 

698 

1033 

31 

MesolO 

598 

907 

35 

Figure  3  shows  the  temperature  dependence  of  tensile  strength  and  elongation  for  three 
high  strength  aluminum  alloys.  At  423  K,  both  MesolO  and  Meso20  showed  superior 
mechanical  property,  that  is,  tensile  strength  higher  than  440  MPa  and  elongation  larger  than 
9%. 


Fig.  3  Temperature  dependence  of  tensile  strength  and  elongation. 

3.3  Characteristics  for  Environments 

The  see  test  was  carried  out  for  the  T6  treated  samples  by  being  immersed  in  3.5%Naei 
aqueous  solution.  During  test,  the  tensile  load  corresponding  to  70%  of  the  tensile  strength 
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was  applied  to  the  sample,  of  which  value  is  listed  in  Table  5.  The  test  was  continued  up  to 
720  hours  at  room  temperature. 

MesolO  comprises  the  fine  grains  less  than  a  few  pm  that  contains  rich  solutes  in  excess 
of  the  equilibrium,  while  the  present  Mesoalites  have  GB  segregation-free  and  PFZ-free 
microstructure  after  T6  treatment.  This  characteristic  microstructure  can  avoid  local  stress 
concentration  and  GB  solute  segregation.  As  a  result,  the  long  life  time  for  SCC  attack 
should  be  realized  for  MesolO.  Meso20  has  still  good  anti-SCC  property,  because  the  life  time 
exceeded  400  hrs  even  though  so  high  applied  load  of  637  MPa.  As  shown  in  Table  2,  the 
small  elongation  to  fracture  suggests  an  inhomogeneous  local  stress  concentration  around  the 
Mn  intermetallics  and  accordingly  SCC  might  be  accerelated. 

Also  the  environmental  test  (JIS  H0521)  in  atmosphere  near  seashore  was  carried  out  for 
one  year[4].  The  corrosion  rate  for  both  MesolO  and  Meso20  was  0.30  and  0.36  pg/m^sec, 
respecitvely,  which  was  faster  than  0.087  pg/m^sec  of  I/M7075.  The  degree  of  corrosion  pits 
was  observed  to  be  the  same  for  Meso20,  MesolO  and  I/M7075.  The  anodic  oxidation  film  on 
Meso20  and  MesolO  was  confirmed  to  be  very  tight. 


Ta 

ble  5  Result  of  SCC  test. 

Amount  of  Zn  + 

AppI ied 

Time  to 

Mg  (w%) 

Load  (MPa)  Failure  (h) 

Meso20 

12.0 

637 

447 

MesolO 

12.  7 

524 

>720 

I/M7075 

8.  1 

462 

>720 

4.  CONCLUSION 

The  powder  metallurgy  (P/M)  allows  a  product  of  rapidly  solidified  powder  that  contains 
rich  solutes  in  excess  of  the  equilibrium,  and  also  has  segregation-free  microstructure  even  in 
a  very  high  solute  alloy.  Till  now,  several  attempts  have  been  carried  out  in  order  to  improve 
the  mechanical  properties  of  AlZnMgCu  P/M  processed  alloys.  The  strength  was  suggested  to 
be  related  to  the  multiple  effect  due  to  precipitation  hardening  and  fiber  reinforcening  as  well 
as  fine  grain  strengthening.  The  remarkable  strengthening  has  been  mainly  attributed  to  the 
precipitation  hardening. 

The  total  strength  was  suggested  to  be  given  by  the  multiple  effect  due  to  optimal 
precipitation  hardening  together  with  fibre  reinforcement  due  to  Mn  intermetallic  compounds 
as  well  as  fine  grain  strengthening.  The  highest  tensile  strength  have  been  realized  as  910 
MPa  by  the  tensile  test  and  1033  MPa  by  the  compression  test. 

Mesoalite  possesses  also  superior  environmental  characteristics  against  SCC,  corrosion 
pits  and  so  on. 
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THE  EFFECTS  OF  CHEMICAL  AND  MICROSTRUCTURE 
ON  AXIAL  COMPRESSING  PROPERTY 
OF  EXTRUDED  Al-Mg-Si  ALLOYS 


Hitoshi  KAWAI  and  Masakazu  HIRANO 

Aluminum  Extrusion  Research  Section,  KOBE  STEEL,  LTD. 
Shimonoseki-City,  Yamaguchi,  752-0953,  Japan 


ABSTRUCT 

The  vehicle  performance  to  ensure  the  safety  against  a  collision  becomes  one  of  the  major 
factors,  both  the  weight  reduction  and  the  anti-collision  safety  are  required  in  the  current 
automobile  industries. 

In  the  case  of  the  vehicle  collision,  energy  absorption  members,  such  as  a  side  member,  are 
to  deform  as  bellows  in  the  axial  direction,  and  absorb  the  collision  energy  efficiently. 

The  aluminum  alloy  is  an  appropriate  material  to  reduce  the  weight,  presenting  a  small 
specific  gravity  about  1/3  of  the  steel.  Especially,  the  Al-Mg-Si  alloys  feature  in  its 
well-balanced  properties  as  well  as  its  high  workability  to  extrude  into  relatively  a 
complicated  section  and  enable  the  structure  to  sustain  a  high  efficiency  of  energy  absorption. 
The  conventional  extruded  Al-Mg-Si  alloys,  however,  tend  to  decrease  the  energy  absorption, 
caused  by  a  crack  occurred  under  an  axial  compression  if  the  yield  stress  increases. 

In  this  research,  the  influence  of  a  microstructure  on  the  axial  compressing  property  was 
studied  for  the  extruded  high-strength  Al-Mg-Si  alloys.  As  a  result,  we  found  a  new  measure 
to  prevent  the  crack  under  the  axial  compression  even  the  case  of  high-strength  alloys,  by 
controlling  the  grain  to  a  fiber  structure. 


1.  INTRODUCTION 

Many  studies  have  indicated  the  importance  to  reduce  the  weight  of  an  automobile  body, 
from  the  viewpoint  of  environmental  protection.  In  recent  years,  to  secure  the  safety  against 
the  automobile  collision  has  become  more  important  factor.  The  current  vehicle  absorbs  the 
collision  energy,  by  deforming  the  crushable  zone  such  as  an  engine  room  and  a  luggage 
space.  On  the  other  hand,  the  main  vehicle  body  is  not  deformed,  securing  the  passenger’s 
survival  space. 

The  aluminum  alloy  is  an  effective  candidate  to  reduce  the  vehicle  weight,  with  a  small 
specific  gravity  about  1/3  of  the  steel.  Especially,  the  Al-Mg-Si  alloys  are  favorable  in  its 
well-balanced  properties.  The  energy  absorption  members,  such  as  a  side  member  allocated  to 
the  crushable  zone,  are  required  to  absorb  the  collision  energy  efficiently  by  deforming  itself 
as  bellows  in  the  axial  direction.  Here,  the  extruded  Al-Mg-Si  alloys  are  capable  to  extrude 
into  relatively  a  complicated  section  and  suitable  as  the  structural  members  with  a  sufficient 
efficiency  of  the  energy  absorption.  However,  the  conventional  extruded  Al-Mg-Si  alloys  tend 
to  generate  a  crack  under  the  axial  compression  when  the  yield  stress  increases,  and  decrease 
the  energy  absorption  capacity. 
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In  this  study,  the  influence  of  a  microstructure  on  the  axial  compressing  property  was 
investigated  for  the  extruded  high-strength  Al-Mg-Si  alloys. 


2.  SAMPLES 

High-strength  Al-Mg-Si  alloys  were  prepared  for  the  samples.  Table  1  shows  the  chemical 
composition  of  the  samples.  A  0  155mm  billet  was  produced  by  DC  casting,  and  the  billet 
was  homogenized  at  540^C  for  4h.  Then  it  was  extruded  into  a  square  box  shape  of 
40mmX40mmX2mm(thickness)  using  a  9.8kN  extrusion  press.  Fig.  1  shows  the  cross-section. 
Here,  the  extrusion  temperature  was  set  at  500°C  and  the  extrusion  speed  was  5m/min.  The 
samples  were  finally  prepared  after  the  heat  treatment  as  shown  in  Table  2. 


Table  1  Chemical  composition _ (mass%) 


Symbol 

Si 

Fe 

Cu 

Mn 

Mg 

Ti 

Zr 

A 

0.90 

0.23 

tr. 

tr. 

0.57 

0.02 

tr. 

B 

0.88 

0.28 

tr. 

0.36 

0.61 

_ 

0.02 

0.14 

Table  2  Heat  treatment  conditions 


Solution  Treatment 

Quenching 

Aging 

Temperature 

Time 

540°CX20min 

Water  Quench 

180°C 

9h 

40 


CN 

2 

o 

Fig.  1  Cross-section 

(mm) 


604 


3.  TEST  RESULTS 


3.1  Results  of  Tensile  Test  and  Microstructure  Analysis 

Table  3  shows  the  measured  tensile  properties,  and  the  results  of  the  microstructure  analysis 
are  shown  in  Fig.  2. 

The  sample  A,  which  does  not  contain  a  transition  metal,  has  an  equiaxial  grain  of  about  70 
jj.  m.  On  the  other  hand,  the  sample  B,  which  contains  the  transition  metal,  has  a  fiber 
structure.  The  sample  B  presents  a  slightly  higher  property  than  the  sample  A  in  a  tensile 
strength,  yield  stress  and  an  elongation. 


Table  3  Tensile  property 


Sample 

TS 

(N/mm^) 

YS 

(N/mm^) 

El 

(%) 

A 

323 

307 

11.2 

B 

335 

311 

12.6 

Fig.  2  Results  of  the  microstructure  analysis 


3.2  Results  of  Axial  Compression  Test 

Table  4  shows  the  results  of  the  axial  compression  test.  The  load-displacement  curve 
derived  form  the  axial  compression  test  is  shown  in  Fig.  4  with  photographs  of  the  sample 
deformed  during  the  test.  The  axial  compression  test  was  carried  out  using  the  300kN 
universal  testing  machine  according  to  the  method  shown  in  Fig.  3.  Here,  the  average 
compression  speed  was  70mm/min. 

There  was  no  significant  difference  in  the  maximum  load  between  each  type  of  the  sample. 
While  the  sample  B  deformed  regularly  as  bellows,  the  sample  A  generated  a  crack  without  a 
bellows-deformation.  Compared  with  the  sample  B,  both  the  applied  mean  load  and  the 
absorbed  energy  ware  smaller  for  the  sample  A. 
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Fig,  3  Method  of  the  axial  compression  test 


Table  4  Results  of  the  axial  compression  test 


Sample 

Maximum  Load 
(kN) 

Mean  Load 
(kN) 

Absorbed  Energy* 

(j) 

Deformation 

A 

93 

20 

1770 

Poor 

B 

91 

40 

3040 

Excellent 

*  Compression  displacement :  0mm~75mm 


Fig.  4  Load-displacement  curve  and  external  view  of  the  deformed  sample 
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3.3  Results  of  Cross-sectional  Microstructure  Analysis 

Fig.  5  shows  the  results  of  the  cross-sectional  microstructure  analysis  of  the  sample  A  on 
the  fracture  section  of  the  axial  compression  test. 

The  crack  propagated  mainly  along  the  grain  boundary  in  the  bellows-deformation  section. 
Some  cracks  occurred  along  the  grain  boundary  in  depth,  which  did  not  appear  on  the  surface. 

Fig.  6  shows  the  results  of  the  cross-sectional  microstructure  analysis  of  the  sample  B  on 
the  fracture  section  of  the  axial  compression  test. 

Cracks,  which  were  observed  on  a  surface  of  the  bellows-deformation,  occurred  within  the 
grain  and  terminated  before  propagating  into  the  depth. 


Fig.  5  Results  of  the  cross-sectional  microstructure  analysis  of  the  sample  A  on  the  fracture 


section  of  the  axial  compression  test 


Fig.  6  Results  of  the  cross-sectional  microstructure  analysis  of  the  sample  B  on  the  fracture 


section  of  the  axial  compression  test 
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4.  DISCUSSION 


The  surface  of  the  bellows-deformation,  where  the  cracks  initiated  in  the  axial  compression 
test,  is  of  a  tensile  deformation.  The  SEM  fractography  on  the  fracture  surface  of  the  tensile 
test  pieces,  shown  in  Fig.  7,  is  to  compare  the  fracture  mechanics  of  each  type  of  the  tensile 
deformation. 

As  for  the  sample  A,  the  intergranular  fracture  is  dominant  because  the  intergranular 
fractured  surface  occupies  a  major  fraction  where  the  grain  boundary  and  dimples  were 
intermingled.  As  for  the  sample  B  on  the  other  hand,  the  transgranular  fracture  is  dominant 
because  of  the  dimple  fractures  over  the  whole  surface. 

From  the  above,  controlling  the  grain  to  a  fiber  structure  is  judged  to  be  effective  to  prevent 
the  crack  initiation  under  the  axial  compression  deformation,  by  restraining  the  intergranular 
fracture. 


Fig.  7  SEM  fractography  on  the  fracture  surface  of  the  tensile  test  pieces 


5.  CONCLUSION 

The  influence  of  the  microstructure  on  the  axial  compressing  property  was  investigated  for 
the  extruded  high-strength  Al-Mg-Si  alloys.  Controlling  the  grain  to  a  fiber  structure  is 
effective  to  prevent  the  crack  under  the  axial  compression  deformation  even  in  the  case  of  the 
high-strength  alloys.  We  judge  that  the  fiber  structure,  controlled  from  the  grain,  contributes 
to  restrain  the  intergranular  fracture. 
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MICROSTRUCTURE  AND  ELEVATED-TEMPERATURE 
STRENGTH  OF  P/M  Al96.xFexCr2Ti2  (x=3, 4,  5)  ALLOYS 


Hisamichi  M.  Kimura,  Akihisa  Inoue  and  Kenichiro  Sasamori 
Institute  for  Materials  Research,  Tohoku  University,  Sendai  980-8577,  Japan 


ABSTRACT 

Microstructure,  mechanical  properties  and  wear  resistance  were  examined  for  powder 
metallurgy  (P/M)  Al96-xFexCr2Ti2  (x=3,  4,  5)  alloys  prepared  by  extruding  argon  gas 
atomized  powders  at  673  K.  Microstructure  of  the  P/M  Al96.xFexCr2Ti2  (x=3,  4,  5)  alloys 
consists  of  dispersed  quasicrystalline  (Q.C.)  particles.  The  P/M  alloys  have  ultimate  tensile 
strength  (outs)  from  540  to  670  MPa,  0.2%  proof  strength  (ao.2)  from  450  to  580  MPa, 
plastic  elongation  (e?)  from  1.1  to  7.3  %,  Young’s  modulus  (E)  from  85  to  92  GPa  and  Hv 
from  165  to  200  at  room  temperature.  The  P/M  alloys  sustained  high  Cuts  exceeding  300 
MPa  even  after  keeping  for  100  hours  at  573  K,  The  specific  wear  rate  of  the  P/M 
Al93Fe3Cr2Ti2  alloy  is  as  low  as  2.7  X  10‘^  mm^kg  at  the  sliding  velocity  of  2  m/s. 


1.  INTRODUCTION 

It  is  known  that  Q.C.  alloys  have  high  Vickers  hardness  (Hv)  and  extremely  brittle  nature. 
For  example,  Hv  is  1010  for  the  Al77.5Mn22.5  alloy[l],  710  for  the  Al85.6Cri5.4  alloy[l]  and 
735  for  the  AI86V14  alloy[2]  with  a  mostly  single  Q.C..  These  alloys  also  have  high  thermal 
stability [1,3].  There  is  a  possibility  of  synthesizing  a  new  material  with  high  specific 
strength,  high  elevated-temperature  strength  and  high  wear  resistance  by  dispersing  Q.C. 
particles  into  fcc-Al  phase.  Inoue  et  al.  have  found  that  a  mixed  microstructure  consisting 
of  Q.C.  and  fcc-Al  phases  is  formed  in  the  P/M  Al94V4Fe2[4]  and  Al93Fe3Cr2Ti2[5]  alloys 
and  their  mixed  phase  alloys  exhibit  high  elevated-temperature  strength  exceeding  300 
MPa.  This  paper  presents  the  microstructure,  strength  and  wear  resistance  at  room  and 
elevated-temperatures  for  the  P/M  Al96.xFexCr2Ti2  (x=3,  4,  5)  alloys  produced  by  P/M. 


2.  EXPERIMENTAL 

The  ingots  of  Al96-xFexCr2Ti2  (x=3,  4,  5)  alloys  were  prepared  by  induction  melting  of 
Al-4.82  mass%Ti,  Al-4.89  mass%Cr  and  Ai-51.09  mass%Fe  and  Al  and  Cr  metals  in  an 
argon  gas  atmosphere.  P/M  Al96-xFexCr2Ti2  (x=3,  4,  5)  alloys  with  a  diameter  of  8  mm  and 
a  length  of  300  mm  were  prepared  by  extruding  argon  gas  atomized  powders  at  673  K  and 
an  extrusion  ratio  of  10.  The  atomized  powders  used  for  extrusion  were  sieved  into  the 
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sizes  smaller  than  26  [xm,  75  \im  and  125  ^m,  respectively.  The  structures  of  extruded 
alloys  were  examined  by  X-ray  diffraction  (XRD)  and  transmission  electron  microscopy 
(TEM).  Tensile  strength  was  measured  at  a  strain  rate  of  4.0  X  lO’"*  s'^  in  the  temperature 
range  from  room  temperature  to  673  K  with  an  Instron  testing  machine.  Hardness  was 
measured  with  a  Vickers  microhardness  tester  under  a  load  of  9.8  N.  Wear  rate  against 
hardened  steel  S50C  (Hv=680)  was  measured  in  the  sliding  velocity  range  from  0.5  to  2 
m/s  with  a  wear  testing  machine.  Specific  wear  rate  (c)  can  be  calculated  using  c=w/Lx, 
where  w  (mm^),  L  (kg)  and  x  (mm)  are  volume  of  wear,  load  and  distance  of  wear, 
respectively. 


3.  RESULTS  AND  DISCUSSION 
3.1  Microstructure 


Fig.  1  XRD  patterns  of  P/M  Al9rvxFexCr2Ti2  (x=:3,  4,  5)  alloys  produced  by  extrusion  of 
atomized  powders  with  sizes  of  ^26,  ^75  and  ^125  [xm,  respectively. 
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Figure  1  shows  the  XRD  patterns  of  the  P/M  Al96-xFexCr2Ti2  (x=3,  4,  5)  alloys  produced  by 
extruding  atomized  powders  with  the  size  smaller  than  26,  75  and  125  fim  at  an  extrusion 
temperatures  (Te)  of  673  K  and  an  extrusion  ratio  of  10.  The  structure  of  the  alloy  with  x=3 
consists  of  A1  +  Q.C.  for  the  powder  smaller  than  26  fxm  (^26  p,m)  and  Al+Q.C.+Al23Ti9 
for  the  powder  smaller  than  125  \im  (^125  p,m).  The  structure  for  the  x=4  and  5  alloys 
consists  of  Al+Q.C+Ali3Fe4+Ali3Cr2for  the  powder  smaller  than  75  fxm  (^75  p.m).  Figure 
2  shows  bright-field  TEM  images  (a,  b,  c)  and  selected-area  electron  diffraction  patterns  (d, 
e,  f)  of  the  P/M  Al9iFe5Cr2Ti2  alloy  produced  by  extrusion  of  atomized  powder  with  the 
powder  size  ^75  jxm.  The  diffraction  patterns  of  the  precipitated  particles  have  the  five-, 
three-  and  two-fold  symmetries  of  the  Q.C.  phase.  An  average  size  of  the  particle  is 
estimated  to  be  about  400  nm  from  TEM  images. 

All  the  prepared  P/M  Al96.xFexCr2Ti2  (x=3,  4,  5)  alloys  had  a  mixed  structure  consisting 
of  Q.C.  dispersed  particles  in  fcc-Al  matrix  and  the  size  of  dispersed  particle  ranges  from 
200  to  900  nm. 


Fig.  2  TEM  images  and  selected-area  electron  diffraction  patterns  of  the  P/M 
Al9iFe5Cr2Ti2  alloy  produced  by  extrusion  of  atomized  powder  with  a  size  ^75  [im. 

3.2  Mechanical  properties 

Table  1  summarizes  the  ultimate  tensile  strength  (cuts),  0.2  %  proof  stress  (00.2)  and 
plastic  elongation  (cp),  Young’s  moduli  (E)  and  Vickers  hardness  (Hv)  at  room  temperature 
of  the  P/M  Al96-xFexCr2Ti2  (x=3,  4,  5)  alloys,  together  with  the  data  of  the  conventional 
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7075-T6  aluminum  alloy*  The  Cuts,  cro.2,  E  and  Hv  of  the  P/M  Al9iFe5Cr2Ti2  alloy  are 
higher  than  those  for  the  conventional  7075-T6  aluminum  alloy,  while  its  ep  is  lower.  For 
the  P/M  Al96-xFexCr2Ti2  (x=3,  4,  5)  alloys,  the  Outs,  ao.2,  E  and  Hv  for 

Table  1  Mechanical  properties  of  the  P/M  alloys  tested  at  room  temperature.  The  data  of 
the  conventional  7075-T6  aluminum  alloy  also  are  shown  for  comparison. 


P/M  Alloy 

Powder 

Outs 

OO.2 

ep 

E 

Hv 

(at%) 

size  (\xm) 

(MPa) 

(MPa) 

(%) 

(GPa) 

Al93Fe3Cr2Ti2 

^26 

658  +  9 

545  ±14 

4.4  ±0.5 

85±2 

192  ±3 

Al93Fe3Cr2Ti2 

^125 

537  +  4 

464  ±5 

5.4±1.4 

90±1 

165  ±2 

Al92Fe4Cr2Ti2 

<15 

602  +  2 

521  ±4 

3.3  ±0.4 

88±2 

186±3 

Al9iFe5Cr2Ti2 

<15 

664  ±11 

580  ±11 

1.1  ±0.2 

91±1 

199  ±6 

7075-T6 

— 

600 

550 

10.7 

70 

190  ±3 

800 


600 


400 


200 


0 


300  400  500  600  700 


Testing  temperature.  T/K 

Fig.  3  0.2%  proof  strength  (00.2)  of  P/M  Al96-xFexCr2Ti2  (x=3,  4,  5)  alloys  after 

keeping  for  100  hours  at  various  testing  temperature.  The  data  of  the  conventional 
aluminum  alloy  are  also  shown  for  comparison. 
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the  powder  with  a  size  ^26  [am  are  higher  those  for  the  powder  with  a  size  ^125  [xm  and 
increase  with  an  increase  of  x.  On  the  other  hand,  the  Bp  shows  an  opposite  x  dependence  to 
that  for  Outsj  cro.2j  E  and  Hv.  The  P/M  alloys,  exhibit  Quts  in  the  range  from  540  to  670 
MPa,  ao.2  from  450  to  580  MPa,  Ep  from  1.1  to  7.3  %,  E  from  85  to  92  GPa  and  Hv  from 
165  to  200  at  room  temperature. 

We  examined  the  Cuts,  00.2  and  Ep  after  keeping  for  100  hours  at  573  K  for  the  P/M 
Al96-xFexCr2Ti2  (x=3,  4  and  5)  alloys.  The  Quts,  O0.2  and  Ep  of  the  P/M  Al96.xFexCr2Ti2  (x=:3, 
4,  5)  alloys  are  in  the  range  from  280  to  350  MPa,  260  to  320  MPa  and  2.5  to  7.5  %, 
respectively.  Figure  3  shows  the  ao.2  after  keeping  of  100  hours  at  various  testing 
temperatures  of  the  P/M  Al93Fe3Cr2Ti2  (Al93Fe3Cr2Ti2-26P/M)  alloy  produced  by  extrusion 
of  atomized  powder  with  the  size  ^  26  fxm  and  the  P/M  Al92Fe4Cr2Ti2 
(Al92Fe4Cr2Ti2-75P/M)  and  Al9iFe5Cr2Ti2  (Al9iFe5Cr2Ti2’75P/M)  alloys  produced  by 
extrusion  of  atomized  powders  with  the  size  ^75  \im.  It  is  noticed  that  the  present  P/M 
alloys  have  high  elevated-temperature  strength  with  Quts  and  ao.2  exceeding  those  of 
conventional  P/M  Al95Fe4.2Ceo.8  alloy [6]  and  2000  system  aluminum  alloys  produced  by 
ingot  metallurgy [6].  In  addition,  these  Al-based  alloys  do  not  include  any  expensive 
elements.  Owing  to  these  advantage  points,  the  Al-Fe-Cr-Ti  alloys  with  dispersed  Q.C. 
particles  are  expected  to  be  used  as  a  new  high  elevated-temperature  strength  material. 

3.3  Wear  resistance 


Fig,  4  The  specific  wear  rate  (c)  against  sliding  velocity  (V5)  for  P/M  Ai93Fe3Cr2Ti2  alloy. 
The  data  of  the  conventional  A390-T6  aluminum  alloy  are  also  shown  for  comparison. 
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Figure  4  shows  the  specific  wear  rate  (c)  of  P/M  Al93Fe3Cr2Ti2  alloy  with  dispersed 
quasicrystal  particles  produced  by  the  powder  with  a  particle  size  ^26  pm  against  sliding 
velocity  (Vs),  together  with  the  data  of  the  conventional  A-390  aluminum  alloy.  Although 
the  specific  wear  rate  of  the  conventional  A-390  aluminum  alloy  increases  rapidly  at  a 
sliding  velocity  of  1.5  m/s,  the  P/M  Al93Fe3Cr2Ti2  alloy  keeps  the  specific  wear  rate  smaller 
than  3.0X  10‘^  mm^/kg  even  at  a  velocity  of  2  m/s.  The  good  wear  resistance  of  the  P/M 
Alg3Fe3Cr2Ti2  alloy  is  considered  due  to  the  dispersion  of  Q.C.  particles  with  high  hardness 
and  high  stability  into  the  A1  matrix. 


4.  CONCLUSIONS 

The  microstructure  and  mechanical  properties  of  the  P/M  Al96.xFexCr2Ti2  (x=3,  4,  5) 

alloys  were  examined.  The  results  obtained  are  summarized  as  follows: 

1)  The  P/M  Al96-xFexCr2Ti2  (x=3,  4,  5)  alloys  have  a  mixed  structure  consisting  of 
dispersed  Q.C.  particles  in  fcc-Al  matrix  and  size  of  the  dispersed  particle  ranges  from 
200  to  900  nm. 

2)  The  mixed  phase  alloys  exhibit  the  ultimate  tensile  strength  (outs)  of  540  to  670  MPa, 
0.2%  proof  strength  (ao.2)  of  450  to  580  MPa,  plastic  elongation  (ep)  of  1.1  to  7.3  %, 
Young’s  modulus  (E)  of  85  to  92  GPa  and  Hv  of  165  to  200  at  room  temperature. 

3)  The  P/M  alloys  sustained  the  high  guts  exceeding  300  MPa  even  after  keeping  for  100 
hours  at  573  K. 

4)  The  specific  wear  rate  of  the  P/M  Al93Fe3Cr2Ti2  alloy  is  as  low  as  2.8  X  lO'*^  mm^kg  at 
the  sliding  velocity  of  0.5  m/s  and  2.7  X  lO'”^  mm^/kg  at  2.0  m/s,  being  almost 
independent  of  sliding  velocity. 
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ABSTRACT 

The  microstructural  evolution  and  creep  properties  were  investigated  in  the  mechanically 
alloyed  Al-lOTi-xSi  (x=0,  2,  4)  alloy.  In  mechanically  alloyed  powders,  Ti  was  dissolved,  but 
Si  was  only  crushed  and  embedded  in  A1  matrix.  After  hot  extrusion,  the  dissolved  Ti  reacted 
with  A1  to  form  the  A^Ti  particles,  and  Si  was  incorporated  in  them.  Two  distinctive  creep 
mechanism  have  been  observed  depending  on  the  test  stress  and  temperature,  i.e.  Coble  creep 
at  low  stresses  and  temperatures  and  dislocation  creep  at  high  stresses  and  temperatures.  The 
transition  stress  from  diffusion  to  dislocation  creep  has  a  tendency  to  shift  to  higher  with 
increasing  of  Si  content.  This  is  due  to  the  strengthening  of  AETi  particles  originated  from  Si 
incorporation  into  them.  The  creep  properties  of  the  mechanically  alloyed  Al-lOTi  alloy  were 
enhanced  with  an  addition  of  Si. 


1.  INTRODUCTION 

Mechanical  Alloying  (MA)  offers  the  attractive  advantages  in  the  development  of 
dispersion  strengthened  high  temperature  aluminum  alloys  because  of  its  capability  to  largely 
extend  the  solid  solubility  of  transition  metal  elements  and  uniformly  disperse  ultrafme 
dispersoids  [1]. 

MA  Al-Ti  based  alloy  has  drawn  much  attention  as  a  promising  candidate  for  high 
temperature  structural  components  because  of  highly  stable  A^Ti  phase  and  very  low 
equilibrium  solubility  and  diffusivity  of  Ti  in  A1  [2].  Recently  the  addition  of  Si  to  MA  Al-Ti 
has  been  reported  to  provide  the  improved  strength  at  both  ambient  and  elevated  temperatures 
[3]. 

The  objective  of  this  study  was  to  investigate  the  effect  of  Si  addition  on  the  microstructural 
evolution  and  creep  properties  of  MA  Al-l  OTi  alloy. 


2.  EXPERIMENTAL  PROCEDURES 

Elemental  powders  of  Al,  Ti  and  Si  with  1  wt%  stearic  acid  were  mechanically  alloyed 
using  an  attritor  with  Ar  atmosphere,  to  obtain  Al-10wt%Ti-xwt%Si  (x=0,  2,  4)  compositions. 
Table  1  shows  the  chemical  composition  of  the  MA  powders.  To  consolidate  them,  aluminum 
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cans  were  filled  with  the  MA  powders  and  sealed.  They  were  degassed  and  hot  pressed  at 
450‘’C  under  200  MPa.  Decanned  compacts  were  finally  hot  extruded  to  full  density  at  450"C 
with  the  extrusion  ratio  of  12  :  1.  The  specimens  (8mm  in  diameter  and  12  mm  in  height)  for 
compression  creep  test  were  machined  from  the  extruded  rods.  Creep  tests  were  carried  out  in 
compression,  using  a  linear  variable  differential  transformer  (LVDT)  which  was  monitored  in 
a  strip  charter  recorder.  The  phases  of  MA  powders  and  extruded  compacts  were  analyzed  by 
X-ray  diffraction. 


Table  1.  Chemical  composition  of  the  MA  Al-lOTi-xSi  alloy  powders 


Alloy^ — 

A1 

Ti 

Si 

C 

0 

Al-lOTi 

Bal 

9.52 

- 

0.61 

1.81 

Al-10Ti-2Si 

Bal 

9.53 

1.56 

0.61 

1.04 

Al-10Ti-4Si 

Bal 

9.47 

3.79 

0.71 

1.21 

3.  RESULTS  AND  DISCUSSION 

Fig  1 .  shows  X-ray  diffraction  profiles  of  MA  powders  and  hot  extruded  compacts  of  Al- 
lOTi-xSi  alloy.  The  diffraction  peaks  of  Ti  are  nearly  invisible  in  all  cases  of  MA  powders 
(Fig  1(a)).  This  means  that  Ti  is  dissolved  in  the  A1  matrix  by  MA  processing.  On  the  contrary, 
Si  peaks  still  remained  for  the  MA  Al-Ti-Si  ternary  powders.  In  the  Al-Ti-Si  ternary  alloys,  it 
is  obvious  that  Si  particles  are  not  dissolved  but  dispersed  uniformly  in  the  A1  matrix  in  a 
crushed  state.  After  hot  extrusion,  new  A^Ti  phase  can  be  observed.  This  indicates  that  the 
dissolved  Ti  react  with  A1  to  form  the  ALTi  phase.  The  Si  peaks  present  in  the  X-ray  patterns 
from  the  MA  powders  disappeared  in  the  case  of  the  Al-Ti-Si  ternary  alloys.  It  is  noticeable 
that  the  diffraction  angle  of  Al3Ti  phase  shift  to  right  with  an  increase  of  Si  content  in  all 
alloys.  This  implies  that  Si  is  dissolved  in  AbTi  phase  and  changes  its  lattice  parameter. 

Table  2  shows  a  summary  of  the  steady  state  creep  rates  for  the  extruded  Al-lOTi-xSi  alloys. 
Comparison  of  the  steady  state  creep  rates  indicates  that  the  creep  rate  becomes  generally 
lower  with  increasing  Si  content  at  the  same  test  temperature  and  stress. 

Table  2  shows  a  summary  of  the  steady  state  creep  rates  for  the  extruded  Al-lOTi-xSi  alloys. 
Comparison  of  the  steady  state  creep  rates  indicates  that  the  creep  rate  becomes  generally 
lower  with  increasing  Si  content  at  the  same  test  temperature  and  stress. 
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Fig.  1.  X-ray  diffraction  profiles  of  Al-lOTi-xSi  alloys  :  (a)  MA  powders  ;  (b)  as-hot  extruded. 


Table  2.  Measured  steady  state  creep  rates  in  Al-lQTi-xSi  alloys 


Temperature  Stress 

(”C)  (Ml^) 

Creep  rate  (1/sec) 
for  Al-lOTi 

Creep  rate  (1/sec) 
forAl-10Ti-2Si 

Creep  rate  (1/sec) 
forAl-10Ti-4Si 

300  209 

249 

2.85  X  10-8 
1.46X10-6 

1.52X10-8 

1.52X10-7 

1.23X10-8 

7.86X10-8 

400  119 

139 

3.60X10-7 

2.43X10-6 

6.41X10-8 

1.79X10-7 

5.95X10-8 

8.35X10-8 

450  69 

89 

1.97X10-7 

1.76X10-6 

1.28X10-7 

2.58X10-7 

1.12X10-7 

1.36X10-7 

Fig.  2  plots  the  stress  dependence  of  the  creep  rate  at  various  temperatures  according  to  the 
conventional  creep  equation, 

€=A  o  ”exp(-Q/RT)  (1) 

where  A,  o  ,  n,  Q,  R  and  T  are  a  constant,  the  applied  stress,  the  stress  exponent,  the 
activation  energy  for  creep,  the  gas  constant  and  the  absolute  temperature,  respectively.  One 
can  notice  that  there  are  two  distinctively  different  creep  regimes  depending  on  the  magnitude 
of  the  applied  stress.  At  low  stress  regime,  the  stress  exponent,  expressed  as  n=(  Ine  /  In  o  )t 
from  equation  (1),  is  low  (1.2--'  1.9),  while  it  is  veiy  high  at  high  stress  regime  (10.0~  19.0). 
This  suggests  that  a  transition  from  the  diffusional  creep  to  power  law  creep  occurrs  as  the 
applied  stress  increases.  Table  3  summarizes  the  transition  stresses  for  the  Al-lOTi-xSi  alloys. 
The  comparison  indicates  that  the  transition  stress  tends  to  shift  to  a  higher  value  with 
increasing  Si  content:  for  example,  from  199  to  229  and  249  MPa  at  300°C  for  Al-lOTi-xSi 
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alloys  (x=0,  2,  4  wt%),  respectively.  It  implies  that  the  diffusional  creep  regime  significantly 
enlarges  to  high  stress  with  increasing  Si  content.  We  believe  that  such  a  tendency  is  primarily 
due  to  an  enhancement  of  particle  strengh  of  A^Ti  phase  as  a  result  of  Si  incorporation. 


Stress  (MPa)  Stress  (MPa)  Stress  (MPa) 

(a)  (b)  (c) 

Fig.  2.  Variation  of  steady  state  creep  rate  of  Al-lOTi-xSi  alloy  as  a  function  of  an  applied 
stress  at  various  temperatures  :  (a)  Al-lOTi ;  (b)  Al“10Ti-2Si ;  (c)  Al-10Ti'4Si.  Note  an 
appearance  of  two  distinctively  different  creep  regimes. 


Table  3.  Transition  stresses  from  diffusional  creep  to  dislocation  one  in  MA  Al-lOTi-xSi  alloys 


Material 

Temperature(oC) 

Transition  stress(MPa) 

300 

199 

Al-lOTi 

400 

109 

450 

70 

300 

229 

Al-10Ti-2Si 

400 

139 

450 

79 

300 

249 

Al-10Ti-4Si 

400 

149 

450 

99 

Fig.  3  plots  the  steady  state  creep  rates  as  a  function  of  temperature:  there  are  once  again  two 
distinctive  regimes,  now  depending  on  two  test  stresses.  At  low  temperature  regime,  the 
activation  energy  expressed  as  Q=-R(  ln€  /  ln(l/T))o  from  equation  (1)  is  low  (67~90 
kJ/mole),  whereas  it  is  very  high  in  high  temperature  regime  (408-629  kJ/mole).  The 
transition  temperature  is  about  430^C  at  99  MPa  and  decreases  to  about  380  C  at  149  MPa  for 
the  Al-lOTi  alloy.  This  temperature  tends  to  shift  to  a  higher  one  with  increasing  Si  content. 
The  activation  energy  in  low  temperature  regime  is  close  to  that  for  the  A1  self  diffusion  (84 
kJ/mole)  at  grain  boundaries  [4].  The  activation  energy  in  high  temperature  regime  has  no 
comparison  :  it  is  3~4  times  more  than  that  of  the  A1  self  diffusion  through  the  lattice  (142 
kJ/mole)  [5].  However,  this  high  activation  energy  together  with  the  high  stress  exponent  are 
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two  characteristics  frequently  observed  in  the  dislocation  creep  of  dispersion  strengthened 
alloys  [6,7].  Therefore,  this  result  suggests  that  the  creep  mechanism  changes  again  from 
diffusional  (Coble)  to  dislocation  one  as  the  test  temperature  increases.  The  tendency  of  the 
transition  temperature  to  become  higher  with  an  increasing  Si  content  means  that  diffusional 
creep  regime  extends  to  higher  temperature.  This  is  believed  to  arise  from  an  enhancement  of 
particle  strength  of  the  AlaTi  phase  with  increasing  Si  content  as  a  result  of  the  dissolution  of 
Si  in  AlaTi  particles.  Therefore,  it  could  be  concluded  that  the  addition  of  Si  enhanced  the 
creep  resistance  of  the  MA  Al-lOTi  alloy  due  to  the  strengthening  of  AlaTi  particles  as  a  result 
of  Si  incorporation  into  them. 


(a)  (b)  (c) 

Fig.  5.  Arrhenius  plot  of  steady  state  creep  rate  of  Al-lOTi-xSi  alloy  under  two  stress  levels  : 
(a)  Al-lOTi ;  (b)  Al-10Ti-2Si ;  (c)  Al-10Ti-4Si. 


4.  CONCLUSIONS 

Through  MA  processing  of  Al-lOTi-xSi  alloys  (x=0'^4wt%),  Ti  was  dissolveded  in  the  A1 
matrix,  and  Si  particles  were  finely  crushed  and  embedded  in  Al(Ti)  powder  particles.  During 
hot  extrusion,  the  dissolved  Ti  reacted  with  A1  to  form  AlaTi  phase,  and  Si  particles  were 
dissolved  into  the  AlaTi  phase. 

Two  distinctive  creep  mechanisms  have  been  observed  in  the  MA  and  extruded  Al-lOTi-xSi 
alloys,  i.e.,  Coble  creep  at  low  stresses  and  temperatures  and  dislocation  creep  at  high  stresses 
and  temperatures.  The  transition  stress  and  temperature  from  diffusion  to  dislocation  creep 
tends  to  increase  with  increasing  Si  content.  This  is  believed  to  arise  from  an  enhancement  of 
particle  strength  of  AlaTi  phases  as  a  result  of  Si  incorporation.  This  has  an  effect  to  enhance 
the  creep  resistance  of  the  MA  Al-lOTi  alloy. 
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ABSTRACT 

Modified  Equal  Channel  Angular  Pressing(ECAP)  process  was  used  to  make  a  plate  from 
an  annealed  1050  aluminum  and  the  texture  evolution  of  the  plate  was  studied  by  using 
Electron  Back  Scattered  Diffraction(EBSD)  and  the  effects  of  texture  evolution  on  the 
mechanical  properties  of  the  plate  were  investigated.  By  using  rate  sensitive  model,  texture 
evolution  was  simulated  and  calculation  results  were  compared  to  the  to  experimental  results. 
It  was  found  that  the  deformation  texture  of  aluminum  plate  transformed  from  <100>//TD  to 
<111>//TD  and  <110>//TD  direction. 


1.  INTRODUCTION 

A  typical  Equal  Channel  Angular  Pressing(ECAP)  is  a  process  capable  of  introducing  the 
shear  deformation  onto  the  plate  continuously  and  is  based  on  one-path  Equal  Channel 
Angular  Extrusion.  By  using  modified  ECAP  process,  it  is  possible  to  make  aluminum  plates 
with  high  product  rate  compared  to  conventional  ECAE  and  the  shear  flow  is  formed  into  the 
produced  aluminum  plate.  The  plastic  strain  ratio  of  ECAP  aluminum  plate  is  better  than  that 
of  rolled  aluminum  plate  due  to  the  crystallographic  texture  evolution  and  micro-structural 
refinement.  ECAP(Equal  Channel  Angular  Pressing)  was  originally  developed  by  Segal  et  al. 
[1-3].  During  ECAP  process  the  material  is  pressed  through  a  die  that  consists  of  one  guiding 
roll  and  one  feeding  roll  with  identical  cross-sections  intersecting  at  a  given  oblique  angle. 
Fig.l  shows  a  schematic  diagram  of  the  ECAP  process  which  can  introduce  shear  strain  into 
aluminum  plate  continuously. 


Fig.  1  Schematic  representation  of  ECAP  process 


621 


A  specially  designed  feeding  roll  with  knurls  on  its  surface  and  a  guiding  roll  were  used. 
The  oblique  angle  can  be  given  the  range  of  100°--130°,  and  the  oblique  angle  of  this  study  is 
120°, and  an  effective  shear  strain  of  1.16  per  pass  of  ECAP  is  introduced  into  aluminum 
plate[l,2].  And  there  are  difference  between  inlet  thickness  and  outlet  thickness.  When  the 
plate  of  1.55mm  thickness  is  fed  into  the  feeding  roll,  the  thickness  of  plate  is  reduced  into 
1.45mm  thick  according  inlet  channel  and  proceeds  toward  the  outlet  channel  along  die 
gap(1.55mrn).  Such  a  die  configuration  makes  a  unique  ECAP  process  which  is  different  from 
the  conventional  ECAP  process.  Instead  of  feeding  the  aluminum  plate  using  the  ram  type, 
roll  type-feeding  enables  continuous  operation  and  also  makes  various  metal  strip  forming 
possible.  In  addition,  there  is  no  thickness  change,  the  multi  pass  operation  is  possible  in  a 
continuous  mode. 

The  purpose  of  ECAP  is  improvement  of  property  of  materials  through  texture  change. 
Because  it  is  known  that  plastic  strain  ratio  is  the  major  factor  of  formability[4],  the 
improvement  of  plastic  strain  ratio(f)  was  emphasized.  Segal  first  noted  that  the  use  of 
repetitive  pressing  may  provide  different  microstructures  by  rotating  the  sample  orientation 
between  consecutive  pressing,  by  that  means  modifying  the  shear  strain  and  shear  directions. 
The  studies  about  sample  orientation  had  been  demonstrated  in  several  experiments[5-7].  And 
it  is  known  that  in  case  of  metal  plate  plastic  strain  ratio(f)  depends  on  the  texture  of  plate. 
The  average  plastic  strain  ratio  of  {111}<1 10>  is  the  highest  as  1.91  and  the  planar  anisotropy 
is  the  lowest.  The  ECAP  process  which  can  develop  {111}  texture  can  improve  the 
formability  of  aluminum  plate[4].  Many  researches  have  carried  out  to  characterize  micro 
structural  and  textural  evolution  in  a  polycrystalline  materials[8-l  1].  In  this  research,  single 
crystal  like  plates  were  used  to  see  texture  change  doring  modified  ECAP  process.  Initial 
orientation  and  final  orientation  were  measured  by  Electron  Back  Scattered 
Diffraction(EBSD).  To  analyze  the  texture  evolution,  rate  sensitive  model  was  used.  The 
misorientation  between  experimentally  measured  orientation  and  calculative  orientation  was 
discussed. 


2.  RATE  SENSITIVITY  MODEL 


Rate  sensitive  model  assumes  that  the  shear  stress  developed  in  crystallographic  system  is 
proportional  to  m  square  of  shear  strain  on  the  slip  system  as  given  in  Eq.  (1).  With  schmid 
law  as  equilibrium  in  Eq.  (2)  and  geometric  relation  of  external  strain  and  slip  shear  strain  are 
compatibility  Eq.  (3).  The  relation  between  external  strain  and  shear  strain  can  be  given  as 
Eq.(4).  By  assuming  external  strain,  external  stress  can  be  solved  with  non  linear  Newton- 
Rapshon  method. 


=T^sgn(Yj 


=  T.. 
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r  =  mjjCT^ 


V  1  s  I  I 

‘ «  A-  ^ 
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(2) 

(3) 

(4) 


Calculation  was  started  from  EBSD  point  measurement  orientation  data.  The  strain  rate 
sensitivity  was  fixed  0.05  which  is  ideal  constant  for  aluminum  at  room  temperature  and  by 
effective  shear  strain  was  given  1.16  by  calculation. 


3.  EXPERIMENTAL  PROCEDURE 

A  commercial  5mm  thick  1050  A1  alloy  plate,  having  the  chemical  composition  of  Al- 
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0.25Si-0.4Fe(in  wt.%),  was  annealed  at  500°C  for  1.5  hours  before  rolling.  Cold  rolling 
was  carried  out  unidirectionally  to  1.55  mm  without  any  intermittent  annealing.  The  rolled 
sheets  were  annealed  at  350°C  for  1.5hours.  The  strip  with  dimensions  of  20(w)  x  1.55(t)  x 
1000(l)mm  was  cut  from  the  rolled  sheet  with  their  long  axis  parallel  to  the  rolling  direction. 
And  single  crystal  specimen  with  demensions  of  13(w)  x  1.55(t)  x  15(l)mm  were  inserted  into 
rolled  sheet  and  fed  into  the  ECAP  machine  at  an  approximate  speed  of  12m/min.  The  oblique 
angles(®)  of  the  ECAP  die  used  in  the  study  was  120°.  The  curvature  angleCT)  of  the 
channel  was  fixed  to  0  to  minimize  the  microstructural  inhomogeneity,  which  can  be 
developed  at  regions  that  had  passed  through  the  outer  comer  side.  During  ECAP  the  machine 
was  shut  downed  and  the  single  crystal  specimen  which  have  both  deformed  and  undeformed 
region  was  get.  In  this  study,  one  path  ECAP  was  conducted.  To  examine  the  texture 
evolution,  microscopic  EBSD  point  measurement  was  conducted  in  Link  Opal  system  in  Jeol 
6300  SEM. 


4.  RESULTS  AND  DISCUSSION 

It  is  known  that  during  planar  compression  Dillamore  texture  {4  4  11}<1111  8>  and  Goss 
texture  {110}<001>  were  stable.  But  after  shear  strain  were  added,  stable  orientation  shift  to 
shear  deformation  texture,  rotC  {001}<110>,  shear  texture  {111}<112>.  In  this  study  shear 
deformation  texture  evolution  were  observed  and  typical  orientation  rotation  data  were  given 
in  Table.  1.  In  specimen  l(Fig.  2)  (0.03  0.74  0.67)[0.99  0.01  -0.06]  near  goss  texture(Fig. 
2(a))  rotated  to  (0.62  0.55  0.54)[0.34  0.42  -0.83]  near  (Fig.  2.(b))  and  calculation  data  were 
(0.49  0.61  0.61)[-0.86  0.38  0.30]Fig.  2(d)).  In  case  of  specimen  2(Fig.  3)  (-0.36  0.89  - 
0.23)[0.76  0.43  0.46]  texture  (Fig.  3.(a))  rotated  to  (0.44  -0.57  0.68)[-0.1  -0.84  -0.55]  near 
shear  texture(Fig.  3(b))  from  EBSD  measurement  and  calculated  value  were  (-0.68  0.57  - 
0.45)[0.49  0.82  0.29]  (Fig.  3(d)).  In  case  of  specimen  3(Fig.  4)  on  observation  before  ECAP 
stable  (0.59  0.43  0.67)[-0.64  -0.24  0.72]  near  shear  texture  (Fig.  4(a))  were  observed  and  after 
ECAP  process  initial  orientation  were  maintained.  On  EBSD  observation  initial  (0.59  0.43 
0.67)[-0.64  -0.24  0.72]  (Fig.  4(c))  rotated  to  (0.58  0.48  0.65)[-0.16  -0.72  0.68]  (Fig.  4(d)),  and 
calculated  data  were  (0.77  0.42  0.47)[-0.44  -0.17  0.87]  texture(Fig.  4(d)).  In  case  of  specimen 
4(Fig.  5)  initial  (0.98  0.16  0.02)[0.03  -0.06  -0.99]  near  cube  texture  {100} <00 1>  (Fig.  5(a)) 
rotated  to  (0.21  0.73  -0.64)[0.19  0.62  0.76]  texture  (Fig.  5(b))  experimentally  and  (0.78  0.28 
0.55)[0.54  0.10  -0.83]  texture(Fig.  5(d))  by  calculation. 


(c) 

Fig.  2  Specimen  1.  (a),  (c)  initial  pole  figure  data 
EBSD  after  ECAP,  (d)  calculated  pole  figure  data 


(d) 

from  EBSD,  (b)  pole  figure  data  from 
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(C)  (d) 

Fig.  3  Specimen  2,  (a),  (c)  initial  pole  figure  data  from  EBSD,  (b)  pole  figure  data  from 
EBSD  after  ECAP,  (d)  calculated  pole  figure  data 


(c)  (d) 

Fig.  4  Specimen  3.  (a),  (c)  initial  pole  figure  data  from  EBSD,  (b)  pole  figure  data  from 
EBSD  after  ECAP,  (d)  calculated  pole  figure  data 


Misorientation  calculation  between  measures  and  calculates  orientations  were  evaluated. 
Eq.  5  complete  misorientation  matrix  was  reconstructed  by  using  EBSD  and  calculated  data 
by  {hkl}<uvw>  form.  T  is  24  symmetry  operation  matrix  for  cubic  system.  And 
misorientation(  0 )  were  calculated  through  Eq.  6  and  gexp  and  gcalc  were  orientation  matrix 
form  experimentally  measured  amd  calculated  orientations. 

M  =  Tg„pg;',  (5) 

0  =  cos^'  (Spur(M)  - 1)|  (6) 
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In  Table.  1  the  calculated  misorientation  were  within  EBSD  measurement  accuracy.  In  Fig. 
6  shows  the  predicted  plastic  strain  ratio  with  angle  to  rolling  direction  in  original  aluminum 
plate.  After  ECAP,  average  plastic  strain  ratio  increases  two  times  and  Ar  reduces 
significantly.  This  improvement  of  plastic  strain  ratio  is  related  to  the  texture. 


(c)  (d) 

Fig.  5  Specimen  4.  (a),  (c)  initial  pole  figure  data  from  EBSD,  (b)  pole  figure  data  from 
EBSD  after  ECAP,  (d)  calculated  pole  figure  data 


Table  1  orientation  data  by  ECAP 


Number 

of 

specimen 

Initial  index  data 

Experimental  data 
After  ECAP 

Calculated  data 
after  ECAP 

Misorientation 
between  Exp. 

&  Calc. 

1 

(0.03  0.74  0.67) 
10.99  0.01  -0.061' '' 

(0.62  0.55  0.54) 
10.34  0.42  -0.83f ' 

(0.49  0.61  0.61) 
1-0.86  0.38  0.301'^^ 

3.87° 

2 

(-0.36  0.89  -0.23) 
10.76  0.43  0.461 

(0.44  -0.57  0.68) 
1-0.1  -0.84  -0.551® 

(-0.68  0.57  -0.45) 
10.49  0.82  0.291'^ 

2.33° 

3 

(0.59  0.43  0.67) 
r-0.64  -0.24  0.72f^^ 

(0.69  0.51  -0.50) 
T-0.44  0.85  0.261® 

(0.77  0.42  0.47) 
f.0.44-0.17  0.87F 

5.75° 

4 

(0.98  0.16  0.02) 
10.03  -0.06  -0.991'^^ 

(0.21  0.73  -0.64) 
10.19  0.62  0.761 

(0.78  0.28  0.55) 
10.54  0.10-0.831 

7.21° 

(1)  near  {110}<001>  goss  testure 

(2)  near  { 1 1 1 }  <  1 1 2>  shear  texture 

(3)  near  {100}<001>  cube  texture 


5.  CONCLUTION 

In  this  study  by  using  annealed  aluminum  plate,  the  deformation  texture  of  ECAP 
aluminum  plate  were  confirmed  one-by-one.  The  initial  texture  of  aluminum  plate  rotates  to 
near  {111}  shear  texture  and  it  increases  the  plastic  strain  ratio} r).  And  the  increase  of  r 
value  improve  the  formability  of  aluminum  plate.  Comparing  to  calculation  data  by  rate 
sensitive  model,  EBSD  experimental  data  was  well  matched  and  the  misorientation  between 
experimental  data  and  calculation  data  was  within  EBSD  measurement  accuracy. 
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Angle  to  rolling  direction 
Fig.  6  Predicted  plastic  strain  ratio 
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ABSTRACT 

An  ultra-fine  grained  structure  was  introduced  in  a  commercial  5083  A1  alloy  with  an  initial 
grain  size  of  —200  jm  using  equal  channel  angular  pressing  technique.  The  equal  channel 
angular  pressing  was  successfully  conducted  at  373K  and  473K  on  the  same  sample  up  to  a 
total  of  8  pressings  using  route  C.  An  equiaxed  ultra-fine  grains  with  a  grain  size  of  -0.3  jm 
that  were  obtained  in  the  present  alloy  after  4  pressings  were  thermally  stable  at  473  K  and 
523  K.  The  yield  stress  of  as-received  5083  A1  alloy  was  129  MPa,  whereas,  at  pressing 
temperature  of  373  K,  it  increased  to  330  MPa  after  a  single  pressing  and  finally  became  389 
MPa  after  8  pressings.  The  sample  pressed  at  373  K  showed  much  higher  yield  stress  than  one 
pressed  at  473  K.  The  elongation  of  sample  pressed  at  473  K  remained  unchanged  with  the 
number  of  pressings.  It  was  found  that  the  5083  A1  alloy  with  a  grain  size  of  —0.3  im 
exhibited  a  superplastic-like  behavior  with  elongation  to  failure  in  excess  of  200  %  at  523  K. 


1.  Introduction 

A1  alloys  have  become  attractive  as  a  light  and  highly  efficient  material  to  overcome  the 
problems  of  environment  pollution  and  energy  in  all  industrial  fields.  Among  A1  alloys,  Al- 
Mg  system  alloys  have  been  widely  used  in  the  form  of  wrought  materials  because  they  have 
high  strength  through  solid  solution  hardening  and  work  hardening  and  excellent  corrosion 
resistance,  formability,  and  weldability  [1]. 

The  superplasticity  in  metallic  materials  is  strongly  sensitive  to  the  grain  size.  In  general, 
the  thermomechanical  treatments  (TMT)  have  been  used  to  obtain  the  fine  grained  structure 
(UFG)  in  Al-Mg  system  alloys.  Recently,  a  sub-micrometer  ultra-fine  grained  structure  was 
successfully  introduced  in  a  variety  of  bulk  metallic  materials  without  residual  porosity  by 
applying  equal  channel  angular  pressing  (ECAP)  technique  [2]-[6].  It  was  recently  reported 
that  the  ultrafme  grained  structure  could  be  successfully  obtained  by  ECAP  in  Al-3%Mg  [7]- 
[9],  Al-4.8%Mg  (5056)  [10]  and  Al-6%Mg-0.6%Mn  [11]  alloys.  In  addition,  Horita  et  al.  [12] 
obtained  the  average  grain  size  of  less  than  1  pm  in  the  commercial  5083  Al  alloy  with  the 
highest  strength  out  of  non-heat  treated  type  Al  alloys  using  ECAP  under  special  conditions. 
The  research  studies  on  the  low  temperature  superplasticity  for  Al-Mg  [7],  [8],  [13],  [14]  or 
Al-Mg-Mn  [14]- [16]  alloys  have  been  also  performed.  However,  the  micro  structure  and 
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mechanical  properties,  in  particular  the  low  temperature  superplasticity,  of  the  ECA  pressed 
commercial  5083  A1  alloy  at  various  conditions  have  been  not  well  investigated. 

Therefore,  the  aim  in  this  study  is  to  examine  the  microstructural  and  mechanical 
characteristics  of  commercial  5083  A1  alloy  with  the  UFG  structure  introduced  by  ECAP,  and 
then  to  evaluate  the  feasibility  of  superplasticity  at  relatively  low  temperature. 


2.  Experimental  Procedure 

A  commercial  5083 A1  alloy  (Al-4.4%Mg-0.7%Mn-0.15%Cr  (in  mass  %))  was  supplied  in 
the  form  of  an  extruded  bar.  Cylindrical  samples  of  (1)18x130  mm  were  prepared  from  the 
extruded  bar,  followed  by  the  annealing  treatment  at  723  K  for  1  h.  The  annealed  samples 
were  used  as  as-received  materials  for  ECAP.  The  average  grain  size  of  as-received  5083  A1 
alloy  was  approximately  200  pm-  The  ECAP  was  carried  out  using  a  press  speed  of  2  mm  s'’ 
with  M0S2  as  a  lubricant  at  373  K  and  473  K.  The  present  ECAP  die  was  designed  to  yield  an 
effective  strain  of  -1  by  a  single  pass:  the  inner  angle  and  the  arc  of  curvature  at  the  outer 
point  of  contact  between  channels  of  the  die  were  90  and  20°,  respectively  [17],  [18].  During 
the  ECAP,  the  sample  was  rotated  180  °  around  its  longitudinal  axis  between  individual 
pressings  (Route  C)  [  1 9] . 

Tensile  tests  were  performed  using  an  Instron  machine  on  the  full  scale  tensile  specimens 
with  25  mm  in  gauge  length  at  the  initial  strain  rate  of  1.00x10’^  s'’  and  at  room  temperature. 
In  addition,  the  tensile  specimens  with  8  mm  in  gauge  length  were  tensile-tested  at  the  initial 
strain  rate  of  1.04x1  O'"’ s'’  and  at  523  K.  Micro  structures  of  samples  were  investigated  with  a 
transmission  electron  microscope  (TEM)  utilizing  a  JEOL  2010  operated  at  200  keV. 


3.  Results  and  Discussion 

3.1  Microstructural  characteristics 

3.1.1  Microstructural  evolution 

Figure  1  represents  TEM  micrographs  of  5083A1  alloy  after  ECAP  at  473  K  with  the 
number  of  pressing.  After  a  single  pressing,  the  microstructure  mainly  consisted  of  parallel 
bands  of  elongated  grains,  having  a  length  of  0.8  pm  and  a  width  of  -0.2  pm.  Its 
corresponding  selected  area  electronical  diffraction  (SAED)  pattern  was  characterized  by 
relatively  clear  spots.  This  implies  that  most  of  the  boundaries  in  fine  grains  formed  by  a 
single  pressing  would  be  low-angled. 

The  microstructure  after  2  pressings  showed  fairly  equiaxed  fine  grains  and  the  subgrain 
bands  parallel  to  the  shear  direction  disappeared.  The  SAED  pattern  showed  the  appearance 
of  the  diffused  spots  and  the  extra  spots  indicating  the  formation  of  a  high  angle  boundary. 
Near  equiaxed  ultra  fine  grains  of  approximately  0.3  pm  were  obtained  by  4  and  8  pressings. 
In  addition,  the  number  of  rings  in  the  SAED  pattern  increased  and  the  spots  became  more 
diffused  compared  to  the  previous  ones.  This  also  occurred  after  pressing  at  373  K  (Fig.  2). 
However,  the  sample  pressed  at  373  K  showed  more  shear-deformed  microsturucture  and  the 
size  of  high  angled  grains  was  small  compared  with  that  pressed  at  higher  temperature. 

3.1.2  Annealed  microstructure 
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Figure  3  represents  TEM  micrographs  of  5083  A1  alloy  pressed  at  473  K  followed  by 
annealing  treatment  at  523  K  for  Ih  ((a),  (b))  and  at  373  K  followed  by  annealing  treatment  at 
473  K  for  Ih  ((c),  (d)).  In  the  case  of  the  four  times  pressed  specimen  apart  from  the  as-ECA 
pressed  specimen  (see  the  Fig.  1(c)  and  Fig,  2(a)),  the  grain  boundary  was  relatively  clear 
after  the  annealing  treatment.  The  grain  sizes  are  approximately  0.5  jm  and  0.3  jm, 
indicating  that  there  is  almost  no  grain  growth  (Fig.  3(a)  and  (c)).  For  the  eight  times 
repetitvely  pressed  specimens,  some  recrystallized  grains  of  approximately  4  fm  in  grain  size 
are  observed  at  pressing  temperature  of  473  K  (Fig.  3(b)),  whereas,  at  pressing  temperature  of 
373  K,  no  grain  growth  occurred. 


Fig.  1  TEM  micrographs  and  corresponding  SAED  patterns  of  5083  A1  alloy  pressed  at  473 
K;  (a)  1  pressing,  (b)  2  pressings,  (c)  4  pressings,  (d)  8  pressings. 


Fig.  2  TEM  micrographs  and  corresponding  SAED  patterns  of  5083  A1  alloy  pressed  373  K; 

(a)  4  pressings,  (b)  8  pressings. 


629 


Fig.  3  TEM  micrographs  of  5083  A1  alloy  4-prcsscd  at  473  K  (a)  and  373  K  (c),  and  8-prcssed 
at  473  K  (b)  and  373  K  (d);  annealed  at  523  K  ((a),  (b)),  at  473  K  ((c),  (d))  for  1  h. 

It  was  previously  known  that  the  unclear  grain  boundaries  in  severely  plastic-deformed 
metallic  materials,  included  many  facets  and  steps  of  regular  or  irregular  alignment  and  the 
lattices  near  grain  boundaries  were  severely  distorted  [20],  [21].  Additionally,  there  were 
extrinsic  dislocations  with  a  density  of  approximately  lO’^  m'^  in  the  grain  boundaries, 
resulting  in  the  marked  increase  of  grain  boundary  energy.  Such  grains  with  non-equilibrium 
grain  boundaries  could  display  grain  growth  even  at  relatively  low  temperatures  [22],  [23]. 
Hasegawa  et  al.  [24]  reported  that  the  eight  times  repetitively  EGA  pressed  Al-3Mg  alloy, 
followed  by  the  annealing  treatment  at  523  K  for  1  h,  revealed  the  presence  of  duplex 
structures  with  regions  of  both  submicrometer  grains  and  large  grains.  Accordingly,  from  the 
above  results,  it  is  apparent  that  the  ultra-fine  grains  are  more  stable  in  the  four  times 
repetitively  pressed  5083  Al  alloy  and  the  grain  size  remains  small  at  523  K  ( —  0.5  Tm). 

3.2  Mechanical  characteristics 

3.2.1  Tensile  properties  at  room  temperature 

Figure  4  shows  the  variation  of  the  tensile  strength,  yield  strength  and  elongation  with  the 
number  of  pressings.  The  yield  strength  of  as-received  5083  Al  alloy  drastically  increased 
after  a  single  pressing,  for  example,  after  pressing  at  373  K,  it  increased  from  129  MPa  to  330 
MPa.  It  gradually  increased  with  the  number  of  pressings  and  reached  389  MPa  after  8 
pressings.  The  tensile  strength  showed  a  gradual  increase  compared  with  the  yield  strength.  In 
addition,  the  sample  pressed  at  373  K  showed  much  higher  yield  stress  and  lower  elongation 
than  one  pressed  at  473  K.  The  elongation  of  sample  pressed  at  473  K  remained  unchanged 
after  ECAP.  The  tensile  strength,  yield  strength  and  elongation  of  the  annealing-treated  5083 
Al  alloy  after  ECAP  were  in-between  those  of  samples  pressed  at  373  K  and  at  473  K. 
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Fig.  4  Effect  of  the  number  of  pressings  on  tensile  properties  of  ECA  pressed  5083  A1  alloy. 


Strain  (%) 


Fig.  5  Stress-strain  curves  of  5083  A1  alloy  pressed  at  (a)  373  K  and  (b)  473  K. 


Fig.6  Stress-strain  curves  of  ECA  pressed  (373  K)  A1  alloy  after  annealing  treatment  at  473  K 
for  Ih,  compared  with  those  of  5083  A1  alloys  pressed  at  (a)  373  K  and  (b)  473  K. 


Typical  true  stress  -  strain  curves  obtained  for  as  ECA  pressed  A1  alloys  and  as  annealing- 
treated  A1  alloys  after  pressing  at  373  K  are  shown  in  Fig.  5  and  Fig.  6,  respectively.  The  pre¬ 
material  5083  Al  alloy  exhibited  the  typical  strain  hardening  behavior,  whereas  the  ECA 
pressed  one  exhibited  the  small  strain  hardening.  According  to  recent  reports,  it  has  a  close 
relation  to  the  annihilation  kinetics  of  extrinsic  grain  boundary  dislocation  introduced  by 
severe  plastic  deformation  and  the  number  of  dislocation  necessary  to  deform  the  ultra-fine 
grain  [24].  On  the  other  hand,  there  was  no  difference  in  strain  hardening  behavior  with  the 
number  of  pressings  (Fig.  5)  and  annealing  treatment  (Fig.  6).  In  particular,  it  well  agreed 
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with  the  A1  alloy  pressed  at  473  K,  as  shown  in  Fig.6  (b).  This  corresponds  to  the 
microstructures  shown  in  Fig.  1  and  Fig.  3. 

Consequently,  there  was  a  most  significant  (~15  %)  increase  in  both  yield  strength  and 
ultimate  strength  of  the  ECA  pressed  5083  over  the  as-received  5083  with  no  decrease  in 
elongation.  This  observation  of  increased  strength  with  no  corresponding  decrease  in 
elongation  stands  in  stark  contrast  to  the  behavior  of  conventional  materials.  From  this  result, 
it  is  apparent  that  the  improvement  of  the  mechanical  properties  is  attributable  to  the  grain 
refining  by  the  ECAP. 

3.2.2  Tensile  properties  at  523  K 


Fig.  7  Stress-strain  curves  for  as  ECA  pressed  A1  alloy  tensile-tested  at  an  initial  strain  rate  of 

1.04xl0'V‘  at523K. 


For  the  5083  A1  alloy  pressed  at  473  K,  the  tensile  testing  was  performed  at  an  initial  strain 
rate  of  1.04xl0'V’  at  523  K  (0.53Tm).  The  stress-strain  curves  of  are  shown  in  Fig.7, 
together  with  that  of  the  as-received  5083  A1  alloy.  The  flow  stress  of  as-received  5083  A1 
alloy  was  approximately  72  MPa,  whereas  the  four  and  eight  times  pressed  5083  A1  alloy 
revealed  flow  stress  of  60  and  52  MPa,  respectively.  The  elongation  after  four  and  eight 
ECAPs  was  160  %  and  220  %  respectively.  This  is  much  higher  than  that  of  the  as-received 
5083  A1  alloy. 


Fig.  8  OM  micrograph  of  the  grips  section  (a)  and  the  deformed  section  (b),  for  8  times  ECA 
pressed  5083  A1  alloy.  TD  indicates  the  tensile  direction. 

Figure  8  shows  the  OM  microstructures  of  the  grip  section  (a)  and  the  deformed  section  (b), 
for  eight  times  ECA  pressed  5083  A1  alloys  after  tensile  deformation.  The  grain  growth  from 
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the  initial  grain  size  of  0.3//in  to  approximately  8/im  occurs  in  the  grip  section  and  no  cavities 
are  observed.  However,  the  local  grain  growth  occurs  in  the  deformed  section,  and  the  grains 
are  elongated  parallel  to  tensile  direction.  In  addition,  many  cavities  are  observed  in  the 
deformed  section.  This  is  deduced  to  result  from  that,  in  general,  the  cavities  could  generate 
due  to  the  stress  concentration  induced  by  the  grain  boundary  sliding,  and  the  growth  of 
cavities  occurs  along  the  grain  boundaries  parallel  to  tensile  direction.  Nevertheless,  it  could 
be  concluded  that  the  decrease  in  flow  stress  and  the  increase  in  elongation  result  from  the 
high-angled  grain  boundaries  introduced  by  the  repetitive  ECAP.  These  boundaries  could 
easily  slide,  which  might  play  a  dominant  role  in  obtaining  low  temperature  superplasticity. 

Wang  et  al.  [7]  applied  the  ECAP  to  the  Al-3Mg  alloy,  resulting  in  a  grain  size  of 
approximately  0.2  jm.  In  addition,  Kawazoe  et  al.  [10]  obtained  ultra-fine  grained  Al-4.8Mg 
alloy  with  a  grain  size  of  0.3  fim  with  the  ECAP.  In  both  cases,  however,  the  low  temperature 
superplasticity  still  could  not  be  obtained  and  the  elongation  did  not  exceed  200%.  In  contrast, 
the  ECA  pressed  Ai-4.4Mg-0.7Mn  alloy  in  this  study,  showed  the  low  temperature 
superplasticity  property  of  elongation  above  200  %  at  523  K  and  IxlO  "^  s■^  This  was 
comparable  to  the  recent  reports  by  Hsiao  and  Huang  [15]  that  the  Al-4.7Mg-0.7Mn  alloy 
subjected  to  the  improved  TMTs  possessed  a  3D  grain  size  of  0.5x0. 5x0.2  jm  and  revealed 
an  elongation  of  230  %  at  523  K  and  2x10"^  s’\  and  by  Tsuji  et  al.  [16]  that  the  small  grain 
size  of  0.28  pm  for  Al-4.45Mg-0.57Mn  alloy  was  induced  by  the  accumulative  roll-bonding, 
resulting  in  a  large  elongation  of  220%  at  473  K  and  1x10'^  s’^  From  the  above  results, 
consequently,  it  is  apparent  that  the  repetitive  ECAP,  which  results  in  a  high-angled  grain 
boundary,  is  effective  for  obtaining  the  low  temperature  superplasiticity  in  commercial  5083 
Al  alloy. 


5.  Conclusions 

(1)  ECAP  of  commercial  5083  Al  alloy  was  successfully  conducted  at  373  K  and  473  K  using 
route  C.  After  a  single  pressing,  the  microstructure  was  reasonably  homogeneous  and 
consisted  of  parallel  bands  of  elongated  substructure  with  an  average  width  of  0.2  pm  and 
an  average  length  of  0.8  pm.  An  equiaxed  ultra-fine  grained  structure  of  —0.3  pm  was 
obtained  after  eight  ECAPs. 

(2)  The  ultra-fine  grains  obtained  by  pressing  at  373  K  were  thermally  stable  after  annealing 
treatment  at  473  K  for  Ih,  whereas,  after  annealing  treatment  at  523  K  for  Ih,  irregular  grain 
growth  occurred  in  the  8  pressed  5083  Al  alloy  at  473  K. 

(3)  The  yield  strength  of  as-received  5083  Al  alloy  drastically  increased  from  129  MPa  to  330 
MPa  after  a  single  pressing  and  to  389  MPa  after  8  pressings  at  373  K.  The  sample  pressed 
at  373  K  showed  much  higher  yield  stress  than  one  pressed  at  473  K.  The  elongation  of 
sample  pressed  at  473K  remained  unchanged  with  increasing  the  number  of  pressings. 

(4)  At  523  K,  the  ECA  pressed  5083  Al  alloy  with  the  grain  size  of  —0.3  pm  revealed  a 
decrease  in  flow  stress  and  an  increase  in  elongation  with  increasing  the  number  of 
pressings.  Additionally,  it  exhibited  a  superplastic-like  behavior  with  elongation  to  failure 
in  excess  of  200  %. 
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ABSTRACT 

Accumulative  Roll-Bonding  (ARB)  process,  which  is  an  intense  plastic  deformation  process, 
is  performed  for  a  6061  aluminum  alloy  to  develop  ultra-fine  grains  below  1pm  in  diameter 
and  to  improve  the  mechanical  properties.  The  AM  process  up  to  8  cycles  is  performed  at 
ambient  temperature  under  unlubricated  conditions.  The  ultra-fine  grains  surrounded  by  clear 
boundaries  begin  to  appear  at  3rd  cycle,  and  the  specimen  after  8  cycles  shows  a 
microstructure  covered  with  ultra-fine  grains  with  a  mean  diameter  of  310nm.  The  tensile 
strength  of  the  ARB  processed  6061  aluminum  alloy  increases  with  the  number  of  ARB 
cycles  (total  equivalent  strain),  and  after  8  cycles  it  reaches  a  maximum  of  363MPa  which  is 
about  three  times  of  the  initial.  On  the  other  hand,  the  elongation  drops  largely  at  the  1st  cycle, 
however  it  hardly  changes  after  the  2nd  cycle.  The  results  show  that  the  ARB  process  is 
effective  for  grain  refinement  and  strengthening  of  6061  aluminum  alloy. 


1.  INTRODUCTION 

In  recent  years,  aluminum  alloys  have  attracted  attention  of  many  researchers,  engineers  and 
designers  as  promising  structural  materials  for  automotive  industry  or  aerospace  applications 
[1].  Especially,  6xxx  aluminum  alloys  have  been  studied  agpessively  because  of  their 
benefits  such  as  medium  strength,  formability,  weldability,  corrosion  resistance,  and  low  cost, 
comparing  to  other  aluminum  alloys  [2].  It  is  expected  that  substitution  of  such  aluminum 
alloys  for  steels  will  result  in  great  improvements  in  energy  economy,  recyclability  and 
life-cycle  cost.  However,  it  is  necessary  to  improve  the  strength  and  the  formability  for  ftirther 
applications  to  the  industries.  Control  of  the  microstructure  and/or  the  texture  is  essential  for 
improvement  of  their  properties. 

Much  work  has  been  done  to  develop  the  materials  with  ultra-fine  grains  less  than  1  pm  in 
diameter  because  they  would  show  outstanding  strength  at  ambient  temperature, 
high-strain-rate  superplastic  deformation  at  elevated  temperatures  and  high  corrosion 
resistance.  Especially,  the  several  unique  processes  such  as  equal  channel  angular  extrusion 
(ECAE)  [3,4],  torsion  straining  under  high  pressure  (TS)  [5]  and  accumulative  roll-bonding 
(ARB)  process  [6-8]  were  proposed  to  develop  ultra-fme  grains  by  introducing  severe  intense 
plastic  strain  in  materials.  These  processes  have  great  merit  that  the  grain  refinement  and 
strengthening  can  be  attained  without  additions  of  alloying  elements  or  ceramic  particles. 
Among  such  processes,  the  ARB  process  is  mostly  appropriate  for  the  practical  applications 
because  it  can  be  performed  readily  by  the  industrial  rolling  process.  The  authors  applied  the 
ARB  process  to  1100  commercial  aluminum,  5083  alloy  and  Ti-added  ultra  low  carbon 
interstitial  free  (IF)  steel,  and  succeeded  in  obtaining  ultra-fine  grained  materials  with  the 
grain  diameter  less  than  1  pm  [7].  It  was  demonstrated  that  the  ARB  processed  materials  show 
outstanding  tensile  strength  [7].  Furthermore,  it  was  also  clarified  that  the  ARB  processed 
5083  sheet  with  submicrometer  grains  shows  low-temperature  superplasticity  [9]. 

In  the  present  study,  the  ARB  process  is  applied  to  6061  aluminum  alloy,  a  typical 
Al-Mg-Si  alloy.  Since  6061  alloy  is  an  age-hardening  alloy,  it  can  be  strengthened  appreciably 
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by  heat  treatment.  The  6061  alloy  has  been  also  currently  attracted  interests  of  many 
researchers  because  its  based  metal  matrix  composite  shows  high-strain-rate  superplasticity 
[10].  The  objective  of  the  present  study  is  to  investigate  the  feasibility  of  ARB  to  6061  alloy 
and  to  clarify  the  evolution  of  the  microstructures  and  the  mechanical  properties  with  number 
of  ARB  cycles. 


2.  EXPERIMENTAL 

The  6061  Al  alloy  sheet  hot-rolled  after  hot  extrusion  was  used  for  the  present  study.  The 
sheet  showed  a  recrystallized  structure  with  the  average  grain  diameter  of  25|im.  The 
chemical  composition  of  the  6061  alloy  is  shown  in  Table  1. 


Table  1  Chemical  composition  of  6061  aluminum  alloy. _ (mass%) 


Fe 

Cu 

Si 

Zn 

Mn 

Mg 

Cr 

Ti 

Al 

0.16 

0.19 

0.71 

0.04 

0.02 

0.94 

0.08 

0.03 

Bal. 

The  schematic  illustration  of  the  ARB  process  is  shown  in  Fig.  1.  In  the  present  ARB 
process,  two  sheets  of  1mm  in  thickness  and  20mm  in  width  were  stacked  up  and  reduced  to 
about  1mm  by  one-pass  cold  rolling.  The  two  sheets  were  bonded  during  rolling.  The  bonded 
sheet  was  cut  in  half-length,  stacked  again  and  rolled  to  the  thickness  of  1mm.  To  obtain 
sufficient  bonding  strength,  the  surfaces  of  the  two  sheets  to  be  bonded  were  degreased  and 
scratch-brushed  by  a  stainless-wire  bevel  brush  beforehand.  The  ARB  process  up  to  8  cycles 
was  performed  at  ambient  temperature  without  lubrication.  The  rolling  reduction  at  the  1st 
cycle  was  almost  50%,  however  from  the  2nd  cycle  it  was  below  50%,  because  of  the  elastic 
deformation  of  the  rolling  mill  due  to  the  increase  in  the  flow  stress  of  specimen  increased  at 
higher  ARB  cycles. 


Surface  treatment 


Degreasing 
Wire  brusing 


Cutting 


Stacking 


3.  TESTING  AND  CHARACTERIZATION 

The  microstructure  was  investigated  by  transmission  electron  microscopy  (TEM).  TEM 
studies  were  conducted  with  a  HITACHI  H-800  microscope  operated  at  200kV.  For  TEM 
observation,  thin  disk-shaped  foils  parallel  to  the  rolling  plane  and  the  thin  rectangular  foils 
perpendicular  to  the  transverse  direction  were  prepared  by  spark  machining  and  twin-jet 
polishing.  The  mechanical  properties  of  the  ARB  processed  specimen  were  determined  at 
ambient  temperature  by  an  Instron-type  tensile  testing  machine.  The  test  pieces  were 
spark-machined  so  that  the  tensile  direction  was  parallel  to  the  rolling  direction.  The  gauge 
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length  was  10mm  and  the  gauge  width  was  5mm.  The  initial  strain  rate  was  8.3x1 0  '^s  ’. 


4.  RESULTS  AND  DISCUSSION 
4.1  Microstructures 

TEM  microstructures  and  the  corresponding  selected  area  diffraction  (SAD)  patterns  observed 
at  rolling  plane  of  the  specimens  ARB-processed  by  2,  4,  6  and  8  cycles  are  shown  in  Fig.  2. 
The  SAD  patterns  were  taken  with  an  aperture  of  1.6pm  in  diameter.  Many  precipitates  with 
equiaxid  shape  are  seen  in  the  specimens.  The  specimen  after  2  cycles  shows  a  typical 
dislocation  cell  structure  of  which  the  SAD  pattern  is  a  single  net  pattern  (Fig.  2a).  For  the 
specimen  after  4  cycles,  the  dislocation  density  in  cells  decreases  and  the  cell  size  become 
fine,  comparing  to  that  after  2  cycles.  The  ultra-fine  grains  and  subgrains  are  also  seen  in  the 
specimen  after  4  cycles,  as  indicated  by  the  arrows  in  Fig.  2b.  The  fraction  of  these  ultra-fine 
grains  increased  with  the  number  of  ARB  cycles.  The  specimen  after  6  cycles  was  covered 
with  the  ultra-fine  grains  of  500nm  in  average  diameter  surrounded  by  clear  boundaries  (Fig. 
2c).  The  SAD  pattern  also  shows  more  complex  pattern  than  those  after  2  or  4  cycles.  This 
means  that  the  grains  formed  in  the  specimen  after  6  cycles  have  some  misorientations  to  each 
other.  The  specimen  after  8  cycles  also  showed  an  ultra-fine  grained  structure  with  average 
grain  size  of  3  lOnm,  smaller  than  that  after  6  cycles  (Fig.  2d).  These  ultra-fine  grains  began  to 
appear  at  3rd  cycle.  Figure  3  is  TEM  microstructure  showing  the  ultra-fine  grains  developed 
on  rolling  plane  of  the  specimen  produced  by  3  cycles.  It  is  observed  that  the  ultra-fine  grains 
in  which  the  dislocation  density  is  very  low,  are  surrounded  by  clear  boundaries.  This  is  quite 
different  from  that  after  2  cycles  shown  in  Fig.  2a.  Its  SAD  pattern  taken  with  an  aperture  of 
1.6  pm  in  diameter  shows  a  complex  pattern,  which  indicates  that  the  large  misorientation 
exists  between  the  ultra-fine  grains. 


Fig.  2  Changes  of  TEM  microstructures  and  the  corresponding  SAD  patterns  observed 
at  rolling  plane  of  the  specimen  with  the  number  of  Afe  cycles. 
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Fig.  3  TEM  microstructure  showing  ultra-fine  grains  formed  in 
rolling  plane  of  specimen  after  3-cycle  ARB. 

Figure  4  shows  TEM  microstructures  and  the  corresponding  SAD  patterns  observed  at  the 
plane  perpendicular  to  transverse  direction  (TD  plane)  of  the  specimens  ARB-processed  by  2, 
4,  6  and  8  cycles.  The  specimen  after  2  cycles  shows  a  dislocation  cell  structure  and  the  SAD 
pattern  shows  a  single  net  pattern.  The  specimen  after  4  cycles  also  shows  primarily  a 
dislocation  cell  structure,  but  some  ultra-fine  grains  surrounded  by  clear  boundaries  as  seen  in 
Fig.  4b.  The  specimen  after  6  cycles  shows  an  ultra-fine  grained  structure  covered  by  the 
grains  elongated  to  the  rolling  direction  over  almost  all  regions.  Its  SAD  pattern  suggests  that 
the  large  misorientation  exists  between  the  grains.  Ito  et  al.  demonstrated  that  the  ultra-fine 
grains  fornied  in  1100  pure  aluminum  by  6-cycle  ARB  have  almost  high-angle  boundaries 
with  large  misorientaions  above  15  degrees  to  each  other  [8].  Therefore,  it  is  thought  that  the 
ultra-fine  grains  formed  after  6-cycle  ARB  in  the  present  study  have  large  misorientations  to 
each  other.  The  further  ARB  to  8  cycles  makes  the  size  and  aspect  ratio  of  the  ultra-fine  grains 
smaller.  The  results  of  TEM  observation  from  ND  and  TD  plane  demonstrate  that  the 
ultra-fine  grains  developed  by  the  ARB  have  a  pancake-shape.  The  formation  process  of  these 
ultra-fine  grains  with  the  number  of  ARB  cycles  is  very  similar  to  those  of  1100  pure 
aluminum  or  a  5083  aluminum  alloy  [6]. 


Fig.  4  Changes  of  TEM  microstructures  and  the  corresponding  SAD  patterns  observed 
at  TD  plane  of  the  specimen  with  the  number  of  ARB  cycles. 
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4.2  Mechanical  properties 

Changes  in  mechanical  properties  of  the  ARB  processed  6061  alloy  sheet  with  total 
equivalent  strain  are  shown  in  Fig.  5.  The  results  of  1100  pure  aluminum,  which  have  been 
reported  by  Saito  et  al.  [7],  are  also  plotted  in  the  figure  for  comparison.  The  total  equivalent 
strain  (stn)  is  given  as  follows, 


where  n  is  the  number  of  ARB  cycles,  ho  is  the  thickness  of  the  initial  and  hn  is  the  thickness 
of  the  specimen  after  n  cycles.  The  tensile  strength  of  the  ARB  processed  6061  alloy  increases 
with  the  total  equivalent  strain,  although  the  strengthening  rate  decreases  at  the  higher  strain. 
The  tensile  strength  of  the  specimen  after  8  cycles  of  the  ARB  is  363MPa,  about  three  times 
of  the  initial  value.  In  general,  the  T6-treated  6061  alloy  shows  the  tensile  strength  of  310MPa 
and  the  elongation  of  17%  [1 1].  In  the  present  study,  the  specimens  were  not  heat-treated.  It  is 
notable  that  higher  strength  than  the  T6-treated  6061  alloy  is  achieved  by  the  ARB  process. 
However,  the  elongation  shows  only  about  5%,  which  is  much  lower  than  that  of  the 
heat-treated  6061  alloy.  Therefore,  it  is  necessary  to  increase  the  elongation  for  practical  use 
of  the  ARB  processed  materials. 

By  the  way,  the  increment  in  strength  of  the  ARB  processed  6061  alloy  with  increase  of 
strain  is  slightly  different  from  that  of  1100  aluminum,  as  Fig.  5  shows.  The  strength  of  1100 
aluminum  increases  largely  with  the  strain  up  to  a  strain  of  1.5,  but  above  which  the 
increment  in  the  strength  become  smaller.  On  the  other  hand,  the  strength  in  the  6061  alloy 
increases  almost  linearly  with  the  strain  to  a  strain  of  4,  which  is  much  larger  than  that  of 
1100  aluminum.  This  difference  in  tensile  strength  is  probably  due  to  the  difference  in  work 
hardening  behavior.  The  6061  alloy  contains  the  various  solutes  and  many  precipitates  as 
shown  in  Fig.  4.  These  will  contribute  to  the  hardening  of  the  6061  alloy  during  the  ARB.  On 
the  other  hand,  the  elongation  drops  abruptly  at  the  1st  cycle,  above  which  it  decreases 
progressively  with  the  number  of  ARB  cycles.  This  tendency  is  very  similar  to  that  of  the 
ARB  processed  1100  aluminum. 


0  1  2  3  4  5  6  7 

Total  equivalent  strain, 


Fig.  5  Changes  in  mechanical  properties  of  1100  pure  aluminum 
and  6061  alloy  with  total  equivalent  strain  (the  number  of  cycles) 
in  the  ARB 
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5.  CONCLUSIONS 


The  ARB  process  up  to  8  cycles  has  been  performed  successfully  for  6061  Al-Mg-Si  alloy. 

The  results  obtained  are  summarized  as  follows. 

1.  The  ultra-fine  grains  with  clear  grain  boundaries  begin  to  appear  at  the  3rd  cycle.  The 
fraction  of  these  ultra-fine  grains  increases  with  the  number  of  ARB  cycles.  The  specimen 
ARB-processed  by  6-cycle  ARB  was  almost  covered  with  the  ultra-fine  grains  of  500nm  in 
average  diameter  oyer  almost  all  regions.  The  further  ARB  process  up  to  8  cycles  makes  the 
size  and  aspect  ratio  of  the  ultra-fine  grains  smaller,  results  in  ultra-fine  grains  with  mean 
grain  size  of  3 1  Onm. 

2.  The  tensile  strength  of  the  ARB-processed  6061  alloy  increases  with  the  number  of  ARB 
cycles,  so  that  the  specimen  after  8  cycles  shows  tensile  strength  of  363MPa  which  is  about 
three  times  of  the  initial.  This  value  is  higher  than  that  of  T6-treated  6061  alloy.  On  the 
other  hand,  the  elongation  decreases  largely  after  1  cycle,  however  it  hardly  changes  after 
the  2nd  cycle. 
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ABSTRACT 

The  severe  plastic  deformation  at  room  or  low  temperatures  and  subsequent  heat  treatment 
is  a  feasible  process  capable  of  refining  the  sizes  of  grain/second  phase  particles  in  aluminum 
alloys.  This  study  investigates  the  refinement  of  intermatallic  compounds  in  Al-Fe  alloys  by 
low  temperature  thermomechanical  treatment(LTMT)  process.  Hyper-eutectic  Al-Fe  alloys(3, 
5,  7wt%)  were  manufactured  by  induction  heating  method.  The  as-cast  structure  was 
composed  of  coarse  primary  Ali3Fe4  phase(acicular  type,  length  200'-^300|im)  and  fine 
eutectic  phase(length  20  qm)  in  aluminum  matix. 

The  severe  plastic  deformation  of  the  alloys  by  swaging  upto  the  equivalent  true  strain  of 
3.582  at  low  temperature  led  to  a  refinement  of  primary  and  eutectic  phases  less  than  10  pm. 
The  matrix  is  also  refined  by  this  process.  And  the  second  phase  was  homogeneously 
distributed  in  the  deformed  alloy  as  particles.  However,  in  the  case  of  deformation  at  room 
temperature,  brittle  fracture  occurred  in  Al-7Fe  alloys. 

After  the  plastic  deformation,  the  hardness  increased  due  to  the  internal  stress  and  the 
fragmentation  of  the  intermetallic  compounds.  Heat  treatment(aging)  of  the  as-deformed  alloy 
at  150°C  led  to  a  further  increase  of  the  hardness  due  to  the  fine  precipitation.  The 
microstructure  after  heat  treatment  was  analyzed, 

1.  INTRODUCTION 

Conventional  high  strength  A1  alloys  are  generally  precipitation  hardened  by  aging  at 
temperatures  typically  below  200°C.  This  heat  treatment  limits  the  maximum  service 
temperature  of  these  A1  alloys  to  about  150°C.  For  higher  temperature  application,  the 
precipitates  made  by  aging  should  be  replaced  by  dispersoids  such  as  intermetallic  compound, 
which  is  thermally  stable.  Suitable  elements  to  form  thermally  stable  dispersoids  are  transition 
elements,  such  as  Fe  and  Ti,  due  to  the  their  low  solubility  in  aluminum  matrix.  To  achieve 
high  strength  at  high  temperature,  a  fine  distribution  of  dispersoids  with  high  volume  fraction 
is  needed  [1]. 

Rapid  solidification  such  as  laser  surface  treatment,  melt  spinning  and  atomization  is  one  of 
the  processes  to  produce  extremely  fine  dispersions  of  precipitates  [2,3].  But,  this  process  is 
not  adequate  for  mass  production  due  to  the  high  cost  and  low  productivity. 

Severe  plastic  deformation(SPD)  at  low  temperatures  and  subsequent  heat  treatment  of 
aluminum  alloys  allows  the  production  of  materials  with  fine  dispersions  of  precipitates  [4]. 

The  aim  of  this  study  was  the  production  of  Al-Ti,  Al-Fe  alloys  with  fine  dispersions  of 
intermetallic  compounds  by  thermomechanical  treatment  at  room(298K)  and  low(77K) 
temperatures.  The  matrix  phase  refined  by  the  LTMT  process  is  also  investigaed  by  TEM. 
Mechanical  properties  after  this  process  is  checked. 
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2.  EXPERIMENTAL  PROCEDURE 


Three  Al-(3,5,7)Fe  alloys(wt%)  and  Al-5Ti  alloy  were  prepared  by  induction  melting.  Rod 
shape  samples  with  35  mm  diameter  and  300  mm  in  length  were  casted  for  each  alloy. 
Chemical  composition  of  the  alloys  is  listed  in  Table  1. 


Tal 

Die  1 .  Chemical  com] 

position  of  alloys(wt.%) 

Alloys 

Fe 

Si 

Ti 

B 

A1 

Al-3Fe 

— 

3.24 

0.23 

- 

Bal. 

Al-5Fe 

5.10 

0.26 

- 

- 

Bal. 

Al-7Fe 

7.18 

0.25 

- 

- 

Bal. 

Al-5Ti 

0.70 

0.20 

4.62 

0.52 

Bal. 

The  surface  of  cast  bar  of  35  mm  in  diameter  was  machined  to  30  mm  in  diameter  to  erase 
the  cast  defects.  Then  processed  swaging  to  5  mm  in  diameter  at  77  K  with  16  steps  without 
intermediate  annealing.  This  working  process  creates  an  equivalent  true  strain  of  3.58  after 
final  swaged  sample.  The  working  process  was  also  conducted  at  RT  for  comparison.  The 
scanning  electron  micrographs  were  observed  for  the  swaged  specimens  etched  with  the 
solution  of  of  75  ml  HCL  +  25  ml  HNO3  +  5  ml  HF  +  25  ml  H2O.  The  phases  were  identified 
by  EDS  and  X-ray  diffraction  methods.  TEM  samples  were  prepared  by  polishing  the  slices  to 
a  thickness  of  about  100pm  and  twin-jet  electropolishing  using  a  solution  of  20  %  perchloric 
acid  and  80%  metanol  at  -30°C.  Transmission  electron  micrography  observations  were  carried 
out  using  an  JEOL  JEM-2000FX  II,  operated  at  200  kV.  Tensile  tests(gague  length  10  mm) 
were  carried  out  at  RT,  200,  300,  400®C  of  as  swaged  condition.  Hardness  was  measured  on 
the  on  longitudinal  section  of  the  samples  using  a  micro-Vickers  hardness  tester  with  a  load  of 
200  g  and  loading  time  of  10  sec. 


3.  RESULTS  AND  DISCUSSION 
3.1  Microstructure  Evolution 

The  as-cast  micro  structure  of  Al-Fe  alloys  is  composed  of  Al-matrix  and  intermetallic 
compounds.  Fig.  1  shows  the  scanning  electron  micrographs  of  Al-Fe  alloys  in  as-cast 
condition.  There  are  large  primary  phase  and  fine  eutectic  phase  in  aluminum  matrx.  The  size 
of  eutectic  phase  is  about  20pm.  The  volume  fraction  of  primary  phase  increases  with 
increasing  Fe  contents.  The  results  of  x-ray  diffraction  show  that  both  of  eutectic  and  primary 
phases  are  monoclinic  Ali3Fe4.  This  is  given  in  Fig.  2. 


Fig.  1  SEM  images  of  Al-Fe  alloys  in  as-cast  condition 
(a)  Al-3wt.%Fe,  (b)  Al-5wt.%Fe,  (c)  Al-7wt.%Fe 
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The  microstructural  change  after  swaging  at  cryogenic  temperature  (77  K)  of  the  three 
Al-(3,5,7)Fe  alloys  is  shown  in  the  scanning  electron  micrographs  (Fig.  3,  4,  5),  respectively. 
Although  the  grain  size  is  invisible  in  SEM  image,  a  very  fine  dispersoids  was  produced  by 
the  cryogenic  swaging  deformation.  At  the  deformation  of  equivalent  true  strain  of  0.812, 
there  is  still  large  primary  phase  together  with  small  eutectic  one.  With  increasing  the 
working  to  true  strain  1.687,  the  coarse  primary  phase  of  Ali3Fe4  is  broken  to  small  size,  and 
homogeneously  distributed  in  the  A1  matrix.  At  the  true  strain  of  3.582,  the  primary  phase  is 
less  than  10pm  in  size. 

A  very  fine  microstructure  was  produced  in  the  matrix  of  Al-Fe  alloy  deformed  at  77  K.  Fig. 
6  shows  the  typical  microstructure  of  deformed  matrix  phase  of  Al-SFe  alloy,  together  with  a 
selected  area  diffraction  pattern  (SADP)  obtained  from  a  area  of  1.5  pm  in  diameter. 
According  to  the  ring  pattern  of  SADP,  there  are  many  grains  in  the  selected  area  of  1.5  pm 
and  they  have  high  angle  grain  boundaries.  The  grain  size  of  the  aluminum  matrix  deformed 
at  77  K  to  the  true  strain  of  3.582  was  about  less  than  500nm.  A  high  density  dislocation 
tangle  is  observed  along  the  subgrain  boundaries. 


Fig.  2  X-ray  diffraction  pattern  of  as-cast  Al-5Fe  alloy. 


Fig.  3  SEM  images  of  Al-3Fe  alloy  with  cryogenic  working  at  77  K 
(a)  s  =0.812,  (b)  8  =1.687,  (c)  8  =2.669,  (d)  8  =3.582 
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Fig.  4  SEM  images  of  Al-5Fe  alloy  with  cryogenic  working  at  77  K 
(a)  e  =0.812,  (b)  8  =1.687,  (c)  8  =2.669,  (d)  8  =3.582 


Fig.  5  SEM  images  of  Al-7Fe  alloy  with  working  at  77  K 
(a)  8  =0.812,  (b)  8  =1.687,  (c)  8  =2.669,  (d)  8  =3.582 

It  is  recently  reported  that  severe  plastic  deformation  causes  the  desolution  of  second  phase 
in  Al-Fe  alloys  [4],  Al-Cu  alloy  [5].  Samples  of  Al-5Fe  alloy  deformed  to  the  true  strain  of 
3.582  at  77  K  were  aged  at  150”C  from  15  min  to  10  hrs.  The  microstructure  after  aging 
treatment  for  5  hrs  is  shown  in  Fig.  7.  Recrystallization  from  the  deformed  structure  occurs. 
The  size  of  the  recrystallized  grain  is  very  small,  less  than  0.5pm.  Fine  precipitation  occurred 
within  the  subgrain  due  to  the  aging  treatment. 
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Fig.  6  TEM  images  of  Al-5Fe  alloy  in  as-deformed(8  =3.582)  condition  at  77  K 


0.4^m  150nm 

Fig.  7  TEM  images  of  Ai-5Fe  alloy  aged  at  for  5hr 
after  swaging(e  =3.582)  at  77  K 


3.2  Tensile  Properties 

The  tensile  properties  of  Al-Fe  alloys  after  refinement  of  microstructure  were  investigaed  at 
room  and  high  temperatures.  At  room  temperature,  the  sample  of  Al-3Fe  alloy  deformed  at  77 
K  has  tensile  strength  of  230  MPa.  With  increasing  test  temperature,  the  tensile  strength  of  all 
three  alloys  decreases.  Tensile  strength  of  sample  deformed  at  77  K  is  higher  than  that  of 
sample  deformed  at  RT.  The  ductility  of  the  three  alloys  in  the  as-deformed  condition  is 
measured.  The  ductility  of  Al-Fe  alloy  increases  with  temperature.  Al-5Fe  has  the  elongation 
of  2.0  %  at  room  temperature. 


3,3  Microhardness 


Fig.  8  shows  the  microhardness  change  of  Al-Fe  alloys  with  deformation  at  RT  and  77  K. 
The  hardness  value  of  Al-Fe  alloys  increases  with  increasing  the  Fe  content,  with  increasing 
the  true  strain,  and  with  decreasing  the  deformation  temperautre.  The  changes  of  hardness 
during  aging  of  the  deformed  (at  77  K)  Al-5Fe  alloy  is  shown  in  Fig.  9.  The  microhardness  of 
deformed  alloy  increases  with  aging  time  due  to  the  precipitation  of  small  Ali3Fe4  second 
phase  (this  is  shown  in  TEM  images  of  Fig.  7).  The  hardness  goes  through  the  peak  value  at  3 
hrs,  then  decreases  due  to  the  coarsening  of  second  phase  and  relaxation  of  the  internal  stress 
caused  by  deformation. 


True  Strain  Aging  Time  (min) 


Fig.  8  Hardness  (Hv)  of  Al-Fe  alloys 
as  a  function  of  true  strain. 


Fig.  9  Hardness  of  Al-5Fe  alloy 
with  aging  time  at  150°C. 


4.  CONCLUSIONS 


Changes  in  the  microstructure  of  Al-Fe  alloys  deformed  at  cryogenic  temperature  have 

been  investigated  using  SEM  and  TEM.  The  following  conclusions  were  obtained. 

1.  Cryogenic  swaging  deformation  of  Al-Fe  alloys  led  to  the  refinement  of  intermetallic 
compound  (primary  and  eutectic  Ali3Fe4  phases)  and  the  homogeneous  distribution  of 
fragmented  small  intermetallic  compound  particles.  The  size  of  particles  after  swaging 
deformation  to  true  strain  3.582  at  77  K  is  less  than  lOpm. 

2.  The  grain  size  of  matrix  phase  is  also  refined  by  the  swaging  process  at  77  K.  The  refined 
grain  size  is  about  0.5pm  in  diameter. 

3.  Severe  deformation  causes  some  desolution  of  Fe  element  into  the  aluminum  matrix.  Aging 
the  deformed  Al-5Fe  samples  at  150°C  led  to  the  precipitation  of  the  Ali3Fe4  within  the 
subgrain.  The  grain  size  is  maintained  less  than  0.5pm  in  diameter. 
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ABSTRACT 

Equal-channel  angular  pressing  (ECAP)  is  a  processing  procedure  in  which  a  material  is 
subjected  to  severe  plastic  deformation.  This  paper  describes  the  use  of  ECAP  in  preparing 
materials  with  ultrafine  grain  sizes  and  the  subsequent  properties  of  these  materials  at  room 
temperature  and  at  elevated  temperatures.  It  is  shown  that  a  very  fine  grain  size  of  -0.2  pm  with 
high-angle  boundaries  may  be  produced  in  an  Al-3%  Mg-0.2%  Sc  alloy  by  using  ECAP  to  8 
passes  at  room  temperature.  These  fine  grains  are  stable  to  -773  K  due  to  a  dispersion  of  fine 
AI3SC  particles  and  the  alloy  exhibits  superplastic  elongations  at  high  temperatures.  Commercial 
1100,  2024,  3004,  5083,  6061  and  7075  alloys  were  subjected  to  ECAP  at  room  temperature 
giving  fine  grain  sizes  of  <1  pm.  It  is  shown  that  the  0.2%  proof  stress  and  the  UTS  of  these 
alloys  increase  abruptly  in  tensile  tests  after  a  single  pass  in  ECAP  but  thereafter  the  increase  is 
more  gradual.  By  contrast,  the  elongations  to  failure  decrease  abruptly  after  one  pass  and  then 
remain  constant.  The  results  show  also  the  development  of  superplasticity  in  the  2024  alloy. 

1.  INTRODUCTION 

Severe  plastic  deformation  (SPD)  is  a  processing  tool  that  may  be  used  to  introduce  very 
significant  grain  refinement  in  structural  metals  [1,2].  Several  SPD  methods  are  now  available 
but  the  most  promising  technique  appears  to  be  Equal-Channel  Angular  Pressing  (ECAP)  [3,4] 
because  this  procedure  may  be  used  for  processing  relatively  large  bulk  samples.  Through  the 
use  of  ECAP,  it  is  possible  to  reduce  the  grain  size  to  the  submicrometer  level  and  therefore  to 
values  that  are  smaller  than  generally  achieved  using  conventional  thermomechanical 
processing.  This  grain  refinement  has  two  potential  advantages.  First,  it  strengthens  the 
material  in  the  low  temperature  regime  through  the  Hall-Petch  relationship  [5,6]  as,  for 
example,  in  tensile  testing  at  room  temperature.  Second,  in  the  high  temperature  regime  where 
diffusion  is  reasonably  rapid,  there  is  a  possibility  of  achieving  a  superplastic  forming 
capability  [7].This  paper  examines  the  use  of  ECAP  with  a  series  of  aluminum-based  alloys. 
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2.  EXPERIMENTAL  MATERIALS  AND  PROCEDURES 


The  experiments  were  conducted  using  an  Al-3%  Mg-0.2%  Sc  alloy  prepared  by  casting  and  a 
series  of  commercial  alloys  (1100, 2024,  3004,  5083, 6061  and  7075).  The  Al-Mg-Sc  alloy  was 
fabricated  from  99.99%  Al,  99.999%  Sc  and  99.9%  Mg  using  the  procedure  described  in  detail 
in  earlier  reports  [8-10]  and  including  a  solution  treatment  for  1  hour  at  883  K  in  order  to 
maximize  the  amount  of  scandium  in  solid  solution  [8].  The  commercial  1 100  and  5083  alloys 
were  received  after  hot  rolling,  the  3004  alloy  after  cold  rolling  and  the  2024,  6061  and  7075 
alloys  after  appropriate  heat  treatments:  detailed  information  about  these  various  alloys, 
including  their  chemical  compositions,  was  given  in  an  earlier  report  [11].  Measurements 
showed  that  the  initial  grain  sizes  of  these  materials  prior  to  ECAP  were  ~200  pm  in  the 
Al-Mg-Sc  alloy  and  -^30,  ~40,  ~15,  ~30,  ~50  and  ~30  pm  in  the  1 100,  2024,  3004,  5083,  6061 
and  7075  alloys,  respectively. 

All  samples  were  subjected  to  ECAP  at  room  temperature.  In  addition,  some  of  the  samples  of 
the  2024  alloy  were  pressed  at  373  K.  The  principle  of  ECAP  is  that  a  sample  is  pressed 
through  a  die  contained  within  a  channel  bent  into  an  L-shaped  configuration.  In  this 
investigation,  the  ECAP  used  a  solid  die  with  a  single  channel  bent  through  an  angle  of  90°.  For 
a  channel  angle  of  90° ,  it  can  be  shown  from  first  principles  that  the  strain  introduced  into  the 
sample  on  a  single  passage  through  the  die  is  ~1  [12].  In  practice,  the  cross-sectional 
dimensions  remain  unchanged  during  processing  by  ECAP  and  it  is  therefore  possible  to 
achieve  very  high  total  strains  by  pressing  the  same  sample  repetitively  through  the  die.  In  this 
investigation,  each  sample  was  rotated  by  90°  in  the  same  sense  between  consecutive  pressings 
in  the  procedure  termed  route  Be  [13]  where  this  route  was  selected  because  it  tends  to  be  the 
optimum  procedure  for  attaining  an  array  of  equiaxed  grains  separated  by  high-angle 
boundaries  [14].  Following  ECAP,  specimens  were  examined  using  transmission  electron 
microscopy  and  the  thermal  stability  of  the  ultrafme  microstructures  was  evaluated  by 
annealing  samples  for  1  hour  at  selected  elevated  temperatures.  Tensile  specimens  were 
machined  from  several  of  the  as-pressed  billets,  with  the  gauge  lengths  of  the  samples  cut 
parallel  to  the  pressing  direction.  These  specimens  were  tested  in  tension  at  room  temperature 
and  at  673  K  using  a  testing  machine  operating  at  a  constant  rate  of  cross-head  displacement. 


3.  EXPERIMENTAL  RESULTS 
3.1  Al-3%  Mg-0.2%  Sc  alloy 

Figure  1  shows  a  representative  microstructure  of  the  Al-3%  Mg-0.2%  Sc  alloy  after  ECAP 
through  a  total  of  8  passes  at  room  temperature  to  a  strain  of  '-8:  the  selected  area  electron 
diffraction  (SAED)  pattern  was  taken  from  a  region  having  a  diameter  of  12.3  pm.  Careful 
measurements  showed  that  the  average  grain  size  in  this  condition  was  -0.2  pm.  In  addition, 
the  SAED  pattern  suggests  the  presence  of  high-angle  grain  boundaries.  By  recording  the 
individual  SAED  patterns  over  a  large  area  within  the  sample  (-100  xlOO  pm^),  it  was 
estimated  that  the  as-pressed  condition  contained  an  area  fraction  of  >90%  of  equiaxed  grains 
separated  by  high-angle  boundaries  and  <10%  of  subgrains  separated  by  boundaries  having 
low-angles  of  misorientation.  Thus,  ECAP  is  exceptionally  effective  in  introducing  an 
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extremely  small  grain  size  into  this  alloy. 

The  grain  stability  of  this  alloy  was  evaluated  by  annealing  small  disks  cut  from  the  as-pressed 
rods.  The  result  is  shown  in  Fig.  2  together  with  similar  data  for  samples  of  pure  A1  after 
pressing  through  4  passes  at  room  temperature  [15],  an  Al-3%  Mg  alloy  after  8  passes  at  room 
temperature  [15]  and  an  Al-0.2%  Sc  alloy  after  8  passes  at  room  temperature.  These  results 
show  that  the  Ultrafme  grain  sizes  introduced  by  ECAP  are  remarkably  stable  in  the  alloys 
containing  0.2%  Sc  and  this  stability  is  attributed  to  the  presence  of  fine  secondary  particles  of 
AlsSc. 


Tensile  testing  was  conducted  at  673  K  and  Fig.  3  shows  the  measured  elongations  to  failure  as 
a  function  of  the  initial  strain  rate  for  the  Al-3%  Mg-0.2%  Sc  alloy  and  for  the  other  materials 
documented  in  Fig.  2.  It  is  apparent  from  this  plot  that  the  Al-3%  Mg-0.2%  Sc  alloy  exhibits 


Fig.  1  Microstructure  of  the  Al-3%  Mg-0.2%  Sc  alloy  after  ECAP 
through  8  passes  at  room  temperature: 

SAED  pattern  taken  with  an  aperture  size  of  12.3  pm. 

ANNEALING  TEMPERATURE  (°C) 

0  100  200  300  400  500  600 


Fig.  2  Variation  of  grain  size  with  annealing  temperature  for  pure  A1 
and  various  A1  alloys  after  processing  by  ECAP. 
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STRAIN  RATE  (s-i) 

Fig.  3  Elongation  to  failure  versus  initial  strain  rate 
for  tests  conducted  at  673  K  after  ECAP. 

exceptionally  high  ductilities  at  strain  rates  in  the  vicinity  of  ~10'^  -  10’’  s'*,  with  a  maximum 
elongation  of  2280%  at  an  initial  strain  rate  of  3.3  x  10'^  s’*.  Pure  A1  and  the  Al-3%  Mg  alloy 
do  not  exhibit  superplastic  elongations  at  this  testing  temperature  because,  as  shown  in  Fig.  2, 
the  grains  grow  to  >100  pm;  and  the  Al-0.2%  Sc  alloy  fails  to  give  high  ductilities  because  the 
alloy  is  deforming  by  a  conventional  climb-controlled  deformation  mechanism  with  a  relatively 
low  strain  rate  sensitivity  of  -0.2.  By  contrast,  the  addition  of  3%  Mg  introduces  a 
glide-controlled  deformation  process  together  with  the  enhanced  ductilities  and  higher  strain 
rate  sensitivity  associated  with  Al-Mg  alloys  [16]  and  this  behavior  is  further  enhanced  in  the 
Al-3%  Mg-0.2%  Sc  alloy  because  of  the  retention  of  an  exceptionally  fine  grain  size  close  to 
~1  pm. 

3.2  Commercial  A1  alloys 

Processing  by  ECAP  at  room  temperature  leads  to  average  grain  sizes  of  <1  pm  in  the 
commercial  Al-based  alloys  [11].  As  a  consequence  of  this  grain  refinement,  there  is  an 
increase  in  both  the  0.2%  proof  stress  and  the  ultimate  tensile  stress  (UTS)  in  tensile  testing  at 
room  temperature.  This  is  illustrated  in  Figs  4(a)  and  (b)  where  the  tests  were  conducted  with 
an  initial  strain  rate  of  3.3  x  lO’"*  s’*  and  the  data  are  plotted  as  a  function  of  the  equivalent  strain 
introduced  by  ECAP  and  thus  to  the  number  of  passes  through  the  ECAP  die.  These  plots  show 
the  sharp  increase  introduced  on  a  single  pass  through  the  die  and  the  gradual  increase 
thereafter,  and  Fig.  4(c)  shows  also  the  corresponding  reductions  in  the  elongations  to  failure 
that  occur  on  the  first  passage  through  the  die. 

The  commercial  2024  alloy  was  also  tested  in  tension  at  a  temperature  of  673  K  in  both  the 
unpressed  condition  and  after  ECAP  for  8  passes  at  either  room  temperature  or  373  K  [  1 7].  The 
results  are  shown  in  Fig.  5  where  the  elongations  to  failure  are  plotted  against  the  initial  strain 
rate  in  tension.  Inspection  shows  the  unpressed  alloy  yields  elongations  to  failure  that  are 
generally  <200%  whereas  the  alloy  exhibits  elongations  close  to  -500%  after  ECAP  at  either 
298  or  373  K.  The  highest  elongation  was  achieved  in  this  alloy  at  an  initial  strain  rate  of  1,0 
X  10'^  s'*  after  ECAP  for  8  passes  at  373  K. 
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0.2%  PROOF  STRESS  (MPa) 


Fig.  4  Relationship  between  the  mechanical  properties  and  the  equivalent  strain 
in  ECAP  in  tensile  tests  at  room  temperature  using  an  initial  strain  rate 
of  3.3  X  s’^  (a)  0.2%  proof  stress,  (b)  UTS  and  (c)  elongation  to  failure. 


Fig.  5  Elongation  to  failure  versus  initial  strain  rate  for  tests  conducted  in  tension 
on  the  commercial  2024  alloy  in  the  unpressed  condition  and  after  ECAP. 
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4.  SUMMARY  AND  CONCLUSIONS 


Ultrafine  grain  sizes  of  <1  |Lim  may  be  introduced  into  Al-based  alloys  through  processing  by 
ECAP  at  room  temperature.  These  grains  are  reasonably  stable  at  high  temperatures  if 
precipitates  are  present  in  the  materials.  The  introduction  of  very  small  grains  leads  to 
strengthening  of  the  alloys  at  low  temperatures  and  there  is  a  potential  for  achieving 
superplastic  ductilities  at  elevated  temperatures. 
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ABSTRACT 

Al-Mg-Si  alloys  are  widely  used  as  materials  for  welded  structures.  In  this  paper,  the 
effects  of  Mn  addition  on  toughness  of  welded  Al-Mg-Si  alloys  have  been  investigated.  To 
evaluate  microstructural  effects  quantitatively,  in-situ  SEM  observations  of  crack  initiation 
and  propagation  behaviors  through  the  weldment  were  carried  out.  When  small  amount  of  Mn 
is  added,  recrystallization  is  completely  suppressed  as  compared  to  the  specimen  to  which  no 
Mn  was  added,  thereby  coarse  grains  appeared.  Recrystallization  of  HAZ  causes  a  drastic 
decrease  in  fracture  toughness.  With  the  extension  of  the  main  crack,  many  microcracks  are 
formed  at  the  grain  boundaries  ahead  of  crack-tip,  where  stress  is  relatively  low.  The 
microcracking  are  not  attributed  to  so-called  liquation  cracks.  The  degradation  is  caused  by 
the  formation  of  film  like  Al-Mg  intermetallic  compounds  at  grain  boundaries.  The 
microcracks  are  aligned  ahead  of  the  crack-tip  at  an  angle  of  60  degrees  from  an  initial  notch 
direction.  This  is  attributable  to  the  direction  of  intermetallic  compound  films,  which  is 
confirmed  by  the  numerical  analysis. 

Keywords:  Al-Mg-Si  alloy,  Weldment,  Charpy  impact  test.  Fracture  toughness.  Liquation 
crack,  In-  situ  observation. 


1.  Introduction 


Medium  to  high-strength  aluminum  alloys  represent  attractive  alternatives  to  steel  for  various 
applications.  Of  these,  Al-Mg-Si  alloys  are  superior  to  other  high  strength  aluminum  alloys  in 
their  weldability  and  corrosion  resistance,  but  is  reported  to  have  a  problem  of  low  fracture 
toughness  in  the  heat  affected  zone  near  a  weldment  due  to  the  liquation  cracking  (1),  (3).  The 
liquation  cracking  is  a  defect  of  welded  section  on  Al-Mg-Si  alloys.  The  HAZ  liquation 
cracking  of  6082A1  alloy  is  investigated  using  the  instrumented  Charpy  impact  testing  and 
three-point  bending  tests.  The  sensitivity  of  HAZ  liquation  cracking  was  mainly  evaluated  by 
maximum  crack  length  in  the  HAZ  (2).  In  the  previous  paper,  it  became  clear  that  the 
initiation  of  liquation  crack  depends  on  type  of  filler,  cross  section,  grain  structure  of  base 
material,  density  of  alloying  elements  and  welding  conditions  (2).  These  alloys  are  currently 
used  for  automobile,  train  and  passenger/cargo  ships,  combining  with  other  aluminum  alloys 
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or  composites.  It  is  expected  that  the  usage  will  be  steadily  increased  in  the  future. 


2.  Experimental  procedure 


2.1  Welding  conditions  and  specimens 


Table  one  shows  the  chemical  compositions  of  materials  used  in  this  study. 


Table  1  Chemical  compositions  of  the  base  materials  (mass  %) 


Material 

Mg 

Si 

Mn 

Fe 

Ti 

Cu 

Zn 

Cr 

Ai 

0.0%Mn 

0.88 

1.10 

0.01 

msm 

0.02 

0.01 

0.03 

0.01 

balance 

0.4%Mn 

0.91 

1.11 

0.40 

WEsm 

0.02 

0.01 

0.02 

0.01 

balance 

0.7%Mn 

0.90 

1.06 

0.72 

0.13 

0.02 

0.01 

0.01 

0.01 

balance 

The  amount  of  Mn  is  changed  from  0.01  to  0.72%.  The  base  materials  were  homogenized 
(813K,  144ks),  extruded  at  high  temperature  (743K,  lOm/min)  and  artificially  aged  (453K, 
21.6ks,  T6  conditions).  Finally  plates  with  6mm  in  thickness  were  obtained.  The  treatments 
were  done  outside.  Filler  material  used  was  an  A5356  Al-Mg  with  diameter  of  1.6mm.  Before 
welding,  the  base  materials  were  fastened  on  a  copper  support  and  a  groove  was  very 
precisely  machined  with  an  angle  of  60  degrees  and  a  depth  of  5mm.  The  welding  procedure 
is  MIG  and  welding  direction  is  perpendicular  to  the  extrusion  direction  of  the  base  material. 
The  parameters  of  welding  are:  arc  current  230V,  arc  voltage:  23V  and  welding  speed: 
400mm/min.  The  welding  was  finished  by  a  single  pass.  This  process  was  done  by  Furukawa 
Corporation. 


2.2  Optical  observations 

Samples  were  prepared  for  optical  observations.  Longitudinal  section  of  weld  bead  was 
polished  to  be  like  a  mirror  and  after  that  etched  with  the  Burger’s  etching  agent  (4).  Optical 
observations  were  carried  out  using  a  Nikon  microscope.  Other  observations  were  made  using 
a  SEM  JSM  5600  equipped  with  EDX  image  analyzer. 


2,3  Instrumented  Charpy  impact  testing 

Standard  lO(thickness)  x  lO(width)  x  55  mm^  Charpy  V  notch  specimens  were  tested  at  room 
temperature.  Specimens  were  produced  so  that  it  is  perpendicular  to  the  weld  bead  on  loading 
direction.  The  direction  of  crack  propagation  is  opposite  to  the  welding  direction.  For  the 
study  of  toughness,  5  types  of  specimen  with  different  positions  of  notch  were  prepared.  The 
notch  positions  were  decided  according  to  distribution  of  Vickers  hardness  shown  in  Figure  1. 
Notch  position  of  the  first  sample  is  located  in  the  center  of  the  bead,  for  the  second  to  the 
fifth  notch  position,  distance  from  a  fusion  line  is:  0.5,  4,  13  and  20mm,  respectively.  The 
crack  propagation  in  the  second  material  is  mostly  in  weld  metal  and  partially  through  HAZ. 
For  the  third  position,  crack  propagation  is  mostly  in  the  HAZ  and  partially  in  the  weld  metal. 
The  instrumented  Charpy  impact-testing  machine  used  has:  a  capacity  of  98J,  impact  speed  of 
4.5m/s.  Ej,  Ep  and  Et  were  evaluated  from  load-  deflection  curves  (5). 
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Specimens  No.  i  2  3 

4 

5 

d  (mm)  -4  0.5  4 

13 

20 

•4  0  <5  8  12  16  20 

Distance  from  fusion  line,  d/mm 


Fig.l  Variation  of  Vickers  hardness  as  a  function  of  distance  from  a  fusion  line  with  a  schematic 
illustration  of  positions  of  notch-  tip  in  the  fracture  toughness  tests. 

2.4  In  situ  SEM  fracture  toughness  test 

For  the  study  of  fracture  behavior  of  HAZ,  it  was  carried  out  in  situ  fracture  toughness  tests.  3 
point  bending  specimen  were  used.  The  notch  is  located  400pm  from  fusion  line,  the  direction 
of  crack  propagation  is  the  same  as  Charpy  impact  specimen.  Loading  speed  was 
O.Olmm/min  and  before  breaking,  the  load  deflection  curve  was  recorded  and  finally  in  situ 
observations  were  carried  out. 


3.  Experimental  results 


3.1.  Microstructural  observations 

Figure  2  shows  optical  micrographs  of  cross  sectional  area  near  a  fusion  line.  HAZ  of  0%  Mn 
material  shows  recrystallized  grains.  In  HAZ  of  0%Mn  material,  liquation  crack  was  observed 
away  at  350-  450pm  from  a  fusion  line  (indicated  by  an  arrow). 


Fig.2  Optical  microstructures  of  cross  sectional  areas  near  fusion  line  a)  for  0%Mn  material 
and  b)  0.4%Mn  material. 
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In  the  case  of  0.4%  and  0.7%  Mn,  the  fibrous  microstructure  well  remains  and  no  evidence  of 
recrystallization  can  be  seen.  Figure  3  shows  SEM  image  with  a  corresponding  EDX 
spectrum  of  Mg  in  the  HAZ  at  about  240pm  from  a  fusion  line  for  the  0%  Mn  material.  EDX 
analysis  presents  only  a  sharp  peak  of  Mg;  other  elements  like  Si,  Fe,  Te,  Zr  and  Cr  were  not 
identified.  Grain  boundary  at  about  420pm  from  a  fusion  line  was  also  analyzed,  where  a 
liquation  crack  appeared  and  only  a  peak  of  Mg  was  observed.  In  both  cases  we  confirmed  the 
formation  of  intermetallic  compound  phases  of  the  Al-  Mg  system. 


Fig.3  SEM  image  and  corresponding  EDX  spectrum  of  Mg  at  around  240pm  from  fusion  line 
in  0%  Mn  material 


3.2  Instrumented  Charpy  impact  testing  results 


Distance  from  a  fusion-line,  J  /  mm  Distance  from  a  fusion-line,  d !  mm 

(a)E  (b)E 


-A-O^^Mn  •O-0.7%Mn 


Fig.4  Variations  of  absorbed  energy  as  a  function  of  distance  from  a  fusion  line.  Effects  of  the 
Mn  content  were  shown  for  comparison. 


According  to  Figure  4,  toughness  of  matrix  and  HAZ  of  the  0%Mn  material  is  smaller  than 
those  of  the  0.4%  and  0.7%  Mn  materials  over  a  wide  distance.  The  largest  difference  in  the 
toughness  between  the  0%Mn  material  and  other  two  materials  was  recorded  at  the  third 
position  of  notch.  For  the  0.4  and  0.7%  Mn  materials,  the  levels  of  Etand  Epare  larger  in  the 
first  position.  Returning  to  the  first  position,  weld  metal  has  the  lowest  toughness  because  it 
has  the  casting  structure  (5),  while  the  farthest  position  also  has  remarkably  low  fracture 
toughness  comparing  with  the  neighboring  position  simply  because  of  overaging. 
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3.3.  In  situ  observation  of  crack  propagation  process 

Figure  5  shows  SEM  micrograph  of  specimen  surface  during  the  in-situ  fracture  toughness 
test  together  with  the  schematic  illustration  of  microcrack  distribution.  In  the  case  of  the 
0%Mn  material  in  which  a  notch  was  introduced  at  400 pm  ahead  fusion  line,  i.e.  in  HAZ, 
only  one  liquation  crack  of  1  mm  long  was  observed  ahead  of  a  crack-tip  before  starting  the 
test.  Crack  initiated  from  the  notch  tip  is  propagated  by  500pm  and  many  microcracks  with 
the  maximum  length  of  1pm  were  also  observed  within  3mm  ahead  of  the  main  crack  tip  at 
P/Pmax  =  0.97.  The  microcracks  are  oriented  in  a  similar  direction,  inclined  at  an  average  angle 
of  60  degrees  from  the  initial  notch  direction. 


Fig. 5  SEM  micrograph  of  specimen  surface  during  in-situ  fracture  toughness  test  a)  and 
schematic  illustration  of  microcrack  distribution  b). 


4.  Discussions 


In  Figure  3,  recrystallization  was  suppressed  in  the  HAZ  in  the  case  of  materials  with  Mn 
addition.  Even  by  a  small  amount  of  Mn  added  (0.1mass%),  small  Mn  bearing  particles 
suppressed  grain  boundary  migration.  On  the  other  hand,  grains  are  observed  in  the  0%Mn 
material.  It  is  known  that  the  behavior  is  affected  by  the  welding  conditions.  According  to 
Miyazaki  (6)  who  used  the  Varestrain  test,  liquation  cracking  was  developed  within  HAZ 
grains  were  coarsened.  Before  loading  (Figure  5),  liquation  crack  could  not  be  observed, 
while,  after  loading,  we  observed  extensive  intergranular  cracking  ahead  of  a  crack  tip.  This 
observation  suggests  that  the  grain  boundary  strength  within  the  HAZ  is  extremely  low  in  the 
vicinity  of  the  fusion  line.  Usually,  the  liquation  cracks  are  welding  defects  which  are  formed 
by  opening  of  grain  boundaries  next  to  a  melt  pool  at  high  temperature  due  to  the  local 
eutectic  melting  and  subsequent  impregnation  of  melt  metal.  Insufficient  impregnation  causes 
the  liquation  cracks  especially  when  the  fluidity  is  bad.  However,  in  this  case,  no  discemable 
welding  defects  were  observed  before  tests.  The  grain  boundary  strength  is  lowered  by  the 
formation  of  the  film-like  brittle  layer.  Microcracks,  which  are  formed  ahead  of  a  main  tip 
were  orientated  in  a  specified  direction.  There  seem  to  be  two  possibilities  for  the  orientation 
of  the  microcracks:  1)  Mechanism:  The  deformation  behaviors  of  welded  metal  and  HAZ  are 
different,  thus  mode  II  deformation  takes  place.  2)  Material:  When  the  base  metal  is  welded. 
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grain  boundary  opened  in  a  specified  direction.  Figure  6  shows  fracture  surfaces  after  the 
in-situ  SEM  fracture  toughness  test.  The  intermetallic  compounds  can  be  observed  at  grain 
boundary.  It  indicates  that  the  opening  direction  of  grain  boundary  during  welding  mainly 
causes  inclination  of  the  microcracks  formed. 


Fig.6  Fracture  surface  after  in-situ  fracture  toughness  test. 


5.  Conclusions 


In  this  article  the  effects  of  the  grain  structure  on  toughness  of  the  welded  materials  have  been 
investigated.  The  following  results  were  obtained: 

1)  Toughness  of  the  weld  metal  is  the  always  the  lowest  because  it  has  the  casting 
micro  structures, 

2)  When  no  Mn  was  added,  recrystallization  occurred  in  the  HAZ.  Small  numbers  of  liquation 
cracks  are  observed  at  350-  450pm  from  a  fusion  line.  However,  the  recrystallization  is 
suppressed  by  a  small  amount  of  Mn  addition. 

3)  In  0%  Mn  material  many  microcracks  were  initiated  ahead  of  crack  tip  during  loading. 
These  microcracks  are  not  pre-existing  liquation  cracks,  and  is  formed  by  considerably  low 
strength  of  grain  boundary  due  to  the  formation  of  brittle  intermetallic  compound  at  grain 
boundary.  These  microcracks  are  limited  within  500pm  from  a  fusion  line. 

4)  Microcracks  were  initiated  at  60  degrees  to  the  weld  bead.  It  is  due  to  the  oblique  opening 
of  grain  boundary  in  HAZ  during  welding. 
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ABSTRACT 

DCC  has  some  demerits  such  as  oscillation  and  subsurface  segregation  etc.  The 
electromagnetic  casting  (EMC)  technology  was  used  to  solve  these  problems.  The  2024  Al 
alloys  were  made  by  EMC  and  DCC  technology.  OM,  SEM,  XRD  and  DSC  etc.  were  carried 
out  to  contrast  the  microstructural  and  mechanical  characteristics  of  EMC  and  DCC  2024 
aluminum  alloy  before  and  after  heat  treatment.  Compared  to  DCC  ingot,  the  EMC  ingot  has 
better  mechanical  properties  not  only  in  as-cast  condition  but  also  in  as-aged  one.  DSC  curves 
show  the  EMC  specimens  have  high  enthalpy  that  means  much  more  precipitation  formed 
during  the  heating  process.  Even  though  after  heat-  treatment,  the  DCC  ingot  still  can  not  get 
the  same  quality  as  EMC  one.  Moreover,  considering  the  expensive  scalping  operation  for 
DCC  ingots,  the  EMC  technique  is  one  of  the  best  manufacturing  methods  to  get  the  high 
quality  ingots  of  aluminum  alloys. 

1.  INTRODUCTION 

Owing  to  their  impact  on  industrial  casting  processes,  an  increasing  interest  has  been 
shown  in  fundamental  and  applied  investigations  on  electromagnetic  casting  (EMC).  EMC  is 
a  technology  developed  by  combination  of  magnetohydrodynamics  (MHD)  and  easting 
engineering.  The  main  advantage  of  the  EMC  technology  consists  in  the  presence  of  stirring 
motions  in  the  melt  which  lead  to  significant  reduction  of  the  grain  size  in  the  solidified 
product.  Moreover  surface  quality  and  subsurface  quality  are  improved  due  to  the  absence  of 
ingot  mould[l].  The  surface  finish  of  the  ingot  is  usually  smooth  enough  to  be  hot  rolled 
without  scalping  operation  that  is  required  following  direct  chill  casting[2].  Besides  refining 
internal  structures,  electromagnetic  stirring  also  has  advantages  of  homogenized  alloy 
elements,  reducing  porosity  and  segregation,  and  minimizing  internal  cracks[3].  Even  though 
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many  investigations  have  examined  electromagnetic  and  magnetohrodynamics  phenomena  in 
EMC  of  aluminum,  the  research  about  the  microstructural  and  mechanical  characterization  are 
comparatively  few.  This  paper  is  an  attempt  to  remedy  this  deficiency.  Comparing  the  DCC 
ingot,  the  EMC  one  has  more  fine  microstructure  and  excellent  properties.  In  this  paper,  an 
investigation  of  aluminum  alloys  EMC  ingots  will  be  described  in  this  aspect. 

2.  EXPERIMENTAL  PROCEDURE 

2.1  The  operation  of  EMC 

After  obtaining  the  distribution  of  the  magnetic  field,  the  solidification  front  and  the  height 
of  the  liquid  column,  the  shaping  experiment  for  an  EMC  ingot  could  be  done.  The  technique 
procedures  are  as  follows:  (1)  to  melt  metal;  (2)  to  adjust  the  position  of  inductor,  screen, 
water  jacket  and  bottom  block;  (3)  to  operate  cooling  system;  (4)  to  turn  on  power  supply;  (5) 
to  cast  on;  (6)  in  steady  stage,  to  keep  withdrawal  speed,  casting  and  solidification  rate  with 
optimal  value  to  make  steady  liquid  column  and  solidification  front  until  the  end  of  casting. 
The  manufacturing  condition  is:  inductor  current,  4800A;  height  of  liquid  column,  40mm; 
solidification  front,  10mm  up  to  bottom  of  inductor;  pouring  temperature,  710~730°C;  flow 
rate  of  cooling  water,  3m^/h;  casting  speed,  0.3~1.5mm/s.  The  experimental  specimens  could 
be  obtained  from  these  EMC  ingots  and  DCC  ingots. 

2.2.  Heat-treatment  and  Mechanical  Properties 

The  metallographic  specimens  were  prepared  by  cutting,  grinding,  polishing  and  etching. 
The  etchant  was  Keller’s  solution.  All  specimens  were  examined  by  an  optical  microscope. 
2024  specimens  were  solution-treated  at  495  °C  (salt  bath)  for  1  hour  and  then  quenched  in 
ice  water.  After  this,  they  were  immediately  aged  in  the  190  °C  silicon  oil  bath  for  various 
holding  time.  For  contrasting  the  mechanical  properties  and  response  of  the  ageing  effect, 
hardness  tests  were  performed  before  and  after  heat-treatment  by  the  load  of  60kg  with  the 
Rockwell  hardness  tester 

3.  RESULTS  AND  DISCUSSION 

3.1  Microstructures 

Fig.l  shows  the  transverse  sectional  grain  structures  of  the  2024  DCC  and  EMC  specimens 
in  as-cast  state.  It  is  clear  that  the  grains  of  EMC  are  small  and  equiaxed,  no  matter  at  edge. 
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midthickness  1 ,  2  or  center  of  ingots.  In  DCC  condition,  the  grain  size  becomes  coarse  from 
surface  to  center  of  ingot.  The  conventional  DCC  process  is  known  to  generate  non-uniform 
heat  transfer  due  to  air-gap  formation.  Therefore,  local  solidification  times  become  extended 
due  to  the  rapid  loss  of  superheat.  The  grains  move  about  in  the  pool  for  extended  times, 
growing  and  coarsening  all  the  while.  Microstructural  coarsening  of  the  dendrites  due  to 
Ostwald  ripening  becomes  significant  in  the  center  of  DCC  ingot[4].  However,  it  has  different 
situation  in  EMC  process.  The  grain  of  EMC  ingots  is  more  homogeneous  over  the  entire 
cross  section.  It  is  well  known,  the  skin-effect  exists  in  the  electromagnetic  induction  system. 


Edge  Midthicknes  Cente 


Fig.l  Microstructural  comparison  of 2024  DCC  and  EMC  ingots  (0180)  at  as  -cast  state 


As  shown  in  Fig.2,  the  induced  current  mainly  distributes  at  the  subsurface  zone  of  the 
ingot,  and  the  Joule  heating  will  effect  this  zone  strongly.  This  results  in  the  decrease  of  the 
cooling  rate  in  this  zone  and  makes  the  grain  grow  up  easily.  On  the  other  hand,  there  is  the 
strong  electromagnetic  stirring  in  the  liquid  pool  during  the  EMC  solidification.  Vives  and 
Sakane  investigated  the  melt  flow  in  EMC  system  respectively [5, 6],  there  are  two  main  stable 
loops  in  the  sump.  The  existence  of  these  loops  is  explained  by  a  viscous  friction  phenomenon 
caused  by  the  radial  and  horizontal  pouring  jet  running  out  of  the  float.  It  should  be 
mentioned  that  the  velocities  are  low  in  the  proximity  of  the  mushy  zone  and  that  the 
maximum  velocities  have  been  detected  in  the  immediate  vicinity  of  the  dispenser  outlet.  The 
flow  is  obviously  strongly  turbulent  between  the  two  loops  owing  to  the  electromagnetic 
stirring.  This  intense  forced  convection  promotes  the  evacuation  superheat  and  breaks  the 
dendrite  arm,  which  leads  to  grain  multiplication.  The  suspended  nuclei  localized  in  the  near 
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vicinity  of  the  solid  interface  are  carried  away  and  dispersed  in  a  slightly  under-cooled  melt. 
The  crystallization  takes  place  simultaneous  in  most  of  the  sump,  around  a  number  of  floating 
nuclei,  and  this  increasing  nucleation  results  in  the  appearance  of  a  fine  grained  equiaxed 
structure.  Therefore,  the  grain  size  become  more  uniform  from  edge  to  center  of  EMC  ingot. 


Distance  from  surface  of  ingot,  o/mm 


Fig.2  Distribution  of  Induced  Current 
and  Joule  heating. 

3.2.  Mechanical  characterization 


DCC  EMC 


Fig.  3  Hardness  comparison  between  EMC 
and  DCC  ingots  at  as-cast  2024  alloy 


As  shown  in  Fig. 4,  the  hardness  of  EMC  specimens  (HRF  31.72)  is  two  times  higher  than 
DCC  ones  (HRF  16.02)  at  as-cast  state,  which  is  owing  to  the  much  finer  grain  structure  of 
former.  The  age-hardening  curves  for  the  2024  alloy  are  plotted  in  Fig. 7.  The  increase  in 
hardness  with  ageing  time  is  due  to  precipitation  of  GP  zones  and  other  intermediate  phases. 
The  EMC  specimens  reached  a  peak  value  (HRF  48.52)  at  around  12h,  while  the  DCC  ones 
got  the  peak  (HRF  44.4)  after  36h  artificial  ageing.  That  means  the  EMC  ingots  have  more 
obvious  response  to  solution  and  ageing  treatment,  compared  to  DCC  ones,  because  of 
difference  in  cooling  rate. 

Fig.5  shows  the  DSC  curve,  taken  at  a  heating  rate  of  lOCmin*^  the  exothermic  peak 
centered  at  around  280  C  are  caused  by  G.P.  zones  or  clusters  formation.  The  exothermic 
peak  at  around  500 C  should  correspond  to  S’  precipitation.  The  broad  endothermic  bump 
appeared  around  230 °C  indicates  some  G.P.  zones  dissolved  during  the  heating[7].  As  shown 
in  Fig.5(b),  the  lower  heat  flow  indicates  G.P.  zones  already  existed  in  the  as-aged  sample. 
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Fig.  4  Age-hardening  curves  of  2024  alloy. 


Fig.5  DSC  thermograms  of  2024  alloy  (heating  rate  10°C/min) 

The  principal  features  of  the  curves  appear  that  the  EMC  specimens  have  higher 
exothermic  precipitation  peaks  than  DCC  ones.  Moreover,  the  peak  broadness  of  the  DCC 
specimens  suggested  that  different  kinds  of  zones/clusters  existed,  or  that  the  sizes  of  the 
zones/clusters  are  far  from  being  uniform.  That  is  why  the  EMC  specimens  have  more 
obvious  precipitation-hardening  effect.  For  as-quenched  specimens,  the  reaction  enthalpy  of 
EMC  specimen  is  16.41J/g,  and  DCC  is  14.24J/g  at  around  280^.  And  the  reaction  enthalpy 
is  1.58J/g  for  EMC  one  and  0.14J/g  for  DCC  one  respectively  at  around  500 °C.  In  as-aged 
condition,  the  reaction  enthalpy  of  EMC  specimen  is  12.89J/g,  and  DCC  is  1.58J/g  at  around 
280  °C.  And  the  reaction  enthalpy  is  1.69J/g  for  EMC  one  and  1.62J/g  for  DCC  one 
respectively  at  about  500  C .  That  means  there  are  more  precipitation  formation  in  EMC 
specimens  both  in  as-quenched  and  as-aged  state 
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4.  CONCLUSIONS 


1)  The  optimal  technique  parameters  for  EMC  are:  power  supply  at  a  frequency  of  2500Hz, 
inductor  current  from  4000  to  5000A,  casting  speed  from  0.5  to  1.5  mm/s,  height  of  liquid 
column  from  30  to  40mm  and  the  flow  rate  of  cooling  water  from  2  to  3.5m^/h. 

2)  Electromagnetic  stirring  and  Joule  heating  leads  to  the  EMC  ingot  have  much  fine  grain 
size  and  homogeneous  structure,  which  makes  it  to  be  better  mechanical  properties  not  only  in 
as-cast  condition  but  also  in  as-aged  one. 

3)  The  hardness  of  EMC  specimens  is  higher  than  that  of  DCC  ones  both  in  as-cast  and  heat- 
treated  condition. 

4)  DSC  investigation  indicate  that  the  precipitation  is  more  easily  formed  in  EMC  specimens 
than  in  DCC  ones 
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ABASTRACT 

Tensile  tests  and  detailed  microstructure  observation  were  performed  for  A356 
aluminum  alloy  castings  with  systematically  controlled  microstructure.  The  semi-liquid 
casting  alloys  showed  improved  ductility  compared  to  the  conventional  cast  alloys 
exhibiting  ordinary  dendrite  structure.  The  microstructure  of  the  semi-liquid  alloy  was 
characterized  by  colonies  consisting  of  several  globular  dendrite  cells.  The  EBSP 
analysis  and  slip  line  observation  revealed  that  the  misorientation  among  these  colonies  is 
large  and  so  they  can  be  recognized  as  “effective  grains”.  Presence  of  refined  effective 
grains  reduces  stress  concentration  at  the  grain  boundaries  and  prevents  the  localized  crack 
formation  during  tensile  deformation.  Conventional  Kahn-type  tear  tests  were  also 
performed  on  the  alloys.  The  energy  required  for  both  crack  initiation  and  propagation 
was  evaluated  from  the  load-displacement  curve.  The  effect  of  microstructure  on  the  tear 
resistance  was  examined  and  correlation  between  tear  resistance  and  tensile  properties  was 
discussed. 


1.  INTRODUCTION 

Aluminum  alloy  castings  have  been  popular  as  construction  materials  for  automotive 
engines.  With  improvements  in  casting  quality  their  usage  spreads  into  nontraditional 
applications  as  a  viable  alternative  of  wrought  or  forged  aluminum  alloys[l].  Al- 
7mass%Si-0.4mass%Mg  alloy  (A356)  is  a  representative  casting  material  for  such  usage. 
Mechanical  properties  are  affected  by  various  microstructural  features  such  as  grain  size, 
dendrite  arm  spacing  (DAS),  size  and  distribution  of  eutectic  Si  particles,  intermetallic 
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particles  originated  from  impurities,  casting  defects  and  non-metallic  inclusions. 
Strengthening  precipitates  should  also  be  taken  into  account  since  the  alloy  is  age- 
hardenable.  Complicated  microstructure  and  difficulty  in  their  systematic  control  have 
hinderd  clear  understanding  of  relationship  between  mechanical  properties  and  the 
solidified  structure. 

Recently  application  of  HIP  (Hot  Iso-static  Pressing)  to  the  casting  was  found  to  be 
effective  in  reducing  defects  (mainly  shrinkage  cavities).  A  novel  process  called  “Semi¬ 
liquid  die-cast”  has  also  been  developed  in  recent  years[2].  A  molten  metal  is  stirred  at  a 
solid-liquid  coexistence  temperature.  The  partially  solidified  melt  is  then  injected  to  a  mold 
cavity.  The  process  provides  a  high  quality  casting  with  finer  microstructure  and  lesser 
defects.  In  the  present  study,  A356  alloy  castings  with  systematically  controlled 
microstructure  were  produced  by  means  of  several  casting  methods  including  the  semi¬ 
liquid  die-cast  and  HIP  treatment.  Tensile  tests  and  detailed  microstructure  observation 
were  performed  to  highlight  the  effect  of  individual  microstructural  factors  on  tensile 
properties. 

Ductility  is  generally  defined  as  the  ability  of  a  material  to  deform  plastically  rather 
than  crack  and  fracture.  On  the  other  hand,  this  characteristic  is  called  toughness  in 
presence  of  micro-  or  macro-cracks  or  notches,  which  increase  stresses  locally.  Macro- 
and  micro-notches  may  significantly  reduce  fracture  resistance  (toughness)  and  are 
detrimental  to  crashworthiness,  for  example,  of  automobile  components.  Fracture 
toughness,  Kc.  is  a  measures  of  a  material’s  toughness.  However,  the  critical  stress 
intensity  for  fracture,  Kc  depends  on  specimen  thickness.  Experimental  determination  of 
Kic  (the  plane  strain  fracture  toughness,  Kic,  a  material  property  )  is  possible  only  when 
specimens  exceed  a  certain  thickness.  In  turn  this  thickness  will  depend  on  the  material 
yield  strength.  Many  aluminum  alloys  combine  high  toughness  with  low  yield  strength, 
so  that  Kic  tests  are  neither  practical  nor  useful.  Therefore  we  need  some  other  practical 
measures  to  evaluate  toughness  of  such  alloys  even  if  it  is  not  so  sophisticated. 

A  procedure  for  determining  the  tear  resistance  of  aluminum  alloy  sheet  has  been 
evolved  from  that  suggested  by  Kahn.  The  Kahn-type  tear  test  provides  a  measure  of  the 
energy  required  to  initiate  a  crack  in  the  specimen  and  the  energy  subsequently  required  for 
crack  propagation  to  complete  failure.  It  has  been  recognized  that  the  tear  test  is  more 
than  just  a  relative  rating,  and  in  fact  is  a  quantitative  measurement  of  crack  toughness[3]. 
In  the  present  study,  Kahn-type  tear  tests  were  performed  on  A356  alloys  with  different 
solidification  structure. 

2.  EFFECTS  OF  SOLIDIFICATION  STRUCTURE  ON  TENSILE  DUCTILITY 

Tensile  tests  were  performed  for  A356  alloys  with  systematically  controlled 
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microstructure.  Their  microstructures  are  shown  in  Fig.l.  It  should  be  mentioned  that 
SSI  was  produced  by  semi-liquid  process,  but  the  resultant  microstructure  was  ordinary 
dendrite  structure.  The  microstructure  of  the  semi-liquid  die-cast  alloys  (SS2  and  SS3)  was 
characterized  by  the  colonies  consisting  of  single  or  several  globular  dendrite  cells  (Fig. 2). 
The  EBSP  analysis  indicated  that  misorientation  among  these  colonies  were  large  enough 
to  call  them  “effective  grains”  (Fig. 3).  Consequently  grain  refinement  was  achieved  in 
the  semi-liquid  die-cast  alloys.  Quantitative  data  of  microstructural  parameters  and 
tensile  properties  are  summarized  in  Table  1  and  2,  respectively. 


Table  1  Quantitative  data  of  microstructural  parameters 


DAS 

{iim) 

Dendrite  cell 
size(  11  m) 

Eutectic  Aspect  ratio  Porosity 

Si  size  of  eutectic  area(%) 
(nm)  Si 

Rf 

Grain 

size 

(/im) 

Sm 

60 

— 

8.7 

2.15 

0.23 

— 

1370 

Pm 

28 

— 

3.6 

1.45 

0.22 

— 

980 

SSI 

17 

_ 

3.1 

1.39 

— 

— 

200 

SS2 

— 

46 

2.5 

1.31 

0.031 

1.27 

140 

SS3 

— 

45 

3.0 

1.85 

— 

1.13 

120 

Table  2  Tensile  properties  of  the  five  samples 

ao2(MPa) 

UTS(MPa) 

e(%) 

Sm 

182 

217 

2.3 

Pm 

286 

322 

6.3 

SSI 

298 

339 

7.4 

SS2 

285 

342 

11.3 

SS3 

266 

322 

15.7 

The  alloy  with  effective  grain  structure  showed  improved  ductility  compared  to  the 
sand  and  permanent  mold  cast  alloys  with  ordinary  dendrite  structure.  Specimen  surface 
observation  during  the  tensile  test  found  that  fine  and  homogeneous  slip  took  place  in  each 
effective  grain  (Fig.4).  Interrupted  tensile  tests  and  following  structural  observation  for 
the  mid-section  of  the  gage  part  revealed  crack  initiation  at  triple  grain  junctions  and  void 
formation  at  the  transgranular  Si  particles  for  the  ordinary  dendrite  structure.  While, 
crack  initiation  seldom  takes  place  at  triple  grain  junctions  for  the  globular  cell  structure. 
Although  crack  initiation  occurred  at  the  Si  particle  clusters,  crack  initiation  from  such 
sites  disturbs  localized  crack  growth  since  the  equivalent  crack  initiation  sites  are  dispersed 
in  the  microstructure  homogeneously.  Refined  effective  grain  structure  is  considered  to 
be  the  origin  of  the  improved  ductility  of  the  semi-liquid  die-cast  A356  alloys. 
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Fig.  3  The  degree  of  misorientation  among  the  effective  grains. 

(a)  SEM  image  of  SS2,  (b)  inverse-pole  figure  of  (a)  and  (c)  reference  for  orientation 


3.  EFFECTS  OF  SOLIDIFICATION  STRUCTURE  ON  TEAR  RESISTANCE 


The  effect  of  solidification  structure  on  tear  toughness  of  A356  alloys  was 
investigated  by  Kahn-type  tear  tests.  Load-displacement  curves  of  all  the  present 
materials  exhibited  pop-in  indicating  sudden  crack  extension  and  arrest.  The  pop-in  was 
followed  by  stable  crack  growth  and  then  went  to  fast  fracture.  A  vertical  line  to  the 
maximum  load  (Pmax)  divides  the  load-displacement  curve  into  the  areas  associated  with 
initiation  and  propagation  of  a  crack,  Ei  and  Ep.  The  Ep  represents  the  energy  necessary 
to  propagate  the  crack  across  the  specimen.  A  large  area  under  the  second  part  is  associated 
with  greater  toughness  or  resistance  to  crack  propagation.  The  unit  propagation  energy, 
UEp  is  obtained  by  dividing  the  propagation  energy  by  the  net  area  of  the  specimen 

For  permanent  mold  cast  materials,  decrease  in  DAS  improved  tear  toughness,  i.e., 
increased  UEp.  The  influence  of  grain  size  was  not  clear  in  the  specimens  with  ordinary 
dendrite  structure.  The  casting  defect  was  not  a  controlling  factor  of  tear  toughness  in  the 
present  materials  since  the  original  quantity  of  casting  defect  was  quite  small  both  in  size 
and  volume  fraction.  Semi-liquid  die-cast  materials  with  fine  effective  grain  structure 
showed  larger  tear  toughness  than  that  of  the  permanent  mold  castings.  The  obtained 
UEp  was  about  double  that  of  the  others.  Deflected  crack  growth  path  was  observed  on 
the  specimen  side  surface.  Fracture  surface  contained  more  shear  lips  at  the  side  surfaces 
than  the  other  castings.  It  is  considered  that  such  a  slant  crack  growth  contributed  to 
obtain  larger  crack  propagation  energy  and  the  resultant  improved  tear  toughness. 
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ABSTRACT 

A  new  process  for  producing  aluminum  foam  by  a  foaming  technique  has  been  developed. 
The  apparent  foam  shape,  foam  height,  density,  pore  size  and  their  distributions  in  various 
section  areas  of  the  experimental  samples  have  been  investigated.  They  can  be  classified  by 
different  criteria  such  as  pore  size  and  pore  shape.  The  foamed  metal  is  not  only  light  in 
weight,  free  of  directionality  and  structurally  strong  but  also  excellent  in  sound  absorbing  and 
electromagnetic  shielding  properties,  and  is  useful  as  constructional,  structural  or  functional 
material. 

A  metal  for  producing  the  foamed  are  decomposing  a  foaming  agent  in  a  molten  metal  such 
that  there  is  an  initial  and  a  subsequent  expansion  due  to  foaming  agent.  It  has  been  found  that 
the  A1  porous  foaming  with  variation  amount  of  l~2wt%  foam  agent  and  at  2min  holding 
time,  which  melting  temperature  has  appeared  homogeneous  pore  size  at  700-'710'C . 

The  compression  strength  were  12-15  kg/mm^  at  120ppi,  and  increased  by  higher  pore 
density. 

The  acoustical  performance  of  the  panel  made  with  the  foamed  aluminum  is  considerably 
improved;  its  absorption  coefficient  shows  NRC  0.6-0. 8. 

1.  INTRODUTION 

There  has  been  extensive  recent  interest  in  the  production  [1-3]  and  mechanical  and  sound 
absorption  properties  of  lightweight  metallic  foams.  There  is  also  interest  in  layered  structures 
incorporation  metallic  foams[4-8].  Some  information  is  now  becoming  available  on  the 
relationships  between  processing  conditions  and  the  size,  shape,  volume,  fraction  and  spatial 
distribution  of  the  cells  within  these  foams.  However,  there  is  still  some  uncertainty  about  the 
role  of  these  factors  in  determining  the  sound  absorption  properties.  The  apparent  foam  shape, 
foam  height,  density,  pore  size  and  their  distributions  in  various  section  areas  of  the 
experimental  have  been  investigated.  The  sample  have  been  cast  into  metallic  mold,  using 
aluminum  foam  prepared  from  a  precursor  based  on  pure  A1  ingot  mixed  with  increasing 
viscosity  and  foaming  agent.  The  process  provides  for  flexibility  in  design  of  foam  structures 
via  relatively  easy  control  over  the  amount  of  hydrogen  evolution  and  the  drainage  processes 
which  occur  during  foam  formation.  This  is  fabricated  by  manipulating  parameters  such  as  the 
foaming  agent.  The  acoustical  performance  of  the  panel  made  with  the  foamed  aluminum  is 
considerably  improved.  Two  kind  of  noise  barrier  are  developed.  One  is  the  single  sided 
absorptive  panel,  the  other  is  the  double  sided  absorptive  panel. 
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2.  EXPERIMENT  PROCEEDURE 


A1  alloy  foams,  al!  made  by  a  hydride  foaming  process,  the  first  material  is  produced  by  a 
melt  route.  Attention  is  concentrated  both  on  the  cell  structures  and  the  cell  wall 
microstructures,  which  are  significantly  different  in  the  three  cases.  The  foamed  aluminum  is 
fabricated  by  adding  foaming  agent  into  thickened  aluminum  melt.  The  matrix  materials  is 
pure  aluminum(Al,  >  99.9  wt.%),  the  adjuster  for  the  control  of  the  viscosity  of  the 
aluminum  melt  is  pure  calcium(Ca,  >  99.9  wt.%)  and  the  foaming  agent  is  hydride  titanium 
powder(TiH2,  )98wt.%,  300  mesh). 

The  foamed  aluminum  is  fabricated  in  the  following  stages.  Pure  aluminum  is  melted  in  a 
crucible  to  973K.  Pure  calcium  is  added  to  the  melt  and  stirred  at  a  constant  speed  to  make  the 
melt  viscous.  When  the  viscosity  of  the  melt  reaches  a  critical  value  [7],  the  foaming  agent  is 
added  to  the  melt.  At  the  same  time,  the  mixture  is  stirred  with  a  higher  speed  to 
homogeneously  disperse  the  powder  in  the  whole  melt.  Holding  the  mixture  in  the  furnace  to 
allow  decomposition  of  the  foaming  agent.  In  this  stage,  bubbles  in  the  melt  are  grown  with 
the  holding  time  until  a  cellular  structure  form.  During  the  holding  period,  great  changes  in 
the  structure  of  the  melt  take  place.  The  structure  of  the  finished  product  is  determined  by  the 
evolution  of  the  bubbles  in  the  foaming  melt  in  this  period.  Removing  the  mixture  from  the 
furnace  and  cooling  the  foamed  melt  to  solidify  cutting  have  been  foamed  ingot  with  saw 
cutter  at  half  inch  plate. 

3.  RESULTS  AND  DISCUSSION 

Typical  cell  structures,  as  observed  on  cross-sections  are  shown  in  Fig.  1.  It  can  be  seen  that 
all  three  materials  contain  heterogeneities  and  imperfections  in  their  structure.  Inhomogeneity 
was  characterised  by  the  width  in  the  cell  size  and  cell  wall  thickness  distributions.  Pores  with 
fractured  cell  walls  form  large,  non-equiaxed  cells  with  their  neighbors.  Moreover,  these 
elongated  cells  often  contain  buckles  in  the  cell  walls.  The  microstructural  parameters  of  the 
samples  such  as  porosity  and  pore  size  vary  with  the  holding  time.  In  order  to  obtain  a 
parameter  related  to  the  structure  of  the  foaming  melt  in  the  process,  measuring  the  real  time 
height  of  foaming  melt  is  a  feasible  method.  In  a  way,  the  degree  of  the  growth  of  bubbles  can 
be  reflected  by  the  real-time  height,  The  higher  the  height  of  the  foamed  melt,  the  greater  the 
number  and  size  of  bubbles. 


Table.  1  Mechanical  Properties,  Density  &  Porosity  of  sound  absorption  panel 


Pore  size 

Density(g/cm^) 

Porosity 

Tensile-strength 

(Mpa) 

Compress-strength 

(Mpa) 

0.8-0.9 

75 

240-250 

Medium(l.5mm< 

sample<2.5mm(])) 

0.3-0.5 

96 

■H 

160-180 

0.2-0,3 

99 

110-120 

130-140 

The  specific  energy  absorbed  by  the  foam  up  to  densification  was  estimated  from  the  area 
under  the  stress-strain  curve.  Average  values  are  listed  in  Table  1,  expressed  per  unit  volume 
and  per  unit  mass.  The  sound  absorption  sandwitch  panel  was  made  by  epoxy  bond  with  foam 
Al  plate,  honeycomb  and  galvanised  steel  plate  when  it  was  varied  with,  honeycomb  height 
(A:not  gap,  B:airgap  20mm,  Ciairgap  30mm,  D:airgap  40mm),  The  honeycomb  was  purposed 
of  eco-sounds.  The  D  foam  absorbs  more  energy  than  B  and  C  foams,  although  its 
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densification  strain  is  the  lowest  of  the  three.  This  is  primarily  because  relatively  high  stresses 
are  required  for  the  D  foam  to  density,  which  in  turn  is  associated  both  with  the  porosity 
content  being  lower  (than  that  of  B)  and  the  cell  wall  material  being  harder  and  more  brittle 
than  either  of  the  other  two  foams.  In  practical  terms,  the  energy-absorbing  characteristics  of 
the  D  foam  may  be  less  attractive  than  those  of  the  other  two,  since  behaviour  in  which 
progressive  plastic  deformation  occurs  at  relatively  low  plateau  stresses  is  more  likely  to 
ensure  uniform  and  efficient  collapse  of  the  material  over  a  also  likely  to  be  advantageous 
when  tensile  stresses  are  present 


Fig.  1 .  Macrostructure  varied  by  mixing  temperature. 
(a)682‘’C  (b)695'’C  (c)704”C  (d)707°C 


Galvanized  Steel  Plate 


Fig.  2.  Schematics  diagram  of  airgap  behind  wall  in  composite  sound 
Absorption  panel 
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1.0 


Frequency  (Hz) 


Fig.  3.  The  result  of  absorption  coefficient,  frequency  and  air-gap  behind  wall 

4.  CONCLUSION 

1 .  The  acoustic  performance  of  the  panel  made  with  the  foamed  aluminum  is  considerably 
improved;  its  absorption  coefficient  shows  NRC  0.6-0. 8. 

2.. There  is  disclosed  a  panel  for  use  in  soundproofing  walls,  having  a  base  organization  in 
which  an  aluminum  foam  board  containing  numerous  open  pores  and  a  noise-insulating  metal 
board  are  attached  to  either  side  of  an  aluminum  honeycomb  structure  via  adhesive  sheets. 

3.  The  panel  has  the  advantages  of  being  semi-permanent  in  life  span,  highly  resistant  to 
corrosion  and  excellent  in  surface  strength  enough  to  be  resistant  to  impact  generating  neither 
hazardous  articles  nor  dust,  and  being  reusable 
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ABSTRACT 

The  scroll  compressor  with  high  cooling  efficiency  and  lower  oscillating  noise  is  applicable 
as  a  part  of  car  air  conditioner,  household  air  conditioner  and  so  on.  In  case  high  strength  A1 
alloy  has  replaced  cast  iron  for  scroll  compressor,  rotation  speed  can  be  increased  by  weight 
reduction.  To  design  A1  alloy  which  has  enough  mechanical  properties  to  replace  cast  iron, 
the  effect  of  alloying  elements  such  as  Si(13~15%),  Cu(4~5%),  and  Mg(0.5~l%)  and  cooling 
rates  on  the  mechanical  properties  of  squeeze  cast  A1  alloy  was  studied.  The  influence  of  Sr 
and  P  modification  treatment  on  Si  morphology  was  also  studied.  An  A1  alloy  over  400MPa 
of  tensile  strength  and  2%  of  elongation  was  developed.  A1  scroll  samples  was  fabricated  by 
squeeze  casting  machine(UBE  SOOton)  with  using  2  cavity  mold.  Flow-3D  which  is  a  three 
dimensional  melt  flow  analysis  program  was  used  to  find  most  proper  mold  design  and 
optimum  process  conditions  for  squeeze  casting  before  making  samples.  Relationship 
between  secondary  dendrite  arm  spacing(DAS)  and  cooling  rate  was  simulated  by  Flow-3D 
and  compared  with  experimental  results. 


1.  INTRODUCTION 


Recently,  the  scroll  compressor  with  high  cooling  efficiency  and  lower  oscillation  noise  is 
noticed  as  a  part  of  car  air  conditioner,  household  air  conditioner  and  so  on.  Considering 
various  requirements  for  performance  and  low  manufacturing  cost  of  scroll  compressor,  the 
development  and  application  of  adequate  material  is  important.[l]  Cast  iron  was  used  for 
scroll  compressor,  but  A1  alloy  is  started  to  be  considered  as  material  of  scroll  compressor 
because  of  heavy  weight  of  cast  iron.  In  case  of  using  A1  alloy  as  material  for  scroll 
compressor,  rotation  speed  of  scroll  can  be  increased  by  weight  reduction.  A1  scroll 
compressor  fabricated  with  various  processes  such  as  permanent  mold  casting,  die  casting, 
squeeze  casting,  hot  forging,  and  powder  metal  forging  is  hard  to  obtain  the  stable  quality, 
high  strength  and  low  fabrication  cost  in  comparison  with  cast  iron  scroll  compressor.  To 
improve  the  quality  and  performance  of  A1  alloy  scroll  compressor,  more  studies  have  to  be 
done  in  fields  of  alloy  design,  modification,  squeeze  casting,  solidification,  machinability  of 
A1  alloy.[2-4]  The  improvement  of  these  techniques  are  essential  for  weight  reduction,  noise 
reduction  and  enlargement  of  application  of  scroll  compressor  for  air  conditioner.  In  this 
study,  to  develop  squeeze  cast  A1  scroll  compressor[5]  which  has  similar  quality  with  cast  iron 
scroll  compressor,  several  Al-Si  alloys  were  designed,  and  the  influence  of  modification 
treatment  and  cooling  rate  to  microstructure  was  studied  by  Flow-3D  solidification  analysis. 

2.  EXPERIMENTAL 

Al-(13,15wt%)Si-(4,5wt%)Cu-(0.5,lwt%)Mg  alloys  were  made  in  high  frequency  melting 
furnace  using  99.9%  Al,  99.8%  Mg,  Al-25wt%Si,  and  Al-50wt%Cu.[6]  These  alloys  were 
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degassed  by  Ar  gas  bubbling  through  alumina  tube  injected  into  melt  maintaining  at  800 °C  in 
eleetric  resistance  furnace  and  then  squeeze  cast.  To  study  the  effect  of  modification  by 
alloying  elements,  60ppm  Sr  (AI-10wt%Sr)  and  60ppm  P  (Cu-15wt%P)  was  inoculated  into 
molten  Al-13Si  alloy  and  Al-15Si  alloy,  respectively.  Alloys  were  solution  treated  at  515  C 
for  8  hours  in  Ar  gas  atmosphere,  water  eooled  and  aged  at  1 80  C  for  8  hours.  Also,  to  study 
the  influence  of  cooling  rate  of  unmodified  alloy  and  Sr-modified  alloy[7],  K-type 
thermocouple  was  placed  on  cone  type  mold  and  obtained  the  cooling  curve  using  X-Y 
recorder  with  chart  speed  of  1200mm/s.  During  squeeze  casting,  cooling  curve  was  obtained 
by  placing  thermocouple  at  20mm  from  bottom  of  mold(size  4x9x9cm).  And  microstructure 
was  observed  by  optical  microscope  and  SEM,  and  image  analyzer  was  used  to  measure  mean 
Si  size  and  roundness.  ASTM  B557M  tensile  specimens  were  tested  with  crosshead  speed  of 
Imm/min.  To  find  optimum  mold  design  and  process  conditions  to  get  rid  of  solidification 
defects,  the  melt  flow  and  solidification  analysis  was  carried  out  before  making  test  samples. 
The  filling  and  solidification  behavior  of  melt  were  analyzed  by  using  Flow-3D  that  is  3- 
dimensional  heat  flow  analysis  program.[8~n]  To  find  optimum  gate  speed,  the  filling 
behavior  was  tested  with  gate  speed  of  0.07m/sec  and  0.15m/sec.  After  the  filling  test, 
secondary  DAS  was  predicted  by  the  secondary  DAS  mapping  test  of  Flow-3D.[12]  Molten 
alloy  of  730°C  was  poured  into  preheated  mold  at  200 °C  and  squeeze  cast  in  UBE  800  ton 
squeeze  casting  machine.  Two-cavity  mold  was  used  and  pressure  of  600kg/cm  and  gate 
speed  of  0.07m/sec  were  applied. 


3.  RESULTS  AND  DISCUSSION 

Al-Si  alloy  and  modified  Al-Si  alloy  were  cast  in  cone  type  mold  to  see  the  effect  of  cooling 
rate  and  inoculants  on  Si  morphology,  respectively.  Fig.  1  shows  microstructures  of 
unmodified  and  Sr  modified  Al-13Si  alloys  at  15,  30,  45,  60  mm  from  bottom  of  metal  mold. 
Point  (a)  is  the  point  of  the  fastest  cooling  rate  and  point  (d)  is  the  point  of  the  slowest  cooling 
rate.  It  was  observed  that  the  size  of  primary  Si  and  flake  eutectic  Si  size  become  smaller  as 
cooling  rate  inereased,  and  the  eutectic  Si  of  Sr  modified  alloy  is  refined  in  compared  to 
unmodified  Al-13Si  alloy.  Also,  same  trend  for  cooling  rate  was  observed  in  case  of 
hypereutectic  Al-15Si  alloy,  and  primary  Si  size  of  P  modified  alloy  is  smaller  than 
unmodified  Al-15Si  alloy.  This  result  is  shown  in  Fig.  2. 


Unmodified 
Al-13Si  alloy 

. .  ’  '-s:..  -s-  -.'i ■  ■ ' ■ . f  — 

Sr-modified 
Al-13Si  alloy 

Fig.  1.  Microstructural  change  with  variation  of  cooling  rate  in  unmodified  and  Sr-modificd 
AI-l3Si  alloy  ;  (a)  15mm,  (b)  30mm,  (c)  45mm,  (d)  60mm  from  bottom  of  mold 
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Fig.  2.  SEM  micrographs  showing  the 
morphology  of  primary  Si  in  Al-15Si  alloy 
(a)  unmodified  (b)  P-modified 
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Fig.  3.  Comparison  of  thermal  analysis 
curves  of  permanent  mold  cast  and  squeeze 
cast  in  unmodified  Al-13Si  and  Al-15Si 
alloys 


Fig.  4.  SEM  micrographs  showing  the 
morphology  of  eutectic  Si  in  unmodified 
Al-13Si  alloy  (a)  permanent  mold  cast,  (b) 
squeeze  cast 


Permanent  Squeeze  Sr  modified 

mold  cast  cast  Squeeze  cast 

Fig.  5.  Comparison  of  average  diameter  and 
roundness  of  eutectic  Si  in  Al-13Si  and 
Al-15Si  alloys 


Fig.  3  shows  the  result  of  thermal  analysis  during  permanent  mold  casting  and  squeeze 
casting  using  the  preheated  mold  at  200  C.  Because  of  the  rapid  cooling  rate  of  squeeze 
casting  comparing  with  permanent  mold  casting,  the  transformation  time  of  primary  Si  and 
eutectic  Si  in  squeeze  casting  was  decreased.  It  is  considered  .that  cooling  rate  in  squeeze 
casting  was  increased  due  to  the  high  heat  transfer,  that  is,  the  increment  of  contact  area 
between  melt  and  mold  because  of  high  pressure  squeeze  casting.  The  change  of  morphology 
and  the  refinement  of  the  eutectic  Si  by  rapid  cooling  rate  in  squeeze  casting  were  observed 
through  SEM.  Eutectic  Si  in  permanent  mold  cast  is  large  plate  type  in  Fig.  4(a)  and  eutectic 
Si  in  squeeze  cast  is  fine  fibrous  type  in  Fig.  4(b).  The  results  of  morphological  analysis  of 
unmodified  permanent  mold  cast,  unmodified  and  Sr  modified  squeeze  cast  are  shown  in  Fig. 
5.  The  size  and  roundness  of  eutectic  Si  in  squeeze  cast  are  smaller  than  that  of  permanent 
mold  cast,  and  it  was  confirmed  that  the  Si  morphology  is  modified  to  rounded  and  fine 
fibrous  type  from  coarse  acicular  or  plate  type.  However,  there  was  very  small  difference  in 
morphology  of  eutectic  Si  between  unmodified  squeeze  cast  and  Sr  modified  squeeze  cast. 
Consequently,  it  is  concluded  that  cooling  rate  is  more  efficient  than  modifier  as  a  eutectic  Si 
modification.  The  size  and  roundness  of  eutectic  Si  of  squeeze  cast  Al-15Si  alloys  is  smaller 
than  those  of  permanent  mold  cast  A145Si  alloys  but  larger  than  those  of  Al- 13  Si  alloys.  Fig. 
6  shows  the  results  of  tensile  test  of  the  squeeze  cast  Al  alloys  alloyed  with  Cu(4,  5  wt%)  and 
Mg(0.5,  1  wt%),  elements  of  age  hardening  to  make  material  which  has  elongation  and 
strength  similar  to  cast  iron.  Tensile  strength  of  as-cast  specimens  was  almost  similar, 
regardless  of  amount  of  Cu  and  Mg.  In  case  of  T6  treated  specimens,  there  was  little 
difference  in  tensile  strength  according  to  the  amount  of  Cu,  but  Mg  affected  the  tensile 
strength  and  alloy  with  lwt%  Mg  was  shown  highest  tensile  strength.  Alloy  with  4wt%Cu- 
lwt%Mg  has  highest  elongation  in  Fig.  6(b).  Therefore,  alloys  with  4wt%Cu-lwt%Mg  were 
chosen  for  the  test  to  evaluate  the  effect  of  modifier.  Fig.  7  shows  the  tensile  test  results  of 
unmodified  permanent  mold  cast,  unmodified  squeeze  cast  and  modified  squeeze  cast  Al- 
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(13,15)Si-4Cu-lMg  alloys.  Tensile  strength  and  elongation  of  squeeze  cast  alloys  were 
increased  and  those  properties  were  increased  more  by  T6  treatment.  However,  The  effect  of 
modifier  on  the  mechanical  properties  was  not  shown.  This  result  was  expected  from 
microstructural  observations.  Tensile  strength  of  Al-15Si  alloys  is  lower  than  Al-13Si  alloys 
because  of  big  primary  Si  particles  over  lOfm  in  spite  of  smaller  primary  Si  size  by 
inoculating  P.  Elongation  of  Al-13Si  and  Al-15Si  alloys  after  T6  treatment  was  2.3%,  1.5% 
respectively.  Therefore,  Al-13Si-4Cu-lMg  is  satisfactory  for  the  A1  scroll  material  because 
the  material  for  scroll  needs  to  have  elongation  of  over  2%. 


Fig.  6.  Comparison  of  tensile  strength  and  elongation  with  variation  of  Cu  and  Mg  contents 
in  Al-13Si  alloy 


Fig.  7.  Comparison  of  tensile  strength  and  elongation  with  casting  process  and  modification 
in  Al-(13, 15)Si-4Cu-lMg  alloy 


Before  making  A1  scroll  sample,  Flow-3D  solidification  analysis  was  carried  out  to 
optimize  mold  design  and  cast  scheme.  Fig.  8  shows  filling  simulation  results  with  two  gate 
speed.  It  was  predicted  that  air  trap  would  happen  with  gate  speed  of  0.l5m/sec,  and  no  air 
trap  would  happen  with  gate  speed  of  0.07m/sec,  and  this  simulation  result  coincided 
experimental  result.  Secondary  DAS  turned  out  to  have  direct  relationship  with  solidification 
parameter  experimentally  and  theoretically.  So  secondary  DAS  can  be  verify  results  of 
theoretical  analysis,  and  predict  mechanical  properties  of  cast  products.  Fig.  9  shows  the 
predicted  results  of  secondary  DAS  by  simulation.  From  the  results  of  this  analysis,  it  can  be 
found  that  secondary  DAS  is  decreased  according  to  approaching  upper  wrap  of  scroll,  and  it  is 
increased  according  to  approaching  flange  above  the  bottom  than  other  point  in  wrap.  From 
simulation  of  the  cooling  curve  in  the  6  point  on  the  wrap  section  of  scroll,  the  sudden 
temperature  drop  at  early  cooling  stage  in  each  point  was  predicted.  It  was  found  that  cooling 
rate  of  upper  wrap  is  the  fastest  and  flange  part  is  the  slowest.  Fig.  10  shows  the  theoretical 
secondary  DAS  values  predicted  from  cooling  curves  and  experimental  results  obtained  from 
image  analysis.  It  is  well-known  that  secondary  DAS  is  related  to  cooling^  rate  of  melt.  The 
relationship  between  secondary  DAS  (d)  and  cooling  rate  (C)  is  d=K'C  ”.  But  K  and  n  is 
changed  a  little  by  alloy  composition  and  degree  of  overheating.  The  equations  showing  the 
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relationship  between  cooling  rate  and  secondaw  DAS  from  flow-3D  analysis  and 
experimental  analysis  were  d=45-C'“”and  d=42-C°”'  respectively.  Consequently,  secondary 
DAS  is  decreased  as  cooling  rate  is  increased.  And  it  is  confirmed  from  the  above  equations 
that  the  result  of  flow-3D  analysis  and  experimental  analysis  is  nearly  same.  Comparing  the 
results  with  wrap  section  of  scroll,  upper  part  of  wrap  section  with  fastest  cooling  rate  has 
smallest  secondary  DAS  and  the  part  approaching  flange  section  with  slowest  cooling  rate  has 
the  largest  secondary  DAS. 

The  hardness  of  each  point  in  wrap  is  decreased  as  secondary  DAS  is  increased.  Hardness  in 
wrap  section  with  secondary  DAS  of  9.3~19.4/fln  is  106-1 35Hv  and  hardness  in  flange 
section  with  secondary  DAS  of  2l.8gni  is  suddenly  dropped  to  80Hv.  As  cooling  rate  is 
increased,  secondary  DAS  and  size  of  eutectic  Si  are  decreased,  and  the  morphology  of 
eutectic  Si  turn  into  modified  fibrous  and  hardness  is  increased  consequently.  And  as  cooling 
rate  is  decreased,  secondary  DAS  and  size  of  eutectic  Si  are  increased,  and  the  morphology  of 
eutectic  Si  remain  unmodified  flake  and  hardness  is  decreased.  Therefore,  mechanical 
properties  of  each  point  of  product  can  be  predicted  by  the  mapping  of  secondary  DAS. 


4.  CONCLUSIONS 

To  develop  Al-Si  alloy  for  scroll  compressor  which  has  similar  mechanical  properties  with 
cast  iron,  A1  alloys  were  designed  and  the  effect  of  cooling  rate  and  modification  by  Sr  and? 
was  studied.  Mold  design  and  casting  conditions  were  optimized  by  solidification  analysis. 
From  the  analysis,  the  equation  which  represent  the  relationship  between  secondary  dendrite 
arm  spacing  and  cooling  rate  were  made,  and  the  microstructure  and  mechanical  properties  of 
the  product  were  compared  with  simulation  results. 

1.  Squeeze  cast  Al-(13-15)Si-4Cu-lMg  alloy  which  has  tensile  strength  of  over  400MPa  and 
elongation  of  2%  was  developed  by  changing  alloy  elements,  cooling  rate  and  modification 

treatment.  •  j  j 

2.  By  the  rapid  cooling  and  modification,  fine  fibrous  Si  under  Igm  could  be  obtained.  And 
cooling  rate  ehange  was  more  efficient  than  modifier  as  a  Si  modifieation. 

3.  From  the  comparison  of  Flow-3D  analysis  with  experimental  results,  it  was  found  that 
secondary  dendrite  arm  spacing  and  mechanical  properties  of  scroll  could  be  predicted 
from  theoretical  analysis. 
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ABSTRACT 

In  the  present  study,  the  hydrogen  embrittlement  (HE)  and  the  hydrogen-assisted  fracture 
(HAF)  behavior  of  electrochemically  hydrogen-charged  A1  8090  with  different  specimen 
orientations  and  aging  practices  were  examined  using  smooth  bar  and  single-edge  notch 
(SEN)  specimens.  It  was  found  that  the  cathodic  hydrogen  charging  substantially  reduced 
the  tensile  ductility  and  the  resistance  to  fracture  of  A1  8090.  The  susceptibility  to  HE  and 
HAF  of  A1  8090  was  strongly  dependent  on  the  specimen  orientation  and  aging  practice. 
Hydrogen  attack  was  the  most  significant  along  the  grain  boundaries  and,  consequently,  T-S 
oriented  SEN  and  T-oriented  smooth  bar  specimens  showed  the  highest  susceptibility  among 
the  orientations  studied.  The  susceptibility  to  HE  and  HAF  decreased  from  UA  temper  to 
OA  temper.  The  formation  and  development  of  precipitate  free  zone  along  the  grain 
boundaries,  rather  than  the  change  in  slip  planarity,  with  prolonged  aging  appeared  to  be 
mainly  responsible  for  the  reduced  susceptibility  to  HE  and  HAF. 


1.  INTRODUCTION 

Numerous  investigations  have  been  conducted  to  identify  the  effect  of  external  hydrogen- 
intake  on  the  deformation  and  fracture  behavior  of  precipitation  hardened,  high-strength  A1 
and  Al-Li  alloys  [1-3].  The  resistance  to  hydrogen-assisted  deformation  and/or  fracture  have 
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been  reported  in  a  number  of  literatures  to  vary  depending  on  a  number  of  factors,  including 
chemical  composition,  heat  treatment  condition,  prior  cold  working,  test  temperature, 
specimen  orientation,  strain  rate,  the  presence  of  notch,  etc.  However,  the  complete 
understanding  of  the  effects  of  various  metallurgical  factors  on  the  hydrogen-assisted 
deformation  and  fracture  behavior  is  yet  to  come.  Li-containing  A1  alloys  are  mainly 
strengthened  by  5’  (AULi)  precipitates  and  have  a  high  slip  planarity  as  a  result  of  dislocation 
shearing  of  6’  particles.  Such  a  high  slip  planarity  tends  to  increase  the  susceptibility  to 
hydrogen  embrittlement  (HE)  and  hydrogen-assisted  fracture  (HAF),  by  increasing  the  chance 
for  hydrogen  to  be  transported  to  the  deleterious  trapping  sites.  Recently,  Smith  and  Scully 
have  conducted  rigorous  hydrogen-charging  experiments  to  obtain  the  fundamental 
understanding  of  the  effects  of  hydrogen  on  the  mechanical  properties  of  some  Al-Li  and  Al- 
Cu  alloys.  They  reported  that  the  peak-aged  alloy  showed  higher  propensity  for  HAF  than 
the  under-aged  counterpart  [4]. 

The  main  objective  of  the  present  study  was,  therefore,  to  characterize  the  fracture  behavior  of 
electrochemically  hydrogen-charged  A1  8090  with  different  specimen  orientations  and  aging 
practices  using  smooth  bar  and  single-edge  notch  specimens. 


2.  EXPERIMENTAL  PROCECURES 

A  70mm  thick  A1  8090-T351  (Al-2.4Li-1.22Cu-0.86-Mg-  0.12Zr)  plate  was  purchased  from 
ALCOA  for  the  present  study.  Smooth  bar  tensile  specimens  with  a  gauge  length  of  24mm 
and  single-edge  notch  (SEN)  specimens  with  a  thickness  of  2.5  mm  and  an  aAV  of  0.4  with 
various  orientations  were  prepared.  The  specimens  were  aged  at  190"C  for  4  (underaging, 
UA),  16  (peakaging,  PA),  32  (overaging,  OA),  64  and  96  hours.  Some  specimens  were 
resolutionized  at  530°C  for  30  minutes  and  then  peak-aged.  The  details  of  the  microstructure 
of  A1  8090  can  be  found  in  reference  6.  The  optical  micrographs  showed  typical  pancake 
shape  grains  and  the  grain  structure  on  this  scale  was  not  notably  affected  with  further  aging 
treatment.  Both  tensile  and  SEN  specimens  were  cathodically  hydrogen-charged  in  a  O.IN 
HCl  solution  with  an  applied  voltage  of  — 2000mV  vs.  SCE  for  12  to  48  hours.  After 
hydrogen  charging,  the  specimens  were  immediately  tested  to  minimize  the  hydrogen  loss. 
Tensile  tests  were  performed  on  a  universal  materials  testing  machine  at  a  nominal  strain  rate 
of  10'‘'/sec.  The  crack  growth  resistance  curves  (K-R  curves)  were  determined  for  fatigue 
precracked  SEN  specimens,  utilizing  a  direct  current  potential  drop  (DCPD)  method  for  in- 
situ  crack  measurement,  at  a  displacement  rate  of  10''*  mm/sec.  The  fracture  surfaces  of  the 
tested  specimens  were  examined  by  using  scanning  electron  microscopy  (SEM). 

Transmission  electron  microscopy  (TEM)  specimens  were  prepared  by  using  a  jet  thinning 
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method  in  a  30%  nitric  acid-70%  methanol  solution  at  -20°C  [5,6]. 


3.  EXPERIMENTAL  RESULTS 

3.1  Effect  of  Cathodic  Hydrogen  Charging  on  Tensile  Properties  of  A1 8090 

With  hydrogen  charging,  the  change  in  yield  and  ultimate  tensile  strength  of  A1  8090  was  iiot 
significant.  However,  the  tensile  elongation  of  A1  8090  decreased  substantially  with 
hydrogen  charging.  The  magnitude  of  the  pet  decrease  in  tensile  elongation  of  A1  8090  with 
hydrogen  charging  was  strongly  dependent  on  the  specimen  orientation  and  aging  condition. 
Considering  the  pet  change  in  tensile  elongation  of  A1  8090-PA,  for  example,  the  HE 
sensitivity  was  the  highest  along  the  T-direction,  followed  by  L-  and  S-direction.  The  effect 
of  aging  on  the  HE  sensitivity  was  thoroughly  examined  with  the  T-oriented  specimen,  which 
showed  the  highest  susceptibility  to  HE.  It  is  clearly  demonstrated  that  UA  temper  showed 
the  highest  HE  susceptibility,  while  it  decreased  substantially  with  increasing  aging  time. 
The  resolutionized  and  PA  tempered  A1  8090  showed  an  approximately  25%  decrease  in 
tensile  elongation,  which  was  better  than  the  just  PA  tempered  counterpart.  The  details  of 
tensile  test  results  could  be  found  in  reference  1.  Figure  1  shows  the  low  and  high 
magnification  SEM  fractographs  of  the  tensile  tested  T-oriented  A1  8090-PA.  A  typical 
intergranular  fracture  mode  was  observed  in  both  specimens.  At  high  magnifications,  the 
intergranular  facets  were  found  to  be  covered  with  very  fine  dimples,  as  shown  in  Figs.  1(b) 
and  (d). 


Figure  1.  The  low  and  high  magnification  SEM  fractographs  of  the  T-oriented  specimens; 
(a)(b)  uncharged  and  (c)(d)  hydrogen-charged  for  12  hours. 
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The  morphology  of  dimples,  however,  changed  with  hydrogen  charging.  The  average 
dimple  diameters  of  the  uncharged  and  the  hydrogen-charged  specimens  were  0.26  and  0.4 
pm,  respectively,  as  shown  in  Fig.  1.  It  showed  that  the  dimples  found  in  the  hydrogen- 
charged  specimens  to  be  larger  and  relatively  shallower  than  those  in  the  uncharged 
specimens,  suggesting  that  the  microvoid  coalescence  process  was  promoted  by  hydrogen 
charging. 

3.  2  Effect  of  Hydrogen  Charging  on  Fracture  Behavior  of  A!  8090 

The  hydrogen  charging  significantly  affects  the  fracture  behavior  of  A1  8090,  particularly  the 
initial  fracture  toughness,  Kth,  which  is  defined  as  the  corresponding  K  value  for  the  initial 
rising  point  of  the  potential  with  propagating  crack.  The  Kth  value  for  the  uncharged  A1 
8090-PA  was,  for  example,  19.8MPaVm,  while  it  decreased  to  16.4,  15.5  and  14.5MPaVm 
with  hydrogen  charging  for  12,  24  and  48  hours,  respectively. 

As  mentioned  previously,  the  hydrogen  charging  affects  the  Kth  value  of  A1  8090  significantly. 
The  HAF  behavior  of  A1  8090  was  greatly  affected  by  the  specimen  orientation  and  aging 
condition.  The  T-S  orientation,  for  example,  showed  an  almost  two-fold  increase  in  the  pet 
decrease  in  Kth,  compared  to  the  other  orientations.  The  effect  of  aging  condition  on  HAF 
susceptibility  of  A1  8090  was  examined  using  the  T-S  specimens,  which  showed  the  highest 
susceptibility  to  HAF  in  the  present  study.  Figure  2  represents  the  change  in  the  Kth  values 
of  the  uncharged  and  12hr  hydrogen-charged  A1  8090  as  a  function  of  aging  time. 
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Figure  2.  The  change  in  the  Kth  values  and  the  pet  decrease  of  the  T-S  oriented  A1  8090  with 
different  aging  practices. 
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The  Kth  values  of  the  uncharged  A1  8090  decreased  from  23.3  MPaVm  to  IS.lMPaVm  with 
increasing  aging  time  from  16  to  64  hours.  The  extreme  case  of  96  hour  aging  further  reduced 
the  Kth  value  to  15.8  MPaVm.  Unlike  the  trend  observed  in  the  uncharged  specimens,  the  Kth 
values  of  the  hydrogen-charged  specimen  for  12hrs  did  not  show  a  notable  change  with 
different  aging  time.  In  terms  of  the  pet  decrease  in  Kth  value,  however,  the  resistance  to 
HAF  of  A1  8090  tended  to  decrease  substantially  with  increasing  aging  time.  In  its  PA 
temper,  the  pet  decrease  in  Kth  value  was  37%.  The  pet  decrease  in  Kth  value  decreased  to 
30%,  22%  and  4%  with  aging  for  32,  64  and  96  hours,  respectively.  The  resolutionized  and 
PA  tempered  A1  8090  showed  only  a  4%  decrease  in  Kth  with  hydrogen  charging. 


4.  DISCUSSION 

The  present  study  clearly  demonstrates  that  the  resistance  to  fracture,  as  well  as  the  tensile 
ductility,  of  A1  8090  can  be  greatly  reduced  with  an  electrochemical  hydrogen  charging.  The 
Kth  values  and  the  tensile  elongation  of  A1  8090  decreased  gradually  with  increasing  hydrogen 
charging  time.  Many  other  previous  papers  [1,2]  proposed  that  the  maximum  depth  of 
embrittlement  is  proportional  to  the  (charging  time)^^^,  when  metal  is  exposed  to  hydrogen¬ 
generating  environments.  Based  on  their  hypothesis,  the  Kth  data  for  A1  8090-PA  were 
replotted  as  a  function  of  (charging  time)^^^  as  shown  in  Figure  3.  From  the  figure,  it  is  seen 
that  the  Kth  value  decrease  linearly  to  the  (charging  time)^^^.  As  shown  in  Fig.  1  the 
hydrogen  charging  caused  the  dimples  on  the  intergranular  facets  to  be  slightly  larger  and 
shallower.  It  is,  therefore,  hypothesized  that  the  hydrogen,  as  redistributed  to  the  fracture 
process  zone  by  dislocation-assisted  transport  from  the  severely  embrittled  area,  probably  on 
the  surface,  tends  to  reduce  the  plastic  flow  required  for  microvoid  coalescence  process  at  the 
interface  between  the  precipitates  and  the  matrix  along  the  grain  boundaries  of  A1  8090. 

Since  the  hydrogen  charging  affects  the  deformation  and  fracture  behavior  of  A1  8090 
predominantly  in  the  grain  boundary  areas,  the  pet  decrease  in  Kth  values,  as  well  as  the 
tensile  elongation,  of  A1  8090  with  hydrogen  charging  was  naturally  dependent  on  the  loading 
and  crack  propagation  directions.  Smith  and  Scully  [4]  have  proposed  that  hydrogen 
trapping  at  high  angle  grain  boundaries  correlates  with  the  preferred  fracture  path,  but  only 
when  favorably  oriented.  Considering  the  pancake  shape  of  the  grain  structures  of  Al  8090 
and  Smith’s  proposition,  the  T-S  oriented  specimens  have  the  greatest  chance  for  crack  to 
follow  the  grain  boundaries  and  consequently  show  the  lowest  resistance  to  HAF.  The 
present  study  clearly  demonstrates  that  the  susceptibility  to  both  HE  and  HAF  decreases  with 
aging  time.  The  pet  decrease  in  the  Kth  value  of  Al  8090  with  hydrogen  charging  was  the 
highest  in  the  UA  temper,  while  it  gradually  decreased  with  increasing  aging  time.  The 
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improved  resistance  to  HAF  of  precipitation  hardened  A1  alloys  is  often  explained  by  the 
reduced  slip  planarity  with  aging.  It  has  been  well  established  that  5’  precipitates  promote 
the  slip  planarity  in  Al-Li  alloys. 


(Charging  Time)^^^  (hour)^'^ 

Figure  3.  The  change  in  the  Km  values  of  the  T-L  A1  8090-PA  as  a  function  of  (charging 

The  6’  microstructured  A1  8090  (resolutionized  and  aged),  however,  showed  a  better 
resistance  to  HAF  and  HE  than  the  5’+S’  microstructured  counterparts  for  the  same  temper. 
In  the  present  study,  the  microstructure  of  A1  8090  was  not  significantly  affected  with 
prolonged  aging  at  190”C  for  4  to  96  hours,  other  than  the  widening  of  PFZ  along  the  grain 
boundaries.  Moreover,  the  degree  of  slip  planarity  was  not  significantly  affected  with 
prolonged  aging.  It  is,  therefore,  speculated  that  the  slip  planarity  plays  a  secondary  role  in 
determining  the  HE  and  HAF  behavior  of  AI  8090.  Figure  4  clearly  shows  that  the  width  of 
PFZ  in  Al  8090  increases  substantially  with  increasing  aging  time  from  approximately  200 
nm  to  600  nm.  The  present  study  suggests  that  the  main  mechanism  for  HE  and  HAF  of  Al 
8090  is  the  reduced  plasticity  required  for  the  microvoid  coalescence  along  the  grain 
boundaries.  With  prolonged  aging,  the  number  of  precipitates  on  the  grain  boundaries, 
which  acts  as  the  sources  of  microvoid,  would  be  reduced  due  to  the  formation  of  PFZ. 
Conclusively,  the  fonuation  and  development  of  PFZ  along  the  grain  boundaries  in  Al  8090  is 
detrimental  to  the  tensile  and  fracture  properties.  It  is,  however,  beneficial  for  lessening  the 
effect  of  hydrogen  on  the  mechanical  properties. 
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Figure  4.  Dark  field  TEM  micrographs  of  the  A1  8090  aged  at  190®C  for  (a)  16,  (b)  32,  (c)  64 
and  (d)  96  hours,  showing  well-developed  precipitate  free  zones  along  the  grain  boundaries. 


5.  CONCLUSIONS. 

1.  The  cathodic  hydrogen  charging  substantially  reduced  the  initial  fracture  toughness  values, 
Kth,  and  tensile  ductility  of  A1  8090,  where  the  reduction  was  linearly  proportional  to 
(charging  time)^^^, 

2.  The  dominant  fracture  mode  in  A1  8090  was  intergranular  dimpled  rupture.  It  was  noted 
that  the  dimples  on  the  intergranular  facets  tended  to  be  larger  and  shallower  with  hydrogen 
charging. 

3.  The  HAF  sensitivity  of  A1  8090  were  strongly  dependent  on  the  specimen  orientation. 
The  T-S  oriented  SEN  specimens  had  the  better  chance  for  crack  to  follow  the  grain 
boundaries,  where  the  hydrogen  attack  was  the  most  significant,  and  showed  the  highest 
susceptibility. 

4.  The  5’  microstructured  A1  8090  (resolutionized  and  aged)  showed  a  better  resistance  to 
HAF  and  HE  than  the  5’+S’  microstructured  counterparts,  suggesting  that  the  slip  planarity 
plays  a  secondary  role  in  determining  the  HE  and  HAF  behavior  of  A1  8090. 


687 


5.  The  susceptibilities  to  HE  and  HAF  of  A1  8090  gradually  decreased  from  UA  temper  to  OA 
temper.  The  formation  and  development  of  precipitate  free  zone  along  the  grain  boundaries 
with  prolonged  aging  is  believed  to  be  responsible  for  the  reduced  susceptibility  to  HE  and 
HAF  of  A1  8090. 
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Abstract 

Fracture  behavior  of  AA6061  aluminum  alloy  was  investigated  by  varying  aging  conditions 
under  resonant  vibration.  Experimental  results  showed  that  strength  of  alloy  can  be  improved 
by  aging,  but  it  also  influences  the  deflection  amplitude  of  specimens.  The  peak-aged  specimen, 
which  possesses  the  highest  strength,  shows  the  largest  deflectuon  amplitude  in  six  different 
aging  treatments.  Additionally,  for  naturally  aged  and  underaged  specimens,  the  crack 
propagation  indicated  a  slip  band  cracking  feature.  Whereas,  the  slip  band  cracking  was  not 
observed  in  the  peak-aged  and  overaged  specimens.  The  propagation  of  the  cracks  were  mainly 
transgranular.  For  six  different  aging  treatments,  the  ratio  of  the  yield  strength  (or  matrix 
microhardness)  to  the  largest  deflection  amplitude  of  specimens  indicated  the  crack 
propagation  resistance.  The  results  of  crack  propagation  resistance  as  a  function  of  aging 
condition  were  discussed. 
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1.  INTRODUCTION 

For  the  sake  of  energy  conservation,  aluminum  alloys  have  been  used  extensively  to  reduce  the 
weight  of  automobiles  and  aircrafts.  Among  these  alloys,  heat  treatable  AA6061  alloy  has 
found  wide  application  in  transportation  and  structural  components,  owing  to  its  strength, 
weldability  and  corrosion  resistance  [1].  In  this  study,  a  vibration  equipment  that  can  generate 
the  resonant  condition  was  used  to  explore  the  fracture  behavior  of  AA606 1  aluminum  alloy  in 
various  aging  conditions. 

McGuire  et  al  [2,  3]  have  shown  that  the  measurement  of  resonant  frequency  can  be  applied  as 
a  nondestructive  tool  to  detect  crack  length.  Dentsoras  et  al,  [4]  have  also  pointed  out  that 
material  damping  was  the  decisive  factor  for  determining  the  crack  growth  rate  in  a  resonant 
system.  Additionally,  our  previous  investigation  [5]  on  the  resonant  fracture  behavior  showed 
that  increasing  the  damping  capacity  reduced  the  deflection  amplitude  and  then  resulted  in 
increasing  the  crack  propagation  resistance.  The  investigation  of  aging  treatment  of  A3  5 6  alloy 
[6]  Indicated  that  changing  the  aging  condition  significantly  influenced  the  crack  propagation 
behavior  under  resonant  vibration.  Thus,  the  crack  propagation  resistance  increased  with 
increasing  the  yield  strength  and  hardness  of  specimens.  To  have  a  better  understanding  of  the 
effect  of  aging  on  the  material  damping  and  crack  propagation  resistance  under  resonant 
vibration,  the  aging  condition  of  AA6061  aluminum  alloy  was  investigated. 


2.  EXPERIMENTAL  PROCEDURES 

The  composition  of  AA6061  aluminum  alloy  used  in  this  study  is  shown  in  Table  1.  The  test 
specimens  were  solution-treated  at  535®C  for  two  hours,  quenched  in  water  and  then  subjected 
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to  six  different  aging  treatments.  One  specimen  naturally  aged  at  room  temperature  for  7  days 
and^four  other  specimens  underaged  (UAl,  UA2),  peak-aged  (PA)  and  over-aged  (OAl)  at 
185  C  for  1,  6,  12  hour  and  7  days,  respectively.  One  overaged  treatment  (OA2)  was  also 
conducted  at  250^^0  for  10  hour. 
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Fig.  la  schematically  depicts  the  vibration  apparatus  applied  for  the  resonant  vibration  test. 
The  specimen  has  two  V-notches  on  the  lateral  sides  near  the  clamp  according  to  the  shape  and 
dimensions  provided  in  Fig.  lb.  These  notches  were  made  to  confine  the  crack  initiation  from 
the  notch  tip.  The  acceleration  of  the  vibrating  shaker  was  fixed  at  1.5g  and  1.7g  (g:  9.8 
m-sec  ).  The  resonant  frequency  was  in  the  range  of  72  ±  1  Hz  regardless  of  the  aging 
condition.  The  specimens’  deflection  amplitude  was  recorded  as  a  function  of  the  vibration 
cycle  during  the  testing  process.  The  test  was  paused  at  various  vibration  cycles  to  observe  the 
cracking  features.  An  optical  microscope  equipped  with  an  image  analyzer  was  utilized  for  this 
observation. 
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Fig.  1.  a)  Schematic  diagram  of  the  vibration  equipment  and  b)  shape  and  dimension  of  the 
resonant  vibration  test  specimen. 


Damping  capacity  is  one  measure  of  a  material’s  ability  to  dissipate  strain  energy  during 
vibration  test.  Logarithmic  decrement,  S,  is  one  of  the  method  used  to  measure  damping 
capacity,  derived  from  deflection  amplitude  decay  of  specimen  under  free  vibration  is  defined 
as  [7] 


where  Ai  and  Ai+n  are  the  deflection  amplitude  of  the  ith  cycle  and  the  (/+«)th  cycle,  at  times  ti 
and  t2,  respectively,  separated  by  n  periods  of  oscillation.  Schematic  diagram  of  deflection 
amplitude  decay  of  specimen  is  shown  in  Fig.  2.  In  this  study,  the  vibration  shaker  acceleration 
was  fixed  at  1.5g  and  when  the  vibration  was  stopped,  the  amplitude  decay  of  the  specimen  was 
measured. 
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Fig.  2  Schematic  diagram  of  deflection  amplitude  decay  of  specimen,  showing  the 
measurement  of  logarithmic  decrement  (^) 


3.  RESULTS 

3.1  Microstructure  and  Tensile  Properties 

Fig.  3  illustrates  the  optical  metallography  of  the  naturally  aged  specimen.  The  grain  size  of  the 
specimens  remained  practically  unchanged  for  the  six  different  aging  treatments,  with  the 
average  grain  size  of  about  210  pm.  Summarized  in  Table  2  are  the  datum  of  tensile  strength, 
elongation  and  microhardness  for  different  specimens.  The  peak-aged  (PA)  specimen 
displayed  the  highest  stress  and  microhardness  compared  to  other  specimens. 


Table  2.  Datum  of  tensile  stress,  elongation  and  Rockwell  B  hardness. 


Designation 

Yield  stress  (MPa) 

UTS  (MPa) 

Elongation  (%) 

Microhardness  (Hv) 

NA 
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83.1 

Fig.  3.  Optical  micrograph  of  the  naturally  aged  specimen,  showing  the  grain  structure. 


3.2  Deflection  amplitude  and  vibrational  life 

The  dependence  of  deflection  amplitude  (D)  vs,  the  number  of  vibration  cycles  (N)  can  be 
described  by  D-N  curve  as  shown  in  Fig.  4.  As  illustrated  in  the  figure,  all  test  materials  exhibit 
a  similar  trend  in  the  variation  of  deflection  amplitude,  which  can  be  divided  into  three  distinct 
stages  throughout  the  test.  The  deflection  amplitude  at  resonance  increases  with  the  number  of 
vibration  cycles  in  Stage  I.  An  increase  in  deflection  amplitude  in  Stage  I  should  be  correlated 
with  the  effect  of  work  hardening  [5-6].  Subsequently,  the  deflection  amplitude  in  Stage  II  can 
be  classified  as  a  plateau  region.  According  the  observation  of  crack  propagation  path,  the 
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crack  predominantly  propagates  in  this  stage.  Stage  III  delineates  the  deflection  amplitude 
decreases  significantly  with  increasing  vibration  cycles.  The  phenomenon  of  descending 
deflection  amplitude  in  Stage  III  should  be  correlated  with  the  deviation  of  resonant  frequency 
[5-6].  Furthermore,  due  to  the  divergence  of  resonance  condition,  the  vibrational  life  can  be 
defined  qualitatively  from  the  D-N  curve  as  that  point  corresponding  to  the  transition  between 
the  plateau  region  (stage  II)  and  the  descending  region  (stage  III),  as  depicted  Fig.  4a. 


Fig.  4.  Deflection  amplitude  V5.  number  of  vibration  cycles:  a)  schematic  figure  of  D-N  curve, 
b)  1.5g  vibration  shaker  acceleration  and  c)  1.7g  vibration  shaker  acceleration. 


Fig.  4  indicated  the  deflection  amplitude  was  significantly  affected  by  aging.  The  deflection 
amplitude  are  in  the  following  order:  PA  >  UA2  >  UAl  >  OAl  >  NA  >  OA2.  According  to  the 
measurement  of  logarithmic  decrement,  as  indicated  in  Table  3,  it  should  be  noted  that  there  is 
an  inverse  relation  between  the  logarithmic  decrement  and  deflection  amplitude.  Fig.  5  shows 
the  vibrational  life  of  the  specimens.  This  figure  indicates  that  the  vibrational  life  increases  in 
turn  from  NA  to  OA2  to  UAl  to  UA2  to  PA  and  to  OAl . 


(S) 


3.3  Crack  Propagation  Features 

Under  different  vibration  shaker  acceleration(1.5g  and  1.7g),  the  naturally  aged  (NA)  and 
underaged  (UAl  and  UA2)  specimens  showed  similar  crack  propagation  paths.  Fig.  6a  shows 
the  crack  propagation  feature  observed  on  the  surface  of  the  naturally  aged  specimen,  which 
indicates  the  slip  band  cracking  feature.  Whereas,  the  slip  band  cracking  was  not  observed  in 
the  peak-aged  (PA)  and  overaged  (OAl  and  OA2)  specimens.  Fig.  6b  illustrates  the  crack 
propagation  path  of  the  OA2  specimen.  This  figure  shows  that  the  cracks  propagation  are 
mainly  transgranular. 


Tab 


e  3.  Logarithmic  decrement 


Designation 

S 

NA 

0.221 

UAl 

0.196 

UA2 

0.175 

PA 

0.171 

OAl 

0.207 

OA2 

0.223 

Fig.  5  Vibrational  life  of  all  specimens. 
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Fig.  6.  Crack  propagation  feature:  a)  NA  specimen  and  b)  OA2  specimen 


4.  DISCUSSION 

Fig.4  shows  the  deflection  amplitude  of  specimens  significantly  influenced  by  aging  treatment. 
The  deflection  amplitude  of  specimen  in  turn  increases  from  NA  to  UAl  to  UA2  and  to  PA 
specimens,  subsequently  the  deflection  amplitude  decreases  to  OAl  and  OA2  specimens.  The 
mechanism  by  which  the  dislocations  are  generally  considered  to  affect  damping  behavior  is 
Granato-Lucke  mechanism  [7-9].  The  internal  friction  (damping)  from  the  motion  dislocation 
break-way  or  the  action  of  particle/matrix  interfaces  can  release  the  vibration  energy  and  result 
in  the  increment  in  the  damping  capacity  of  material.  For  the  naturally  aged  (NA)  and 
underaged  (UAl  and  UA2)  specimens,  coherency  of  the  precipitation/matrix  interfaces  makes 
mobile  dislocations  in  the  plastic  zone  ahead  of  crack  tip  to  glide  by  shearing  the  precipitates. 
Increasing  the  strength  or  hardness  will  increase  the  stress  required  for  shearing  the  coherent 
precipitates;  thus,  the  crack  is  harder  to  slip.  Thus,  the  order  of  the  damping  capacity  of 
specimens  is:  NA  >  UAl  >  UA2  (Table  3).  Whereas,  for  the  peak-aged  (PA)  and  overaged 
(OAl  and  OA2)  specimens,  the  gliding  of  mobile  dislocations  alters  from  shearing  the 
precipitates  to  Orowan  looping,  if  the  precipitates  are  incoherent  [10-12].  Increasing  the  matrix 
strength  also  raises  the  resolved  shear  stress  for  Orowan  looping,  that  increase  the  resistance  of 
crack  propagation.  Consequently,  experimental  result  depicts  the  damping  capacity  order  is: 
OA2>OAl>PA(Table3) 

The  naturally  aged  (NA)  and  underaged  (UAl  and  UA2)  specimens  possess  the  slip  band 
cracking  feature.  In  some  fatigue  propagation,  studies  [10-12]  have  shown  that  the  underaged 
7XXX  and  Al-Li  aluminum  alloys  with  coherent  precipitates  also  had  the  silp  band  cracking 
feature.  Increasing  the  matrix  strength  or  hardness  will  raise  the  stress  required  for  shearing  the 
coherent  precipitates,  then  that  is  helpful  to  improve  the  crack  propagation.  Whereas,  if  the 
precipitates  are  incoherent,  the  increase  in  the  matrix  strength  and  hardness  raises  the  resolved 
shear  stress  for  Orowan  looping,  for  the  PA,  OAl  and  OA2  specimens.  This  is  a  factor  for 
increasing  the  crack  propagation  resistance  with  increasing  the  strength  and  hardness.  Thus, 
the  crack  propagation  resistance  shows  a  direct  proportion  to  the  yield  stress  and  hardness.  On 
the  other  hand,  our  previous  study  [5]  showed  that  the  suppression  of  deflection  amplitude  of 
specimen  can  significantly  improve  the  crack  propagation  resistance  and  the  crack 
predominantly  propagates  in  stage  II  (displayed  the  largest  deflection  amplitude).  Thus,  the 
vibrational  life  should  be  correlated  with  the  deformation  resistance  of  matrix  and  deflection 
amplitude. 

Furthermore,  Fig.  7  shows  a  good  linear  relation  between  the  vibrational  life  and  the  ratio  of 
yield  strength  (or  matrix  microhardness)/largest  deflection  amplitude.  The  vibrational  life 
increases  with  increasing  the  value  of  ratio.  The  ratio  of  the  yield  strength  to  the  largest 
deflection  amplitude,  for  the  specimens  used  in  this  study,  can  be  considered  as  the  indication  of 
the  crack  propagation  resistance. 
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Fig.  7  Vibrational  life  vs.  ratio  of  yield  strength  (or  matrix  microhardness)/largest  deflection 
amplitude. 


5.  CONCLUSIONS 

1.  In  six  different  aging  treatments,  the  values  of  deflection  amplitude  of  specimens  had  the 
following  order:  PA  >  UA2  >  UAl  >  OAl  >  NA  >  OA2,  Having  an  inverse  relation  between 
the  logarithmic  decrement  and  deflection  amplitude,  the  logarithmic  decrement  values  were 
arranged  as:  OA2  >  NA  >  OAl  >  UAl  >  UA2  >  PA.  This  showed  the  deflection  amplitude 
of  specimen  could  be  suppressed  with  increasing  the  logarithmic  decrement. 

2.  The  naturally  aged  (NA)  and  underaged  (UAl  and  UA2)  specimens  showed  similar  crack 
propagation  behavior.  The  observation  of  crack  propagation  indicated  the  slip  band  cracking 
feature.  Whereas,  the  slip  band  cracking  was  not  observed  in  the  peak-aged  (PA)  and 
overaged  (OAl  and  OA2)  specimens.  This  shows  that  the  propagation  of  cracks  are  mainly 
transgranular  and  partly  intergranular. 

3.  For  the  six  specimens  with  different  aging  treatments  used  in  this  study,  the  ratio  of  the  yield 
strength  to  the  largest  deflection  amplitude  can  represent  the  crack  propagation  resistance. 
The  crack  propagation  resistance  increases  in  turn  from  NA  to  OA2  to  UAl  to  UA2  to  PA 
and  to  OAl. 


R©fGr0nc© 

1.  Metals  Handbook,  10th  edn.,  Vol.  2(1990),  American  Society  for  Metals,  Metals  Park,  Ohio, 
USA,pp.  102-103. 

2.  S,  M.  McGuire,  M.  E.  Fine  and  J.  D.  Achenbach,  J.  Mater.  Res.,  Vol.  8(1993),  pp. 
2216-2223. 

3.  S.  M.  McGuire,  M.  E.  Fine  and  J.  D.  Achenbach,  Metall.  Mater.  Trans.  A,  Vol.  26A(1995), 
pp.  1123-1127. 

4.  A.  Dentsoras  and  A.  D.  Dimarogonas,  Eng.  Fracture  Mech.,  Vol.  17(1983),  pp.  381-386. 

5.  J.  H.  Homg,  T.  S.  Lui  and  L.  H.  Chen,  Aluminum  Trans.,  Vol.  2(2000),  pp.  283-291. 

6.  D.  S.  Jiang,  T.  S.  Lui  and  L.  H.  Chen,  Mater.  Trans.  JIM,  Vol.  41(2000),  pp.  499-506. 

7.  S.  S.  Rao,  Mechanical  Vibrations,  2nd  ed.,  Addison-Wesley  Publishing  Company,  Inc., 
(1990),  pp.  89-91. 

8.  A.  Granato  and  K.  Lucke,  J.  Appl.  Phys.,  Vol.  27(1956),  pp.  583-593. 

9.  J.  Zhang,  R.  J.  Perez  and  E.  J.  Lavemia,  J.  Mater.  Sci.,  Vol.  28(1993),  pp.  835-846. 

10.  J.  T.  Hartman,  Jr.,  K.  H.  Keene,  R.  J.  Armstrong  and  A.  Wolfenden,  J.  Met.,  Vol.  38(1986), 
pp.  33-35. 

11.  K.  T.  V.  Rao,  W.  Yu  andR.  O.  Ritchie,  Metall.  Trans.  A,  Vol.  19A(1988),  pp.  549-561. 

12.  R.  D.  Carter,  E.  W.  Lee,  E.  A.  Starke,  Jr.  and  C.  J.  Beevers,  Metall.  Trans.  A,  Vol.  15A(1984), 
pp.  555-563. 

13.  D.  C.  Slavik,  C.  P.  Blankenship,  Jr.,  E.  A.  Starke,  Jr.  and  R.  P.  Gangloff,  Metall.  Trans.  A, 
Vol.  24A(1993),pp.  1807-1817. 


694 


DEFORMATION  BEHAVIOR  OF  A  SPRAY-CAST 
HYPEREUTECTIC  AI-25Si  ALLOY 


Tae  Kwon  Ha,  Joseph  Kim,  Woo-Jin  Park*,  Eon-Sik  Lee*, 

Sangho  Ahn*  and  Young  Won  Chang 

Center  for  Advanced  Aerospace  Materials 
Pohang  University  of  Science  and  Technology,  Pohang  790-784,  Korea 
*Research  Institute  of  Industrial  Science  and  Technology,  Pohang  790-600,  Korea 


ABSTRACT 

This  article  reports  the  fabrication  of  a  hypereutectic  Al-25Si  (wt.%)  alloy,  which  is 
expected  to  be  applied  to  the  cylinder  liner  part  of  the  engine  block  of  an  automobile  due  to  its 
excellent  wear  resistance,  low  density  and  low  thermal  expansion  coefficient,  through  a  spray 
casting  process  and  the  characterization  of  the  microstructure  and  the  mechanical  properties 
of  this  alloy.  The  OSPREY  process  used  in  this  study  is  one  of  spray  forming  techniques, 
which  can  produce  semi-finished  products  such  as  billet,  tube  and  plate  with  rapid 
solidification  structure  and  density  in  a  single  operation  from  molten  metal.  The  obtained 
microstructure  of  the  hypereutectic  Al-25Si  alloy  consisted  of  A1  matrix  and  equiaxed  Si 
particles  of  average  diameter  of  6  pm.  To  characterize  the  deformation  behavior  of  this 
alloy,  a  series  of  load  relaxation  and  compression  tests  have  been  conducted  at  temperatures 
ranging  from  RT  to  500°C.  The  strain  rate  sensitivity  parameter  (m)  of  this  alloy  has  been 
found  to  be  very  low  (<  0.1)  below  SOO^^C  and  to  reach  the  maximum  value  of  about  0.2  at 
500°C.  During  the  compression  tests,  no  strain  hardening  was  observed  even  at  RT.  From  the 
result  of  compression  tests,  the  condition  of  hot-extrusion,  a  necessary  process  for  application 
as  the  cylinder  liner,  was  deduced.  The  extrusion  has  been  successfully  conducted  at  the 
temperatures  of  300°C  and  above  with  the  ratio  of  area  reduction  of  28  and  40  in  this  study. 


1.  INTRODUCTION 

Hypereutectic  Al-Si  based  alloys  exhibit  useful  characteristics  that  make  them  as  one  of  the 
most  important,  advanced  material  systems,  such  as  good  wear  resistance,  high  stiffness,  low 
thermal  expansion  coefficient  and  high  temperature  performance  [1,  2].  Recently, 
hypereutectic  Al-Si  Alloys  have  been  recommended  as  a  strong  candidate  material  for  the 
cylinder  liner  of  engine  block  in  automotive  industry  in  the  light  of  automobile  weight 
reduction. 

The  conventional  ingot  metallurgy  (IM)  and  rapid  solidification/powder  metallurgy 
(RS/PM)  processes  have  been  employed  for  production  of  these  alloys.  The  formation  of 
coarse,  primary  Si  particles  and  AlFeSi  based  intermetallic  phases  [3,  4]  during  IM  process, 
however,  have  been  restricted  the  application  of  this  alloy.  These  problems  from  IM  process 
can  be  solved  by  various  RS/PM  methods,  which  bring  about  a  significant  microstructural 
modification  of  the  alloys  in  size,  morphology  and  distribution  of  Si  particles  and  AlFeSi 
based  intermetallic  compounds  [5,  6].  The  spray  casting,  although  it  offers  somewhat  slower 
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solidification  rate  than  that  of  RS  processes,  can  also  produce  a  fine  microstructure  in  which 
Si  particles  and  AlFeSi  based  intermetal  lies  are  uniformly  distributed  [1,  7,  8].  It  is,  therefore, 
very  interesting  technologically  and  commercially  to  apply  the  spray  casting  for  the 
production  of  Al-Si  based  alloys. 

In  the  present  study,  it  was  attempted  to  produce  a  180-mm-diameter  billet  of  Al-25Si 
(wt.%)  alloy  using  the  OSPREY  spray  casting  process.  In  an  attempt  to  establish  the  optimum 
condition  for  extrusion  process  that  is  required  for  the  preform  to  be  formed  into  a  cylinder 
liner,  a  series  of  high  temperature  compression  and  load  relaxation  tests  have  also  been 
conducted. 


2.  EXPERIMENTAL  PROCEDURE 

The  composition  of  the  present  alloy  was  Al-25Si  (wt.%).  The  1 5-kg-alloy-preform  was 
prepared  via  the  OSPREY  spray  casting  process  with  melt  temperature  of  850°C.  The 
schematic  drawing  of  the  apparatus  used  in  this  study  is  given  in  Fig.l.  The  alloy  was  melted 
in  a  graphite  crucible  using  an  induction-heating  furnace.  A  thermocouple  was  placed  at  the 
bottom  of  the  tundish  to  monitor  the  temperature  of  the  melt  prior  to  atomization.  The  melt 
stream  was  atomized  into  fine  droplets  by  nitrogen  gas  at  high  pressure.  The  atomized 
droplets  were  deposited  onto  a  substrate  positioned  at  an  appropriate  distance  from  the 
tundish  nozzle.  The  diameter  of  the  billet  thus  obtained  was  180  mm.  After  measuring  the 
density  distribution  of  the  billet,  specimens  for  compression  test,  load  relaxation  test,  and 
extrusion  were  taken  from  the  center  part  of  the  billet,  having  over  97  %  of  the  ideal  density. 
The  gauge  dimensions  of  specimens  were  3  mm  x  3  mm  x  6  mm  for  compression  tests  and  3 
mm  X  4  mm  x  27  mm  for  load  relaxation  tests,  respectively.  For  extrusion,  billets  with  80  mm 
in  diameter  were  machined. 


Fig.  1 .  The  schematic  drawing  of  the  spray  casting  apparatus  used  in  this  study. 

A  series  of  compression  and  load  relaxation  tests  were  then  carried  out  at  the  temperatures 
ranging  from  from  24  to  500°C  by  using  a  computer  controlled  electro-mechanical  testing 
machine  (Instron  1361  model)  attached  with  a  furnace  capable  of  maintaining  the  temperature 
fluctuation  within  ±  1°C.  It  is  well  known  that  load  relaxation  test  can  provide  a  much  wider 
range  of  strain  rates,  applying  a  little  amount  of  plastic  strain,  1.5  %  in  this  study,  to  the 
specimen  without  an  appreciable  change  in  microstructures  [9].  Loading  strain  rate  was  5x10' 
^/s  in  all  cases.  The  flow  stresses  as  a  function  of  the  inelastic  strain  rate  were  determined  by 
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following  the  usual  procedure  described  in  the  literature  [10].  Compression  tests  were  also 
carried  out  under  the  various  strain  rates  ranging  from  lO'^^/s  to  lO'^/s  at  the  same  temperature 
range.  After  constructing  the  diagrams  of  extrusion  pressure  vs.  ram-speed  from  the 
compression  test  results,  extrusion  has  been  conducted  under  the  various  conditions. 


3.  RESULTS  AND  DISCUSSION 
3.1.  Spray-cast  billet 

The  density  of  the  spray-cast  billet  showed  more  than  97%  of  its  ideal  density.  All  specimens 
for  mechanical  testing  and  extrusion  have  been  taken  from  the  center  part  of  the  billet.  Figure 
2  shows  the  typical  microstructure  of  the  as-spray-cast  billet  together  with  the  micrograph  of 
IM  processed  Al-25Si  alloy.  As  briefly  mentioned  earlier,  coarse  primary  Si  particles  (P)  and 
AlFeSi  based  intermetallic  phases  (I)  are  easily  observed  in  the  IM  processed  alloy,  while  the 
Si  particles  in  the  spray-cast  alloy  appear  to  be  very  uniform  in  their  size  (~  6  pm)  and 
distribution.  The  AlFeSi  based  intermetallic  phases  can  also  be  observed  in  Fig.  2(b)  in  the 
formof  thin  film  type. 


SOpm  20pm 


Fig.  3.  Typical  microstructures  of  Al-25Si  alloys  produced  by  (a)  an  ingot  metallurgy  and  (b) 

spray  casting. 


3.2.  Load  relaxation  behavior 

The  flow  curves  of  strain  rate  (s)  vs.  stress  (a)  obtained  from  a  series  of  load  relaxation  tests 
conducted  at  temperatures  from  RT  to  500°C  are  given  in  Fig.  4  in  a  log  scale,  showing  a 
wide  range  of  flow  data  in  more  than  four  orders  of  the  strain  rates.  The  flow  stresses  are 
observed  to  be  very  sensitive  to  the  test  temperatures.  The  slope  of  the  flow  curve  is  well 
known  as  the  strain  rate  sensitivity  parameter  (m),  characterizing  the  strain  rate  dependency  of 
the  flow  stress  and  also  the  measure  of  high  temperature  ductility  [11].  The  m  values  of  spray- 
cast  Al-25Si  alloy  are  found  very  small  at  lower  temperatures  less  than  m  =  0.1  below  300°C 
but  appear  to  increase  remarkably  reaching  upto  about  0.2  at  500°C.  It  is  very  interesting  to 
note  that  the  flow  curve  obtained  at  500°C  can  be  divided  into  two  regions  with  different  m 
values,  suggesting  that  two  different  deformation  mechanisms  might  operate  for  each  m  value. 
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2.2 


Fig.  3.  Flow  curves  of  a  spray-cast  Al-25Si  alloy  are  obtained  from  load  relaxation  tests 
conducted  at  the  various  temperatures. 

3.3.  Compression  test  results 

Some  compression  test  results  are  given  in  Fig.  4  in  terms  of  the  true  stress  and  true  strain.  It 
should  be  noted  here  that  the  strain-hardening  rate  is  negligible  even  at  RT.  At  higher 
temperatures,  strain  softening  can  be  observed,  though  the  degree  of  which  is  not  remarkable. 
The  flow  curves  of  log  strain  rate  (e)  vs.  log  stress  (a)  can  also  be  obtained  from  the 
compression  test  results,  plotting  the  flow  stresses  evaluated  at  the  strain  level  of  1%  as  a 
function  of  the  initial  strain  rates  as  shown  in  Fig.  5.  This  result  shows  somewhat  smaller  m 
values  than  those  calculated  from  load  relaxation  tests. 


Fig.  4.  True  stress  vs.  true  strain  curves  obtained  from  a  series  of  compression  tests  under  the 
initial  strain  rates  of  (a)  1x10* Vs  and  (b)  1x10  Vs. 
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log  strain  rate  (s'^) 


Fig,  5.  The  flow  curves  of  a  spray-cast  Al-25Si  alloy  are  obtained  from  compression  tests 
conducted  at  the  various  temperatures. 

3.4.  Assessment  of  extrusion  conditions 

The  extrusion  pressure  Pe  (MPa)  is  expressed  by  the  following  equation: 

Pe-ay(A  +  Blnr)  (1) 

where  Gy  (MPa)  and  r  are  the  yield  stress  of  the  feed  material  and  the  extrusion  ratio, 
respectively.  The  coefficients  A  and  B  depend  on  the  die  shape  and  friction  [12,  13],  having 
the  reported  values  of  0.8  and  1.5,  respectively,  for  a  non-hardenable  material.  Since  the 
spray-cast  Al-25Si  showed  negligible  strain-hardening  rate  as  shown  in  Fig.  4,  these  values 
are  presumed  to  be  applicable  in  this  study. 

On  extrusion  with  a  conical  die  with  a  hole  of  circular  shape,  the  mean  strain  rate  s  (s‘^)  is 
expressed  by 


8  =  (6  Ve/D)  In  r  tan  0  (2) 

with  Ve  (mm/s)  and  0  (degrees)  denoting  the  ram-speed  and  the  half  die  angle,  respectively 
[13].  In  this  study,  the  diameter  D  of  the  feeding  billet  and  0  were  80  mm  and  45  degrees, 
respectively. 

Figure  6  shows  the  relations  between  the  extrusion  pressure  and  ram-speed  for  the 
extrusion  ratios  of  r  =  28  and  40,  obtained  from  equations  (1)  and  (2)  using  the  flow  data  in 
Fig.  6.  During  extrusion,  it  is  necessary  to  control  the  working  pressure  below  the  endurance 
pressure  of  the  machine.  The  critical  pressure  is  evaluated  as  1072  MPa  in  the  case  of  this 
study  and  marked  by  the  horizontal  lines  in  Fig.  6.  A  series  of  experimental  extrusions  were 
successfully  conducted  at  the  ram-speeds  of  1~10  mm/s,  for  the  extrusion  ratios  of  r  =  28  and 
40  and  at  the  various  temperatures  above  300°C.  After  an  extrusion  with  the  condition  of  r  = 
28  and  T  =  400°C,  Si  particles  were  found  to  refine  into  an  average  size  of  about  2  pm. 


4.  SUMMARY 

The  180-mm-diameter  billet  of  a  hypereutectic  Al-25Si  alloy  with  over  97%  of  ideal  density. 


699 


was  produced  using  the  OSPREY  spray  casting  process  in  this  study.  The  Si  particles  were 
found  to  be  uniform  in  both  distribution  and  their  size.  The  strain  rate  sensitivity  parameter 
(m)  of  this  alloy  has  been  observed  to  be  very  low  (<  0.1)  below  300^C  but  to  reach  the 
maximum  value  of  about  0.2  at  500”C  from  a  series  of  load  relaxation  and  compression  tests. 
The  diagrams  of  ram-speed  vs.  extrusion  pressure  for  this  alloy  were  constructed  from  the 
compression  test  results,  providing  the  extrusion  conditions.  The  effectiveness  of  these 
diagrams  has  been  confirmed  experimentally  by  conducting  extrusions  under  the  various 
conditions.  After  an  extrusion,  the  Si  particles  were  observed  to  refine  into  much  smaller  size 
of  about  2  pm. 


Fig.  6.  The  plot  of  extrusion  pressure  as  a  function  of  the  ram-speed  providing  a  means  to 

determine  the  extrusion  conditions. 
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ABSTRACT 

The  main  objective  of  this  study  is  to  determine  if  the  sources  ofAE  in  corroded  specimens 
of  aluminum  could  be  identified  from  the  characteristics  of  the  waveform  signals  recorded 
during  fatigue  loading.  Coupons  of  notched  2024-T3  aluminum  with  or  without  corrosion  (at 
the  notch)  were  subjected  to  fatigue  loading  and  the  AE  signals  were  recorded  using 
non-resonant,  flat,  wide-band  transducers.  The  time  history  and  power  spectrum  of  each 
individual  wave  signal  recorded  during  fatigue  crack  growth  were  examined  and  classified 
according  to  their  special  characteristics.  Five  distinct  types  of  signals  were  observed  regardless 
of  specimen  condition.  Three  types  of  signals  (identified  as  Types  I,  II  and  III),  recorded  by 
transducers  located  at  relatively  large  distances  from  the  notch-tip,  were  found  to  be  similar  in 
both  as-received  and  corroded  specimens,  but  the  other  two  signals  (Types  IV  and  V)  were 
different  in  their  characteristics. 


1.  INTRODUCTION 

Acoustic  Emission  (AE)  is  the  phenomenon  in  which  elastic  waves  are  emitted  from 
sudden  release  of  the  strain  energy  due  to  the  extension  of  cracks  and  flaws  in  structural 
solids[l].  It  is  a  common  nondestructive  methodology  that  has  been  used,  with  varying  degrees 
of  success,  to  monitor  damage  evolution  in  engineering  structures  subject  to  service  loads. 
Microfracture  events  in  loaded  structures  can  be  triggered  by  different  mechanisms.  The 
primary  sources  of  AE  are  dynamic  deformation  and  fracture  while  phase  transformation, 
corrosion,  friction,  magnetic  processes,  among  others,  also  give  rise  to  detectable  AE[2-6].  As 
a  common  nondestructive  testing  technique  AE  methods  can  be  used  in  monitoring  structural 
integrity,  leak  detection,  initial  fracture  and  in  characterizing  material  behavior [7-9]. 

In  plate-like  structures  a  major  portion  of  the  energy  released  during  microfracture 
events  associated  with  damage  is  carried  away  from  the  source  by  multimode  guided  waves. 
The  efficiency  of  the  excitation  and  the  relative  strength  of  different  guided  wave  modes  can  be 
used  to  interrogate  the  characteristics  of  the  microfracture  sources.  This  relationship  between 
different  types  of  microfracture  and  the  guided  waves  generated  by  them  in  thin  graphite/epoxy 
composite  plates  under  fatigue  loading  has  been  established  through  laboratory  tests  and 
theoretical  modeling[10].  Since  the  method  monitors  the  dynamic  processes  associated  with 
damage,  its  applicability  does  not  depend  on  the  size  of  the  existing  defects.  Thus  the  onset  of 
very  small  cracks  that  can  not  be  detected  by  passive  nondestructive  methods  can  be  detected 
by  AE  monitoring  in  general  and  the  nature  of  the  source  can  be  characterized  through 
wave-based  analysis  of  AE  signals. 


701 


In  this  paper,  AE  signals  generated  during  a  fatigue  process  in  an  as-received  specimen 
and  a  corrosion  pitted  specimen  of  2024-T3  aluminum  alloy  were  recorded  in  real  time.  The 
energy  released  during  fracture  initiation  and  propagation  were  shown  to  be  carried  by  guided 
waves  in  the  plates.  The  signals  were  classified  into  several  types  based  on  their  temporal  as 
well  as  spectral  characteristics,  and  were  related  to  the  characteristics  of  the  microfracture.  The 
signals  from  the  corroded  specimens  were  found  to  have  distinct  features  that  can,  in  principle, 
be  used  to  detect  the  presence  of  early  corrosion  in  rivet  holes  and  other  locations  in  aging 
metallic  structures. 


2.  SPECIMEN  PREPARATION 

The  specimens  used  in  the  experimental  study  were  made  of  2024-T3  (bare)  Aluminum 
alloy  of  1.6mm  nominal  thickness.  The  dimensions  of  specimens  are  shown  in  Figure  1.  The 
grip  sections  of  the  specimens  were  covered  by  epoxy  resin  in  order  to  reduce  grip  noise.  The 
resin  was  cured  by  heat  treatment  for  20  minutes  at  80^^  C.  Two  kinds  of  specimens,  as-received 
and  corroded,  were  used  in  the  experiments.  The  corroded  specimen  was  prepared  by 
immersing  it  in  a  0.5M  NaCl  solution,  with  approximately  7ppm  of  dissolved  oxygen,  for  16 
days  at  room  temperature.  The  specimen  was  coated  with  stop-off  lacquer  so  that  only  the  notch 
surface  was  exposed  to  the  solution.  The  corrosion  appearance  of  the  notch  surface  is  shown  in 
Figure  2. 
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Fig.l  Dimensions  of  specimens  ;  all  dimensions  in  mm 


Fig.2  Corrosion  pit  appearance  of  notch  tip  (x300) 


3.  THE  EXPERIMENTS 

Fatigue  tests  were  performed  at  room  temperature  using  a  servo-hydraulic  testing 
machine  (INSTRON  model  8500),  under  a  controlled  loading  cycle.  The  waveform  was  a  sine 
wave  with  frequency  IHz  and  the  stress  ratio  was  R=0.1.  AE  measurements  were  carried  out 
using  a  Fracture  Wave  Detector  (Model  F4000,  Digital  Wave  Corp.,  Englewood,  Co.),  which 
allows  digitization  of  the  total  AE  waveform  in  real  time.  The  digitization  rate  was  set  at 
12.5MHz  with  a  1024  point  gate  length  for  each  channel  using  a  threshold  of  0.2V.  Two 
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broadband  transducers  (DWC  B1025),  with  reasonably  flat  response  to  about  1.5  MHz,  were 
placed  at  equal  distances  of  20  mm  from  the  source  (notch)  (see  Figure  1),  Two  40dB 
preamplifiers  (AET  HOB)  with  a  30kHz-2MHz  plug-in  filter  were  used  in  this  experiment. 


4.  CHARACTERISTICS  OF  SIGNALS  FROM  FATIGUE  TESTS 

A  large  number  of  signals  were  recorded  during  the  test;  they  were  generated  by  fatigue 
crack  propagation  and  also  by  other  extraneous  sources  of  noise.  The  signals  were  classified 
based  on  visual  examination  of  their  temporal  and  spectral  features. 

The  general  procedure  followed  in  the  visual  classification  of  the  signals  is  sketched  in 
Figure  3,  and  its  application  to  typical  signals  is  illustrated  in  Figure  4  for  as-received 
specimens,  and  in  Figure  5  for  corroded  specimens.  The  signals  from  each  specimen  were 
found  to  be  of  five  general  types  based  on  their  spectral  characteristics.  Signals  of  Types  I,  II 
and  III  have  similar  characteristics  for  as-received  and  corroded  specimens,  while  those  of 
Types  IV  and  V  have  different  characteristics  for  both  specimens.  The  percentage  observed 
emissions  from  the  two  specimen  are  shown  in  Table  7.0 


Figure  3.  Flow  chart  of  the  visual  classification  of  AE  signals. 


Table  1  Acoustic  emission  events  classification 


AE  event 

Type-I 

Type-II 

Type-III 

Type-IV 

Type-V 

As-received(%) 

3.1 

12.5 

15.6 

25.0 

43.8 

Corroded(%) 

12.1 

10.3 

28.2 

13.0 

15.4 

The  signals  of  Types  I,  II  and  III  appear  to  have  originated  form  the  crack  tip  after  the 
crack  had  propagated  some  distance  away  from  the  notch  tip,  and  crossed  the  corrosion  zone. 
Thus  the  sources  of  these  emissions  are  not  affected  by  corrosion.  It  can  be  seen  in  Figures  4 
and  5  that  Type-I  signals  have  dominant  peaks  in  their  power  spectra  at  approximately 
0.25MHz  and  0.75MHz.  The  power  spectra  of  Type-II  signals  have  a  dominant  peak  at 
approximately  0.5MHz  and  a  smaller  peak  at  approximately  l.OMHz.  Type-Ill  signals  have 
dominant  peaks  at  approximately  0.25,  0.7  and  1.2MHz. 

In  contrast,  the  signals  of  Type-IV  in  Figure  4  (for  the  as-received  specimen)  have  a 
dominant  peak  at  approximately  l.OMHz  and  that  in  Figure  5  (for  the  corroded  specimen)  has  a 
dominant  peak  at  approximately  0.15MHz.  The  Type-V  signal  of  Figure  4  has  peaks  at 
approximately  0.7  and  l.lMHz,  and  that  in  Figure  5  has  significant  peaks  below  0.5MHz 
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followed  by  smaller  peaks  at  higher  frequencies.  Signals  of  Types  IV  and  V  were  produced 
during  early  stages  of  crack  propagation,  and  for  the  corroded  specimen,  when  the  crack  tip  was 
within  the  corroded  zone.  Thus  the  source  mechanism  of  signals  of  Types  IV  and  V  are  different 
for  the  corroded  and  as-received  specimens  .  In  general,  these  waveform  signals  in  as-received 
specimens  have  more  high  frequency  content  than  those  in  the  corroded  specimens.  The  reason 
for  this  difference  is  not  clear.  However,  it  is  possible  that  in  as-received  specimen  the  signals 
are  generated  by  high  energy,  short  duration  transgranular  cleavage  caused  by  extrusion  and 
intrusion  under  fatigue  loading(Fig.6(a)).  On  the  other  hand,  in  the  corroded  specimen  they  are 
generated  by  intergranular  cleavage  due  to  embrittlement  of  the  grain  boundary  in  the  vicinity 
of  the  notch  tip(Fig.6(b)). 
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Figure  6.  Possible  microfractures  associated  with  the  AE  signals: 
(a)  Transgranular  fracture,  (b)  intergamular  fracture 


5.  DISCUSSIONS 

Fatigue  crack  extension  in  high  strength  aluminum  alloys  has  displayed  numerous 
acoustic  emission  events  that  can  be  detected  on  the  surface.  The  material  tested  was  2024-T3 
(bare)  aluminum  alloy  in  two  types  of  specimen,  as-received  and  corroded.  In  the  fatigue  tests 
five  types  of  signals  were  observed  regardless  of  specimen  condition.  Type-I,  Type-II  and 
Type-III  signals  are  similar  regardless  of  the  specimen  condition,  as-received  or  corroded,  but 
signals  of  Types  IV  and  V  have  different  characteristics  in  their  waveform  and  power  spectra.  It 
should  be  noted  that  the  signals  are  carried  by  plate  guided  Lamb  waves,  and  their  reflections 
from  the  edges  of  the  plate.  The  dispersion  curves  for  the  aluminum  plates  used  in  the 
experiment  are  shown  in  Figure  7,  Since  most  of  the  spectral  peaks  of  the  signals  are  at 
frequencies  below  1 .2MHz,  the  waves  consist  of  symmetric  (So)  and  antisymmetric  (Ao)  waves 
of  the  lowest  mode.  At  a  frequency  of  IMHz,  the  wave  speeds  are  approximately,  Vgs  =  4.4 
mm/psec  for  So,  and  Vga  =  2.2  mm/psec  for  Ao  waves.  It  can  be  easily  seen  that  the  reflected  So 
waves  start  to  arrive  at  the  receiving  transducer  about  4  psec  after  the  arrival  of  the  direct  So 
wave,  the  direct  Ao  wave  arrives  about  a  microsecond  after  this.  Thus,  only  the  first  4  psec  of 
the  recorded  waveform  is  pure  So  mode  Lamb  wave,  the  remainder  is  a  combination  of  various 
other  waves.  It  is  difficult  if  not  impossible  to  relate  the  entire  time  histories  of  the  signals  to  the 
source  mechanism  at  the  advancing  crack  tip.  However,  the  spectral  content  of  the  signals  is  not 
affected  significantly  by  the  reflections  and  multiple  arrivals.  Thus  the  observed  differences  in 
the  spectral  characteristics  of  the  waves  in  the  as-received  and  corroded  specimens  should  be 
reliable,  and  can,  in  principle  be  used  to  detect  the  presence  of  corrosion  in  aging  structures. 


Figure  7.  Dispersion  curves  for  the  aluminum  plate. 
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6.  SUMMARY 


In  this  paper,  AE  signals  generated  during  fatigue  in  an  as-received  and  a  corrosion  pitted 
specimen  of  2024-T3  aluminum  alloy  were  recorded  in  real  time  and  classified  based  on  their 
temporal  as  well  as  spectral  characteristics. 

Five  distinct  types  of  signals  were  observed  regardless  of  specimen  condition.  Three  types 
of  signals  (identified  as  Types  I,  II  and  III),  recorded  by  transducers  located  at  relatively  large 
distances  from  the  notch-tip,  were  found  to  be  similar  in  both  as-received  and  corroded 
specimens,  but  the  other  two  signals  (Types  IV  and  V)  were  different  in  their  characteristics. 
The  waveforms  and  power  spectra  were  shown  to  be  dependent  on  specimen  condition.  During 
the  initial  phase  of  crack  growth,  the  signals  obtained  in  the  as-received  specimens  are  most 
probably  due  to  transgranular  fracture  caused  by  extrusion  and  intrusion  under  fatigue  loading. 
In  the  corroded  specimen  the  signals  are  probably  generated  by  intergranular  fracture  or 
transgranular  cleavage  of  the  corrosion  induced  embrittled  grains  near  the  pit.  Based  on 
analysis  of  waveforms  and  power  spectra  it  should  also  be  possible  to  monitor  in  real-time  the 
crack  propagation  and  final  fracture  process  resulting  from  various  damages  and  defects  in 
structural  members. 
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ABSTRACT 

Crack  initiation  and  successive  short  fatigue  crack  behavior  of  the  peak-aged  Al-7%Si- 
0.4%Mg  alloy  castings  were  examined  using  rectangular  smooth  bar  specimens  under  the 
axial  loading  condition.  In  the  ordinary  dendrite  structure,  grain  boundaries  acted  as  effective 
obstruction  to  the  growing  fatigue  crack.  On  the  other  hand,  the  effective  grain  of  the  semi¬ 
liquid  die-cast  was  a  moderate  obstruction  to  the  crack  growth.  Short  crack  growth  behavior 
in  the  semi-liquid  die-cast  was  comparable  to  that  of  the  long  crack.  Fine  effective  grain 
structure  is  considered  to  promote  homogeneous  cyclic  deformation  at  the  fatigue  crack  tip  in 
spite  of  short  crack  length  and  the  corresponding  small  plastic  zone  size. 


1.  INTRODUCTION 

Aluminum  alloy  castings  have  been  increasingly  used  in  structural  applications  for  aircraft 
and  automobiles.  This  is  due  to  great  economic  advantage  of  casting  process  in  reducing 
fabrication  costs  of  complex  structure  as  well  as  great  benefits  of  weight  reductions  for  saving 
energy  and  reducting  exhaust  gas  emission[l-2]. 

Fatigue  resistance  is  essential  in  nontraditional  load-carrying  use  for  castings.  Such  a 
demand  facilitates  a  basic  research  concerning  microstructure/fatigue  relationship  of  the  cast 
alloys. 

The  objective  of  the  present  study  is  to  examine  growth  behavior  of  naturally  initiated  short 
fatigue  crack.  The  matters  of  interest  here  are  as  follows.  (1)  Growth  behavior  of 
microstructurally  short  crack  and  effectiveness  of  the  grain  boundary  as  an  obstraction  to  the 
fatigue  crack  growth.  (2)  Transition  of  growth  manner  from  a  short  crack  to  a  long  crack. 


2.  EXPERIMENTAL  PROCEDURlE 
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2.1  Materials 


Thi’ee  samples  with  an  equivalent  chemical  composition  but  with  different  microstructure 
were  prepared.  For  convenience  these  materials  are  called  Pm,  HPm  and  SS  hereafter.  The 
permanent  mold  cast  material  is  called  Pm.  For  some  Pm  samples,  HlP(Hot  Isostatic  Pressing) 
was  performed  for  reducing  casting  defect.  These  HIPed  samples  arc  called  HPm.  The 
specimen  SS  is  fabricated  by  semi -liquid  die-cast  method. 

Chemical  compositions  of  three  samples  are  equivalent  to  A3 56  cast  alloy s.The  castings 
were  cut  into  as  rectangular  smooth  bar  specimens  with  shou]ders(gage  section:16  X  5  X4 
mm*^).  They  were  T6  heat  treated.  Fagures  1(a)  and  (b)  show  the  microstructure  of  Pm  and 
HPm.  Both  of  them  exhibit  ordinary  dendrite  structure.  Porosities  were  observed  at  the  inter- 
dendritic  region  in  Pm.  In  contrast  to  that  HPm  contains  very  few  casting  defects.  The  average 
length  of  major  axis  of  the  porosity  was  about  150/t^  m  for  Pm,  10/«  m  for  HPm.  The 
microstructure  of  SS  is  characterized  by  globular  cell  structure  and  refined  eutectic  Si 
particles  as  shown  in  Fig. 1(c).  For  such  a  structure  cell  size  was  used  as  a  parameter  instead  of 
conventional  DAS(Dendrite  Arm  Spacing).  The  average  cell  size  of  SS(D2)  is  larger  than 
DAS  of  Pm  and  HPm(Di)  as  shown  in  Table  1,  but  Si  particles  are  fine  and  globular  as  shown 
in  Fig.  1. 

Another  important  micro  structural  parameter  is  a  grain  size.  Figures  2(a)  and  (b)  are  optical 
micrographs  of  the  anodized  specimens  which  are  available  for  grain  size  measurement. 
Average  grain  size  of  Pm,  HPm  and  SS  were  980,  960  and  130/«  m,  respectively.  As  for 
SS(Fig.2(b)),  colonies  consisting  of  several  dendrite  cells  are  recognized  as  units  of  different 
color  tones.  The  EBSP  analysis  confirmed  that  misorientation  exisists  across  neighboring 
colonies.  Therefore,  we  call  them  as  “effective  grains”  in  the  sence  that  the  colonies  act  as 
usual  grains  in  mechanical  behaviors[3,  4]. 

2.2  Short  fatigue  crack  growth  tests 

Tests  were  performed  in  fully  reversed  tension-compression(at  a  stress  ratio,  R=-l)  or 
tension-tension(R=0. 1 )  at  a  frequency  of  19Hz  with  a  sinusoidal  load  waveform  in  air  at  a 
room  temperture.  The  maximum  tensile  stress  level  employed  was  80%  of  the  0.2%  proof 
stress  of  the  material  for  the  test  at  R--1  and  100%  for  the  test  at  R=0.1 ,  respectively. 

2.3  Long  through-thickness  fatigue  crack  growth  tests 

Constant  load  amplitude  fatigue  crack  growth  tests  were  performed  using  compact 
tension(CT)  specimens  (thickness:8.5mm,  width:30mm).  The  tests  were  made  under 
sinusoidal  wave-fomi  at  a  frequency  of  1  OHz  with  a  stress  ratio  of  R=0.1 . 
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3.  RESULTS  AND  DISCUSSION 


3.1  Effects  of  porosities  for  fatigue  crack  initiation 

Fatigue  cracks  mainly  initiated  at  porosity  located  at  the  specimen  surface  iiiPm[5~7].  For 
HPm  and  SS,  the  fatigue  crack  initiated  at  Si  particle/matrix  interface[8,  9]. 

Figure  3  shows  gi*owth  behavior  of  several  short  surface  cracks  initiated  in  Pm  and  HPm, 
both  of  which  exhibited  ordinary  dendritic  structure.  For  short  cracks  initiated  from  the 
porosity,  the  crack  length  is  defined  as  the  distance  between  the  center  of  porosity  and  the  one 
side  of  the  crack  tip.  Therefore,  the  initial  length  of  each  crack(the  smallest  crack  length  data 
for  each  series  of  data  plot)  corresponded  roughly  to  a  half  of  porosity  size.  Since  larger 
porosity  is  prone  to  be  the  stress  riser,  the  resultant  initial  length  exceeded  the  average 
porosity  size.  On  the  other  hand,  the  minimum  crack  length  data  for  HPm  is  the  half  of 
dominant  crack  length,  since  the  dominant  crack  was  generated  from  the  meshy  crack 
aggregation  generated  at  Si  particle  dense  region  and  not  from  the  porosity.  If  we  tentatively 
define  the  crack  initiation  as  the  fatigue  cycle  at  which  the  crack  length  reached  200y«  m,  as 
indicated  in  Fig.6,  the  fatigue  life  for  crack  initiation  of  HPm  was  about  10  times  larger  than 
that  of  Pm.  The  result  confirms  the  effectiveness  of  HIPing  for  extending  crack  initiation  life. 

3.2  Short  fatigue  crack  growth  behavior  in  effective  grain  structure 

For  the  specimen  Pm,  an  example  of  crack  growth  rate(da/dN)-crack  (a)  relationship  for  a 
short  surface  fatigue  crack  is  shown  in  Fig.4.  The  crack  growth  occurred  repeating  the  growth 
rate  acceleration  and  deceleration.  The  crack  retardation  at  the  grain  boundaries  was  evident 
as  indicated  by  No.  1  to  5  when  the  crack  was  very  short,  less  than  1000/^  m.  Change  in  crack 
growth  rates  also  took  place  at  the  grain  boundaries.  Large  growth  rates  were  obtained  when 
the  crack  propagated  though  the  grain  as  marked  by  A  and  B  in  the  figures  for  instance. 

Figures  5  shows  the  da/dN-crack  length  relationship  in  SS.  In-situ  crack  path  observation 
during  the  fatigue  tests  revealed  that  such  a  crack  deflection  took  place  at  the  boundaries  of 
effective  grains.  Decrease  in  growth  rates  was  observed  at  the  effective  grain  boundaries, 
however,  the  extent  of  fluctuation  in  growth  rate  was  smaller  than  that  of  Pm  with  the 
ordinary  dendrite  structure.  These  experimental  results  suggest  that  gi'ain  boundaries  of  the 
ordinary  dendrite  structure  were  strong  obstruction  to  the  growing  fatigue  crack  tip.  In 
contrast  to  that,  boundaries  of  the  effective  grains  acted  as  relatively  weak  obstructions  as 
well  as  dendrite  ceil  boundaries. 

3.3  Transition  from  short  crack  growth  behavior  to  that  of  long  crack 

The  crack  growth  behavior  of  short  and  long  cracks  in  Pm  and  SS  is  shown  comparatively 
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in  Figs.5(a)  and  (b).  For  naturally  initiated  surface  short  cracks  log(da/dN-log(a)  curves  are 
given.  Both  log(da/dN)-log(a)  and  corresponding  log(da/dN)-Iog(Zl  K)  curves  are  presented 
for  long  through-thickness  cracks  initiated  from  the  notch.  Fig.5(a)  shows  fluctuation  in 
growth  rates  was  observed  for  the  crack  in  Pm  while  its  length  was  below  3000/^  m.  Figure 
5(b)  indicates  that  the  short  surface  crack  in  SS  exhibited  monotonous  increase  of  growth 
rates  for  the  crack  length  over  about  700/^  m,  which  is  comparable  to  that  of  the  long 
thorough-thickness  crack.  This  means  that  surface  crack  in  the  effective  grain  structure 
behaves  like  a  long  crack  regardness  of  its  small  size.  The  degree  of  growth  rate  retadration 
depends  on  the  crystallographic  orientation  of  the  neighboring  grains.  The  short  crack  which 
experiences  little  orientation  mismatch  at  the  grain  boundary  may  propagate  smoothly,  and 
achieve  growth  rates  comparable  to  those  of  the  long  crack. 

Considering  those  experimental  facts  fatigue  crack  growth  behavior  in  SS  result  from  its 
characteristic  effective  grain  structure.  In  addition  to  small  orientation  mismatch  at  the 
neighboring  effective  grain  boundary,  fine  effective  grain  size  promotes  homogeneous  cyclic 
deformation  at  the  fatigue  crack  although  the  crack  length  and  the  corresponding  plastic  zone 
size  are  small. 


4.  CONCLUSIONS 

In  the  ordinary  dendrite  structure,  grain  boundaries  acted  as  effective  obstruction  to  the 
growing  fatigue  crack.  Dendrite  cell  boundaries  also  hindered  the  crack  advance  as  relatively 
weak  barriers.  On  the  other  hand,  the  effective  grain  of  the  semi-liquid  die-casting  was  a 
moderate  obstruction  to  the  crack  growth.  This  resulted  in  higher  growth  rates  of  the  short 
crack  in  the  semi-liquid  die-cast  than  those  of  the  alloy  with  ordinaiy  dendrite  structure.  Short 
crack  growth  behavior  in  the  semi-liquid  die-cast  was  comparable  to  that  of  the  long  crack.  It 
is  considered  that  the  fine  effective  grain  structure  promotes  homogenous  cyclic  deformation 
at  the  fatigue  crack  tip  although  the  crack  length  and  the  corresponding  plastic  zone  size  are 
small. 
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Fig.l  Optial  micrographs  of  the 
A356  cast  alloys  (a)  permanent 
mold  cast  but  un-HIPed, 

(b)  permanent  mold  cast  and  HlPed, 

(c)  semi- liquid  die-cast.  High- 
magnification  pictures  in  the 
windowsshow  Si  particle  morphology. 


Fatigue  crack  growth  rate,  da/dN(  /x  m/cyle) 


Table  1  Quantitative  data  on  microstructural 
factors  and  0.2%proof  stress,  D;primai7  a  - 
A1  dendrite  size  (Diidendrite  arm  spacing,  D2 
:dendrite  cell  size),  dieutectic  Si  particle  size 
_ Grain  size(//  m)  D{/i  m)  d(/-^  m)  o  02(MPa) 


Pm 

980 

28(D.) 

3.6 

285 

HPm 

960 

27(D,) 

3.7 

236 

SS 

130 

46(D2) 

2.5 

283 

Cycle  number,  N 

Fig. 3  Growth  behavior  of  several  short 
surface  cracks  initiated  in  Pm  and  HPm 


Fig. 4  Relationship  between  the  crack  growth 
path  and  the  crack  growth  rates  in  Pm. 


Fig. 5  Relationship  between  the  crack  growth 
path  and  the  crack  growth  rates  in  SS. 
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Fig,  6  Transition  from  the  short  crack  to  long 
crack  growth  behavior  in  Pm(a)  and  SS(b) 
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ABSTRACT 

The  fatigue  crack  closure  was  measured  experimentally  at  various  stress  ratios(R)  and  the 
fatigue  failure  mechanism  of  A3  56  squeeze  cast  alloy  was  investigated.  On  the  basis  of  crack 
closure  concept,  modeling  the  universal  equations  were  proposed  which  enable  us  to  predict 
the  fatigue  crack  growth  rate(da/dN),  regardless  of  stress  intensity  factor  range(AK)  and  stress 
ratio(R)  and  was  compared  to  Newman’s  Equation,  Surface  examination  were  proposed  on 
different  stage  of  crack  growth(near-threshold  region,  Paris  region,  final  rupture)  to  model  the 
fatigue  failure  mechanism.  The  fatigue  crack  prefers  to  propagate  through  the  dendrite  cell 
transgranularly  in  the  near-threshold  region.  While  in  the  Paris  region,  the  fatigue  crack 
followed  the  interdendrite  cell.  Cracking  of  the  eutectic  Si  worked  as  an  initiate  site  for  the 
formation  of  dimple  in  final  rupture. 


1.  INTRODUCTION 

The  Al-Si-Mg  alloys  are  widely  used  as  cast  form  in  automotive  and  aircraft  industries 
because  of  its  excellent  castability,  good  resistance  to  corrosion  and  high  strength.  In 
designing  and  using  of  such  materials,  fatigue  phenomenon  is  mostly  considered.  Since  many 
structural  components  are  subjected  to  random  loading  rather  than  constant  amplitude  loading, 
it  is  very  important  to  understand  the  fatigue  crack  growth  behavior  and  to  propose  a  way  to 
predict  the  fatigue  crack  growth  rate  at  various  conditions. 

In  our  early  work[i,2],  we  have  purpose  an  universal  equation  from  effective  stress 
intensity  factor  range  ratio(U)  and  fatigue  crack  closure  concept  based  on  Elber  proposed 
\diSN{Equation  1).  Regarding  crack  closure  concept  on  fatigue  crack  growth  rate,  Elber[3,4]  has 
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modified  Paris  and  Erdogan’s  equation  by  introducing  crack  Q\os\xxQ{Equation  1)  and  defined 
the  effective  stress  intensity  factor  range  ratio,  U  as  hQ\ow{Equation  2) 

da/dN  =  C(UAK)  "  -  C(AKef)  "  (1) 

^  ~  (^max  ~  Ecl)/(Kifjax  ~~  ^min)  ~  (^max  ~  ^cl)^(^max  ~  ^min) 

=  (1  -  (C7cl/(J,nax))/(l  -  R)  (2) 

Other  work  like  Newman  model,  is  concerned  with  the  development  and  application  of  an 
analytical  model  of  cyclic  crack  growth  that  includes  the  effects  of  crack  closure[5,6].  So  our 
predicted  universal  equation  results  are  compared  to  Newman  equation  results  for 
investigation  and  further  modification.  Because  there  have  been  some  limits  in  prediction  of 
crack  growth  rate  at  variable  stress  ratios  and  amplitudes  such  as  unfitting  predicted  data  in 
near-threshold  regions. 

Finally,  fatigue  crack  propagation  was  investigated  to  model  the  fatigue  failure  mechanism 
of  A3 56  squeeze  cast  alloy. 


2.  EXPERIMENTAL  MATERIALS  AND  PROCEDURES 

Modified  A356  alloy  was  supplied  by  CSIRO  Divison  of  Manufacturing  Technology  in  the 
form  of  step  plate.  The  chemical  composition  of  the  alloy  is  shown  in  Table  1.  The  plates 
were  manufactured  by  squeeze  casting  technique  to  produce  near-net- shape  high-quality 
components.  Then  solution  heat  treated  at  540°C  for  18  h,  quenched  in  water  at  room 
temperature,  pre-aged  at  room  temperature  for  20  h  and  aged  at  IVO^C  for  6  h  in  a  salt  bath. 
The  average  dendrite  cell  size  is  40|im. 


Table  1.  Chemical  composition  of  A356  alloy. 


Element 

A1 

Si 

Mg 

Fe 

Sr 

Ti 

Cr,  Cu,  Mn,  Ni,  Zn,  Zr 

0.36 

0.024 

0.01 

<0.01 

Compact-Tension  specimens  were  used  for  fatigue  crack  growth  rate  tests  and  ASTM 
E647-88  was  referred  to  for  calculating  stress  intensity  factor.  Sinusoidal  loading  of  20  Hz 
was  applied  at  R=0.1,  0.3,  0.5  by  using  the  MTS  810  servo-hydraulic  dynamic  testing 
machine.  Fatigue  cracks  were  measured  by  traveling  microseope  with  a  0.01  mm  minimum 
scale.  Strain  gauges  with  5mm  gauge  length  were  used  to  measure  crack  closure  by  attaching 
the  gauge  onto  the  specimen  surface  in  front  of  the  crack  tip  on  various  AK  and  R.  From  the 
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results  of  load-displacement  curve  by  X-Y  recoreder,  Kd  and  Kop  were  gained. 

.  On  prediction  modeling  of  universal  equation  of  U,  regression  analysis  was  used.  Fatigue 
crack  growth  rate  was  predicted  with  the  consideration  of  a  function  of  effective  stress 
intensity  factor  range(zlXejf).  Fracture  toughness,  Kic  was  measured  to  compare  predicted 
da/dN  equation  with  Newman  equation.  Specimen  surface  and  fracture  surface  was  examined 
by  optical  microscope  and  SEM  on  different  fatigue  failure  region(near-threshold  region, 
Paris  region,  and  final  rupture.) 

3.  RESULTS  AND  DISCUSSION 

The  crack  closing  stress((Jc/)  and  crack  opening  stress(aop)  was  measured  from  load- 
displacement  curve  and  the  relationship  of  Kd/Kmax  v^.  AK  is  presented  on  various  stress  ratios 
in  Figure  1,  Therefore,  the  change  in  U  with  AK  could  be  easily  re-plotted  as  in  Figure  2  by 
referring  to  Equation  2.  The  effective  stress  intensity  factor  range  ratio(U)  was  obtained 
empirically,  using  linear  relationship  between  U  and  AK.  Equation  of  linear  regression  is  as 
below. 

m 

U  =  A+B  AK  (3) 

Where  A  and  B  are  known  to  be  polynomial  functions  for  variable  stress  ratios,  after  the 
regression  from  the  plotting  A  and  B  against  stress  ratios.  Thus  C/ becomes  a  function  of  R  and 
AK,  and  the  relationship  between  U,  AK  and  R  were  obtained  as  Equation  4. 


A  K  (MPa.m’'^)  ^  K(MPa.m''’) 

Fig.l.  The  relationship  of  AK  vs  Kcl/Kmax  Fig.2.  The  relationship  of  U  vs  AK 

for  various  R .  for  various  R . 
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Therefore  effective  stress  intensity  factor  range  r^^\o{U)  is  now  predictable  for  various 
stress  intensity  factor  range(zlAy  and  stress  ratios(/?)  on  the  basis  of  crack  closure  concept. 

Figure  3  shows  a  comparison  between  experimental  fatigue  crack  growth  rates  and  crack 
growth  rates  calculated  by  Equation  1  from  the  results  of  Equation  4.  The  dash  lines  show 
fact6r-of-2  bands  about  the  perfect  agreement  line.  Most  of  the  data  fitted  well  within  these 
bands  except  for  very  high  or  low  crack  growth  rates.  Figure  4  shows  a  comparison  between 
experimental  fatigue  crack  growth  rates  and  crack  growth  rates  calculated  by  Newman 
Equation. 


Fig, 3.  Comparison  of  experimental  and  calculated  Fig.4.  Comparison  of  experimental  and 
calculation 

crack  growth  by  predicted  equation.  crack  growdh  by  Newman 

equation 

Fatigue  crack  propagation  was  investigated  by  optical  microscope  and  SEM.  The  fatigue 
crack  prefers  to  propagate  through  the  dendrite  cell  transgranularly  at  the  near-threshold 
region.  Eutectic  Si  segregated  on  the  dendrite  cell  boundary  seems  to  Iink(arrow  mark)  the 
crack  path  propagating  through  the  matrix(F/g«re  5-a).  While  in  the  Paris  region,  the  fatigue 
crack  followed  the  inter-dendrite  ce\\{Figure  5-b).  Branching  of  fatigue  crack  can  be  clearly 
observed(arrow  mark)  which  also  propagates  along  the  dendrite  cell  boundary. 

Figure  6  is  the  SEM  micrographs  of  fatigue  fracture  surfaces  at  different  fatigue  propagate 
regions(near-threshold  region,  Paris  region,  final  rupture).  In  Figure  6-a^  debonding  of  Si 
particles  can  be  observed  and  the  distance  of  each  eutectic  Si  seems  to  match  the  near  net- 
shape  of  the  dendrite  arm  spacing.  While  in  Figure  6-h,  clustered  fractured  Si  particles  are 
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observed(circle  line)  with  rough  surface  corresponding  to  the  inter-dendrite  propagation. 
Figure  6-c  shows  the  dimple  fracture  of  A356  alloy.  In  each  dimple,  fractured  eutectic  Si  is 
observed  as  being  an  initiate  site  for  the  final  rupture.  High  volume  fraction  of  fractured  Si 
particles  is  considered  to  be  the  result  of  cracking  of  Si  particle  in  the  dendrite  cell  boundary 
since  average  dendrite  arm  spacing  is  40um.  Fatigue  crack  propagation  mechanism  of  A356 
alloy  is  illustrated  at  Figure  7. 


4.  CONCLUSION 

By  obtaining  the  relationship  between  da/dN  vs.  AKefit  has  been  possible  to  predict  da/dN 
in  squeeze  cast  A356  alloy  regarding  crack  closure  concept  for  the  variation  of  AK  and  R.  The 
predicted  equation  model  agreed  well  with  experimental  data  and  Newman  model.  The 
fatigue  crack  propagation  mechanism  of  squeeze  cast  A3 5 6  alloy  has  been  organized. 
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a)  Near-threshold  region 


(b)  Paris  region 


Fig.5.  Optical  micrographs  of  fatigue  crack  propagation  path,  (x  100) 


Fig.6.  SEM  images  of  fatigue  fractured  surface, 
(a)  near-threshold  region  (b)  Paris  region(c)  Finai  Rupture 


Fig.7.  Schematic  illustration  model  of  fatigue  crack 
propagation  (near-threshold  region  ->  final  rupture) 
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ABSTRACT 

The  development  and  use  of  intermetallic  alloys  in  aerospace  has  been  very  slow  and  difficult. 
The  reasons  for  are  briefly  discussed  in  this  manuscript,  concentrating  on  the  potential  use  of 
titanium-aluminide  alloys  in  high-performance  systems.  Future  growth  of  turbine  engines  and 
transportation  systems  depends  upon  the  continued  development  of  high-temperature,  light¬ 
weight  materials.  It  has  been  suggested  that  intermetallic  alloys  could  contribute  to  the  required 
efficiency  gains.  However,  one  must  remember  in  making  such  a  suggestion  the  new  alloys  are 
competing  with  well  established  current  materials  of  construction  that  exhibit  balanced  proper¬ 
ties,  and  intermetallic  alloys  are  not  simple  extensions  of  conventional  alloys.  The  properties  of 
gamma  depend  strongly  on  the  processing  method  selected  to  make  components.  Cast  gamma 
alloys  are  not  yet  fully  commercialized  in  part  because  of  the  uncertainty  in  property-related  per¬ 
formance  benefits  and  the  cost  of  parts.  Wrought  gamma  alloys  show  greater  performance 
benefits  on  a  laboratory  scale,  but  there  is  no  complete  and  demonstrated  commercial-scale  tech¬ 
nology.  The  laboratory-scale  demonstration  of  an  attractive  balance  of  alloy  properties  suggests 
there  could  be  revolutionary  opportunities  for  weight  reduction,  and  perhaps  increased  operating 
temperatures  in  aerospace  systems,  but  at  a  price.  This  price  includes  building  new  or  refined 
design  approaches,  and  an  involved,  time-consuming,  and  expensive  sequence  to  build  confi¬ 
dence  in  the  reproducible  performance  of  the  material.  The  next  decade  should  bring  a  system¬ 
atic  reduction  of  cost  for  gamma-alloy  parts  as  familiarity  builds  and  more  are  produced. 


1.  INTRODUCTION 

Gamma  titanium-aluminide  alloys  may  be  useful  in  a  variety  of  structural  applications  in  trans¬ 
portation  and  power  generation  systems  [1,2].  The  remarkable. balance  of  properties  offered  by 
selected  gamma  alloys,  together  with  projections  for  competitive  costs,  suggest  that  application 
of  these  alloys  should  continue  to  build.  This  manuscript  provides  a  brief  review  of  current  al¬ 
loy  compositions,  processing  and  scale-up  status,  and  uses  this  information  to  identify  some 
aspects  of  the  technology  that  have  made  commercialization  difficult.  The  examination  suggests 
that  gamma  alloys  are  a  potentially  viable  class  of  titanium  alloys,  the  introduction  of  which  is 
paced  by  the  world-wide  business  climate,  an  incomplete  design  methodology,  and  a  lack  of 
production  maturity.  Further  insights  into  these  issues  may  be  found  elsewhere  [3,4]. 

Why  has  the  commercialization  of  gamma  titanium  aluminides  been  so  slow?  Why  has  it  not 
happened  in  the  traditional  high-technology  leading  field  of  aerospace?  Much  application  activ¬ 
ity  has  been  focussed  on  the  potential  use  of  these  alloys  in  high-performance  propulsion  and 
power  generation  systems.  Numerous  successful  prototype  hardware  demonstrations  illustrate 
the  viability  of  the  materials  technology  [1 ,2,5,6].  Test  results  confirm  the  real  potential  to  in¬ 
crease  operating  temperatures  and  reduce  weight.  However,  many  factors  must  be  weighed  be¬ 
fore  a  new  structural  material  is  certified  for  use  in  an  engineering  system,  and  gamma  alloys 
exhibit  some  characteristics  that  have  delayed  acceptance  in  the  design  and  manufacturing  com- 
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munities.  These  factors  require  a  complex  balancing  between  performance,  affordability,  and 
reliability.  Further,  it  should  be  emphasized  that  reparability  and  field  maintenance  are  impor¬ 
tant  in  life-cycle  costs  and  present  some  special  challenges  for  gamma  alloys.  In  the  present 
business-climate  a  quantifiable  benefit  for  any  technology  investment  is  required  from  the  out¬ 
set.  Often  this  is  associated  with  a  performance  improvement  based  on  increased  properties,  but 
cost  reduction  and  reliability  increases  are  becoming  equally  important  drivers  and  combinations 
of  improvements  makes  for  a  more  compelling  incentive. 

Performance,  affordability  and  reliability  metrics  depend  on  the  specific  end  use  for  the  material. 
For  example,  the  application  of  gamma  alloys  in  automotive  engine  turbocharger  rotors  involves 
only  modest  challenges  to  the  material  from  the  aspects  of  performance  (properties)  and  reliabil¬ 
ity,  but  quite  serious  restrictions  for  cost.  The  cost  factors  impose  a  reliability  requirement  since 
a  recall  to  repair  or  replace  defective  components  can  be  extremely  expensive. 

The  properties  of  the  gamma  alloys  strongly  depend  on  processing  (cast,  wrought  etc.)  and  the 
specific  levels  achiev^  can  set  constraints  on  applicability.  All  gamma  alloys  exhibit  low  (but 
useful)  ductility  and  a  low  cleavage  stress,  and  the  levels  seem  relatively  insensitive  to  alloy 
composition.  It  seems  unlikely  that  further  research  will  substantially  improve  these  properties. 
However,  recent  research  at  the  laboratory-scale  has  demonstration  an  attractive  and  improved 
balance  of  properties  including  ductility  and  toughness  levels  at  the  upper  end  of  the  range. 
This  material  may  offer  the  revolutionary  opportunities  for  weight  reduction,  and  perhaps  in¬ 
creased  operating  temperatures  long  sought  in  aerospace  systems,  but  at  a  price.  Part  of  this 
price  will  be  continued  refinement  of  design  approaches,  coupled  with  an  involved,  time- 
consuming,  and  expensive  sequence  to  calibrate  the  design  systems  and  to  build  confidence  in 
the  material.  A  second  factor  will  be  the  need  for  robust,  reproducible  and  larger  scale  manu¬ 
facturing  methods  to  make  components — ^another  expensive  proposition. 


2.  ALLOYS  AND  PROPERTIES 


Promising  engineering  alloys  are  emerging  that  have  a  good  balance  of  physical  and  mechanical 
properties,  and  some  of  these  are  listed  in  Table  I.  Although  called  gamma  alloys,  they  are  in 

TABLE  I:  ENGINEERING  GAMMA  ALLOYS  AND  THEIR  COMPOSITIONS 


ALLOY 

NAME 

COMPOSITION  (ATOMIC 
PERCENT) 

BEST  ATTRIBUTES 

WEAKNESSES 

4822: 

Ti-47Al-2Nb-2Cr 

Ductility,  Fracture  Toughness 

Strength,  Creep  Resis¬ 
tance 

45XD: 

Ti-45Al-2Nb-2Mn-0.8vol%TiB2 

Tensile  &  Fatigue  Strength,  Cas- 
tability 

Creep  Resistance 

47XD: 

Ti-47Al-2Nb-2Mn-0.8vol%TiB2 

Elevated  Temp.  Strength,  Casta- 
bility 

Creep  Resistance 

WMS: 

Ti-47Al-2Nb-lMn-0.5W-0.5Mo- 

0.2Si 

Creep  Resistance 

Ductility 

ABB-2: 

Ti-47Al-2W-0.5Si 

Creep  &  Oxidation  Resistance 

Ductility,  Toughness 

TAB: 

Ti-47Al-1.5Nb-lMn-lCr-0.2Si-0.5B 

Castability,  Property  Balance 

IRC: 

Ti-44AI-4Nb-4(Zr,Hf)-lB-0.2Si 

Strength 

Daido: 

Ti-48Al-2Nb-0.7Cr-0.3Si 

Ductility 

im: 

Ti-44.8Al-1.3Fe-l.lV-2.4B 

Castability 

Strength,  Creep  Resis¬ 
tance 

3-95: 

Ti-47Al-2Nb-2Cr-lMo-0,2B 

Creep  Resistance,  Wrought  Proc¬ 
essing 

Oxidation  Resistance 

ONERA 

Ti-47.3Al-l.0Re-l.0W-0.24Si 

Castability 

Strength,  Creep  Resis¬ 
tance 

K5: 

Ti-46.2Al-3Nb-2Cr-0.2W-(0.1-0.2B)- 

0.2C 

Wrought  Processing,  Oxidation 
Resistance,  Property  Balance 
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fact  two-phase  alloys,  wherein  the  primary  phase  is  y-TiAl,  and  the  second  phase  is  a2  -TijAL 
The  aluminum  contents  of  these  alloys  falls  within  the  range  of  44  to  48  atomic  %  Al,  and  the 
alloys  contain  other  elements  to  enhance  their  performance.  It  is  not  possible  to  list  all  of  the 
alloys  currently  under  development,  but  those  shown  in  Table  I  have  achieved  some  level  of 
application  testing.  With  the  exception  of  the  IHI  alloy,  their  compositions  range  within  Ti- 
(44-48)Al  -(0-  2)Cr,  Mn-(0-10)Nb  -(0-4)Zr,Hf -(0-2)W,Re  -(O-l)Mo  -(O-l)B  -(0-0.5)Si  -(0- 
0.2)C.  The  major  roles  of  Al  are  to  vary  strength  and  oxidation  resistance,  the  former  increas¬ 
ing  and  the  latter  decreasing  as  the  Al-content  decreases,  Cr  and  Mn  appear  to  increase  ductility 
within  the  range  specified,  while  the  rest  of  the  major  alloying  elements  tend  to  reduce  the 
ductility.  The  elements  Cr,  Mo,  W,  and  Re  promote  p-phase  formation,  the  importance  of 
which  is  controversial  and  not  well  established.  Nb,  W  and  Si  improve  oxidation  resistance, 
with  Nb  becoming  synergistically  more  effective  with  W  additions.  Carbon  is  the  most  effec¬ 
tive  creep  strengthener  when  it  is  present  in  the  form  of  appropriately  distributed  carbides. 
Various  methods  of  grain  refinement  exist;  the  most  effective  for  both  cast  and  wrought  alloy 
microstnictures  being  B  additions.  While  some  merits  and  disadvantages  of  most  of  the  alloys 
in  Table  I  are  discussed  elsewhere  [7],  it  is  important  to  reco^ze  that  only  a  few  of  these  ex¬ 
hibit  strength  and  creep-resistance 
levels  that  are  particularly  attractive 
to  aerospace  designers. 


laboratory 
Demonstrated 
Wrought  TlAi 


Single  Cr^tal 
Superalloys 


Temperature  (K) 

Figure  1.  Specific  yield  strength  versus  temperature 
for  gamma  alloys  and  selected  structural  alloy  classes. 
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Figure  2.  Specific  modulus  versus  specific  strength  for 
a  variety  of  structural  materials,  including  gamma  alloys. 


2*1  Strength 

Figure  1  shows  broad  bands  of  spe¬ 
cific-yield  strength  versus  tempera¬ 
ture  for  structural  alloys  and  gamma 
alloys.  The  best  gamma  alloys  listed 
in  Table  I  fall  between  the  band 
shown  in  Fig.  1  for  47XD  and  the 
upper  band  for  laboratory-scale 
wrought  alloys;  some  alloys  are  ac¬ 
tually  below  the  47XD  band.  It  is 
clear  from  Fig.  1  that  on  the  basis  of 
specific-yield  strength,  most  gamma 
alloys  (especially  most  cast  alloys) 
are  likely  to  only  serve  in  selected 
niche  applications  where  they  may 
offer  a  temperature  or  weight  ad¬ 
vantage  over  Ti  and  Ni  alloys.  Al¬ 
ternatively,  the  strengths  achieved 
for  wrought  alloys  are  competitive 
on  a  direct  basis,  being  in  the  range 
from  750  to  1050  MPa,  and  are 
quite  outstanding  on  density- 
normalized  basis,  especially  at  high 
temperatures.  However,  to  date 
these  alloys  have  not  been  produced 
in  quantities  that  are  meaningful  to 
the  production  of  aerospace  hard¬ 
ware,  thus  the  performance  potential 
for  wrought  alloys  awaits  production 
scale-up.  Following  production 
scale-up,  there  must  be  product  de¬ 
velopment  and  testing  that  leads  to 
designer  confidence  and,  hopefully, 
material  use. 
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Figure  2  shows  a  cross  plot  of  the  domains  of  specific-modulus  versus  specific  strength  (yield 
strength  for  ductile  alloys,  fracture  or  ultimate  strengths  for  non-ductile  materials)  for  a  variety 
of  structural  materials,  following  Ashby.  While  some  of  the  materials  shown  are  experimental, 
the  figure  shows  both  a  potential  advantage  for  gamma  alloys,  and  the  fact  that  competing  mate¬ 
rials  exist  at  this  (~300  K)  and  other  temperatures. 

2.2  Ductility  and  Toughness 

About  four  years  ago  the  view  emerged  that  failure  processes  in  gamma  alloys  are  dominated  by 
the  grain  size,  especially  for  lamellar  microstructures  in  the  absence  of  defects.  Apparently, 
lamellar  microstructures  inherently  constrain  the  cleavage-crack  initiation  size,  perhaps  by  re¬ 
ducing  the  effective  multiplicity  of  cleavage  planes,  relative  to  duplex  microstructures.  Further, 
knowledge  gained  over  the  last  few  years  about  processing  and  phase  transformations  became 
sufficient  that  the  grain  size  could  be  reliably  controlled  in  experimental  lamellar  materials  at  the 
laboratory  level  by  thermomechanical  processing  (TMP)  [8, 9].  Such  control  of  lamellar  micro¬ 
structures  tends  to  mitigate  the  effects  of  the  "inappropriately  oriented"  lamellar  colony  which 
nucleates  the  failure  process.  These  discoveries  now  make  exploitation  of  the  improved  balance 
of  properties  for  lamellar  microstructures  a  practical  reality.  More  recently,  research  has  shown 
that  the  lamellar  alloy  strength  has  an  extreme  sensitivity  to  grain  size  and  l^ellar  spacing  [10]. 
Together,  the  two  findings  (ductility  and  strength  sensitivity  to  grain  size)  indicate  the  possibil¬ 
ity  for  a  whole  new  class  of  gamma  alloy  technology,  provided  that  grain  size  and  lamellar 
spacing  may  be  controlled  in  full-scale  production  hardware. 

Research  by  Appel  et  al.  [11],  has  shown  that  by  control  of  both  grain  size  and  nearly-lamellar 
microstructures,  one  may  develop  a  high-Nb  gamma  alloy  having  a  room-temperature  strength 
of  greater  than  1000  MPa  and  a  plastic  elongation  greater  than  2.5  %.  Strengths  drop  only 
modestly  through  about  ~800°C.  However,  modem  mechanical  desi^  demands  control  of 
fracture  properties  for  structural  materials  used  under  both  static  and  cyclic  conditions,  md  usu¬ 
ally  at  high  temperatures.  These  properties  directly  set  the  limitations  that  must  be  considered  in 
design  with  the  material,  even  more  so  than  the  uniaxial  yield  strength.  Thus,  when  measured, 
only  the  creep  resistance  and  cyclic  properties  will  reveal  the  useful  advantage  of  these  alloys. 

2.3  Cyclic  Properties 

The  challenge  for  the  immediate  future  of  gamma  alloys  is  to  build  the  knowledge  of  durability 
and  life-limiting  behavior  under  fatigue  conditions  while  maturing  component  design  ap¬ 
proaches  that  have  such  knowledge  at  their  foundation.  Two  key  areas  require  focused  study;  i) 
the  mierostractural  and  metallurgical  aspects  of  long-crack  growth  thresholds,  and  ii)  the  be- 
havior  of  short-cracks  having  lengths  below  or  comparable  to  the  grain  size  under  high-cycle 
fatigue  environments  [12,13].  A  convenient  insight  into  the  use  of  threshold  data  for  gamma 
alloys  is  depicted  through  the  “Kitagawa  Diagram”  [14].  Such  a  graphical  representation  of  du¬ 
rability  and  fatigue  performance  provides  immediate  feed-back  to  the  development  strategy  by 
highlighting  such  important  parameters  as  crack  length  in  distinguishing  regimes  of  mechanistic 
behavior.  These  alloy  properties  must  also  be  reconciled  with  non-destructive  evaluation  capa¬ 
bilities  to  establish  a  design  system  for  particular  hardware. 

2.4  Impact  Resistance 

The  impact  resistance  of  gamma  alloys  is  generally  poor.  While  these  materials  usually  do  not 
shatter  into  a  large  number  of  fragments  during  impact  testing,  the  impact  energy  is  measured  at 
about  1  J.  Such  a  low  impact  energy  will  continue  to  limit  opportunities  for  hardware  design. 
Further,  there  are  no  systematic  studies  of  microstructural  effects  on  impact  energy  for  modem 
alloys.  Such  information  is  necessary  to  complete  a  design  system  for  using  gamma  alloys. 
Thus,  this  topical  area  is  stands  out  as  one  needing  ftirther  research. 
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2.5  Creep  Resistance 

The  density-normalized  high- 
temperature  strength  properties  of 
the  aluminides,  as  a  ftinction  of  the 
Larson-Miller  parameter  for  creep 
rupture,  are  shown  in  Fig.  3  with 
those  for  selected  other  structural 
alloys.  Gamma  alloys  offer  com¬ 
petitive  or  improved  creep  properties 
over  titanium  alloys  at  temperatures 
above  '^650°C.  Current  develop¬ 
ments  place  an  upper  temperature 
limit  for  long-term  use  of  gamma 
alloys  at  <800®C.  However,  labo¬ 
ratory  investigations  hold  promise 
for  raising  the  service  temperature  to 
at  least  840^^0  in  the  near  future,  with 
the  ultimate  limit  somewhat  unde¬ 
fined  from  the  current  research  base. 
Development  of  alloys  having  im¬ 
proved  creep  resistance  centers  on  introducing  carbide  precipitation,  and/or  enrichments  in  Nb 
to  levels  of  about  eight  atomic  percent.  Ultimately,  the  creep  performance  of  these  alloys  must 
be  compared  to  modem  powder-metallurgy  superalloys  since  those  are  the  pertinent  competi¬ 
tors.  Unfortunately,  since  most  modem  superalloy  data  is  proprietary,  such  comparisons  are 
not  made  here. 


Figure  3.  Specific  creep  stress  versus  Larson-Miller 
parameter  for  two  gamma  alloys,  a  titanium  alloy,  and 
two  forms  of  a  common  superalloy. 


2.6  Environmental  Properties 

The  oxidation  behavior  of  TiAl  is  intermediate  between  that  of  conventional  Ti  alloys  and  of  Ni 
base  superalloys.  The  most  recent  laboratory  investigations  indicate  that  alloying  can  signifi¬ 
cantly  reduce  weight  gain  during  oxidation  of  gamma  alloys.  The  best  gamma  alloys  oxidize 
about  twice  as  fast  as  Ni-based  alloys  at  temperatures  as  high  as  870°C  [15-17].  However,  the 
hot  corrosion  (sulfidation)  resistance  of  gamma  base  alloys  has  had  only  limited  study  [18]. 
Clearly,  as  the  temperature  capability  as  set  by  the  ability  to  carry  load  increases  through  com¬ 
position  selection  and  microstmctural  control,  simultaneous  evaluations  of  the  environmental 
properties  must  be  carried  out  to  establish  accurate  temperature  limitations  for  these  materials. 


3.  SCALE-UP  ISSUES 
3.1  Wrought  Products 

Large-scale  melting  of  gamma  alloys  is  not  fully  implemented,  but  is  under  development.  Initial 
attempts  at  large-ingot  making  (43-66  cm  dia.)  via  the  Plasma  Arc  Melting  (PAM)  process  indi¬ 
cate  that  segregation  and  other  defects  may  be  a  problem  [19].  Among  &e  defects  observed 
were  centerline  porosity  and/or  pipe  formation,  grain  size  disparities,  and  high-  and  low-density 
regions  related  to  insufficient  melt  homogenization.  Examples  of  such  inclusions  are  shown  in 
Fig.  4.  Qualitatively,  both  the  macrostructures  and  microstructures  obtained  from  various  in¬ 
got  processes  are  similar,  presenting  the  same  challenges  in  thermomechanical  processing.  Mi¬ 
crostructures  are  both  macroscopically  and  crystallographically  textured  as  a  result  of  the  heat 
flow  during  solidification  and  the  crystallographic  constraints  on  the  solid-state  transformations. 
The  structure  is  further  complicated  by  dendritic  segregation  that  results  in  interdendritic  Al- 
rich,  gamma-phase  regions.  While  the  residual  beta-phase  particles  present  no  difficulty  in  sub¬ 
sequent  processing,  the  Al-rich  interdendritic  gamma  phase  places  severe  constraints  on  the 
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Figure  4.  Examples  of  two  defects  found  in  a  43  cm  dia.  PAM  ingot  of  a  Ti-47A]-2Nb- 
L5Cr-0.5Mo-0.2B  gamma  alloy.  On  left  is  a  grain  boundary  pore;  on  right  is  a  large  high- 
density  inclusion.  These  defects  indicate  a  need  for  development  of  primary  melting. 

process  window  if  banded  structures  are  to  be  avoided  that  have  been  shown  to  exhibit  poor 
properties  [20]. 

Gamma  alloys  are,  in  general,  processed  using  conventional  titanium-alloy  foundry  practices, 
with  one  major  exception.  For  gamma  alloys,  thermal  control  is  much  more  critical,  particularly 
at  ingot  surfaces.  Thus,  hot  working  is  conducted  either  isothennally,  or  after  encasing  the  in¬ 
gots  in  a  thennally  protective  can.  Numerous  investigations  have  established  ingot  break-down, 
isothennal  forging,  nonisothennal  forging  ,  sheet  rolling,  and  superplasticity;  the  reader  is  re¬ 
ferred  to  the  broad  literature  for  detailed  discussions  and  reviews  [20-22].  Processing  scale-up 
efforts  are  backed  by  knowledge  of  failure  mechanisms  and  failure  criteria  built  from  studies  of 
process-induced  defects  as  a  component  of  microstmcture  [20].  Recently,  heat  transfer  and 
grain-growth  kinetic  analyses  provided  a  quantitative  basis  for  controlling  grain  size  and  lamel¬ 
lar  transfonnation  products  at  useful  material  size  scales.  While  the  progression  of  technical 
challenges  and  scale-up  continue  to  be  addressed  for  wrought  processing,  the  general  con¬ 
straints  are  established  for  selected  mill  products,  including  sheet.  Fabrication,  joining  proc¬ 
esses  and  efficient  industrialization  of  products  require  several  years  of  development. 

Powder  metallurgy  (P/M)  processing  methods  have  been  used  for  small-scale  gamma  technol¬ 
ogy  development  since  at  least  the  1970’s.  However,  there  are  several  remaining  problems, 
such  as  powder  quality  control,  and  production-scale  equipment  is  currently  not  available  [23]. 
The  difficulties  in  obtaining  homogeneous,  fine-grain,  large- width  preforms  using  today's  ingot 
processing  technology,  indicate  that  P/M  prefonns  may  provide  an  advantage  in  producing 
gamma  alloy  rolled  sheet  in  large  widths.  Further,  in  the  long  term,  the  need  for  grain-size 
control  may  require  the  use  of  powder-metallurgy  processing  for  high-durability  material — a 
prospect  that  may  not  be  viewed  favorably  in  the  cost-conscious  business  environment. 

3.2  Cast  Products 

Cast  gamma  alloys  also  have  a  long  and  reasonably-successful  history.  Literally  tens-of- 
thousands  of  cast  parts  have  been  produced  and  tested  [24].  However,  by-and-large,  scale-up 
issues  persist  and  there  is  remaining  uncertainty  over  the  performance,  affordability,  and  reli¬ 
ability  of  manufactured  cast  products.  This  is  especially  tme  for  aerospace-grade  components. 
Figure  1  suggests  that  the  alloys  have  only  a  minimal  competitive  advantage  over  conventional 
metal  alloys.  Experience  has  shown  that  grain  refinement  provides  an  advantage,  but  alloys  and 
processes  for  refining  grains  are  not  widely  commercially  available.  Further,  the  cost  of  ma¬ 
chining  components  has  not  significantly  changed,  especially  where  hole  drilling  is  concerned; 
this  alone  can  lead  to  gamma  alloys  failing  in  the  business  environment.  New  processes  that 
achieve  even  closer  to  net  shape  parts  should  be  explored. 

Cast  shop  technology  relies  on  cheap  sources  of  remelt  stock.  Small-diameter  ingots,  generally 
from  10-20  mm  diameter,  are  required  for  investment  casting.  Recently  this  material  was  pro¬ 
duced  at  a  price  of  ~$40/kg;  however,  a  lack  of  a  production  market  place  seems  to  have  caused 
an  erosion  of  low  cost  material  availability.  For  conventional  titanium  castings,  ingot  is  gener- 


ally  converted  from  large  diameter  VAR  ingots  via  thermal-mechanical  processing,  such  as 
swaging  or  extrusion.  These  processes  are  currently  not  cost-effective  for  gamma  remelt  stock, 
so  casting  ingot  is  usually  remelted  and  poured  into  steel  or  graphite  molds  of  the  appropriate 
size  utilizing  a  cold- wall  crucible  VAR  fomace  (VAR  pour).  Induction-scull  remelting  (ISM)  is 
the  preferred  method  for  melting  and  casting  of  smaller  quantities. 

Other  casting  processes  currently  being  applied  to  produce  gamma-alloy  components  include  the 
ISR  melting  +  counter-gravity  casting  process  practiced  by  Daido  Steel  and  Howmet  [2,  24]. 
This  process  has  the  potential  to  have  greater  control  over  fill  rates  of  molds  versus  conventional 
gravity  casting,  and  ±e  benefit  of  bottom  filling  molds,  which  tends  to  reduce  turbulence  related 
casting  defects.  The  process  has  been  implemented  on  limited  production  basis  for  turbocharger 
impellers  [2].  In  addition  to  investment  casting,  the  Howmet  Corporation  has  developed  a 
gravity  metal  mold  (GMM)  process  which  utilizes  a  permanent  metallic  mold  to  form  the  cast¬ 
ing,  rather  than  an  invested  ceramic  mold.  This  process  appears  advantageous  for  simple  com¬ 
ponent  shapes  in  fairly  high  volume  applications.  Because  this  process  eliminates  many  of  the 
process  steps  related  to  creating  and  removing  invested  ceramic  molds,  it  should  lead  to  cost 
reductions  of  between  15%  -  40%  versus  investment  casting,  especially  for  components  which 
require  significant  machining,  such  as  automotive  valves  [25]. 

Today,  the  major  barriers  to  production  and  use  of  gamma-alloy  cast  components  are  primarily 
remelt  ingot  cost,  dimensional  conformance  control,  and  establishing  a  mature  vendor  base. 
Dimensional  control  of  investment  cast  gamma-alloy  components  is  similar  to  capabilities  for 
other  investment  cast  product.  However,  due  to  the  limited  room-temperature  ductility  of 
gamma  alloys,  cold  straightening  of  components  to  achieve  precise  dimensions  for  aerodynamic 
shapes  is  not  practical.  Hot  straightening  techniques  have  been  developed,  but  there  are  persis¬ 
tent  cost  concerns  over  their  use. 


4.  SUMMARY  &  CONCLUSIONS 

While  not  explicitly  discussed  herein,  a  general  deficiency  of  funds  for  transitioning  technolo¬ 
gies  to  production  has  made  it  increasingly  difficult  to  move  gamma  alloys  from  the  laboratory 
to  production.  As  discussed  previously,  the  world-wide  aerospace  business  community  has 
changed  its  focus  toward  addressing  the  acquisition  and  life-cycle  costs  associated  with  engi¬ 
neering  technologies,  more  than  material  performance.  Gamma  alloys  are  viable,  but  their  in¬ 
troduction  is  paced  by  the  emerging  design  knowledge  for  low  ductility  alloys,  and  by  the  lack 
of  a  full-scale  production  technology.  To  date,  thousands  of  automotive  valves  and  turbocharg¬ 
ers  have  been  made  by  casting  methods  and  tested  throughout  the  US,  Japan  and  Europe,  using 
both  permanent-mold  and  investment  casting  processes.  This  accumulating  experience  indicates 
that  gamma  alloy  casting  technology  holds  significant  promise  when  the  business  conditions  are 
right  for  implementation.  When  Sie  status  of  the  development  of  gamma  alloys  and  their  pro¬ 
gress  toward  full  commercialization  is  examined,  it  is  apparent  that  applying  similar  arguments 
to  other  new  alloy  possibilities  would  suggest  that  a  great  deal  of  development  work  is  needed. 
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ABSTRACT 

Powder  metallurgy  has  been  successfully  adopted  in  synthesizing  intermetallic 
compounds  based  on  Ti-Al  and  Ti-Si.  Direct  hot  extrusion  of  elemental  powder  mixtures 
resulted  in  rods  of  about  2cm  in  diameter  with  the  compositions  based  on  Ti-46.6Al-l.4Mn- 
2Mo  (all  in  at.%).  Among  the  processing  parameters,  degassing  scheme,  heating  rate, 
extrusion  can  and  die  design,  extrusion  temperature  and  extrusion  ratio  were  found  to  be 
crucial  to  ensure  the  sound  mechanical  properties  such  as  tensile  properties  and  creep  strength. 
Further  improvement  in  the  mechanical  properties  was  obtained  by  modifying  the  chemical 
composition  with  C  or  Y,  which  were  effective  in  refining  the  microstructure,  thus  enhancing 
the  tensile  strength  at  elevated  temperature.  Electro-pressure  sintering  was  also  evaluated  as 
an  alternative  consolidation  route  for  TisSis-CCu-Nb-C).  Through  a  balanced  control  of  the 
heating  scheme,  sintering  temperature  and  pressure,  near  full  density  state  of  the  two  Ti-based 
intermetallic  compounds  was  obtained,  in  which  a  high  fracture  toughness  and  absence  of 
porosity,  respectively,  were  realized. 


1.  INTRODUCTION 

Due  to  the  low  density  and  high  melting  point,  the  intermetallic  compounds  based  on  Ti 
receive  increasing  attentions  of  researchers  in  the  field  of  high  performance  automobiles  and 
aircrafts.  Among  the  synthesis  methods  of  the  intermetallic  compounds,  elemental  powder 
method  is  an  attractive  route  because  of  the  homogeneity  in  alloy  chemical  composition  and 
the  fine  grain  size  in  the  final  product.  Employment  of  direct  extrusion  of  the  powder 
mixtures  and  electro-pressure  sintering  (EPS),  resulted  in  a  full  density  alloys  in  Ti-46.6A1- 
1.4Mn-2Mo  and  TisSiB-Nb-C  [1-3],  respectively.  These  methods,  however,  require  a  careful 
control  of  the  processing  parameters  to  ensure  the  soundness  in  the  microstructure  that  is 
essential  for  the  mechanical  properties.  The  purpose  of  this  paper  is  to  address  some  of  the 
crucial  technical  issues  in  the  utilization  of  the  proposed  powder  methods  for  synthesizing  the 
two  Ti-based  intermetallic  compounds. 


2.  EXPERIMENTAL  PROCEDURE 


Elemental  powders  used  in  this  study  were  of  99.5%  or  better  purity  and  4  to  80  pm  in 
the  average  particle  size.  For  Ti-46.6Al-1.4Mn-2Mo  (all  in  atomic  percent)  alloy,  powders 
were  mixed  in  a  V-blender  for  4  hrs  without  additive,  and  compacted  into  a  Cr-Mo  steel(AISI 
4140)  can  of  40  mm  and  73  mm  in  the  ID  and  OD,  respectively,  and  180  mm  in  height.  The 
cans  were  degassed  sequentially  at  room  temperature,  250  and  500°C  for  1,  2  and  4  hrs, 
respectively,  followed  by  vacuum  sealing  at  3x10'^  torr.  For  consolidation,  either  hot 
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extrusion  or  electro-pressure  sintering  was  conducted.  Hot  extrusion  was  conducted  at  1250°C 
with  extrusion  ratios  ranging  from  8  to  12.  Prior  to  extrusion,  cans  were  pre-heated  for  12  hrs. 
The  sketches  of  the  can  and  extrusion  die  are  shown  in  Fig.  1 .  In  the  case  of  Ti5Si3-(Cu-Nb-C) 
alloy,  additional  milling  was  conducted  in  an  attritor  filled  with  ethanol.  Stainless  steel  balls 
of  4.75  mm  in  diameter  and  35  times  the  weight  of  powder  were  used  for  the  mechanical 
milling.  Milled  powders  were  sieved  and  dried  for  24  hrs  in  oven.  Dried  powder  aggregates 
were  further  milled  in  a  tubular  shaker  mixer  for  30  min  in  argon  atmosphere,  which  yielded 
powders  of  37  pm  in  the  average  particle  size.  Powder  mixtures  were  then  cold  compacted 
and  were  given  an  EPS  treatment  at  1200°C  under  a  pressure  ranging  from  30  to  100  MPa  and 
holding  time  ranging  from  150  to  600  s. 
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Fig.  1  Schematic  drawings  of  (a)  can  and  (b)  die  used  for  extruding  elemental  Ti-46.6A1- 
1.4Mn-2Mo  alloys.  Unit  of  the  dimensions;  mm. 


3.  RESULTS  AND  DISCUSSION 

During  preparation  of  powders,  the  average  powder  particle  size,  mixing  conditions, 
degassing  conditions  and  pre-extrusion  heat  treatment  were  important  parameters  affecting 
the  final  micro  structure  and  porosity.  The  effect  of  the  powder  particle  size  on  the  relative 
density  of  TisSis-Cu  alloy  was  previously  studied  by  Park  et  al.  [1]  In  this  study  the  powder 
mixtures  were  milled  for  12  hrs  in  an  attritor  at  a  speed  of  250  rpm  with  the  ball  to  powder 
charge  ratio  of  40:1  in  weight  and  under  hexane  atmosphere.  Two  different  Ti  powders  were 
used,  with  the  different  initial  average  particle  size  of  15  pm  and  109  pm.  Subsequently  the 
mixtures  were  dried,  cold  compacted,  degassed  at  450  °C  and  reactively  sintered  at  1450°C 
for  3  hrs  under  a  vacuum  atmosphere  of  10'^  ton*.  With  increasing  Cu  content,  from  0  up  to  6 
wt.%,  the  relative  density  of  sintered  specimens  increased  from  about  70%  to  90%  of  the 
theoretical  density.  The  relative  density  was  consistently  higher  by  approximately  5%  in  the 
specimens  made  from  the  fine  (15pm)  Ti  powder  at  all  levels  of  Cu  addition.  Although  the 
mechanical  milling  reduced  the  initial  size  of  Ti  powders,  there  was  presumably  a  significant 
gap  in  the  average  size  of  the  two  kinds  of  Ti  powders  prior  to  reactive  sintering.  It  is 
sunnised  that  fine  particles  provided  a  larger  surface  areas  of  sintering  reaction  and  also 
provided  a  segregation  of  Cu  at  grain  boundaries,  which  resulted  in  an  increase  in  the 
capillary  force  to  enhance  diffusion  of  the  mobile  liquid  phase  [4]. 

Multi-step  degassing  was  an  essential  step  toward  reduced  porosity  in  the  final  material. 
Depending  on  temperature,  the  composition  of  the  extracted  gases  differed.  In  the  range  of 
25-200°C,  the  major  gas  component  was  water  vapor  that  gradually  decreased  with 
temperature  up  to  450°C,  which  was  followed  by  another  increase  of  the  gas  release  at  higher 
temperatures.  Hydrogen  gas  extraction  occurred  mainly  in  the  temperature  range  of  200- 
400°C  whereas  CO2  gas  release  peaked  at  100°C,  the  former  out-weighing  the  latter  over  the 
whole  temperature  range.  Oxygen  gas  was  persistent  against  degassing  treatment,  resulting  in 
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approximately  1300ppm  in  the  final  materials  of  Ti-Al  as  well  as  Ti-Si  alloy  systems. 

Control  of  the  rate  of  reactive  sintering  among  powder  particles  was  based  on  the 
characteristics  of  the  phase  forming  at  the  interfaces  of  powders.  During  heating  Ti-Al 
powder  mixtures  above  600  °C,  melting  of  A1  powder  occurred  first,  which  was  immediately 
followed  by  the  formation  of  Ti-Al  intermetallic  compounds.  This  process  involved  adiabatic 
endothermic  reaction  and  exothermic  reaction  in  sequence.  The  major  forms  of  the 
compounds  were  identified  as  TisAl  and  Ti2Al,  TiAl  and  TiAls.  Since  these  phases  form 
shells  on  pure  Ti  powder  particles,  they  affect  further  diffusion  of  Ti.  To  maximize  the 
gamma  phase  (TiAl),  it  was  necessary  to  find  a  processing  route  to  suppress  the  formation  of 
the  undesirable  phases,  particularly  TiAls  since  this  phase  exhausts  A1  and  at  the  same  time 
retards  the  diffusion  rate  of  Ti.  The  heating  rate  was  found  to  be  a  crucial  parameter  for  this 
purpose.  As  shown  in  Fig.  2,  the  amount  of  the  gamma  phase  increased  with  the  heating  rate. 
The  reason  for  this  result  is  thought  to  be  the  effect  of  the  heating  rate  on  the  ignition 
temperature  and  the  reaction  finish  temperature  of  the  major  reaction  among  the  powder 
particles.  While  the  ignition  temperature  was  insensitive  to  the  heating  rate,  the  reaction  finish 
temperature  increased  sensitively  with  the  heating  rate  (from  650°C  to  1400®C  with  the 
heating  rate  increase  from  2  to  300°C/min),  resulting  in  a  suppression  of  TiAla  phase.  Control 
of  the  heating  rate  affected  the  consolidation  of  Ti5Si3-(Cu-Nb-C)  also  but  in  a  different  way 
from  that  of  the  TiAl  alloy.  In  this  case,  too  rapid  heating  caused  an  explosion.  Therefore  it 
was  necessary  to  keep  the  heating  rate  below  150°C/min. 

Hot  extrusion  was  effective  in  consolidating  Ti-46.6Al-1.4Mn-2Mo  alloy  but  not  TisSis- 
(Cu-Nb-C)  alloy.  The  main  cause  of  the  difference  is  considered  to  be  the  partial  liquid  phase 
sintering  in  the  former,  which  was  absent  in  the  latter.  The  key  processing  parameters  for  hot 
extrusion  were  the  preheating  treatment,  the  extrusion  ratio  and  the  extrusion  temperature.  To 
evaluate  the  effect  of  the  preheating  treatment,  three  different  heat  treatments  were  designed 
over  the  temperature  range  of  1200  to  1250°C  and  the  holding  time  of  1  to  2  hrs. 
Quantification  of  the  preheating  treatment  was  best  described  by  the  annealing  parameter 
defined  as  follows: 


i=i 

where  Q  is  the  activation  energy  for  self  diffusion  of  Ti  in  single  phase  TiAl,  which  was 
assumed  to  be  300kJ/mol  [5]  and  the  summation  was  taken  over  each  heat  treatment  segment. 
Porosity  was  substantially  reduced  as  the  value  of  the  parameter  A  increased  from  1,0x10’^^  to 
1.7x10“"^.  Further  increase  of  the  value  up  to  5.1x10'^^,  however,  was  inconsequential.  The 
extrusion  ratio  affected  the  final  grain  size  in  the  extruded  specimens,  the  grain  size 
decreasing  with  the  extrusion  ratio  although  the  capacity  of  the  press,  700ton,  limited  it  to 
about  11:1.  From  these  considerations,  the  optimum  consolidation  process  for  Ti-46.6A1- 
1.4Mn-2Mo  alloy  was  found  to  be  preheating  at  1250°C  for  more  than  2hrs,  followed  by 
extrusion  at  this  temperature  with  a  ratio  of  10:1.  A  similar  consideration  for  the  case  of  EPS 
identified  the  optimum  consolidation  process  as  a  stepwise  pressure  increase  up  to  82MPa  at 
1200°C  followed  by  holding  for  150s  as  shown  in  Fig.  2(b) 

The  EPM  approach  brought  several  advantageous  microstructural  features  as  well  as  the 
mechanical  properties  derivable  from  the  microstructures.  Among  these,  the  grain  size 
refinement  showed  the  most  pronounced  effect.  The  average  grain  size  of  Ti-46.6Al-l.4Mn- 
2Mo  alloy  produced  by  the  EPM  method  was  approximately  70  pm  compared  to  about 
300pm  in  vacuum  arc  melted  alloys  [6]  and  around  58  pm  in  arc-melted  and  subsequently  hot 
extruded  alloys  [7].  In  Table  1,  the  average  grain  sizes  of  the  microstructures  in  the  gamma 
alloys  made  by  various  processing  methods  are  compared.  The  fine  grain  size  obtainable  in 
the  EPM  process  of  TiAl  alloys  is  a  great  advantage  in  comparison  to  the  IM  alloys  since  it  is 
known  that  the  yield  strength,  room-temperature  ductility  as  well  as  the  fracture  resistance  can 
be  enhanced  by  the  fine  grain  size.  To  realize  the  fine  grain  size  in  the  IM  alloys  thermo¬ 
mechanical  processing  like  a  two-step  forging  is  required,  which  will  add  additional  cost  to 
the  final  product.  Furthermore  the  EPM  process  can  be  potentially  refined  to  reduce  the  final 
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grain  size  by  optimizing  the  characteristics  of  the  starting  powder  or  the  consolidation 
conditions  although  this  was  out  of  the  scope  of  the  present  work. 


Fig.  2  Control  of  the  consolidation  parameters  in  Ti-base  intermetallic  alloys:  (a)  Effect  of  the 
heating  rate  on  the  amount  of  various  intermetallic  phases  in  reactively  sintered  Ti“46.6Al- 
1 .4Mn-2Mo  alloy,  in  which  compacts  of  elemental  powder  mixtures  were  heated  up  to  the 
reaction  finish  temperature  identified  by  the  differential  thermal  analysis  and  cooled 
immediately,  and  (b)  Stepwise  power  enhancement  scheme  used  for  consolidating  Ti5Si3-(Cu- 

Nb-C)  alloy. 


Table  1  Grain  sizes  of  gamma  TiAl  alloys  produced 

5y  various  met 

lods. 

Alloys 

Process 

Grain  size 
(nm) 

Ref 

TiAl  -2.3V-0.9Cr 

VAR 

330 

6 

Ti-47Al-3.7(Cr,  Nb,  Mn, 
Si)-0.5B 

VAR/FI ot  Extrusion  (T>Ta) 

58 

7 

Ti-45Al-2Mn-2Nb 
+0.8vol%TiB2  (XD45) 

VAR  /HIP 

40-200 

8 

Ti-47Al-2Mn-2Nb 
+0.8vol%TiB2  (XD47) 

VAR  /HIP 

50-200 

9 

Ti-46.5Al-2Cr-3Nb-0.2W 

Induction  skull 
melting/HIP/2-step  forging 

10 

10 

Ti-46.6Al-1.4Mn-2Mo 

EPM/Hot  Extrusion 

70 

Present 

work 

Alloying  additions  to  the  EPM  produced  gamma  alloys  resulted  in  further  improvement 
in  the  microstructural  refinement.  Either  C  or  Y  additions  reduced  the  grain  size  as  well  as  the 
lath  sizes  in  the  fully  lamellar  microstructures.  Variation  of  the  lamellar  dimension  with  C- 
addition  in  Ti-46.6Al-1.4Mn-2Mo  alloys  is  shown  in  Fig.  3.  The  reason  for  the  lamellar  size 
refinement  in  the  case  of  C  containing  alloy  is  two-fold:  reduction  in  the  stacking  fault  energy 
of  the  high  temperature  a  phase  [11,12],  thus  increasing  the  nucleation  rate  of  the  lamellae, 
and  suppression  of  the  growth  rate  by  carbon  segregation  at  grain  boundaries  and  the  lamellar 
interfaces  [3]. 
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Fig.  3  Lamellar  size  refinement  of  Ti-46.6AL1.4Mn-2Mo  alloys  with  C  addition:  (a)  C-free 

alloy  and  (b)  C-modified  (0.3%)  alloy. 


The  microstmctural  refinement  resulted  in  enhancement  of  the  mechanical  properties, 
particularly  the  tensile  properties  at  both  room  temperature  and  at  elevated  temperatures. 
Room  temperature  elongation  in  the  order  of  2  to  4%  together  with  the  yield  strength  of 
approximately  500MPa  was  obtained  in  the  Ti“46,6Al-1.4Mn-2Mo  alloys.  With  the  addition 
of  C  or  Y,  the  elongation  value  was  slightly  decreased  but,  in  contrast,  the  yield  strength 
increased  significantly.  Particularly  the  high  temperature  yield  strength  increased 
considerably  up  to  a  temperature  of  800°C.  The  tensile  properties  of  C-modified  and  Y- 
modified  Ti-46.6Al-1.4Mn-2Mo  alloys  are  shown  in  Fig.  4.  Evaluation  of  the  creep  properties 
of  these  alloys  is  currently  underway  with  promising  initial  results  [13]. 


(a)  (b) 


Tempereture  (“C)  Tempereture(°C) 

Fig.  4  Tensile  properties  of  Ti-46.6Al-1.4Mn-2Mo  alloys:  (a)  yield  strength  and  (b)  tensile 

elongation. 

Particularly  with  addition  of  Y,  the  mechanical  properties  and  the  oxidation  resistance  of 
the  TiAl  alloy  improved  considerably.  The  first  effect  of  Y  addition  is  the  grain  refinement  as 
shown  above,  which  resulted  in  the  improvement  of  the  room-temperature  ductility  as  well  as 
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the  yield  strength  although  the  brittle-to-ductile  transition  temperature  was  unaffected.  As  for 
the  ductility  improvement,  there  is  also  an  oxygen-scavenging  effect  of  Y.  Y  has  a  strong 
affinity  to  oxygen  and,  as  such,  it  tends  to  absorb  the  interstitial  oxygen  atoms  in  the  matrix 
and  form  oxides,  Y2O3.  Since  the  interstitial  oxygen  is  detrimental  to  ductility  at  room 
temperature,  this  enhances  the  room  temperature  ductility  as  shown  above.  Due  to  the 
difference  in  the  equilibrium  solubility  of  oxygen  y  phase  and  a2  phase  showed  different 
tendency  in  fomiing  the  oxide.  In  chemical  analysis  using  TEM,  it  was  found  that  the  average 
concentrations  of  Y  in  y  and  aj  were  0.41  wt.%  and  0.31wt.%,  respectively.  This  indicates  that 
more  Y2O3  formed  in  y,  which  accords  with  the  low  solubility  of  oxygen  in  this  phase 
compared  to  a2. 

The  second,  yet  more  important  effect  of  Y  addition  to  Ti-46.6Al-I.4Mn-2Mo  alloy  was 
the  oxidation  resistance.  As  shown  in  Fig.  5,  the  alloys  containing  Y  showed  a  significantly 
improved  resistance  to  high  temperature  oxidation  in  air.  The  cause  of  this  phenomenon  is 
unclear  at  present.  However  it  is  thought  that  Y  modifies  the  structure  of  the  oxide  on  the 
surface  exposed  to  the  high-temperature  air  environment.  It  has  been  reported  in  other 
systems  that  Y  reduces  the  concentration  of  oxygen  vacancies  in  Ti02  [14,15]  and  promotes 
AI2O3  formation  rather  than  Ti02  formation.  Although  there  is  no  direct  evidence,  this 
explanation  is  plausible  for  the  present  system  since  AI2O3  is  more  resistant  to  oxygen 
penetration  than  Ti02. 


Fig.  5  Effect  of  Y-addition  on  the  high  temperature  oxidation  resistance  of  Ti-46.6A1- 

1 .4Mn-2Mo  alloy.  Specimens  were  exposed  to  air  at  800°C  and  the  weight  gains  were 

measured  as  a  function  of  time. 

Beside  the  effects  of  Y  as  stated  above,  it  also  modifies  the  dislocation  structure  of  Ti- 
46.6Al-1.4Mn-2Mo  alloy  at  high  temperature  so  that  the  mode  of  high  temperature 
deformation  is  modified.  There  are,  in  general,  two  types  of  dislocations  reported  in  TiAl 
alloys,  <110]  type  super  dislocations  and  1/2<1 10]  type  ordinary  dislocations.  In  the  present 
study,  it  was  observed  that  the  ordinary  type  dislocations  were  promoted  in  the  Y-containing 
alloy  compared  to  the  super  dislocations. 

In  case  of  Ti5Si3-(Cu-Nb-C)  alloys,  the  EPM  process  did  not  yield  a  marked  grain  size 
refinement.  Rather,  the  microstructure  consisted  of  a  composite-like  feature  with  islands  of 
Nb-rich  phase  embedded  in  the  hard  Ti5Si3  matrix.  In  addition,  it  appears  that  Nb  and  C 
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enhanced  the  bonding  strength  of  the  matrix  phase  [16,17].  The  role  of  C  in  improving  the 
fracture  resistance  of  the  compound  seems  to  be  related  to  the  reduction  in  the  anisotropic 
thermal  expansion  characteristics  of  the  alloy.  As  a  result  of  these  combined  effects,  the 
hardness  and  the  fracture  toughness  of  the  final  multi-phase  intermetallic  compound  increased 
significantly  as  compared  to  the  monolithic  TisSis  phase.  In  this  alloy  systems  however,  the 
effect  of  the  alloying  elements  as  a  single  addition  or  in  combination  were  complex.  Fig.  6 
shows  the  effect  of  C  addition  on  the  fracture  toughness  of  the  compounds. 


0.0  0.1  0.2  0.3  0.4  0.5 

C(y) 

Fig.  6  Fracture  toughness  of  Ti5Si3-(Cu-Nb-C)  alloys  as  a  function  of  C  content 


4.  CONCLUSION 

In  this  work,  we  evaluated  some  of  the  key  processing  parameters  in  synthesizing  Ti-base 
intermetallic  compounds  from  elemental  powders.  Among  others,  the  powder  characteristics, 
mixing  method,  degassing  procedure,  extrusion  can  and  die-design,  pre-extrusion  heat 
treatment,  extrusion  ratio  and  temperature  are  the  most  important  variables  to  control.  Control 
of  these  processing  parameters,  combined  with  proper  additions  of  alloying  elements  such  as 
C  and  Y  in  Ti-46.6Al-1.4Mn-2Mo  alloys  and  Nb  and  C  in  Ti5Si3-(Cu-Nb-C)  alloys  brought  in 
enhanced  mechanical  properties  at  both  room  temperature  and  elevated  temperatures. 
Particularly  in  the  TiAl  alloy,  Y  addition  is  of  noteworthy  since  it  also  improved  the  high 
temperature  oxidation  resistance.  The  present  work,  therefore,  demonstrates  that  the  EPM 
process  should  be  considered  as  a  strong  candidate  processing  technique  alternative  to  the 
ingot  metallurgy. 


ACKNOWLEDGMENT 

This  work  was  supported  by  the  Korea  Science  and  Engineering  Foundation  through  the  Year 
2001  ERC  program  at  the  Center  for  Advanced  Aerospace  Materials,  POSTECH. 


REFERENCES 

1.  K.J.  Park,  J.K.  Hong  and  S.K.  Hwang,  Metall.  Trans.  A,  Vol.  28A(1997),  pp.  223-228. 

2.  K,L.  Park  and  S.K.  Hwang,  Scripta  Mater,  Vol.  44(2001).  pp.  9-16, 

3.  H.S.  Park,  S.K.  Hwang,  C.M.  Lee,  Y.C.  Yoo,  S.W.  Nam  and  N.J.  Kim,  Metall.  Trans.  A, 
Vol.  32A(2001),  pp.251-259. 


735 


4.  R.M.  German  and  B.H.  Rabin,  Powder  Metall.  Vol.  28(1985),,  pp.  7-12. 

5.  S.  Kroll  et  al.,  Z.  Metallkd.,  Vol.  83(1992),  p.  591. 

6.  J.D.  Shi,  Z.J.  Pu  and  K.H.  Wu,  in  Gamma  Titanium  Aluminides,  Y.W.  Kim,  R.  Wagner 
and  M.  Yamaguchi,  eds.,  TMS,  Las  Vegas,  Nevada,  (1995),  pp.  709-716. 

7.  M.  Oehring,  U.  Lorentz,  R.  Niefanger,  U.  Christoph,  F.  Appel,  R.  Wagner,  H.  Clemens  and 
N.  Eberhardt,  in  Gamma  Titanium  Aluminides,  Y.W.  Kim,  D.M.  Dimiduk  and  M.H. 
Loretto,  eds.,  TMS,  San  Diego,  CA,  (1999),  pp.  439-446. 

8.  V.  Recina  and  D.  Nilson,  in  Gamma  Titanium  Aluminides,  Y.W.  Kim,  D.M.  Dimiduk  and 
M.H.  Loretto,  eds.,  TMS,  San  Diego,  CA,  (1999),  pp.  447-454. 

9.  D.Y.  Seo,  T.  Everard,  P.A.  McQuay  and  T,R,  Bieler,  in  Interstitial  and  Substitutional 
Solute  Effects  in  Intermetallics,  I.  Baker,  R.D.  Noebe  and  E.P.  George,  eds.,  TMS,  (1998), 
pp.  227-234. 

10.  Z.  Jin,  C,  Cady,  G.T.  Graylll  and  Y.W.  Kim,  Metall.  Trans.  A,  Vol.  31  A(2000),  pp.  1007- 
1016. 

ILK.  Kawahara,  S.  Tsurekawa  and  H.  Nakashima,  J.  Jpn.  Inst.  Metals.,  Vol.  62(1998),  pp. 
246-254. 

12.  D.  Blatte,  P.  Duval,  L.  Letellier  and  M.  Guttmann,  Acta  Mater.,  Vol.  44(1996),  pp.  4995- 
5005. 

13.  S.W.  Nam,  H.S.  Cho,  S.K.  Hwang  and  N.J.  Kim,  Metals  and  Materials,  Vol.  6,  No. 
4(2000),  pp.  287-292. 

14.  K.  Hauffe;  Oxidation  of  Metals,  Plenum  Press,  New  York,  NY(1965),  pp.217 

15.  M.  Yoshihara  and  Y.W.  Kim,  in  Gamma  Titanium  Aluminides,  Y.W.  Kim,  D.M.  Dimiduk 
and  M.H.  Loretto,  eds.,  TMS,  San  Diego,  CA,  (1999),  pp.753-760 

16.  A.  J.  Thom,  M.  K.  Meyer,  Y.  M.  Kim  and  M.  Akins,  in  the  Processing  and  Fabrication  of 
Materials  El,  TMS,  Warrendale,  PA  (1994),  pp,  413-138. 

17.  Y.  Murata,  T.  Higuchi,  Y.  Takeda,  M.  Morinaga  and  N.  Yukawa,  in  the  Proceedings  of  the 

International  Symposium  on  Intermetallic  Compounds,  O.  Izumi,  eds.  JIMIS-6,  Sendai(1991), 

pp.  627. 


736 


MECHANICAL  PROPERTIES  AND 
MICROSTRUCTURE  OBSERVATION  OF  TiAl  +NB 

ALLOY 


Yun  Qi  Yan^’  Lian  Zhou\  Wen  Sheng  Wang^’  ^  and  Guo  Zhen  Luo^ 

1  Titanium  Research  Center,  Northwest  Institute  for  Nonferrous  Metal  Research, 

Xi'an,  RR.China,  710016 

2  Material  School,  Xi'an  Jiaotong  University,  Xi’an,  RR.China,  710049 


ABSTRACT 

Recently,  TiAl+Nh  alloys  have  attracted  much  attention  as  potential  high  temperature  (HT)  structural 
materials  because  of  their  outstanding  HT  strength.  Great  progress  has  been  gained  in  phase  diagram, 
oxidation  resistant  studies.  Nb  addition  maybe  generate  the  prospective  of  engineering  applications  of 
TiAl  based  alloys  containing  high  Nb.  In  this  paper,  two  alloys  were  presented  including  fracture 
toughness  and  tensile  properties  at  room  temperature  and  elevated  temperature.  These  alloys  named  as 
TAMBY  and  TAMWY  were  prepared  through  various  annealing  treatments  after  cladding  insulting 
forging  with  homogeneous  microstructures.  Finally,  OM,  TEM  and  SEM  observed  the 
microstructures. 


1.  INTRODUCTION 

Titanium  aluminides  based  on  both  Ti3Al  (a2)  and  TiAl  (y)  have  received  considerable  attention  during 
the  past  few  years  as  potential  candidates  for  high  temperature  (HT)  struetural  applications  in  the 
aerospace  industry.  This  has  been  due  to  the  attractive  combination  of  mechanical  properties  such  as 
low  density,  high  specific  modulus  and  strength,  elevated  temperature  strength  retention,  and  excellent 
creep  resistance.  But  their  relatively  poor  oxidation  resistance  and  poor  ductility  have  still 
handicapped  the  applications  of  these  alloys.  Refinement  of  grains  size,  addition  of  ternary  and 
quaternary  alloying  element,  and  modifying  microstructures  through  innovation  heat  treatment  and 
thermo-mechanical  processing  have  been  explored  to  obtain  optimal  properties.  [1~4]  Amongst  these 
methods,  addition  of  alloying  elements,  especially  of  Nb,  has  been  proven  extremely  beneficial. 
Recently,  ternary  Ti-Al-Nb  alloys  have  also  attracted  much  attention  as  potential  HT  structural 
materials.  The  phase  constitution  map,  density-composition  dependence,  oxidation  resistance  map  and 
general  mechanical  behavior  of  ternary  TiAl+Nb  alloys  were  systematically  studied.  [5~8]  Those 
alloys  coineide  with  the  conventional  TiAl  alloys  characterized  as  low  density,  simple  lattice.  However, 
gaining  the  optimal  mechanical  properties  and  excavating  the  ternary  TiAl+Nb  alloys’  potential 
abundantly  need  to  refine  the  microstructures  of  these  alloys  chiefly.  In  this  paper,  two  TiAl  based 
alloys  containing  high  Nb  were  presented.  There  will  be  provided  some  experimental  data  for 
applieations  of  TiAl  alloys,  through  some  tensile  and  three -point-bend  tests. 
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2.  EXPERIMENTAL  PROCEDURES 


Table  1  As-annealed  condition  vs.  microstructure 


Conditions 

1310°C-0.5h 

1250°C-lh 

Microstructures 

Full  lamellae 

Duplex 

Ti-45Al-8.5Nb-0.3W-0.3B-0.05Y  at%  (TAWBY)  alloy  and  Ti-45Al-8.5Nb-0.3W-0.2Mo-0.15Si-0.05Y 
at%  (TAWMY)  were  prepared  in  the  form  of  as-cast  ingots  after  twice  melting  by  VAR  to  reduce  the 
composition  segregation.  The  ingots  with  the  size  of  (()  1  OOmmx  1 20mm  was  cladding  insulating-forged 
into  (|)165mmx35mm  pancakes  by  type  Y3314  hydro  press  with  the  pressure  200  ton  after  1280°C-2h 
heat  treatment.  The  samples  gained  from  these  pancakes  have  duplex  (DP)  microstructure  after 
1250°C-lh  annealing  and  full  lamellae  (FL)  microstructure  after  1310°C-0.5h  (Table  1).  Investigation 
was  taken  through  tensile  tests  and  three-point-bend  tests  at  ambient  temperature  and  high  temperature. 
All  the  tests  were  conducted  using  Instron-1 185  mechanical  machine.  FL  and  DP  microstructures  were 
studied  via  OM  and  TEM.  The  factrograghs  were  observed  through  SEM. 

The  testing  samples  schematic  as  Fig.  1  were  cut  from  the  forged  pancake  with  electric  charge 
machine. 


Fig.  1  Schematic  diagrams  of  Tensile  (a)  and  three-point-bend  test  samples  (b). 


3.  RESULTS  AND  DISCUSSION 

Table2  Tensile  properties  and  fracture  toughness  of  TAWBY  and  TAWMY  alloys  at  room  temperature. 


- — .___^^ndition 

Alloy  and  its  properties 

1310°C 

-0.5h 

1290°C- 

0.5h 

1250°C- 

Ih 

1200°C- 

Ih 

1150°C- 

Ih 

TAWBY 

UTS,  MPa 

532 

- 

789 

- 

_ 

K,c,  MPa* 

16 

11.2 

10 

- 

_ 

TAWMY 

UTS,  MPa 

454 

440 

514 

621 

731 

K,c,  MPa* 

20 

18 

12 

- 

- 

Table  2  is  the  data  for  tensile  strength  and  fracture  toughness  of  TAWBY  and  TAWMY  alloys. 
From  table  2,  the  tensile  strength  decreases  with  the  temperature  rising  while  fracture  toughness 
increases  with  the  annealing  temperature  rising  during  mechanical  testing.  For  example,  UTS  for 
TAWBY  alloy  as-annealed,  1310°C-0.5h  is  532  M  Pa,  whereas  that  for  the  alloy  as-annealed. 
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1250  C-lh  IS  789  MPa.  It  is  reversed  for  fracture  toughness  vs.  annealing  temperature.  Both  to 
fracture  toughness  and  also  to  UTS  for  these  two  alloys  there  exists  the  same  results.  Heat  treatment  in 
the  a  single-phase  field,  the  a  phase  would  decompose  into  full  lamellae  arraying  with  ai  laths  and  y 
laths  (Fig.  2(a)).  Therefore,  the  lamellae  strengthening  is  another  factor  attributed  to  the  UTS  except 
solidifying  strengthening.  It  is  also  the  reason  for  higher  UTS  for  TAWBY  alloy  as-annealed, 
1310°C-30min.  During  annealing  in  the  (a^7)  phase  field,  y  grains  will  disperse  from  a  phase 
(  Fig.2(b)).  The  grain  boundary  can  be  the  other  factor  strengthening  the  alloys,  especially  in  the 
ambient  temperature.  High  UTS  results  from  the  higher  solid  heat  treatment  temperature.  TAWMY 
alloy  exhibits  the  same  property  such  as  UTS  for  this  alloy  as  annealed,  131 0°C-30min  is  higher  than 
that  for  as-annealed,  1250°C-lh.  The  microstructures  of  this  alloy  were  in  the  Fig.  2  (c)  and  Fig.  2  (d). 
Fig.2  is  FL  and  DP  microstructures  of  TAWBY  ((a),  (b))  and  TAWMY  ((a),  (b))  alloys.  Obviously,  the 
respecting  microstructures  for  TAWBY  alloys  are  finer  than  those  of  TAWMY  alloy. 


Fig.  2  FL  and  DP  microstructures  of  TAWBY  ((a),  (b))and  TAWMY  ((  c),  (d))  x  200 


Compared  to  these  two  alloys,  UTS  for  TAWBY  alloy  as  annealed  in  all  temperatures  is  higher  than 
that  for  TAWMY  alloy.  The  thin  atom  such  as  B  atom  occupying  the  intrinsic  location,  alloys  the  grain 
boundary  partially  nevertheless  they  are  too  few  (Fig.  3).  Changing  the  feature  if  grain  boundary  there 
will  exist  the  strengthening  affect.  So  it  is  the  reason  that  UTS  for  TAWBY  alloy  as-annealed  in  all 
temperatures  is  higher  than  that  for  TAWMY  alloy. 

Table  3  is  the  comparison  with  K5  alloy,  TAWBY  and  TAWMY  alloys  for  HT  tensile  tests.  The 
tensile  properties  for  TAWBY  and  TAWMY  alloys  are  higher  in  HT,  especially  at  870°C.  At  870°C, 
elongation  (6)  amounts  to  above  10%  whereas  the  tensile  strength  exhibits  about  400MPa.  TAWMY 
alloy  exhibits  the  same  property  such  as  strength  and  elongation  for  this  alloy  as  annealed  at  higher 
temperature  is  higher  than  that  for  as  annealed  at  lower  temperature. 
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Fig.  3  Existing  form  of  TiB2  in  TAWBY  alloy. 


Table  3  Comparison  with  TAWBY,  TAWMY  alloys  and  other  alloys  for  HT  tensile  tests 


Temperature 

800°C 

870°C 

Alloys  and  condition^ 

UTS, 

MPa 

YTS, 

MPa 

5,% 

5,% 

TAWBY 

FL 

- 

2.8 

MEM 

DP 

MttiM 

- 

»»■ 

19 

TAWMY 

FL 

UAM 

mm 

480 

Btkf 

22 

IHIl 

540 

410 

405 

285 

■a 

K5 

■a 

502 

375 

485 

362 

12 

IBIM 

468 

345 

MM 

Ti47A12Nb2Cr4Ta 

DP 

495 

363 

23.3 

403 

334 

14.6 

Table  4  Comparison  with  TAWBY  and  other  alloys  containing  high  Nb  for  HT  tensile  tests 


Temperature 

Alloys,  condition^. 

RT 

700°C 

760°C 

UTS 

MPa 

YTS, 

MPa 

6, 

% 

UTS, 

MPa 

YTS, 

MPa 

5, 

% 

UTS, 

MPa 

YTS, 

MPa 

6, 

% 

Ti46AI5Nb-lW 

FL 

518 

476 

0.4 

9 

Ti48A18NblB 

D 

699 

IQH 

506 

105 

8 

■ 

Ti44A14Nb4ZrlB 

n 

650 

627 

563 

■I 

TAWBY 

FL 

532 

- 

535 

3.0 

DP 

789 

- 

0.8 

_ 

520 

410 

3.8 

Table  3  and  Table  4  exhibit  the  comparison  of  HT  tensile  strength  among  TAWBY,  TAWMY  and  some 
3*^^  generation  TiAl  alloys.  These  two  alloys  have  better  properties  among  these  alloys.  The 
development  of  these  two  alloys  should  be  approved.  Solid  solution  strengthening  takes  the  chief  role 
during  application  of  HT  alloys  at  HT.  Solid  atom  addition  enhances  the  recrystallization  temperature. 
Strengthening  matrix  is  through  improving  the  force  between  atoms,  and  decreases  the  stack  faults 
energy.  And  it  also  reduces  the  dispersing  capability.  In  this  paper,  high  Nb  content  addition  enhances 


the  melting  point  and  deceases  the  stacking  fault  energy.  The  sliding  resistance  is  also  enhanced. 
Furthermore,  Nb  addition  changes  the  dislocation  ability  and  improves  strength  at  HT  through 
restraining  the  dislocation  climbing. 


Fig.  4  Micrograghs  of  TAMBY  ((a)  FL  and  (b)  DP  at  870°C,  (c)  FL  and  (d)  DP  at  800°C)  and 
TAWMY  alloy  (e)  FL  and  (f)  DP  at  800°C). 

Fig.4  are  the  fractograpghs  for  TAWBY  and  TAWMY  alloys  after  tensile  tests  as  HT.  The  left  side  in 
Fig.  4  (Fig.  2  (a),  (c)  and  (e))  exhibits  the  brittle  fracture  partially,  for  which  is  little  elongation  at  that 
condition.  The  other  side  in  Fig.  4  is  ductile  fracture.  FL  microstructure  for  those  two  alloys  exhibits 
less  ductile  than  DP  microstructure.  Plain  grain  boundary  benefits  the  propagating  crack.  Lamellae 
enhance  the  resistance  for  the  crack  except  the  grain  boundary.  The  interface  between  lamellae  is  also 
the  barrio  to  progate  crack.  Under  the  same  condition,  tensile  strength  for  TAWMY  alloy  is  higher 
than  that  for  TAWBY  alloy,  for  which  the  progating  crack  is  prolonged  in  TAWMY  alloy. 
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4.  CONCLUSIONS 


(1)  For  TAWBY  and  TAWMY  alloys,  tensile  strength  decreases  with  the  temperature  rising  while 
fracture  toughness  increases  with  the  annealing  temperature  rising  during  testing. 

(2)  Under  the  same  condition,  fracture  toughness  for  TAWMY  alloy  is  higher  than  that  for  TAWBY 
alloy,  for  which  the  progating  crack  is  prolonged  in  TAWMY  alloy,  tensile  strength  opposite  at 
ambient  temperature. 

(3)  Comparison  of  HT  tensile  strength  among  TAWBY,  TAWMY  and  some  3'^^  generation  TiAl  alloys 
exhibits  these  two  alloys  have  better  properties  among  these  alloys  at  high  temperature. 
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ABSTRACT 

Effect  of  B  addition  on  the  continuous  cooling  transformation  behavior  of  Ti-45.5at.%A1 
alloy  was  quantitatively  measured  using  a  real-time  resistivity-temperature-time  measurement 
apparatus  modified  to  operate  under  high  vacuum.  The  addition  of  small  amount  of  B  is 
believed  not  to  alter  the  Ta  transus  temperature  but  to  enhance  the  lamellar  formation  kinetics. 
At  the  same  time,  the  B  addition  significantly  raises  the  lamellar  stability  by  enlarging  the 
lamellar  formation  regime  toward  much  faster  cooling  rates.  This  is  believed  to  be  closely 
related  to  the  effect  of  B  to  enhance  the  chemical  diffUsivity  of  Ti-45.5at.%A1  alloys.  The 
addition  of  B  tends  to  slightly  lower  the  a— >a2  ordering  start  temperature. 


1.  INTRODUCTION 

Our  previous  study  of  the  continuous  cooling  transformation  behavior  of  y-based  Ti-Al 
alloys  showed  that  the  a^y  transformation  in  a  Ti-45.5at.%A1  alloy  predominantly  occurs 
through  a  lamellar  reaction[l].  At  relatively  fast  cooling  rates,  the  a-^a2  ordering  reaction 
directly  competes  with  the  lamellar  reaction.  No  massive  transformation  occurs  at  this 
relatively  low  A1  composition.  We  recently  modified  our  real-time  resistivity-temperature- 
time  measurement  apparatus  to  operate  under  high  vacuum.  Present  study  thus  allowed  to 
estimate  the  environmental  effect,  in  particular,  the  oxygen  effect  on  the  a^y  lamellar 
reaction. 

The  main  purpose  of  the  present  research  was  to  investigate  the  effect  of  B  addition  on  the 
continuous  cooling  transformation  behavior  of  Ti-45.5at.%A1  alloy.  Our  previous  work  of  Ti- 
47at.%Al-2at.%Cr-(2-4)at.%Nb  alloys[2]  showed  that  the  B  addition  markedly  accelerate  the 
lamellar  formation  kinetics  and  enhances  the  thickening  rates  of  y  plates,  despite  the  fact  that 
it  increases  both  the  misfit  between  a  and  y  plates  and  the  a/y  interfacial  energy.  The 
acceleration  of  lamellar  formation  kinetics  was  thus  believed  to  arise  from  the  enhancement  of 
chemical  diffusivity  as  a  result  of  B  addition.  However  no  quantitative  information  was 
available  with  regard  to  the  B  addition  on  the  phase  equilibria  of  a  and  y  phases. 


2.  EXPERIMENTS 

The  button-shaped  ingots  of  Ti-Al  binary  alloy(Ti-45.5at.%Al)  and  B-doped  Ti-Al 
alloy(Ti-45.5at.%Al-0.05at.%B)  were  casted  in  a  vacuum  arc  melting  furnace  using  high 
purity  sponge  Ti(99.99wt.%),  granular  Al(99.99wt.%)  and  flake  B(99.5wt.%).  The  ingots 
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were  remelted  several  times  to  ensure  a  homogeneous  composition.  They  were  encapsulated 
in  a  quartz  tube  which  was  evacuated  to  1x10'^  ton*  and  back  filled  with  high  purity  Ar  and 
hold  at  1200'’C,  24hr  for  homogenization.  These  homogenized  ingots  were  machined  into 
sheet  specimens  of  4x38x0.5mm  using  an  electro-discharge  machine.  The  sheet  specimens 
were  resistance-heated  under  high  vacuum  into  an  a-single  phase  region  HOO^C  for  1  min  by 
applying  a  controlled  currents  through  the  grips  attached  to  the  both  ends  of  specimen.  The 
real  time  variation  of  the  resistivity  and  temperature  of  the  specimens  was  computer- 
monitored  at  high  speeds  at  the  various  cooling  rates  of  0.2-l,000‘’C/s  using  our  previous 
assembled  heating-rate  and  cooling-rate  controlling  apparatus;  this  instrument  was  at  present 
study  modified  to  operate  under  high  vacuum,  the  degree  of  which  was  less  than  1x10'^  ton*. 
In  the  present  vacuum-modified  instrument,  we  used  thin  Nb(50|im  thick)  pad  as  an  insert 
between  the  specimen  and  R-type  thermocouple.  Two  differently  sized  thermocouples  of  (J) 
25jLim  and  $  75 pm  were  tested  for  comparison  and  no  appreciable  difference  was  detected. 
And  most  of  the  presents  works  were  performed  using  thermocouples  of  $  75  pm.  To 
monitor  the  emf  variation,  two  fine  Ta  wires((J)  25pm)  were  spot-welded  onto  the  specimen 
surface  at  a  distance  6mm  apart. 


3.  RESULTS 

Figure  1  illustrates  the  variation  of  resistivity  of  Ti-45.5at.%A1  alloy  with  temperature  upon 
heating  at  two  different  heating  rates.  The  rapid  rise  in  resistivity  at  temperatures  from  about 
1050°C  to  about  1300“C  is  mainly  due  to  the  y-^a  reaction.  The  differential  of  resistivity  with 
respect  to  temperature  better  indicated  the  temperature  range  for  this  y^a  reaction.  The  finish 
temperature  of  this  reaction  was  observed  to  diminish  with  the  cooling  rate  and  approaches 
about  1320°C  at  the  cooling  rate  of  O.rC/s.  This  temperature  should,  in  principle, 
corresponds  to  the  a-transus  temperature.  The  examination  of  Ti-Al  binary  phase  diagram 
indicates  that  this  temperature  is  close  to  Ta  of  the  Ti-45at.%Al  alloy,  which  is  close  to  the 
nominal  composition  of  the  present  alloy. 


(a)  (b) 

Fig.  1  Variation  of  resistivity  of  Ti-45.5at.%A1  alloy  during  continuous 
heating  at  5'C/s  (a)  and  its  differential  curves  (b). 
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More  detailed  examination  of  the  differential  curve  indicated  that  the  presence  of  another 
small  reaction  peak  from  about  1 120'’C  to  1 150‘’C.  This  is  believed  to  arise  from  the  eutectoid 
reaction  of  02+7— >a,  primarily  accompanying  the  disordering  reaction  of  aa  phase. 

Figure  2  shows  the  variation  of  resistivity  of  Ti-45.5at.%A1  alloy  with  temperature  upon 
continuous  cooling  from  the  a  single  phase  region  1400°C  at  various  cooling  rates.  The  rapid 
drop  in  resistivity  at  temperatures  of  about  1200-1000°C  is  due  to  the  a-^y  transformation.  No 
appreciable  resistivity  variation  occurs  at  cooling  rates  faster  than  about  25 “C/s.  The 
temperature  range  for  the  a^y  transformation  depends  on  the  cooling  rates  and  shifts  toward 
lower  temperatures  with  cooling  rate.  The  resistivity  differential  curve  better  differentiates  the 
temperature  range  for  the  a— >-y  reaction(Fig.  3).  The  reaction  peaks  clearly  appear  in  these 
curves  and  generally  shift  toward  lower  temperatures  with  cooling  rate.  The  reaction  peaks 
were  not  detected  at  cooling  rates  faster  than  about  50“C/s  because  of  little  change  in  its 
resistivity.  However,  the  temperature  differential  curves(Fig.  3b)  exhibited  the  reaction  peaks 
even  at  these  fast  cooling  rates.  The  result  further  showed  that  the  peak  temperature  little 
varies  with  the  cooling  rate  in  this  cooling  rate  regime,  suggesting  that  these  peaks  arise  from 
the  a— >a2  ordering  reaction. 


Fig.  2  Variation  of  normalized  resistivity  of  Ti-45.5at.%A1  alloy  with 
temperature  during  continuous  cooling  at  various  cooling  rates. 


Fig.  3  The  Resistivity  differential  curves  (a)  and  the  temperature 
differential  curves  (b)  of  Ti-45.5at.%A1  alloy. 


745 


The  reaction  start  temperatures  are  plotted  in  a  continuous  cooling  transformation  curve(Fig. 
4).  The  reaction  start  temperature  is  measured  to  be  about  1200'’C.  This  temperature 
continuously  decreases  with  the  cooling  rate  up  to  about  TS'C/s  and  remains  nearly  constant 
thereafter.  The  reaction  peak  temperatures  follow  a  very  similar  trend.  The  curve  from  slow 
cooling  rates  represents  the  a— lamellar  reaction,  whereas  that  from  fast  cooling  rates 
represents  the  a~^a2  ordering  reaction.  The  comparison  of  the  lamellar  start 
temperature(1200'’C)  with  the  a-transus  temperature  Ta(1330°C)  indicates  that  a  significant 
amount  of  undercooling  is  required  for  the  a-^yt  lamellar  reaction.  The  reaction  start 
temperature  is  actually  lower  than  To  of  Ti-45.5at.%A1  alloy.  The  ordering  start  temperature  is 
measured  to  be  about  1070“C,  which  is  very  close  to  the  metastable  a/a+a2  boundary  line. 


Fig.  4  Continuous  cooling  transformation  curve  of  Ti-45.5at.%A1  alloy  : 

^  ‘  reaction  start  ;  •  :  reaction  peak  ;  ▼  :  reaction  finish 
(L  :  Lamellar  reaction  ;  U  :  Untransformed  ;  Ls  :  Short  lamellar). 

The  results  of  the  present  study  is  in  good  agreement  with  our  previous  results  measured 
under  Ar+He  gas  atmosphere  in  Ti-45.5at.%A1  alloy  except  the  data  at  relatively  slow  cooling 
rates,  i.e.,  at  cooling  rates  less  than  about  20°C/s.  The  previous  data  showed  significantly 
higher  start  temperatures  at  these  slow  cooling  rates.  This  is  believed  to  arise  from  the 
magnification  of  surface  oxidation  effect  at  slow  cooling  rates.  The  oxygen  is  well  known  to 
greatly  raise  the  a+p/a  phase  boundary  line  in  pure  Ti.  A  similar  reasoning  suggests  the  rise 
of  Ta  with  the  oxygen  content.  However  no  literature  is  available  with  regard  to  this  point. 
Apart  from  this  difference,  two  results  are  very  close  each  other.  Namely  the  lamellar  start 
temperatures  are  similar  each  other  at  relatively  fast  cooling  rates.  Similar  results  were  also 
obtained  with  respect  to  the  transition  cooling  rate  for  the  ordering  reaction  as  well  as  to  the 
ordering  start  temperature. 

Figure  5  illustrates  the  variation  of  resistivity  of  B-doped  45.5A1  alloy  with  temperature.  A 
significant  resistivity  change  occurs,  in  particular,  up  to  the  cooling  rate  of  250“C/s, 
differently  from  the  45.5A1  alloy.  The  resistivity  differential  curve  clearly  shows  this 
point(Fig.  6).  Reaction  peak  appears  in  a  relatively  well  defined  form  up  to  the  cooling  rates 
of  250°C/s.  At  cooling  rates  faster  than  about  300'’C/s,  the  reaction  peak  becomes  evident  only 
in  the  temperature  differential  curves. 

The  peak  start  temperatures  are  plotted  in  a  continuous  cooling  transformation  curve(Fig. 
7).  The  start  temperature  is  measured  to  be  about  1200°C  at  slow  cooling  rates,  which  is  very 
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Temperature(°C) 

Fig.  5  Variation  of  normalized  resistivity  of  Ti-45.5at.%Al-0.05at.%B  alloy 
with  temperature  during  continuous  cooling  at  various  cooling  rates. 


Fig. 6  The  Resistivity  differential  curves  (a)  and  the  temperature  differential 
curves  (b)  of  Ti-45.5at.%Al-0.5at.%B  alloy. 


Fig.  7  Continuous  cooling  transformation  curve  of  Ti-45.5at.%Al-0.05at.%B  alloy 
^  :  reaction  start  ;  •  :  reaction  peak  ;  ▼  :  reaction  finish 
(L  :  Lamellar  reaction  ;  U  :  Untransformed ;  Ls  :  Short  lamellar). 
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similar  to  that  in  the  binary  alloy.  This  temperature,  however,  decreases  very  slowly  with 
cooling  rate  and  maintains  comparatively  higher  temperatures  up  to  the  cooling  rate  of  about 
50°C/s.  The  starting  temperature  thereafter  decreases  rapidly  with  cooling  rate  up  to  about 
300“C/s,  after  which  it  remains  nearly  constant.  This  indicates  that  the  a^a2  ordering  reaction 
occurs  at  this  fast  cooling  rate  regime  and  the  ordering  start  temperature  is  measured  as  about 
1050“C.  The  transition  cooling  rate  from  the  lamellar  to  the  ordering  reaction  thus  largely 
shifts  toward  faster  cooling  rates  as  a  result  of  B  addition. 


4.  DISCUSSION 

The  comparison  of  the  two  CCT  curves  indicates  that  the  lamellar  start  temperature  at  very 
slow  cooling  rates  is  very  close  each  other  regardless  of  B  addition.  This  result  suggests  that 
the  addition  of  B  does  not  appreciably  alter  the  a  transus  temperature  T^.  Nevertheless,  the 
lamellar  reaction  always  starts  to  occur  at  higher  temperatures  over  whole  cooling  rates  except 
at  very  slow  cooling  rates,  i.e.,  at  slow  cooling  rates  less  than  about  5°C/s.  Furthermore,  the 
range  of  cooling  rate  for  the  lamellar  reaction  largely  extends  toward  fast  cooling  rates  and 
transition  cooling  rates  shifts  from  about  70“C/s  to  about  250“C/s.  These  results  suggest  that 
the  B  addition  accelerates  the  nucleation  as  well  as  the  growth  kinetics  of  y-lamellar  plates. 
The  large  extension  of  lamellar  reaction  region  toward  fast  cooling  rate  further  suggest  that 
a-^jL  lamellar  reaction  is  mainly  controlled  by  the  nucleation  stage  than  by  the  growth  stage. 
Namely,  the  growth  proceeds  instantaneously,  once  the  nucleation  occurs.  Therefore  a  very 
fast  cooling  rate  is  necessary  in  order  to  be  able  to  stop  the  growth  of  lamellar  once  nucleated. 

Finally,  the  B  addition  slightly  lowers  the  ordering  start  temperature  by  about  20°C.  This 
temperature  difference  is  believed  to  be  large  enough  to  be  taken  as  a  real  difference.  This 
indicates  that  the  B  addition  has  an  effect  to  slightly  depress  the  metastable  a/a+a2  phase 
boundary.  The  origin  of  this  effect  is  not  known  at  the  present  time. 


5.  CONCLUSIONS 

The  addition  of  small  amount  of  B  significantly  raises  the  lamellar  start  temperature  at  most 
cooling  rates  except  at  slow  cooling  rates  where  the  lamellar  start  temperature  is  very  similar 
to  that  of  binary  Ti-45.5at.%A1  alloy.  Furthennore,  the  small  amount  of  B  addition  largely 
shifts  the  transition  cooling  rate  for  the  lamellar  to  the  ordering  reaction  from  about  TOT/s  to 
about  250“C/s.  It  is  believed  from  these  results  that  B  addition  does  not  significantly  alter  the 
a-transus  temperature  and  that  the  addition  of  B  enhances  both  the  nucleation  and  growth 
rates  of  Yl  lamellar  plates  probably  through  the  enhancement  of  chemical  diffusivity.  Finally, 
the  B  addition  tends  to  slightly  lower  the  a-^az  ordering  start  temperature. 
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Abstract 

In  order  to  investigate  effects  of  low  cycle  fatigue  test  parameters  on  low  cycle  fatigue 
property,  total  strain  range  controlled  low  cycle  fatigue  tests  were  conducted  at  1073K  in  an 
air  environment.  It  is  observed  that  fatigue  life  decreases  and  intergranular  cracking  mode 
becomes  predominant  with  imposing  tensile  hold  time  or  increasing  applied  strain  range, 
which  is  induced  by  phase  transformation  at  the  grain  boundary.  Experimental  result 
clearly  confirms  that  the  phase  transformation  weakens  grain  boundary  to  induce  intergranular 
cracking. 


1.  Introduction 

There  has  been  an  enormous  increase  in  research  and  development  activity  on  lamellar  TiAl 
alloys,  because  the  alloys  have  excellent  high-temperature  mechanical  properties  compared 
with  conventional  Ti  alloys  [1-3].  Applying  only  fracture  concept  to  practical  application 
condition,  most  researchers  have  been  interested  in  high  cycle  fatigue  damage  tolerance  and  a 
number  of  papers  investigating  the  effects  of  microstructure,  temperature  and  environment  on 
fatigue  crack  growth  resistance  have  been  reported  [4-8].  However,  lamellar  TiAl  alloys  are 
generally  exposed  to  low  cycle  fatigue  damage  when  the  alloys  are  designed  for  high- 
temperature  engine  components.  Therefore,  a  database  on  low  cycle  fatigue  property  is 
necessary  for  the  practical  application.  In  the  present  study,  total  strain  range  controlled  low 
cycle  fatigue  tests  were  conducted  in  order  to  investigate  the  effects  of  low  cycle  fatigue  test 
parameters  such  as  tensile  hold  time  and  applied  strain  range  on  low  cycle  fatigue  property. 

2.  Experimental 

Gamma  TiAl  alloy  with  a  composition  of  Ti-46.6Al-1.4Mn-2Mo  (at.%)  was  prepared  by  a  hot 
extrusion  of  a  blended  elemental  powder  mixture  to  have  an  available  room  temperature 
ductility  [9].  The  testing  material  was  heat  treated  at  1653K  for  30min  and  then  at  1223K  for 


749 


5hr  in  an  Ar  environment  in  order  to  get  lamellar  structure,  which  has  superior  high- 
temperature  mechanical  properties  to  duplex  structure  [10,11].  After  then,  button-head  typed 
fatigue  specimens  were  machined  to  have  a  gauge  diameter  of  3 min  with  a  gauge  length  of  5 mm. 
Total  strain  range  controlled  low  cycle  fatigue  tests  (R=-l,  strain  rate=4X10'Vsec.)  were 
conducted  at  1073K  in  an  air  environment  to  simulate  the  practical  application  conditions. 
Number  of  cycles  to  failure,  Ncr,  was  defined  as  the  number  of  cycles  leading  to  a  20% 
reduction  in  a  saturated  tensile  peak.  Scanning  electron  microscope  (SEM,  JEOL  JSM  840 A) 
and  transmission  electron  microscope  (TEM,  Philips  CM20)  were  used  to  observe  fatigue 
crack  growth  behavior  and  grain  boundary  morphology,  respectively.  Auger  electron 
spectroscope  (AES,  PHI  Model  4300  SAM)  was  also  used  to  analyze  the  phases  existing  near 
fatigue  cracks. 

3.  Results  and  Discussions 

3.1.  Low  Cycle  Fatigue  Property 

After  the  heat  treatment,  typical  lamellar  structure  was  obtained  to  have  a  grain  size  of  150/im 
with  a  lamellar  spacing  of  0.2/zni  as  shown  in  Fig.  1 .  It  is  observed  that  dislocations  can  not 
penetrate  a2ly  interfaces,  which  implies  that  aily  interfaces  can  block  the  dislocation 
movement  [12].  It  is  also  observed  that  the  number  of  a2/y  interface  is  the  highest  compared 
with  those  of  other  types  of  interfaces  [13]. 

Fig.  2  shows  a  Coffin-Manson  plot  taken  from  hysteresis  loops  at  the  half  of  fatigue  life 
(Ncr/2).  This  plot  clearly  indicates  that  fatigue  life  decreases  with  imposing  tensile  hold  time 
or  increasing  applied  strain  range.  This  implies  that  low  cycle  fatigue  property  of  lamellar 
TiAl  alloy  is  closely  dependent  on  low  cycle  fatigue  test  parameters  such  as  tensile  hold  time 
and  applied  strain  range  which  induce  microstructural  change.  Therefore,  it  is  necessary  to 
investigate  effects  of  low  cycle  fatigue  test  parameters  on  low  cycle  fatigue  damage  in  terms 
of  microstructural  change  in  order  to  improve  low  cycle  fatigue  property  of  lamellar  TiAl 
alloy. 

3.2.  Microstructural  Analysis 

In  order  to  investigate  the  microstructural  change  induced  by  low  cycle  fatigue  damage, 
fatigue  fracture  surfaces  after  low  cycle  fatigue  tests  were  observed  using  SEM  as  shown  in 
Fig.  3.  In  the  case  of  tensile  hold  time  considerations,  it  is  observed  that  intergranular  cracking 
mode  becomes  predominant  with  imposing  tensile  hold  time  and  the  mode  is  more 
pronounced  with  increasing  tensile  hold  time  in  the  fixed  total  strain  ranges  of  ±0.5  and  ± 
0.7%,  respectively.  In  the  case  of  applied  strain  range  considerations,  it  is  observed  that 
intergranular  cracking  mode  becomes  more  predominant  with  increasing  applied  strain  range 
in  the  fixed  waveforms  of  continuous  fatigue  and  5min  tensile  hold,  respectively.  This  implies 
that  increased  plastic  deformation  by  imposing  tensile  hold  time  or  increasing  applied  strain 
range  induces  a  weakness  of  a  grain  boundary  rather  than  a  matrix.  It  is  well  known  that 
intergranular  crack  has  a  faster  crack  propagation  rate  compared  with  that  of  transgranular 
crack,  which  clearly  indicates  that  the  intergranular  cracking  mode  is  responsible  for  the 
reduction  of  fatigue  life.  However,  the  reason  for  grain  boundary  weakness  with  imposing 
tensile  hold  time  or  increasing  applied  strain  range  has  not  been  investigated  yet. 

In  order  to  investigate  the  reason  for  the  grain  boundary  weakness,  grain  boundary 
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morphologies  after  low  cycle  fatigue  tests  were  observed  using  TEM  as  shown  in  Fig.  4.  In 
the  case  of  tensile  hold  time  considerations,  it  is  observed  that  sphere  y  phase  is  newly 
observed  at  the  grain  boundary  with  imposing  tensile  hold  time  and  the  generation  of  the  y 
phase  is  accelerated  to  form  huge  y  phase  at  the  grain  boundary  with  increasing  tensile  hold 
time  in  the  fixed  total  strain  range  of  ±0.7%.  In  the  case  of  applied  strain  rage  considerations, 
huge  y  phase  is  observed  near  the  grain  boundary  in  higher  applied  strain  range  in  the  fixed 
waveform  of  continuous  fatigue.  This  suggests  that  the  huge  y  phase  formation  is  assisted  by 
the  application  of  tensile  hold  time  and  applied  strain  range  and  is  proceeded  by  a2->y  phase 
transformation  at  the  grain  boundary.  Lever  rule  as  shown  in  Fig.  5  [14]  insists  that  the  phase 
transformation  is  a  spontaneous  reaction,  because  volume  fraction  of  y  phase  at  the  low  cycle 
fatigue  testing  temperature  (800  °C),  77.7vol.%,  is  higher  than  that  of  aging  temperature 
(950  "C),  76.0vol.%.  Therefore,  stress  induced  phase  transformation  from  ai  to  y  phase  can 
occur  spontaneously  when  lamellar  TiAl  alloy  is  exposed  to .  high-temperature  low  cycle 
fatigue  test  [15]. 

3.3.  Compositional  Analysis 

It  can  be  supposed  that  the  phase  transformation  removes  aily  lamellar  interface,  a  barrier  to 
dislocation  movement  to  induce  easier  dislocation  movement  and  plastic  deformation 
concentration,  which  suggests  that  the  phase  transformation  causes  the  grain  boundary 
fracture.  In  order  to  support  the  suggestion  that  the  phase  transformation  leads  to  grain 
boundary  fracture,  the  effect  of  the  grain  boundary  y  phase  on  intergranular  cracking  must  be 
investigated.  Therefore,  compositional  analysis  was  conducted  using  AES  to  investigate  the 
phases  existing  near  fatigue  cracks  as  shown  in  Fig.  6.  In  Fig.  6(a)  where  transgranular  and 
intergranular  cracks  co-exist,  it  is  observed  that  compositional  ratios,  at,%Al/(at.%Ti+at.%Al), 
near  intergranular  are  in  those  of  y  region,  while  those  of  transgranular  cracks  are  in  those  of 
(a2  +  y)  region.  In  Fig.  6(c)  and  (e),  where  only  intergranular  cracks  exist,  the  ratios  near 
intergranular  cracks  are  in  those  of  y  region.  This  result  implies  the  existence  of  only  y  phase 
near  intergranular  cracks  and  the  existence  of  ai  and  y  phase  near  transgranular  cracks.  This 
insists  that  intergranular  cracks  propagate  along  the  y  phase  in  the  grain  boundary,  while 
transgranular  cracks  propagate  along  the  lamellar  plate  composed  of  0.2  and  y  phase  in  the 
matrix.  Therefore,  it  can  be  confirmed  that  grain  boundary  fracture  with  imposing  tensile  hold 
time  or  increasing  applied  strain  range  is  induced  by  a2->y  phase  transformation  at  the  grain 
boundary. 

4.  Conclusion 

In  low  cycle  fatigue  of  lamellar  TiAl  alloy,  it  is  observed  that  fatigue  life  is  reduced  and 
intergranular  cracking  mode  becomes  predominant  with  imposing  tensile  hold  time  or 
increasing  applied  strain  range,  which  is  probably  due  to  a2— >y  phase  transformation  at  the 
grain  boundary. 
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Fig.  1.  Microstructure,  (a)  OM,  (b)  TEM  (inner  grain),  (c)  TEM  (grain  boundary). 
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Fig.  3.  Fatigue  fracture  surfaces.  (N=Ncr)  (a)  A8t=±0.5%,  cont.,  (b)  A8t=±0.7%,  cont.,  (c) 
A8t=±1.0%,  cont.,  (d)  A8t=+0.5%,  5min  tensile  hold,  (e)  A8t=±0.7%,  5min  tensile  hold,  (f) 
A8t=±0,7%,  lOmin  tensile  hold,  (g)  A8t=+0.7%,  30min  tensile  hold. 


Fig.  4.  Grain  boundary  morphologies  (N=Ncr).  (a)  A8t=±0.7%,  cont.,  (b)  A8t“±1.0%,  cont 
(c)  A8t=±0.7%,  lOmin  tensile  hold,  (d)  A8t=±0,7%,  30min  tensile  hold,  (e)  y  spot  pattern. 


Fig.  5.  A  phase  diagram  from  which  volume  fractions  of  a2  and  y  phase  are  calculated  at  aging 
temperature  (950  “C)  and  low  cycle  fatigue  testing  temperature  (800  "C)  [14]. 


Fig.  6.  AES  analysis.  (N=Ncr)  (a)  fatigue  fracture  surface  (Ac  =±0.7%,  cont.),  (b)  AES  result 
of  (a),  (c)  fatigue  fracture  surface  (Ac, =±0.7%,  30min  tensile  hold),  (d)  AES  result  of  (c),  (e) 
fatigue  fracture  surface  (Ac  =±1.0%,  cont.),  (f)  AES  result  of  (e). 
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ABSTRACT 

The  high  temperature  deformation  behavior  of  two-phase  gamma  TiAl  alloy  has  been 
investigated  with  the  variation  of  temperature  and  7/02  volume  fraction.  When  the  amount  of 
deformation  is  small  (8=0.04)  as  in  the  load  relaxation  test,  experimental  flow  curves  of  the 
fine-grained  TiAl  alloy  are  well  fitted  with  the  combined  curves  of  grain  matrix  deformation 
and  dislocation  climb  process.  When  the  amount  of  deformation  is  large  (8=0.8),  flow  curves 
significantly  changes  its  shape  indicating  that  grain  boundary  sliding  also  operates  at  this 
stage,  which  has  been  attributed  to  the  occurrence  of  dynamic  recrystallization  during  the 
deformation.  With  the  increase  in  the  volume  fraction  of  a2-phase,  the  flow  stress  for  grain 
matrix  deformation  increases.  It  is  considered  that  cavity  initiation  is  more  probable  to  occur 
at  02/7  interface  rather  than  at  7/7  interface. 

1.  INTRODUCTION 

Gamma(7)-TiAl  alloys  are  nowadays  receiving  a  great  attention  for  high  temperature 
structural  materials  because  of  their  high  strength-to-weight  ratio,  high  Young’s  moduli. 
However,  this  alloy  exhibits  brittle  fracture  and  poor  ductility,  which  prevents  so  far 
commercial  applications  of  these  alloys.  Although  many  investigations  have  been  foeused  to 
enhance  the  ductility  and  hot  workability,  there  still  remain  several  vague  points 

Firstly,  what  are  the  predominant  mechanisms  operating  at  high  temperatures?  Among 
several  possible  mechanisms  such  as  grain  matrix  deformation,  dislocation  creep  and  grain 
boundary  sliding,  which  is  most  responsible  for  the  high  temperature  deformation?  Secondly, 
deformation  characteristics  with  the  variation  of  microstructure  are  not  elarified.  It  is  of  great 
worth  to  investigate  the  influence  of  y/a2  volume  fraction  on  high  temperature  deformation  of 
7-TiAl  alloy^^^.  Thirdly,  cavity  initiation  mechanisms  and  preferred  sites  are  not  clearly  known. 

The  above  information  is  important  in  optimizing  the  microstructure  for  best  hot  working 
performance.  To  investigate  the  aforementioned  points,  high  temperature  deformation 
characteristics  of  7-TiAl  alloy  have  been  analyzed  in  view  of  inelastic  deformation  theory  by 
conducting  load  relaxation  tests. 
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2.  INELASTIC  DEFORMATION  THEORY 


A  simple  rheological  model  for  the  grain  matrix  deformation  (a  ),  dislocation  climb 
(p  )  and  grain  boundary  sliding  (g)  is  schematically  shown  in  Fig.  1.  From  the  model,  the 
stress  relation  and  kinematic  relation  among  the  deformation  rate  variables  a  ,  a  ,  P  and  g 
can  be  obtained  as  follows. 

a  =  (T^  +  cr^  (1) 

8  T  =  a  +  d  +  P  +  g  (2) 

The  stress  variables  c/  and  c/"  are  the  internal  stress  due  to  a  long-range  interaction  among 
dislocations  and  the  friction  stress  due  to  short-range  interaction  between  dislocation  and 
lattice,  respectively.  The  constitutive  relation  between  and  a  can  be  expressed  in  a  form 
similar  to  that  by  Hart 

(cr*/c/)  =  exp(dVa)^  (3) 

a*=  /a(cra*/jUay'^xp{Qa'/RT)  (4) 

Like  the  plastic  strain  rate  a  ,  dislocation  creep  strain  rate  P  can  be  formulated  as  follow. 

(op'/a')  =  exp(|3  */|3  f  (5) 

P*  =  /W//y.)"'exp(-Qp'/RT)  (6) 

Considering  GBS  as  a  viscous  drag  process  similar  to  the  frictional  glide  process  of 
dislocations,  the  following  power  law  relations  can  be  described  for  GBS.  A  more  detailed 
description  is  given  in  the  reference 

( g  /  g  o)  =  exp{  a/ Ig- 1  )'''■''*  (7) 

go  =  filg/^gY^cxpiQ^/RT)  (8) 


Fig.l  An  internal  variable  model  for  describing  the  high  temperature  defonuation: 
(a)  rheological  model  and  (b)  topological  model. 


3.  EXPERIMENTAL  PROCEDURES 

Gamma-TiAl  alloy  used  in  this  study  was  supplied  by  U.E.S.  The  alloy  was  skull-melted 
and  isothermally  forged  at  1260°C  with  the  pressure  of  173  MPa  for  4hrs.  The  chemical 
composition  of  this  alloy  is  Ti-46.2  Al-2.0Cr-3.0Nb-0.18W-0.05B-0.12C.  Specimens  were 


heat  treated  at  1280°C  for  3hrs  followed  by  furnace  cooling  to  800°C,  air-cooling  to  room 
temperature  and  final  aging  at  900°C  for  24hrs.  The  resulting  microstructure  was  the  duplex 
microstructure  with  average  grain  size  of  ~12|Lim.  The  volume  fraction  of  ai-phase  is  about 
5%.  In  order  to  vary  the  a2  volume  fraction,  the  specimen  was  heat  treated  at  1200°C  for  3hrs 
followed  by  air-cooling,  by  which  the  volume  fraction  of  a2-phase  was  increased  to  30% 
without  changing  the  average  grain  size. 

Load-relaxation  test  was  carried  out  using  an  Instron  1361  testing  machine  attached  to  a 
three-heating-zone  furnace  capable  of  maintaining  the  temperature  constant  within  +0.5K 
with  respect  to  both  the  time  and  the  position  along  the  gauge  length.  In  this  investigation, 
load  relaxation  tests  were  conducted  in  Ar  atmosphere  at  temperatures  ranging  from  800°C  to 
1020°C.  Microstructures  before  and  after  the  deformation  were  analyzed  and  it  was  confirmed 
that  microstructures  were  not  largely  varied  during  the  load  relaxation  tests. 

4.  RESULTS  AND  DISCUSSION 

4.1.  Flow  curves  obtained  by  load  relaxation  test 

To  determine  the  high  temperature  deformation  mechanisms  of  TiAl  alloys  at  the  given 
small  amount  of  deformation  (8=0.04),  the  flow  curve  data  from  load  relaxation  test  have 
been  fitted  to  the  constitutive  equation  and  the  results  are  shown  in  Fig.2.  The  flow  behavior 
of  GMD  shows  a  good  agreement  with  the  experimental  data  at  800  and  880°C  over  the  entire 
stain  rate  region  (Fig.2(a),  2(b) ).  At  980°C,  experimental  data  points  deviate  with  the  GMD 
curve  at  low  strain  rate  region.  This  is  considered  due  to  the  operation  of  another  high 
temperature  deformation  process  such  as  dislocation  climb^^^.  This  dislocation  climb  process 
is  observed  to  occur  above  900°C  (Fig.2(c)).  All  the  flow  curves  at  various  temperatures  do 
not  reveal  any  concave  shape,  which  is  an  indication  of  operation  of  GBS  Therefore,  it  is 
reasonable  to  assume  that  grain  boundary  sliding  rate(g)  equals  to  zero  in  this  analysis.  The 
combined  curves  of  GMD  and  dislocation  climb  in  Fig.2(c)  have  been  compared  with  the 
experimental  data,  and  a  good  agreement  is  observed. 

Fig.2(d)  shows  the  result  of  load  relaxation  test  (at  980°C)  for  heavily  deformed  (8=0.8) 
specimen.  The  flow  curves  are  very  much  different  from  those  of  lightly  deformed  (8=0.04) 
specimens  since  the  phenomenon  of  grain  boundary  sliding  appears  (concave  upward  portion) 
and  prevails  the  flow  behavior.  Here  the  portion  of  dislocation  climb  creep  is  considered  small. 
Then,  the  flow  behavior  is  dominated  by  the  GMD  and  GBS.  The  combined  curve  of  GMD 
and  GBS  shows  a  good  agreement  with  the  experimental  data  in  Fig.2(d). 


(a)  800 1 
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(c)980t  (8=0.04) 


(d)980t  (8=0.8) 


Fig.2.  Comparison  between  experimental  flow  data  obtained  by  load  relaxation  test 
and  predicted  curves  based  on  the  internal  variable  theory. 


Fig.3  clearly  shows  the  microstructural  change  of  heavily  deformed  specimen.  The  fraction 
of  recrystallized  grains  increases  with  the  increase  of  the  imposed  strain.  Thus,  it  is  thought 
that  grain  boundary  sliding  would  be  enhanced  by  grain  refinement  due  to  dynamic 
recrystallization  and  contributes  noticeably  to  total  deformation  of  TiAl. 


(a)  grip  area 


(b)  fracture  area 


Fig.3  Optical  micrograph  showing  the  microstructural  change  due  to  the  dynamic 
recrystallization  at  a  strain  rate  of  4xlO'Vs. 


4.2  Flow  behavior  with  the  variation  of  ajiy  phase  ratio  at  980°C 

The  flow  curves  of  5%  and  30%  a2  microstructures  at  980°C  are  compared.  The  flow 
curves  of  both  microstructures  can  also  be  split  into  GMD  and  dislocation  climb  curves.  As 
the  volume  fraction  of  a2-phase  increases,  flow  stress  of  GMD  slightly  increases,  and 
however,  that  of  dislocation  climb  creep  decreases  at  a  fixed  strain  rate.  It  is  suggested  that  the 
increase  in  the  flow  stress  for  grain  matrix  deformation  in  30%  ai  microstructure  is  due  to  the 
higher  hardness  of  a2-  phase  as  compared  to  that  of  y  phase^^l  As  such,  it  is  expected  that  total 
elongation  would  be  reduced  with  the  increase  of  a2-phase  volume  fraction,  which  has  been 
manifested  in  this  study  as  shown  in  Fig.4.  This  is  in  contrast  to  the  earlier  investigations 
on  TiAl  alloys  reporting  the  benefit  of  having  the  large  amount  of  ai  phase  to  enhance  the 
mechanical  properties. 
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4.3.  High  temperature  tensile  test 

Tensile  tested  specimens  conducted  at  several  initial  strain  rates  and  temperatures  are 
shown  in  Fig.4.  As  the  temperature  increases  and/or  strain  rate  decreases,  elongation  increases. 
The  largest  elongation  is  obtained  at  1050°C  and  4xl0''^/sec.  Also,  it  is  observed  that  the 
elongation  of  30%  ai  microstructure  is  smaller  than  that  of  5%  a2  microstructure.  The 
microstructures  after  the  tensile  tests  are  analyzed  by  optical  microscopy.  All  specimens 
revealed  that  the  y  grains  were  refined  due  to  the  dynamic  recrystallization  occurred  during 
the  heavy  deformation. 


4.4.  Cavity  initiation  sites 

To  determine  the  cavity  initiation  sites,  tensile  specimens  deformed  by  a  100%  strain  in 
tension  at  980°C  and  strain  rate  of  4xlO'Vsec  were  investigated  by  back-scattered  electron 
image.  The  number  of  cavities  produced  in  a2/y,  y/y  and  a2/a2  boundaries  were  quantitatively 
measured  on  the  fracture  area,  and  the  results  are  listed  in  Table.  1.  Actually,  a  larger  number 
of  cavities  were  observed  at  y/y  boundaries  than  a2/y  boundaries.  However,  the  normalized 
number  of  cavities,  which  was  calculated  by  dividing  the  actual  number  of  cavities  with  phase 
volume  fractions  of  constituent  phases,  showed  the  frequency  of  cavity  initiation  at  a2/y  is  8 
times  higher  than  that  of  y/y.  This  implies  that  a2/y  boundary  is  more  susceptible  for  the  cavity 
initiation  than  y/y  boundary.  This  result  is  well  agreed  with  that  shown  in  Fig.  3,  which  shows 
that  the  total  elongation  is  reduced  with  increasing  a2-volume  fraction.  Cavities  at  a2/a2 
boundary  are  rarely  observed  due  to  the  small  volume  fraction  of  a2  phase  in  this  specimen. 


Constant  temp.  =  980°C  Constant  strain  rate  =  4xiQ  Vs 


undeformed 


5X1 0-3/s  150% 


1X  10-3/s  200% 


4xl0-^/s  290% 

5%  02 

4Xl0-^/S  250% 

30%  O2 


undeformed 


880"c  190% 


980°C  290% 


1050"C  340% 


Fig.4  Superplastically  deformed  specimens  showing  the  effects  of  strain  rate,  temperature 
and  a2  volume  fraction. 
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Table.  1  Measured  and  nonualized  number  of  cavities. 


5.  SUMMARY 

1 .  In  the  early  stage  of  the  deformation,  flow  curves  of  the  fine-grained  TiAl  alloy  are  well 
agreed  with  the  combined  curves  of  grain  matrix  deformation  and  dislocation  climb 
mechanisms.  With  the  increase  of  strain,  dynamic  recrystallization  takes  place  resulting  in  the 
grain  refinement,  and  thereby,  GBS  is  becoming  dominant.  At  the  large  deformation,  flow 
curves  are  well  matched  with  the  combined  curves  of  grain  matrix  deformation  and  grain 
boundary  sliding. 

2.  With  the  increase  of  a2-phase  volume  fraction,  the  flow  stress  for  GMD  at  fixed  strain 
rate  has  been  increased  presumably  due  to  the  high  amount  of  stronger  a2-phase. 
Correspondingly,  the  total  elongation  decreases  with  the  increase  of  a2-phase. 

3.  The  analysis  of  nonnalized  numbers  of  cavities  shows  that  the  frequency  of  cavity 
initiation  at  ai!'^  is  8  times  higher  than  that  of  y/y,  implying  that  the  ajt'i  boundary  is  more 
susceptible  site  for  cavity  initiation  than  the  y/y  boundary. 
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Abstract 

By  investigating  research  tendency  on  gamma  TiAl  alloys,  it  is  understood  that  studies  on 
gamma  TiAl  alloys  are  being  conducted  extensively  and  studies  on  creep,  creep-fatigue  and 
continuous  fatigue  properties  are  very  urgent  for  the  purpose  of  safety  and  performance 
improvement.  In  the  case  of  creep  considerations,  it  is  observed  that  the  rate  controlling 
process  of  creep  deformation  is  a2— >7  phase  transformation  accompanying  dislocation 
generation  at  the  lamellar  interface.  An  intermediate  Ti2Al  phase  has  also  been  observed 
during  the  phase  transformation  with  a  new  atomic  configuration  model  for  a2->Ti2Al^Y 
phase  transformation  process.  In  the  case  of  creep-fatigue  and  continuous  fatigue 
considerations,  it  is  observed  that  fatigue  life  is  drastically  reduced  in  creep-fatigue  test 
compared  with  that  of  continuous  fatigue  test.  This  reduction  of  fatigue  life  under  creep- 
fatigue  is  probably  due  to  phase  transformation  at  the  grain  boundary,  which  induces 
intergranular  cracking. 


1.  Introduction 

Due  to  high  specific  strength  and  good  creep  resistance  at  elevated  temperature,  studies  on 
gamma  TiAl  alloys  have  been  conducted  extensively  since  the  first  measurement  of 
mechanical  properties  for  the  alloys  in  the  early  1950’s  [1-4].  Because  researches  on  the  alloys 
have  been  conducted  extensively  throughout  the  world,  it  is  very  important  to  investigate  the 
research  tendency  on  the  alloys  in  order  to  understand  the  importance  of  the  studies  on  the 
mechanical  properties  such  as  creep,  creep-fatigue  and  continuous  fatigue  properties.  In  the 
present  study,  the  published  papers  on  the  alloys  were  analyzed  in  order  to  investigate  the 
research  tendency. 

The  reports  concerning  to  creep  deformation  of  gamma  TiAl  alloys  have  been  concentrated  on 
the  study  of  deformation  mechanism  through  the  measurement  of  activation  energy  or  stress 
exponent  using  steady  state  creep  rates  [5-8].  However,  considering  the  fact  that  the  size 
tolerance  in  designing  high-temperature  engine  components  is  usually  limited  within  primary 
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creep  strain  region,  it  is  very  valuable  to  investigate  the  primary  creep  deformation 
mechanism.  In  the  present  study,  constant-stress  tensile  creep  tests  were  conducted  in  order  to 
investigate  the  primary  creep  deformation  mechanism. 

Gamma  TiAl  alloys  designed  for  the  engine  components  are  generally  exposed  to  low  cycle 
fatigue  deformation.  Therefore,  it  is  necessary  to  investigate  low  cycle  fatigue  deformation 
mechanism.  However,  studies  on  the  mechanism  were  rarely  investigated  [4].  In  the  present 
study,  total  strain  range  controlled  creep-fatigue  and  continuous  low  cycle  fatigue  tests  were 
conducted  in  order  to  investigate  creep-fatigue  and  continuous  fatigue  deformation 
mechanism. 

2.  Experimental 

In  order  to  investigate  the  research  tendency,  CD-ROM  named  Compendex  Plus,  a  database  of 
published  papers  on  engineering  fields,  was  mainly  used  as  a  source  of  published  reports.  In 
addition,  the  reports  in  KAIST  central -library  were  also  added  to  supplement  the  missed 
papers  in  the  Compendex  Plus.  All  the  published  papers  on  gamma  TiAl  alloys  were  classified 
by  the  published  years,  the  nations  and  the  research  fields  in  order  to  investigate  the  research 
tendency. 

The  testing  material  mainly  used  in  the  present  study,  Ti-46.6Al-1.4Mn-2Mo  (at.%)  alloy,  was 
processed  by  a  hot  extrusion  of  a  blended  elemental  powder  mixture  to  have  an  available  room 
temperature  ductility  [9].  In  order  to  get  lamellar  structure,  which  shows  good  creep  resistance 
and  high  fracture  toughness  compared  with  duplex  structure  [10,11],  the  material  was  heat 
treated  at  the  condition  of  1653K/30min  +  1223K/5hr  in  an  Ar  environment  to  show  typical 
lamellar  structure  with  a  grain  size  of  1 50/im  as  shown  in  Fig.  1 . 

After  the  heat  treatment,  creep  and  fatigue  specimens  were  machined  to  have  a  gauge  diameter 
of  3.2  and  3 nun  with  a  gauge  length  of  15  and  5 mm,  respectively.  Using  the  creep  specimens, 
constant-stress  tensile  creep  tests  were  conducted  in  an  air  environment  over  the  testing 
temperature  range  from  1048  to  1173K  under  constant-stress  ranging  from  150  to  250MPa. 
Additionally,  using  the  fatigue  specimens,  total  strain  range  controlled  creep-fatigue  and 
continuous  low  cycle  fatigue  tests  (R=“l,  strain  rate-4xl0'^/sec)  were  conducted  at  1073K  in 
an  air  environment.  For  creep-fatigue  tests,  tensile  hold  times  of  5,  10  and  30min,  respectively, 
were  applied  at  the  tensile  peak  strain.  The  number  of  cycles  to  failure,  Ncr,  was  defined  as  the 
number  of  cycles  leading  to  a  20%  reduction  of  the  saturated  tensile  peak  load. 

3.  Results  and  Discussions 

3.1.  Research  Tendency  of  Gamma  TiAl  Alloys 

As  of  December,  2000,  the  total  number  of  published  papers  for  whole  gamma  TiAl  alloys  is 
3095  and  the  papers  were  classified  by  the  published  years  as  shown  in  Fig.  2,  It  is  observed 
that  the  numbers  of  the  papers  for  whole  TiAl  alloys,  for  creep  properties  of  TiAl  alloys  and 
for  fatigue  properties  of  TiAl  alloys,  respectively,  increase  since  1990  and  extensive  studies  on 
the  alloys  are  being  conducted  throughout  the  world.  Through  the  classification  of  the  reports 
by  the  nations  as  shown  in  Table  1 ,  it  is  obtained  that  most  researches  have  been  conducted  in 
U.S.A.  and  Japan.  Table  2  shows  the  result  of  classification  of  the  reports  by  the  research 
fields.  It  is  observed  that  most  researches  have  been  concentrated  on  mechanical  properties  as 
shown  in  Table  2-1.  Concerning  only  mechanical  properties,  it  is  observed  that  tensile 
properties  have  been  mainly  investigated  as  shown  in  Table  2-2.  These  results  clearly  indicate 
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that  studies  on  the  mechanical  properties  are  very  important  because  the  alloys  were 
developed  to  be  used  for  high-temperature  engine  components.  Therefore,  it  can  be  inferred 
that  the  studies  on  creep  and  creep-fatigue  and  continuous  fatigue  deformation  mechanisms 
are  very  urgent  for  the  practical  application  of  the  alloys. 

3.2.  Primary  Creep  Deformation  Mechanism 

Fig.  3  [12]  shows  the  relationship  between  creep  rate  and  creep  strain  under  the  various  creep 
test  conditions.  It  is  observed  that  creep  rate  in  primary  region  decreases  with  creep  strain, 
which  implies  that  lamellar  TiAl  alloy  shows  the  normal  primary  creep  behavior  [12,13].  It  is 
also  observed  that  steady  state  begins  at  the  creep  strain  of  1.7 ±0.2%,  regardless  of  test 
conditions.  This  indicates  that  the  alloy  can  be  regarded  as  “well-behaved  material”.  It  is  well 
known  that  well-behaved  materials  have  an  identical  substructure  at  any  given  creep  strain  in 
primary  region  even  under  different  creep  test  conditions.  Therefore,  creep  activation  energy 
can  be  measured  using  the  iso-strain  concept.  As  shown  in  Fig.  4  [14],  it  is  observed  that 
apparent  activation  energy,  Qa,  increases  with  normalized  creep  strain  and  is  saturated  to  the 
value  ranging  from  380~390kJ/mol  at  the  beginning  of  steady  state.  It  is  also  observed  that 
the  saturated  value  range  is  much  higher  than  apparent  activation  energy  for  self-diffiision, 
300kJ/mol,  This  result  clearly  indicates  that  creep  deformation  is  controlled  by  a  different 
mechanism  from  diffusion  mechanism  [12-14]. 

In  order  to  investigate  primary  creep  deformation  mechanism  in  viewpoint  of  microstructure, 
TEM  microstructures  after  creep  tests  were  observed  as  shown  in  Fig.  5  [15]  and  Fig.  6  [16]. 
Interfacial  dislocation  emission  from  a2/y  lamellar  interface  accompanying  ai  phase 
dissolution  is  confirmed  and  the  dislocations  in  y  lath  were  considered  to  be  emitted  to  y  lath 
as  shown  in  Fig,  5.  Fig.  6  indicates  that  dislocations  are  generated  at  the  aily  lamellar 
interface  by  bowing  process  and  the  both  sides  of  the  bowed  dislocations  are  single  y  phase. 
Therefore,  it  can  be  confirmed  that  the  dislocation  generation  process  accompanying  ai  phase 
dissolution  is  the  main  source  of  dislocations  and  a2->y  phase  transformation  accompanying 
dislocation  generation  becomes  the  creep  rate  controlling  process.  This  is  strongly  supported 
by  the  higher  values  of  the  measured  creep  deformation  activation  energies  than  that  of  self¬ 
diffusion  [12-18]. 

It  has  been  currently  reported  that,  after  0.05%  creep  deformation,  Ti2Al  phase  is  newly 
observed  during  the  phase  transformation  as  shown  in  Fig.  7  and  has  been  nucleated  from  the 
interaction  between  gliding  dislocation  and  lamellar  interface  ledge  [19].  In  addition,  an 
atomic  configuration  model  for  a2^Ti2Al-^y  phase  transformation  process  has  been  newly 
proposed  [19]. 

3.3.  Greep-Fatigue  and  Continuous  Fatigue  Deformation  Mechanism 

Fig.  8  shows  a  Coffin-Manson  plot  taken  from  hysteresis  loops  corresponding  to  the  half  of 
fatigue  life  (Ncr/2)  under  the  various  low  cycle  fatigue  test  conditions.  The  plot  indicates  that 
fatigue  life  is  drastically  reduced  in  creep-fatigue  test  compared  with  that  of  continuous 
fatigue  test.  This  reduction  of  fatigue  life  in  creep-fatigue  test  is  generally  understood  to  be 
due  to  the  creep  damage  during  tensile  hold  time.  Therefore,  it  can  be  seen  that  the  creep- 
fatigue  properties  can  be  improved  by  inhibiting  creep  damage  of  lamellar  TiAl  alloy.  Because 
the  creep  deformation  of  lamellar  TiAl  alloy  leads  to  microstructral  phase  change  [12-18],  it  is 
necessary  to  investigate  the  creep  damage  under  creep-fatigue  deformation  in  terms  of 
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microstructural  change. 

As  shown  in  Fig.  9,  intergranular  cracking  mode  is  predominant  under  creep-fatigue 
deformation,  while  transgranular  mode  is  predominant  under  continuous  fatigue  deformation. 
This  insists  that  the  introduction  of  creep  damage  during  tensile  hold  time  weakens  a  grain 
boundary  rather  than  a  matrix.  In  order  to  investigate  the  reason  for  the  grain  boundary 
weakness  induced  by  the  creep  damage,  grain  boundary  morphologies  after  low  cycle  fatigue 
tests  were  observed  as  shown  in  Fig.  10.  Compared  with  the  result  of  continuous  fatigue,  huge 
y  phase  is  newly  observed  along  the  grain  boundary  where  a2  phase  has  previously  existed 
under  30min  tensile  hold.  Therefore,  it  can  be  inferred  that  the  generation  of  y  phase  at  the 
grain  boundary  is  assisted  by  the  creep  damage  and  is  proceeded  by  a2^y  phase 
transfonuation  at  the  grain  boundary.  Newly  transformed  y  phase  at  the  grain  boundary  can  be 
proposed  to  be  responsible  for  grain  boundary  weakness  due  to  the  concentration  of  plastic 
deformation.  Therefore,  it  can  be  suggested  that  intergranular  cracking  mode  under  creep- 
fatigue  deformation  is  induced  by  a2-^y  phase  transformation  at  the  grain  boundary.  In  order 
to  support  the  suggestion  that  the  creep-fatigue  fracture  behavior  is  controlled  by  a2-^y  phase 
transformation  at  the  grain  boundary,  the  effect  of  transformed  y  phase  on  intergranular 
cracking  must  be  investigated.  Therefore,  the  compositional  analysis  was  conducted  to 
investigate  the  phases  existing  near  fatigue  cracks  as  shown  in  Fig.  11.  Under  continuous 
fatigue  where  transgranular  and  intergranular  cracks  co-exist,  a  great  deal  of  differences  are 
observed  between  compositional  ratios,  at.%Al/(at.%Ti+at.%Al),  near  intergranular  cracks 
and  those  of  transgranular  cracks.  It  is  found  that  the  ratios  near  intergranular  cracks  arc  in 
those  of  y  region,  while  the  ratios  near  transgranular  cracks  are  in  those  of  (a2  +  y)  region. 
Under  30min  tensile  hold  where  only  intergranular  cracks  exist,  the  ratios  near  the  fatigue 
cracks  are  observed  to  be  in  those  of  y  region.  These  results  evidently  indicate  the  existence  of 
only  y  phase  near  intergranular  crack  and  the  existence  of  two  phases  such  as  a2  and  y  near 
traiisgranular  crack.  This  implies  that  intergranular  crack  propagates  along  y  phase  at  the  grain 
boundary,  while  transgranular  crack  propagates  along  lamellar  plate  composed  of  a2  and  y 
phase  in  the  matrix.  Therefore,  it  can  be  inferred  that  grain  boundary  weakness  and 
intergranular  cracking  under  creep-fatigue  defonuation  are  induced  by  phase-transformed  y 
phase  at  the  grain  boundary.  This  confinns  that  creep-fatigue  deformation  mechanism  is 
controlled  by  a2~>y  phase  transformation  at  the  grain  boundary. 

4.  Summary 

1)  Research  tendency  on  gamma  TiAl  alloys  indicates  that  studies  on  gamma  TiAl  alloys, 
especially  on  creep,  creep-fatigue  and  continuous  fatigue  deformation  mechanisms,  arc  very 
urgent  for  the  purpose  of  safety  and  performance  improvement. 

2)  In  the  case  of  creep  considerations,  the  rate  controlling  process  of  creep  deformation  is 
observed  to  be  a2^y  phase  transformation  accompanying  dislocation  generation  at  the 
lamellar  interface.  An  intermediate  Ti2Al  phase  is  also  observed  during  the  phase 
transformation  with  a  new  atomic  configuration  model  for  a2->Ti2Al^y  phase  transformation 
process. 

3)  In  the  case  of  low  cycle  fatigue  considerations,  it  is  observed  that  fatigue  life  is  drastically 
reduced  in  creep-fatigue  test  compared  with  that  of  continuous  fatigue  test.  This  reduction  of 
fatigue  life  is  probably  due  to  a2^y  phase  transfonuation  at  the  grain  boundary,  which 
induces  intergranular  cracking. 
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o  Papers  pub(i5lT«)  for  TiAl  alloys 
•  Papers  puHisfietl  lor  orecp-fatigue  and  laligoc 


Year  (As  of  Decentiw.  2000) 


Fig.  1 .  Microstructurc.  (OM)  Fig,  2.  Number  of  the  published  papers  for  whole  TiAl 

alloys,  for  creep  and  for  creep-fatigue  and  fatigue  of 
TiAl  alloys  in  each  year.  (As  of  December,  2000) 


Table  1.  Classification  of  the  published  reports  by  the  nations.  (As  of  December,  2000) 


Nations 

No.  of  Publications 

% 

US,A, 

1248 

403 

Japan 

796 

25 J 

Germany 

232 

7.5 

China 

203 

6.6 

U.K. 

115 

3.7 

Korea 

106 

3.4 

Others 

395 

12.8 

Total 

3095 

100 

Table  2-1.  Classification  of  tl 

ie  published  reports  by  the  research  fields.  (As  of  Dec.,  2000) 

Fields 

No.  of  Publications 

% 

Mechanical  Property 

1628 

526 

Alloying  effect 

450 

14.5 

Microstructure 

404 

13.1 

Manufacturing  process 

216 

7.0 

Environment  effect 

195 

6.3 

Others 

202 

6.5 

Total 

3095 

100 

Table  2-2.  Classification  of  the  published  reports  concerning  mechanical  properties  by  testing 


methods.  (As  of  December,  2000) 


Fields 

No.  of  Publications 

% 

Tensile  test 

621 

383 

Creep  test 

249 

15.3 

Toughness  test 

230 

14.1 

Creep-fatigue  and  fatigue  test 

185 

11.4 

Compressive  test 

109 

6.7 

Others 

234 

14.4 

Total 

1628 

100 
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Fig.  3.  Creep  deformation  rates  under  Fig.  4.  Relationship  between  apparent  activation 

the  various  creep  test  conditions  [12].  energy  and  normalized  creep  strain  [14]. 


Fig.  5.  Microstructure  after  0.05%  creep  deformation  [15]. 


Fig.  6.  Microstructure  after  0.2%  creep  deformation  [16].  (a)  Dislocations  are  considered  to  be 
generated  at  ailj  lamellar  interface,  (b)  Diffraction  pattern  of  single  y  phase. 


9 ,  ■  ;  Y  phase 


♦  ;  az  phase 
A  ;  newly  observed  phase 


Fig.  7.  Microstructure  after  0.05%  creep  deformation  [19]. 


767 


Number  of  Cycles  to  Failure  (N„,  Cycles) 


Fig.  8.  Coffm-Manson  plot.  Fig.  9.  Fatigue  fracture  surfaces,  (a)  A8t=+0.5%,  cont., 

(b)  Act=±0.7%,  cont.,  (c)  A8t=±0.7%,  30min  tensile  hold. 


Fig.  10.  G.B.  morphologies  (N=Ncr)  (a)  A8t=±0.7%,  cont.,  (b)  A8t=±0.7%,  30min  tensile  hold. 


Fig.  11.  AES  (auger  electron  spectroscope)  analysis  results.  (N=Ncr,  A8t=±0.7%) 
(a)  fatigue  fracture  surface  (cont.),  (b)  AES  result  of  (a), 

(c)  fatigue  fracture  surface  (30min  tensile  hold),  (d)  AES  result  of  (c). 
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Abstract 

It  is  well  known  that  TiAl  alloy  with  a  fully  lamellar  structure  shows  the  highest  creep 
resistance.  In  the  fully  lamellar  structure,  there  exist  abundant  lamellar  interfaces  and  the 
microstructure  has  an  important  role  on  the  creep  resistance.  Recently,  some  efforts  to 
improve  the  creep  resistance  of  lamellar  TiAl  alloy  have  been  reported.  With  decreasing 
lamellar  spacing  and  an  interstitial  alloying  (carbon  addition)  effect,  the  creep  resistance  of 
lamellar  TiAl  would  be  improved.  However,  the  microstructure  can  be  changed  by  carbon 
addition.  The  primary  alloy  has  a  composition  of  Ti-46,6Al-l,4Mn-2Mo  (at.%),  which  was 
made  by  EPM  method.  Primary  test  alloys  have  three  different  lamellar  spacing  with  different 
cooling  process  and  three  different  amounts  of  carbon  were  added  to  the  normal  alloy  (0.1 5j 
0.3  and  0.6  at.%).  To  compare  with  creep  resistance,  constant  tensile  stress  creep  tests  were 

conducted  at  the  condition  of  800/850/900  “C/lSOMPa.  In  this  investigation,  the  effective 

method  to  improve  the  creep  resistance  of  lamellar  TiAl  will  be  discussed  with  different 
lamellar  spacing  and  carbon  contents. 


1.  Introduction 

It  is  well  known  that  TiAl  alloy  with  a  fully  lamellar  structure  shows  the  highest  creep 
resistance  [1].  In  the  fully  lamellar  structure,  there  exist  abundant  lamellar  interfaces.  The 
lamellar  spacing  has  an  important  effect  on  the  creep  behavior  of  TiAl  alloy  [2].  The 
relationship  between  lamellar  microstructure  and  mechanical  properties  has  been  reported 
[3,4].  Recently,  the  improvement  of  creep  resistance  was  reported  with  decreasing  lamellar 
spacing  [5]  and  the  effect  of  interstitial  atoms  (carbon  and  nitrogen)  [6-8].  In  this  investigation, 
the  creep  behavior  of  TiAl  alloy  which  has  different  lamellar  spacing  and  carbon  composition 
will  be  compared  and  the  effective  method  to  improve  creep  resistance  will  be  discussed. 
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2.  Experimental  details. 

The  primary  alloy  used  for  this  study  has  a  nominal  composition  of  Ti-46.6Al-1.4Mn-2Mo 
(at.%).  This  alloy  was  prepared  by  EPM  method.  This  alloy  was  heat  treated  to  have  a 

lamellar  structure  with  the  schedule  of  1380°C/30min/  cooling  +  950"C/5hr/  cooling  with 

different  cooling  methods.  A  lamellar  colony  size  is  fixed  in  homogenization  condition  and 
the  lamellar  spacing  is  changed  with  cooling  method.  The  characteristics  of  each  sample  are 
listed  in  table  1.  Constant  tensile  stress  creep  tests  were  conducted  at  the  conditions  of 

800/850/900 °C/150MPa.  An  optical  microscope  and  a  TEM  of  Philips  CM-20  were  used  to 

observe  the  microstructure. 


Table  1.  The  characteristics  of  each  prepared  fully  lamellar  TiAl  alloy. 


Alloy 

Composition  (at.%) 

Cooling  method 

Base  alloy 

Ti-46.6Al-1.4Mn-2Mo  (Base) 

Air  cooling 

Fine  lamellar 

Base 

Compressed  air  blow 

Low-carbon 

Base  +  0.15C 

Air  cooling 

Intermediate-carbon 

Base  +  0.3C 

Air  cooling 

High-carbon 

Base  +  0.6C 

Air  cooling 

3.  Results  and  discussion 

The  microstructures  of  test  samples  are  shown  in  figure  1  and  2  with  different  cooling  rate 
and  carbon  contents,  respectively.  It  can  be  easily  seen  that  the  lamellar  colony  size  is  not 
changed  in  all  cases,  however  the  lamellar  spacing  is  decreased  with  different  cooling  process 

and  carbon  contents.  The  measured  lamellar  colony  size  is  around  90  ~  1 1 0  im  and  the 

lamellar  spacing  in  each  condition  is  shown  in  figure  3. 

Figure  4  exhibits  creep  test  results  with  various  test  conditions.  Figure  5  and  Table  2  shows 
creep  resistance  of  each  test  sample.  It  is  clear  that  the  creep  resistance  of  fully  lamellar  TiAl 
alloy  is  improved  by  decreasing  lamellar  interface  and  carbon  addition.  The  most  creep 
resistant  alloy  among  test  samples  is  the  compressed  air  blown  alloy  that  has  the  finest 
lamellar  interfacing  as  shown  in  Fig.  3  and  5.  The  reduction  of  lamellar  interfacing  is 
occurred  by  carbon  addition,  too.  Therefore  test  alloys  would  be  made  a  list  in  the  ascending 
creep  resistance  by  the  lamellar  spacing.  From  the  figure  3,  the  apparent  creep  activation 
energy  is  easily  calculated.  The  calculated  creep  activation  energy  is  from  370  to  390kJ/mol. 
That  means  all  tested  alloy  do  not  have  different  creep  deformation  mechanism  but  have  same 
creep  deformation  mechanism  that  is  phase  transformation  controlling  deformation  process 
[9-11].  Considering  the  creep  deformation  mechanism  of  lamellar  TiAl  [9-11],  the 
improvement  of  creep  resistance  with  decreasing  lamellar  spacing  may  be  easily  understood. 
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Table  2.  Time  to  constant  creep  strain  in  each  condition  (hr) 


Base  alloy 

Low  carbon 

Intermediate 

High  carbon 

Fine  lamellar 

800  ”C 
/ISOMPa 

To  0.5% 

1.7 

3.59 

6.78 

11.52 

10.58 

To  1% 

23.89 

52.80 

77.83 

93.94 

To  1.5% 

13.41 

77.10 

114.15 

176.87 

209.87 

To  0.5% 

1.38 

2.68 

3.19 

4.01 

7.513 

850  °C 
/150MPa 

To  1% 

5.41 

11.29 

22.87 

26.99 

To  1.5% 

13,36 

28.79 

55.85 

66.32 

83.27 

900  °C 
/150MPa 

To  0.5% 

0.07 

0.12 

0.26 

0.39 

0.59 

To  1% 

0.33 

1.24 

2,311 

3.06 

4.44 

To  1.5% 

1.23 

3.96 

5.92 

7.93 

11.10 

According  to  the  creep  deformation  mechanism,  initial  dislocations  are  disappeared  at  the 
lamellar  interface  in  initial  primary  creep  stage  and  new  moving  dislocations  are  generated  by 
a2“^y  phase  transformation  at  the  lamellar  interface  in  order  to  continue  creep  deformation. 
However,  higher  interface  density  in  fine  lamellar  TiAl  alloy  may  accelerate  the 
disappearance  of  dislocation  and  restrict  the  dislocations  movement  by  the  narrow  y  width. 
Additionally,  densely  interfacial  boundaries  may  block  the  emission  of  dislocation  that  is 
necessary  for  continuous  creep  deformation  because  the  shear  stress  for  the  emission  of 
dislocations  at  the  lamellar  interface  is  increased  with  decreasing  lamellar  interface  [12].  On 
that  account,  a  fine  lamellar  spacing  can  hinder  the  movement  of  dislocation  that  is  necessary 
for  creep  deformation.  Therefore,  the  creep  resistance  can  be  improved  by  decreasing  the 
lamellar  spacing. 

As  seen  in  figure  4  and  figure  5,  the  creep  resistance  of  lamellar  TiAl  alloy  is  also  increased 
by  carbon  addition.  The  effects  of  carbon  on  the  creep  resistance  of  TiAl  intermetallics  were 
reported  in  terms  of  the  precipitation  strengthening  [13]  or  solute/dislocation  interaction 
[14,15].  Anyway,  the  efficiency  of  carbon  addition  for  the  improvement  of  creep  resistance  is 
lower  than  fast  cooling  method  in  lamellar  TiAl.  As  seen  in  figure  4,  the  creep  resistance  of 
fast  cooled  alloy  is  better  than  that  of  0.6  at%  carbon  added  alloy.  In  this  study,  it  is  not 
clearly  investigated  that  the  precipitation  effect  and  the  influence  of  solute/dislocation 
interaction  by  carbon  on  the  creep  behavior.  However,  when  the  tendency  of  lamellar  spacing 
in  different  carbon  added  alloys  is  compared  with  another  alloys,  the  major  effect  of  carbon 
addition  on  the  improvement  of  creep  resistance  in  lamellar  TiAl  may  be  the  reduction  of 
lamellar  spacing.  Fig.  5  shows  the  relationship  among  the  creep  resistance,  carbon  content  and 
lamellar  spacing. 


4.  Summary  and  conclusion 

The  creep  resistance  of  different  carbon  added  alloy  has  been  compared  with  fast-cooled  alloy 
at  the  viewpoint  of  lamellar  spacing.  The  most  creep-resistant  alloy  among  test  samples  is  fast 
cooled  alloy  that  has  a  most  narrow  lamellar  spacing.  From  the  results,  more  effective  method 
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on  the  improvement  of  creep  resistance  is  controlling  the  lamellar  spacing  with  different  heat 
treatment  schedule  than  carbon  addition  (under  0.6at.%).  Therefore,  the  optimized  heat 
treatment  schedule  would  be  more  effective  way  than  carbon  addition  in  the  alloy  design  of 
lamellar  TiAl  alloy. 
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Fig.  3.  The  comparison  of  a  lamellar  spacing  for  each  test  condition. 


Fig.  4.  The  creep  behaviors  of  lamellar  TiAl  alloy  with  different  carbon  addition  and  different 
cooling  rate. 


Fig.  5.  Time  to  constant  creep  strain  for  each  creep  test  condition 


774 


EFFECT  OF  LAMELLAR  SPACING  ON  THE  FATIGUE 
CRACK  PROPAGATION  RESISTANCE  OF  FULLY 
LAMELLAR  y-TiAl  ALLOY 


Hyun  Jin  Kim  and  Chong  Soo  Lee 

Center  for  Advanced  Aerospace  Materials 
Department  of  Materials  Science  and  Engineering 
Pohang  University  of  Science  and  Technology 
San  31,  Hyoja-dong,  Pohang  790-784,  KOREA 


ABSTRACT 

The  fatigue  crack  propagation  resistance  of  Ti-46.2Al-2Cr-3Nb  alloy  associated  with  the 
variation  of  lamellar  spacing  (0.7pm  and  O.lpm)  was  examined  at  ambient  (25°C)  and  high 
(600°C,800°C)  temperatures.  Particular  interest  was  given  to  understand  the  role  of  lamellar 
interface  on  the  fatigue  crack  growth  resistance  with  the  variation  of  temperature.  The  fine 
lamellar  structure  showed  superior  fatigue  resistance  as  compared  to  the  coarse  lamellar 
structure  not  only  at  room  temperature  (25°C)  but  also  at  high  temperature  (800°C).  It  was 
mainly  attributed  to  the  excellent  intrinsic  fatigue  resistance  of  the  microstructure  as  well  as 
the  higher  extrinsic  closure  effect. 

However,  in  the  case  of  600°C,  fatigue  resistance  of  fine  lamellar  structure  was 
significantly  decreased  to  the  level  of  coarse  lamellar  structure.  Embrittlement  of  lamellar 
interface  by  the  adsorption  of  hydrogen  and/or  oxygen  at  600°C  was  considered  to  be 
responsible  for  the  deterioration  of  fatigue  resistance  of  fine  lamellar  microstructure,  and 
however,  the  effect  was  not  marked  at  800°C  due  to  the  formation  of  thick  oxide  layer  at  the 
surface,  hindering  the  adsorption  of  hydrogen. 


1.  INTRODUCTION 

Previous  studies  [1-6]  on  FCP  of  y-TiAl  alloys  have  shown  that  the  lamellar  microstructure 
exhibits  superior  fracture  toughness  and  fatigue  crack  growth  resistance  as  compared  to  the 
duplex  and  near  y  microstructures.  The  higher  crack  growth  resistance  of  the  lamellar 
structure  can  be  attributed  to  the  anisotropic  nature  of  the  microstructure  itself  and  it  is 
generally  believed  that  the  crack  growth  resistance  of  the  lamellar  microstructure  is  mainly 
governed  by  two  microstructural  factors  such  as  colony  size  and  lamellar  spacing.  However, 
until  now,  there  has  been  very  limited  information  as  to  the  independent  role  of  lamellar 
spacing  on  the  fatigue  crack  propagation  resistance.  Therefore,  the  objectives  of  the  present 
study  are  to  investigate  the  effects  of  lamellar  spacing  on  FCP  properties  and  to  understand 
better  the  FCP  mechanism.  Since  these  alloys  are  mainly  intended  for  elevated  temperature 
use  up  to  about  800°C,  there  is  obvious  concern  whether  the  lamellar  spacing  effects  on  FCP 
are  kept  at  high  temperature. 
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2.  EXPERIMENTAL  PROCEDURES 


The  material  used  in  the  present  study  was  Ti-46.2Al‘2Cr-3Nb-0.2W“0.16B-0.12C-0.1 80 
(at.%)  alloy  and  supplied  by  Universal  Energy  System.  By  applying  different  heat  treatment, 
microstructures  with  different  lamellar  spacing  but  with  constant  colony  size  were  produced. 
Their  heat  treatment  conditions  and  microstructures  are  listed  in  Table  1 . 


Table  1.  Heat  treatment  conditions  and  microstructural  parameters  for  two  microstructures 
of  fully  lamellar  y  -TiAl  alloys 


Microstructures 

Heat  Trearment  Conditions 

CS(|Lim) 

LS(pm) 

c 

n 

Coarse 

Lamellar  Width 

1 340^C/50min./CC/ 1 000°C/AC 

-^250 

-0.7 

4. 10x1  O'-" 

12.07 

Fine 

Lamellar  Width 

1340°C/60min./AC 

-250 

-0.1 

1.66x10'* 

9.22 

The  as-received  alloy  was  cast  and  isothcrmally  forged  materials  at  1 150°C  with  a  pancake 
shape  which  has  12mm  thickness.  The  alloy  has  boride  particles  in  the  microstructure,  which 
can  prevent  effectively  the  colony  coarsening  during  the  cooling.  Microstructures  obtained 
after  two  different  heat  treatments  are  presented  in  Fig.  I . 


Fig.  1.  Optical  and  TEM  micrographs  of  coarse(a,c)  and  fmc(b,d)  lamellar  microstructures  : 
(a),(b)  optical  micrographs,  (c),(d)  TEM  micrographs. 

Fatigue  crack  growth  tests  were  conducted  at  25°C  (room  temperature),  600°C  and  800°C 
in  an  ambient  environment  using  compact  tension  (CT)  specimens  (31,15mm  x  30mm  x 
5mm).  Prior  to  the  craek  growth  tests,  precracks  were  produced  to  l-2mm  by  load  shedding 
procedures  (K-decrcasing)  in  accordance  with  ASTM  E647-86a.  The  microstructures  and 
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crack  profiles  were  examined  by  optical  and  scanning  electron  micrography  (SEM)  for  each 
samples,  and  the  lamellar  spacing  was  investigated  by  transmission  electron  microscopy 
(TEM). 

3.  RESULTS  AND  DISCUSSIONS 
3.1  Effect  of  lamellar  spacing 

Fig.  2  shows  the  variation  of  fatigue  crack  growth  rates,  the  normalized  crack  closure  levels 
and  intrinsic  fatigue  crack  growth  rates  for  the  fully  lamellar  microstructures  with  different 
lamellar  spacing  (0.1  pm  and  0.7pm).  The  crack  growth  rate  of  the  coarse  lamellar  spacing  is 
much  higher  than  that  of  the  fine  lamellar  spacing  while  the  near  threshold  stress  intensity 
ranges  of  both  microstructures  converge  together  within  a  narrow  range  of  7.8  to  8.5  MPaVm. 
But,  the  constants  of  the  Paris  equation,  da/dN=C(AK)”,  for  these  two  microstructures  are 
largely  different. 


1 

- > - - - - - - - - - - 1 - 

IE-4-r 

1E-5-! 

10Hz.  Air.  RT 
LametlBr  Spacing  Effects 

1  *  Coarse  lamellar  (0.7)  | 

1E-5^ 

1  ^  Coarse  lamellar  (Q  7)  I 

da/cln(nrVcyde) 

ip  ^  fp 

<0  ®  C) 

0.4- 

J  0.3- 

i 

0.2- 

*  • 

• 

A*  h 

■V  * 

da/dn(mfcyde) 

<b  ^9  Aj 

A 

AA  . 

A 

1 

^^A  . 

• 

IE  10 

•  Fin«lameilar{C1.1)  1 
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IE-11  - 
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Fig.  2.  Fatigue  crack  growth  rates  and  normalized  crack  closure  levels  of  two 
microstructures  with  different  interlamellar  spacings 

Coarse  lamellar  microstructure  shows  n  value  of  about  12,  while  fine  lamellar 
microstmcture  shows  n  value  of  9.  Kim  [10]  has  shown*  that,  in  his  previous  fracture  tests, 
lamellar  spacing  is  more  significant  micro  structural  variable  than  colony  size  for  over  the 
100pm  colony  size  range  in  the  fully  lamellar  microstructure.  Also,  in  our  previous  study 
[11-12],  fatigue  crack  growth  rates  are  almost  same  in  two  different  micro  structures  which 
have  similar  lamellar  spacing  and  different  colony  size.  From  the  above  results,  it  can  be 
concluded  that  lamellar  spacing  is  more  dominant  variable  for  controlling  the  fatigue  crack 
growth  rates  than  the  colony  size. 

Crack  propagation  paths  observed  on  the  surface  of  specimens  are  shown  in  Fig.  3.  As  seen 
in  this  figure,  several  microcracks,  crack  deflections,  lamellar  interface  delaminations  and 
shear  ligarments  are  observed  in  fine  lamellar  microstructure.  On  the  other  hand,  coarse 
lamellar  microstmcture  has  lesser  degree  of  crack  deflection  showing  relatively  flat  crack 
paths. 


777 


Fig.  3.  Translamellar  slip  bands  and/or  lamellar  interface  sliding  phenomenon  (a)  in  the  fine 
lamellar  spacing  and  (b)  in  the  coarse  lamellar  spacing  microstructures.  Horizontal 
arrowsindicates  the  crack-growth  direction. 

3.2  Effect  of  temperature 

Fig.  4  shows  the  effect  of  temperature  on  the  fatigue  crack  growth  behavior  of  two 
microstructures  with  different  lamellar  spacing.  With  increasing  temperature,  coarse  lamellar 
spacing  microstructure  has  shown  gradual  decrease  of  fatigue  crack  propagation  resistance. 
However,  fine  lamellar  spacing  microstructure  has  shown  significant  decrease  of  near 
threshold  stress  intensity  factor  range  (AKncar  threshold)  at  600°C.  In  the  cases  of  room 
temperature  and  800°C,  near  threshold  stress  intensity  levels  converge  to  almost  same  levels, 
though  crack  propagation  rate  at  800°C  is  a  little  higher  than  that  at  room  temperature.  It  is 
worthwhile  to  consider  why  the  crack  growth  resistance  at  600°C  is  inferior  as  compared  also 
been  reported  at  temperature  range  of  600  -  650°C.  Our  results  on  fatigue  crack  growth 
resistance  with  the  variation  of  temperature  also  manifest  the  occurrence  of  the  anomalous 
behavior. 

It  is  thought  that  the  anomalous  behavior  of  fatigue  crack  growth  resistance  comes  from 
two  factors.  One  is  the  change  of  mechanical  (tensile)  properties  with  the  temperature  and  the 
other  is  the  environmental  embrittlement  effect.  Tensile  test  results  as  shown  in  Fig.  5 
represent  that  yield  strength  decreases  gradually  with  increasing  temperature  both  in  the 
coarse  and  fine  lamellar  specimens. 
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Fig.  4.  Fatigue  crack  growth  rates  with  the  variation  of  temperature  (a)  coarse  lamellar 
spacing  and  (b)  fine  lamellar  spacing. 

Considering  the  fact  that  fatigue  crack  growth  rates  are  proportional  to  the  plastic  zone 
size  near  the  crack  tip,  which  is  subsequently  inversely  proportional  to  the  yield  stress,  it  is 
not  surprising  to  observe  lower  fatigue  crack  growth  resistance  at  higher  temperature.  Also, 
the  environmental  embrittling  effect  would  be  accelerated  with  increasing  temperature. 


Fig.  5.  Effects  of  interlamellar  spacing  and  test  temperature  on  the  tensile  properties  (a)  coarse 
lamellar  spacing  (b)  fine  lamellar  spacing. 


Then,  the  question  arises  as  to  the  higher  FCG  resistance  at  800°C  observed  only  in  the  fine 
lamellar  microstructure s^  The  existence  of  ductile  to  brittle  transition  temperature  (DBTT) 
observed  at  temperature  range  of  600  -700 °C  in  y  alloy  would  be  one  reason  for  the 
phenomenon.  At  a  temperature  of  800°C  just  above  the  DBTT,  the  material  would  reveal  high 
ductility  (inducing  high  toughness),  in  spite  of  its  lower  yield  stress,  resulting  in  the  high 
resistance  for  fatigue  crack  propagation  in  the  near  threshold  region.  Another  reason  for  the 
higher  FCG  resistance  at  800°C  may  come  from  thick  oxide  layer  formed  on  the  crack  surface 
during  the  cyclic  loading  (Fig.  6),  which  might  have  beneficial  roles  in  the  fatigue  resistance. 
The  AKnear  threshold  Can  be  largely  increased  by  the  large  amount  of  oxide  induced  crack  closure. 
Also,  hydrogen  embrittlement,  which  is  more  pronounced  in  the  fine  lamellar  microstructure, 
would  be  effectively  inhibited  by  the  formation  of  thick  oxide  layers. 


779 


ductility  (%) 


Fig.  6,  SEM  micrographs  showing  different  oxide  layer(Al203)  thickness  (a)  600 °C  (b) 
800  °C 


4.  CONCLUSION 

Fine  lamellar  microstructure  represents  superior  fatigue  crack  growth  resistance  as 
compared  to  the  coarse  lamellar  spacing  microstructure  at  all  temperature  ranges,  whieh  is 
mainly  attributed  to  the  higher  intrinsic  nature  of  the  microstructure  as  well  as  to  the  higher 
extrinsic  closure  effeets.  Particularly,  fine  lamellar  microstructure  showed  lowest  AKoi  due  to 
marked  environmental  embrittlement  at  600  °C.  On  the  while  at  800°C,  thick  AI2O3  oxide 
layer,  which  effectively  inhibits  the  embrittlement  by  hydrogen  on  the  specimen  surface 
enables  to  restore  the  toughness  of  the  alloy.  However,  the  effect  is  minimized  in  the  coarse 
lamellar  spacing  microstructure  due  to  its  smaller  number  of  lamellar  interface. 

REFERENCES 

1.  Y.-W.  Kim,  J.Metals,  Vol.41(1989),  pp.  24 

2.  Y.-W.  Kim  and  D.M.Dimiduk,  J.Metals,  Vol.43  (1991)  pp.40 

3.  Y.-W.  Kim  :  J.Metals,  46  (1994)  30 

4.  C.M.Austin  and  T.J. Kelly  :  Infl  Symp.  On  Gamma  Titanium  Aluminides,  Y.-W.Kim, 
R. Wagner,  and  M.Yamaguchi  (eds.),  TMS,  Warrendale,  PA,  (1995)  21 

5.  P.E.Jones,  D.Smits,  D.Eylon,  and  G.Covlin  :  Infl  Symp.  On  Gamma  Titanium  Aluminides, 
Y.-W.Kim,  R.Wagner,  and  M.Yamaguchi  (eds.),  TMS,  Warrendale,  PA,  (1995)  53 

6.  H.E.Deve,  A.G, Evans,  and  D.S.Shih  :  Acta  Metall.  Mater.,  40  (1992)  1259 

7.  S.L.Semiatin,  D.C.Vollmer,  S.  El-Soudani,  and  C.Su  :  Scripta  Metall.  Mater.,  25  (1991) 
1409 

8.  Y.-W.  Kim  :  Acta  Metall.  Mater.,  40  (1992)  1 121 

9.  C.Choi,  Y.T.Lee  and  C.S.Lee  :  Scripta  Metall.,  36,  ( 1 997)  82 1 

10.  Y.-W.  Kim  :  Mater.  Sei.  Eng.,  A 192/1 93  (1995)  519 

1 1.  J.M.Larsen,  B.D.Worth,  S.J.Balson,  and  J.W.Joncs  :  Gamma  Titanium  Aluminides,  Y.- 
W.Kim,  R.Wagner  and  M.Yamaguchi(eds.),  TMS,  Warrendale,  PA,  (1995)  717 

12.  K.T.Venkateswara  Rao,  Y.-W.  Kim  and  R.O. Ritchie  :  Gamma  Titanium  Aluminides,  Y.- 
W.Kim,  R.Wagner  and  M.Yamaguchi(eds.),  TMS,  Warrendale,  PA,  (1995)  893 


780 


In-situ  OBSERVATION  OF  FATIGUE  CRACK  PROPAGATION 
OF  Ti-Al  INTERMETALLICS 


H,  Suzuki*,  A.  Nozue*  and  M,  N.  Tamin** 

*  Department  of  Mechanical  Engineering,  Sophia  University, 

7-1  Kioi-cho,  Chiyoda-ku,  Tokyo  102-8554,  JAPAN 
**  Faculty  of  Mechanical  Engineering,  Universiti  Telmologi  Malaysia, 
81310  UTM  Skudai,  Johor,  MALAYSIA 


ABSTRACT 

Ti-Al  intermetallics  have  been  developed  for  high  temperature  structural  material  to  be  used 
in  turbine  or  internal  combustion  engines.  The  relation  between  fatigue  properties  and 
microstructure  in  addition  to  the  effect  of  environment  is  important  in  these  applications.  In 
this  paper,  fatigue  crack  propagation  of  Ti-48A1  intermetallics  is  studied  by  means  of  in-situ 
observation  of  crack  growth.  Three  types  of  microstructure,  namely,  as-cast,  duplex  and 
hilly  lamellar  structure  are  used  for  fatigue  experiment  that  is  performed  in  vacuum  and  air 
condition.  Fatigue  crack  propagation  property  is  strongly  dependent  on  the  angle  between 
direction  of  the  crack  and  the  orientation  of  lamellar  layers.  The  observed  crack  growth 
behavior  is  classified  into  possible  modes  of  crack  propagation  in  lamellar  structure,  which  is 
made  possible  by  detailed  in-situ  observation  of  crack  extension.  The  preferred  path  of 
crack  propagation  is  found  to  go  through  the  weakest  phase  of  the  structure  with  associated 
microcracking  within  plastic  zone  around  the  tip  of  the  crack.  Crack  growth  is  accelerated  in 
air  compared  with  vacuum  condition.  This  phenomenon  is  attributed  to  the  effect  of 
humidity  in  the  crack  tip  plastic  zone.  The  environmental  effect  is  discussed  through  the 
observation  of  crack  propagation  and  the  resulting  fractured  surface. 


1.  INTRODUCTION 

Intermetallics  based  on  y  (TiAl)  titanium  aluminide  have  been  developed  as  high 
temperature  structural  material  because  of  their  superior  mechanical  properties  at  high 
temperature  and  relatively  low  density  compared  to  conventional  heat  resistant  alloys  [1]. 
Typical  area  of  application  of  the  material  is  turbine  or  internal  combustion  engines.  The 
relationships  between  microstructure  and  mechanical  properties,  especially  on  fatigue  and 
fracture  properties  have  been  reported  by  many  researchers  [2-4].  The  microstructure  of  the 
material  can  be  controlled  by  thermo-mechanical  or  heat  treatment  to  obtain  favorable 
microstructure  for  specific  applications  [5-7].  Typical  microstructures  of  the  alloy  can  be 
classified  into  three  types  [1]:  as  cast,  fully  lamellar  and  duplex  structure.  Fatigue  and 
fracture  properties  of  the  material  are  strongly  dependent  on  the  orientation  of  lamellar 
structure  and  the  direction  of  crack  propagation  [2,  3].  These  phenomena  are  observed 
during  fatigue  test  [2]  and  in-situ  observation  of  crack  propagation  [8].  In  the  present  study, 
fatigue  crack  growth  in  typical  microstructure  of  TiAl  intermetallics  is  examined  in  detail  by 
means  of  in-situ  observation  of  crack  extension  both  in  vacuum  and  air  conditions.  The 
relationship  between  microstructure  and  crack  propagation  properties  is  established  through 
the  crack  propagation  rate  versus  stress  intensity  factor  range  plots.  The  effects  of  crack 
closure  and  environment  on  the  resulting  crack  propagation  behavior  are  also  discussed. 
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2.  MATERIAL  AND  SPECIMEN 


The  material  used  in  this  j^ble  1  Chemical  composition  of  Ti-48A1  intcrmetallics. 
study  is  a  cast  Ti-48A1 

alloy.  The  chemical  element  A1  C  H  N  O  Ti 

composition  of  the  - — - 

material  is  shown  in  Table  balance 

1 .  Specimens  are  cut  at%  48.3 _ -- _ -- _ -- _  balance 

from  the  as-cast  ingot  and 
heat  treated  in  a  constant- 

flow  argon  gas  chamber  to  obtain  fully  lamellar  and  duplex  structure.  The  condition  for  the 
heat  treatment  was  chosen  according  to  the  Ti-Al  system  phase  diagram  [9]  and  published 
reports  on  microstructure  and  heat  treatment  of  Ti-Al  intermctallics  [1,5,  7].  Fully  lamellar 
stnjcture  is  obtained  by  heating  the  sample  at  1668  K  for  80  minutes  followed  by  furnace 
cooling  to  low  temperature.  The  duplex  structure  is  obtained  by  a  heat  treatment  at  1543  K 
for  120  minutes  and  furnace  cooled  to  low  temperature. 

Microstructure  of  the  as-cast  material  is  composed  of  equiaxed  lamellar  grains  (200  to  300 
pm)  and  small  amount  of  y  grains  (120  to  200  pm).  Duplex  structure  consists  of  large  (1000 
to  4000  pm)  lamellar  grains  and  equiaxed  y  grains  (200  to  300  pm).  The  ratio  of  lamellar  to 
y  grains  in  duplex  structure  material  is  estimated  to  be  7:3.  Fully  lamellar  structure  is 
composed  of  lamellar  grains  with  nominal  diameter  of  400  to  700  pm.  The  size  of  lamellar 
grains  is  larger  in  the  fully  lamellar  structure  material  when  compared  to  the  as-cast  material. 
In  addition,  no  y  grain  is  observed  in  the  fully  lamellar  structure. 

Compact  tension  specimens  are  used  for  fatigue  crack  growth  tests.  The  geometry  of  the 
specimen  follow  the  ASTM  E399-90  specification  with  specimen  width,  W  =  35  mm  and 
thickness,  B  =  6  mm.  The  specimens  were  machined  so  that  the  plane  of  the  fatigue  crack 
agrees  with  the  radial  plane  of  the  cast  ingot. 


3.  EXPERIMENT 

3.1  Jn-situ  observation  of  crack  growth  in  vacuum  condition 

Fatigue  crack  growth  test  in  vaeuum  condition  is  carried  out  using  an  electro-hydraulic 
testing  maehine  fitted  with  a  scanning  electron  microscope.  This  set-up  enables  in-situ 
observation  of  the  crack  growth  process.  A  vacuum  of  10'^  Pa  is  established  throughout  the 
test.  A  sinusoidal  load  with  a  stress  ratio  (R)  of  minimum  to  maximum  load  of  0.1  and  a 
frequency  of  20  Hz  is  applied  to  the  specimen.  A  higher  stress  ratio  of  R  =  0.5  is  utilized  to 
examine  the  effect  of  crack  closure  on  crack  propagation  behavior.  In  addition  to  the  in-situ 
observation  of  the  crack  growth  process,  crack  lengths,  a,  were  recorded  at  prescribed  interval 
of  load  cycles,  N,  and  the  resulting  data  is  analyzed  to  obtain  the  crack  propagation  rate, 
da/dN.  The  corresponding  applied  stress  intensity  factor  range,  AK,  is  determined  from  the 
value  of  the  applied  load  amplitude  and  the  measured  crack  length. 

3.1.1  Crack  growth  in  lamellar  structure 

Both  as-cast  and  fully  lamellar  structures  arc  composed  primarily  of  lamellar  structure. 
The  angle  between  the  direction  of  crack  growth  and  the  orientation  of  lamellar  layer  is 
known  to  strongly  affect  the  crack  propagation  behavior  [2,  3].  Figure  1  shows  an  example 
of  observed  crack  in  vacuum  condition,  as  found  in  the  fully  lamellar  structure.  In  this 
figure,  the  angle  between  the  orientation  of  the  lamellar  layers  and  the  direction  of  main  crack 
propagation  is  less  than  45  degrees,  resulting  in  translamcllar  fracture.  We  call  this  case 
(<45  degrees)  “sharp  angle”  and  the  opposite  case  (>45  degrees)  “blunt  angle”  in  this  paper. 
In  Fig.  1 ,  each  arrow  indicates  the  tip  of  the  main  crack  at  even  interval  of  600  fatigue  cycles. 

The  erack  extends  along  Ti3Al(a2)/TiAl(y)  interface  of  the  lamellar  structure  where  the 
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Fig.  1  Crack  growth  in  lamellar  structure 
where  the  direction  of  crack  propagation  and 
lamellar  layer  forms  sharp  (<45  degrees)  angle. 
Stress  intensity  factor  range  is  14.5  MPa-m*^^. 
Stress  ratio  is  O.l.  White  arrows  indicate 
position  of  the  tip  of  main  crack  at  even  interval 
of  600  cycles  of  fatigue. 


Fig.  2  Crack  growth  in  lamellar  structure 
where  the  direction  of  crack  propagation  and 
lamellar  layer  forms  blunt  (>45  degrees)  angle. 
Stress  intensity  factor  range  is  16.0  MPa-m*^^. 
Stress  ratio  is  0.1.  White  arrows  indicate 
position  of  the  tip  of  main  crack  at  even  interval 
of  2000  cycles  of  fatigue. 


cohesive  force  is  expected  to  be  low  (arrow  1).  The  crack  is  deflected  and  grew  across  the  y 
layer  (arrow  2).  Crack  retardation  occurred  at  the  next  a2/y  interface  followed  by  initiation 
of  microcracks  in  the  vicinity  of  the  main  crack  tip  (arrows  3,4).  The  microcrack  is  initiated 
within  the  plastic  zone  associated  with  the  crack  tip.  With  additional  load  cycles,  the  main 
crack  extends  and  joins  the  microcrack  and  the  process  continues  when  the  crack  tip  reaches 
the  next  neighboring  lamellar  grains  (arrows  6,  7). 

Figure  2  shows  crack  growth  in  lamellar  structure  when  the  direction  of  the  main  crack 
propagation  and  the  orientation  of  lamellar  layer  forms  blunt  angle.  In  this  case,  crack 
growth  is  likely  to  be  retarded  between  layers  of  lamellar  structure  (arrows  1-3,  5,  6).  With 
additional  fatigue  cycles,  the  crack  is  deflected  to  extend  across  lamellar  layers,  resulting 
translamellar  crack  growth  behavior. 


3.1.2  Crack  growth  in  duplex  structure 

An  example  of  crack  growth  in  duplex 
structure  is  shown  in  Fig.  3.  The  main  crack 
propagates  along  y  and  lamellar  grain  boundary 
of  low  resistance  to  crack  growth  (arrow  1). 

The  crack  propagation  is  retarded  forming  a 
zigzag  profile  of  the  crack  extension. 

Simultaneously,  a  microcrack  is  initiated  at  y 
and  lamellar  grain  boundary  ahead  of  main 
crack  (arrow  2).  With  additional  load  cycles, 
the  main  crack  propagates  into  the  y  phase 
forming  a  shear  ligament  that  connects  with  the 
microcrack.  This  leads  to  rapid  crack 
extension.  Fig.  3  Crack  growth  in  duplex  structure. 

The  main  crack  that  propagates  along  the  y  Stress  intensity  factor  range  is  16.5  MPa  m‘^1 

grain  boundary  tends  to  halt  when  the  crack  stress  ratio  is  0.1.  White  arrows  indicate 

encounters  a  material  phase  with  higher  crack  position  of  the  tip  of  main  crack  at  even  interval 

growth  resistance  such  as  lamellar  layers  of  100  cycles  of  fatigue, 
oriented  perpendicular  to  the  crack  growth 

direction.  In  such  a  case,  the  crack  extends  with  many  microcracks  initiated  at  boundaries  of 
y  and  lamellar  grain,  particularly  in  the  crack  tip  region. 


3.2  Crack  growth  in  air  condition 

Fatigue  crack  growth  tests  are  conducted  in 
laboratory  air  to  determine  the  crack  growth 
response  and  assess  the  effect  of  environment 
on  the  crack  propagation  property.  An 
electrohydraulic  testing  machine  is  used  in  the 
experiment.  The  specimen  is  fatigued  at  a 
loading  frequency  of  20  Hz.  Crack  length  are 
measured  with  the  aid  of  an  optical  traveling 
video  scope. 

It  was  observed  that  many  parallel 
microcracks  are  initiated  on  both  sides  of  the 
main  crack,  as  shown  in  Fig.  4.  This  cracking 
feature  with  large  number  of  microcracks  is 
observed  only  in  specimen  fatigued  in  air 
condition  and  at  low  stress  intensity  factor 
range.  However,  the  feature  prevails  in  all 
microstructures  of  the  Ti-48A1  alloy  examined 
in  the  present  study. 


Fig.  4  An  example  of  crack  growth  of  as  cast 
material  in  air  condition.  Stress  intensity  factor 
range  is  11.0  MPa-m*^^.  Stress  ratio  is  0.1. 
Many  microcracks  are  initiated  around  the  main 
crack. 


4.  DISCUSSION 


The  observed  crack  propagation  behavior  of  Ti-48A1  inteimetallics  is  expressed  in  terms  of 
crack  propagation  rate,  da/dN,  versus  stress  intensity  factor  range,  AK,  diagram.  Obtained 
plot  for  the  as-cast  material  in  vacuum  condition  at  R  =  0.1  is  shown  in  Fig.  5.  Crack 
propagation  process  in  the  as-cast  material  occurs  by  initiation  and  growth  of  microcracks 
ahead  of  the  main  crack  tip  resulting  in  crack  growth  acceleration  and  deceleration,  as 
described  in  the  previous  section.  Consequently,  a  large  scatter  of  data  occurs  in  the 
intermediate  crack  growth  region.  An  approximated  trend  line  is  determined  to  represent  the 
nominal  behavior  of  the  crack.  This  nominal  crack  propagation  property  will  be  utilized  in 
comparing  and  discussing  crack  propagation  response  in  the  different  types  of  microstructurc. 
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Fig.  5  Property  of  crack  growth  in  lamellar 
structure.  Instantaneous  crack  extension  data 
arc  sorted  according  to  the  angle  between  the 
direction  of  fatigue  crack  and  the  orientation  of 
lamellar  layer. 


Fig.  6  Approximated  crack  growth  property 
in  lamellar  structure  obtained  from  data  of  Fig.  5. 
The  lines  correspond  to  modes  of  crack 
propagation  in  the  structure. 
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4.1  Microstructure  and  crack  growth  in  lamellar  structure 

Crack  propagation  in  lamellar  structure  is  strongly  affected  by  the  angle  between  the 
direction  of  crack  propagation  and  the  orientation  of  lamellar  layer,  as  illustrated  in  Figs  1  and 
2.  In-situ  measurements  of  crack  growth  rate,  da/dN,  and  the  corresponding  stress  intensity 
factor  range,  AK,  are  classified  according  to  the  angle  and  morphology  of  the  microstructure. 
Approximated  lines  obtained  from  the  sorted  data  in  Fig.  5  are  shown  in  Fig.  6.  Results 
show  that  the  number  of  occurrences  for  the  blunt  angle  and  inter-layer  is  the  smallest, 
indicating  that  this  type  of  crack  growth  is  least  possible.  Other  types  of  crack  growth  occur 
with  almost  equal  possibility.  The  results  also  indicate  that  fatigue  crack  propagates  faster 
between  layers  of  lamellar  structure  (inter-layer)  than  across  the  layers  (trans-layer)  for  both 
cases  of  sharp  and  blunt  angles.  When  the  angle  is  sharp,  the  crack  propagates  preferentially 
between  layers  of  lamellar  structure  where  the  cohesive  force  between  a2  and  y  phase  is  small. 
On  the  other  hand,  when  the  angle  is  blunt,  the  crack  tends  to  stop  between  layers  of  lamellar 
causing  blunting  of  the  crack  and  simultaneous  initiation  of  microcracks. 

The  good  correlation  of  the  in-situ  observation  of  crack  growth  process  and  the  measured 
crack  growth  rate  behavior  {da/dN  -  AK  plot)  suggests  that  fatigue  crack  propagates 
selectively  through  path  of  weakest  cohesive  bond  in  the  structure.  Otherwise,  the  crack 
growth  is  retarded  and  stopped  to  consume  energy  from  the  crack  tip  driving  force. 

4.2  Effect  of  environment  on  crack  growth 

The  crack  growth  rate  response  for  fully  lamellar  and  duplex  structure  in  vacuum  and  air  is 
compared  in  Figs  7  and  8.  Results  show  that  the  crack  growth  rate  for  the  alloy  is  higher  in 
air  environment  for  both  types  of  microstructure.  This  suggests  accelerated  crack  growth  in 
air  environment.  In  addition,  similar  effect  of  environment  holds  for  both  conditions  of 
stress  ratios,  R  =  0.1  and  0.5.  It  is  worth  noting  in  Figs  7  and  8  that  the  results  of  the  test  for 
stress  ratio,  R  =  0.5,  may  demonstrates  crack  growth  deceleration  that  could  be  due  to  crack 
closure  effect. 


Stress  intensity  factor  range,  zlK  /  MPa  ■  Stress  intensity  factor  range,  ZlK  /  MPa  • 

Fig.  7  Property  of  crack  propagation  in  Fig.  8  Property  of  crack  propagation  in 

vacuum  and  air  for  hilly  lamellar  structure.  vacuum  and  air  for  duplex  structure.  Properties 

Properties  of  stress  ratio  of  0.1  and  0.5  are  also  of  stress  ratio  of  0.1  and  0.5  are  also  compared, 
compared. 

This  environmental  effect  is  caused  by  absorption  of  humidity  from  the  atmosphere  through 
the  surface  of  the  specimen  and  subsequent  reaction  with  aluminum  element  in  the  plastic 
zone  at  the  tip  of  the  crack  [10-12].  Figure  9  shows  fracture  surface  of  fully  lamellar 


structure  specimen  tested  in  air  condition  at 
locations  near  the  free  surfaee.  Fracture 
surface  near  the  edge  of  the  specimen  shows 
fine  parallel  lines  that  are  independent  of 
lamellar  grains  orientation.  These  lines  that 
correspond  to  microcracks  observed  at  the 
surface  of  the  specimen  are  not  observed  in  the 
bulk  region  of  the  specimen.  In  addition,  the 
effect  of  environment  diminishes  at  high  stress 
intensity  factor  range,  as  illustrated  in  Figs  7 
and  8.  At  high  level  of  stress  intensity  factor 
range,  the  crack  propagates  at  a  faster  rate. 
As  a  result,  insufficient  time  is  allocated  for 
absorption  of  air  humidity  towards  the  crack 
tip,  thus  minimizes  environmental 
embrittlement. 


5.  CONCLUSION 

Fatigue  crack  propagation  behavior  of  Ti-48A1  intermetallics  is  studied  by  in-situ 
observation  of  crack  growth  process  under  vacuum  and  air  conditions.  Three  representative 
microstructures,  namely,  as-cast,  fully  lamellar  and  duplex  structure  of  the  TiAl  intermetallics 
are  used  in  the  present  study.  Measurements  of  fatigue  crack  extension  are  correlated  with 
types  of  microstrueture.  The  effect  of  environment  on  the  resulting  craek  growth  behavior  is 
examined.  The  results  ean  be  summarized  as  follows: 

Crack  propagation  is  strongly  affected  by  mierostructure  and  the  angle  between  crack 
propagation  direction  and  the  orientation  of  lamellar  colony,  particularly  in  lamellar  structure. 

The  observed  crack  growth  response  is  classified  into  possible  modes  of  erack  propagation 
including  inter-layer  and  trans-layer.  The  preferred  path  of  crack  propagation  in  lamellar 
strueture  has  been  established;  it  goes  through  the  weakest  phase  of  the  structure  with 
associated  microcracking  within  the  plastic  zone  around  the  tip  of  the  crack. 

Crack  growth  is  accelerated  in  air  condition.  This  phenomenon  is  attributed  to  the  effect 
of  absorption  of  air  humidity  to  the  crack  tip  plastic  zone  and  subsequent  reaction  with 
aluminum.  This  environmental  effect  is  apparent  through  the  observation  of  crack 
propagation  and  the  resulting  fracture  surface. 


Fig.  9  Fracture  surface  observed  at  low  stress 
intensity  factor  range  of  a  compact  tension 
specimen  of  fully  lamellar  structure  tested  in  air. 
Note  many  fine  parallel  lines  independent  of 
lamellar  structure. 
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ABSTRACT 

The  experimental  study  on  the  optimum  thickness  of  coating  film  for  the  fatigue  strength 
of  surface  modified  TiAl  intermetallic  alloy  was  carried  out.  The  main  results  were  obtained 
as  follows. 

(1)  The  fatigue  strength  of  TiAl  intermetallic  alloy  could  be  improved  through  the  optimum 
thickness  of  TiAlN  hard  coating  film,  that  is  3  pm. 

(2)  From  micro-fractography,  two  different  types  of  fatigue  fracture  mechanisms  were  found. 
For  the  thinner  coating  film,  the  shear  mode  of  fatigue  initiation  crack  was  occurred.  On  the 
other  hand,  for  the  thicker  coating  film,  the  TiAlN  film  cracking  triggered  off  the  tensile 
mode  of  the  fatigue  initiation  crack. 

(3)  Therefore,  it  could  be  comprehended  that  the  optimum  thickness  of  coating  film  for  the  fat 
igue  strength  of  surface  modified  TiAl  intermetallic  alloy  had  been  controlled  through  the  two 

types  of  roles  in  the  hard  film.  Then,  the  one  effect  is  the  constraint  of  slip  deformation  and  t 
he  other  is  the  Griffith  crack  of  film  cracking. 


1.  Introduction 

Intermetallic  alloys  based  on  the  TiAl  matrix  have  received  considerable  interest  in  recent 
years  because  of  their  potential  as  elevated-temperature  structural  materials  [1-5].  This  is  due 
to  a  number  of  property  advantages,  including  low  density,  excellent  oxidation  resistance,  and 
relatively  good  elevated  temperature  mechanical  properties. 

However,  TiAl  intermetallic  alloy  has  also  poor  properties  such  as  wear  resistance, 
corrosion  resistance  and  so  on,  and  it  is  necessary  for  energy  problem  and  environmental 
problem  that  elevated  temperature  structural  materials  (including  TiAl  intermetallic  alloy) 
have  superior  properties  at  elevated  temperature  over  the  conventional  material.  Therefore, 
because  of  the  improvement  of  poor  properties  (such  as  fatigue  resistance,  wear  resistance, 
corrosion  resistance  and  so  on),  the  methods  of  surface  modification  will  have  important  roles 
for  TiAl  intermetallic  alloy  [5]. 

Physical  vapor  deposition  (PVD)  coating  and  chemical  vapor  deposition  (CVD)  coating 
have  received  considerable  interest  in  recent  years  [6].  Especially,  it  is  known  that  (TiAl)N 
coating  by  PVD  could  be  one  of  the  prospective  hard  layers  to  enhance  the  wear  and  thermal 
oxidation  resistances  of  tools  overcoming  the  shortcomings  of  TiN  and  TiCN  coatings. 

The  aim  of  this  paper  is  to  highlight  surface  modifications  for  the  fatigue  strength  of  TiAl 
intermetallic  alloys.  Especially,  the  experimental  study  on  the  optimum  thickness  of  coating 
film,  (TiAl)N  hard  coating  film,  for  the  fatigue  strength  of  surface  modified  TiAl  intermetallic 
alloy  was  carried  out.  The  reason  of  this  study  was  that  the  cracks  of  hard  films  that  were  not 
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optimum,  as  the  case  might  be,  result  in  surface  modified  material’s  inferior  mechanical 
properties  such  as  fatigue  strength  and  fatigue  life  without  optimal  films. 


2.  Experimental  Procedures 
2.1  Materials 

The  material  used  in  this  investigation  are  Ti36wt.%Al  (TiAl  intemictallic  alloy).  The 
chemical  compositions  of  the  material  are  shown  in  Table  1 .  TiAl  intermetalhc  alloy  were 
prepared  using  skullmelting  and  casting  techniques  into  ingots.  Figure  specimen  was 
machined  from  TiAl  intermetallic  alloy  casting  to  the  shape  shown  in  Figure  1 . 

Figure  2  show  the  microstructure  of  TiAl  intermetallic  alloy  observed  by  an  optical 
microscope.  TiAl  intermetallic  alloy  contained  duplex  microstructure  consisting  equaxed 
gamma  grain  (TiAl)  and  lamellar  colonies  (TiAl  +  TisAl). 

(TiAl)N  film  was  deposited  by  Cathodic  Arc  Ion  Plating  (Physical  Vapor  Deposition).  Th 
e  conditions  for  (TiAl)N  coating  process  are  shown  in  Table  2.  The  thickness  of  (TiAl)N  film 
deposited  on  the  substrates  was  lym  (TiAlN/lpm),  Sym  (TiAlN/3ym)  and  lOym  (TiAlN/lOy 
m). 


Table  1  Chemical  composition  of  the  materials  in  weight  percent 


Material 

A1 

C 

N 

o 

H 

Ti 

Ti36wt.%A! 

36.3 

0.01 

0.004 

0.112 

0.0024 

Bal. 

Fig.2  Microstructure  of  TiAl  intermetallic  alloy 


2.2  Experimental  Methods 

Fatigue  tests  were  conducted  in  vacuum  at  1073K,  using  a  servohydraulic  testing  machine 
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equipped  with  scanning  electron  microscope  (SEM-servo  testing  machine).  All  tests  were 
carried  out  in  load  control  at  a  stress  ratio  R  (minimum  to  maximum  stress)  of  0.1  using  a 
frequency  of  30  Hz. 

In-situ  observations  using  SEM-servo  testing  machine  were  employed  to  study  the 
initiation  and  growth  of  surface  fatigue  cracks.  The  surface  of  failed  specimens  was  examined 
using  scanning  electron  microscopy. 


Table  2  Coating  condition 


Processes 

Conditions 

Cleaning 

Ultrasonic  Cleaning  using  Methylene  chloride  (CH2CI2) 

Exhaust  gas 

4X10-^  Ton- 

Pre-coating 

Substrate  sputter  cleaning  using  Ti  (Heating,  673K) 

Coating 

Film 

TiAlN 

Apparatus 

Cathodic  Arc  Ion  Plating  (Physical  Vapor 
Deposition) 

Temperature 

723K 

Target 

TiAl  intermetallic  alloy 

Process  gas 

N2 

Film  thickness 

1,  3  and  10  pm 

3.  Experimental  Results 

The  S-N  curves  of  the  TiAlN  coated  TiAl  intermetallic  alloy  and  TiAl  intermetallic  alloy 
(Virgin  material)  are  plotted  in  the  form  of  the  stress  amplitude  (S)  versus  the  number  of 
cycles  to  failure  (Nf)  in  Figure  3.  The  fatigue  strength  of  TiAlN/lpm  and  TiAlN/lOpm  was 
lower  than  that  of  Virgin  material.  However,  the  fatigue  strength  of  TiAlN/3iim  was  higher 
than  that  of  Virgin  material. 

It  has  been  shown  in  recent  studies  that  surface  modified  elevated-temperature  structural 


Number  of  cycles  to  failure:Nf  (cycles) 

Fig.3  S-N  curves  of  TiAlN  coated  TiAl  intermetallic  alloy 
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materials  had  adverse  effects.  For  example,  although  surface  modified  elevated-temperature 
structural  materials  have  excellent  heat  resistance,  wear  resistance  and  corrosion  resistance, 
the  fatigue  strength  of  surface  modified  elevated-temperature  structural  materials  is  seriously 
lower  than  that  of  virgin  materials.  But,  in  this  study,  the  fatigue  strength  of  TiAl 
intenuetallic  alloy  could  be  improved  through  the  optimum  thickness  of  TiAlN  coating  film, 
that  is  0.3  ym. 

Because  little  is  known  the  effect  of  film  thickness  on  fatigue  property  and  fatigue 
mechanism,  the  relationship  between  film  thickness  and  fatigue  fracture  mechanism  was 
examined  in  next  chapter. 


4.  Discussion 

4.1  Fatigue  mechanisms  of  TiAlN  coated  TiAl  intermetallic  alloy 

The  results  of  our  recent  research  showed  that  the  cleavage  fracture  in  y  grain  occurred  over 
the  fracture  surface  of  virgin  material  [7].  The  fatigue  fracture  of  virgin  material  was 
dominated  by  the  following  many  mesocracks  growth  mechanism:  (1)  Slip  deformation  of 
lamellae  structure  in  the  early  stage  of  the  life,  (2)  mesocrack  initiation  and  growth  in  y 
grain,  (3)  link  with  other  mesocracks,  (4)  final  fracture.  Where,  the  small  crack  has  been 
defined  as  mesocrack  affected  by  microstructure  which  were  initiated  on  the  surface  and 
several  hundred  pm  length.  Taking  into  account  these  experimental  results,  the  fatigue 
mechanism  of  the  TiAlN  coated  TiAl  intermetallic  alloy  was  investigated. 

4.1.1  TiAlN/lpm 

Figure  4  show  a  low-magnification  fracture  surface  and  typical  surface  mesocracks  of 
TiAlN/lym.  The  fracture  surface  of  TiAlN/lpm  was  rough,  and  many  TiAlN  film  cracking 
were  occurred.  From  the  detail  fractography,  it  was  observed  that  slip  deformation  of  lamellae 
structure  by  shear  stress  was  occurred  near  the  interface  between  TiAlN  film  and  TiAl 
intermetallic  alloy.  In  case  of  TiAlN/lpm,  TiAlN  films  did  not  reduce  slip  deformation  and 
crack  initiation  in  y  grain.  TiAlN  film  cracking  initiated  by  slip  deformation  triggered  off 
initiation  and  propagation  of  main  fatigue  crack. 


Fig.4A  low-magnification  fracture  surface  and  surface  mesocracks  of  TiAlN/lpm 

4.1.2  TiAlN/lOpm 

Figure  5  show  typical  fracture  surface  near  the  fracture  origin  and  surface  mesocracks  of 
TiAlN/lOpm.  The  fracture  surface  of  TiAlN/lOpm  was  divided  into  two  types.  There  two 
types  were  smoothed  featureless  area  and  rough  area.  The  fatigue  crack  was  initiated  and 
propagated  by  TiAlN  film  cracking.  That  is,  TiAlN  film  cracking  triggered  off  the  fatigue 
fracture  of  TiAlN/ 10pm.  The  fatigue  crack  was  rapidly  propagated  from  the  surface  to  the 
inside  of  TiAl  intermetallic  alloy. 

There  have  been  such  several  fatigue  crack  on  the  fracture  surface.  Furthermore,  there 
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has  been  several  separation  of  TiAlN  film  and  many  perpendicular  mesocracks  to  the  loading 
axis.  This  perpendicular  mesocracks  induced  the  tensile  mode  of  the  fatigue  initiation  crack. 
It  seemed  that  the  fatigue  crack  linked  with  other  fatigue  crack,  then  the  fatigue  fracture 
rapidly  occurred.  In  case  of  TiAlN/ 10pm,  the  slip  deformation  was  not  observed. 


Fig.5  Fracture  surface  near  the  fracture  origin  and  surface  mesocracks  of  TiAlN/lOpm 


4.1.3  TiAlN/3pm 

Figure  6  show  typical  fracture  surface  near  the  fracture  origin  and  surface  mesocracks  of 
TiAlN/3pm.  The  fracture  surface  of  TiAlN/3pm  was  divided  into  two  types  as  TiAlN/ 10pm. 
There  two  types  were  smoothed  featureless  area  and  rough  area.  There  has  been  several 
fatigue  crack  origins  initiated  from  the  smoothed  featureless  area.  Especially,  the  fatigue 
crack  was  initiated  and  propagated  by  the  cracking  of  the  interface  between  y  grain  and 
lamellae  structure.  The  fatigue  crack  was  rapidly  propagated  in  y  grain,  and  propagated  to 
.  the  surface. 

There  has  been  several  opening  mesocracks,  which  was  about  300pm  length,  on  the 
surface  of  TiAlN/3pm.  Therefore,  it  seemed  that  the  fatigue  process  was  dominated  by 
initiation  and  growth  mechanism  of  these  mesocracks.  In  case  of  TiAlN/3pm,  the  slip 
deformation  was  not  observe,  and  TiAlN  film  reduced  mesocracks  initiation,  which  was 
smaller  than  100  pm. 


Fig.6  Fracture  surface  near  the  fracture  origin  and  surface  mesocracks  of  TiAlN/ 10pm 

4.2  Constraint  of  slip  deformation  and  Griffith  crack 

As  a  conclusion  of  this  paper,  the  fatigue  mechanism  of  TiAlN  coated  TiAl  intermetallic  alloy 
is  shown  schematically  in  Figure  7.  In  case  of  thinner  TiAlN  film,  TiAlN  film  could  not 
constrain  the  slip  deformation  because  of  thin  film,  and  TiAlN  film  cracking  was  initiated.  So, 
the  fatigue  strength  of  TiAlN/ 1pm  was  lower  than  that  of  virgin  material  because  this  TiAlN 
film  cracking  triggered  off  the  shear  mode  of  the  fatigue  initiation  crack. 

On  the  other  hand,  in  case  of  thicker  TiAlN  film,  TiAlN  film  could  constrain  the  slip 
deformation  because  of  thick  film.  But,  because  many  perpendicular  mesocracks  to  the 
loading  axis  occurred,  the  fatigue  strength  of  TiAlN/lOpm  was  lower  than  that  of  virgin 
material.  That  is,  the  brittle  fracture  of  TiAlN  film  triggered  off  tensile  mode  of  the  fatigue 
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initiation  crack,  and  the  fatigue  crack  was  rapidly  propagated. 

Especially,  it  seemed  that  the  fracture  mechanism  of  this  case  depended  on  the  fracture 
strength  (fatigue  strength)  f  {2EYs  /tcc)  )of  Griffith  crack,  where  E  is  the  elastic 

modulus,  Ys  is  the  surface  energy  and  c  is  the  length  of  one-half  crack.  That  is,  in  case  of 
thicker  TiAlN  film,  c  increased  because  of  the  brittle  fracture  of  thick  film,  and  the  fracture 
strength  Of  and  fatigue  strength  decreased. 


Fig.7  Relationship  between  fatigue  strength  and  fatigue  mechanism 


5.  Conclusions 

(1)  The  fatigue  strength  of  TiAl  intermetallic  alloy  could  be  improved  through  the  optimum 
thickness  of  TiAlN  hard  coating  film,  that  is  3  pm. 

(2)  From  micro-fractography,  two  different  types  of  fatigue  fracture  mechanisms  were  found. 
For  the  thinner  coating  film,  the  shear  mode  of  fatigue  initiation  crack  was  occurred.  On  the 
other  hand,  for  the  thicker  coating  film,  the  TiAlN  film  cracking  triggered  off  the  tensile 
mode  of  the  fatigue  initiation  crack. 

(3)  Therefore,  it  could  be  comprehended  that  the  optimum  thickness  of  coating  film  for  the 
fatigue  strength  of  surface  modified  TiAl  intermetallic  alloy  had  been  eontrolled  through  the 
two  types  of  roles  in  the  hard  film.  Then,  the  one  effect  is  the  constraint  of  slip  deformation 
and  the  other  is  the  Griffith  crack  of  film  cracking. 
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ABSTRACT 

To  improve  the  fatigue  performance  of  gamma  titanium  aluminides,  shot  peening  as  a 
method  of  surface  strengthening  was  applied.  Results  on  y(TiAl)  were  compared  to  those  on  a 
conventional  high-temperature  near-a  titanium  alloy  TIMET AL  1100.  Fatigue  tests  were 
performed  in  fully  reversed  loading  (R  =  -1)  on  smooth  specimens  at  frequencies  of  about 
60  Hz.  Compared  to  electropolished  references,  the  ambient  temperature  10^  cycles  fatigue 
strength  of  Y(TiAl)  could  be  improved  much  more  than  that  of  TIMETAL  1100.  While  shot 
peening-induced  residual  compressive  stresses  played  the  dominant  role  in  ambient 
temperature  fatigue,  surface  roughness  and  dislocation  strengthening  became  more  important 
when  process-induced  residual  stresses  were  relieved  by  an  annealing  treatment  at 
temperatures  of  600°C  and  650°C  for  50  hours  before  testing. 


1.  INTRODUCTION 

Gamma  titanium  aluminides  are  attractive  candidates  for  application  as  blade  material  in 
the  high-pressure  part  of  the  compressor  of  gas  turbines.  Compared  to  the  yield  stress  values 
at  both  room  temperature  and  elevated  temperature  (650°C),  the  10^  cycles  fatigue  strengths 
at  these  temperatures  are  extraordinarily  high,  particularly  if  related  to  the  materiaTs  density 
being  only  half  that  of  the  commonly  used  Ni-superalloys  [1,2].  To  further  improve  the 
fatigue  performance  of  Y(TiAl),  mechanical  surface  treatments  such  as  shot  peening  or  roller- 
burnishing  can  be  utilized.  These  treatments  induce  high  dislocation  densities  in  near- surface 
regions  owing  to  local  plastic  deformation,  change  the  surface  topography  and  generate 
residual  compressive  stresses.  The  present  work  is  part  of  a  project  which  was  undertaken  to 
determine  potential  improvements  in  ambient  and  elevated  temperature  applications  of 
Y(TiAl)  by  mechanical  surface  treatments. 


2.  EXPERIMENTAL 

The  Y(TiAl)  base  ingot  with  the  chemical  composition  Ti  -  47A1  -  3.7  (Nb,  Cr,  Mn,  Si)  - 
0.5B  was  received  from  Duriron  (USA).  The  material  was  hipped,  extruded  and  forged  to 
turbine  blades.  After  forging,  the  turbine  blades  were  heat  treated  to  achieve  fully  lamellar 
microstructures.  Specimens  for  mechanical  tests  were  machined  from  the  turbine  blade 
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forgings  with  the  load  axis  in  longitudinal  blade  direction  as  indicated  in  Fig,  1.  The 
TIMET AL  1100  material  was  received  from  TIMET  (USA)  as  a  0200  mm  forged  bar  stock. 
The  material  was  thermomechanically  processed  to  achieve  a  fine  grained  fully  lamellar 
microstructure.  Details  are  given  in  [3],  Tensile  tests  were  performed  on  electropolished 
specimens  having  a  gage  length  of  20  mm  and  a  gage  diameter  of  4  mm.  The  initial  strain  rate 
was  8.3  X  lO'"^  s‘‘.  Compression  tests  were  done  on  cylindrical  specimens  with  a  length  of  8 
mm  and  a  diameter  of  4  mm.  The  initial  strain  rate  was  2.1  x  10'^  s'^  Tensile  test  results  are 
listened  in  Tab.  1  comparing  the  data  of  both  alloys. 


Table  1  Tensile  test  results  of  the  fiilly  lamellar  microstructures  in  y(TiAl) 

and  TIMETALllOO 


Alloy 

CJo.2 

[MPal 

El 

[%] 

E 

[GPa] 

Y(TiAl) 

440 

-^1 

170 

TIMETAL  1100 

935 

11 

116 

Fatigue  tests  were  performed  on  hourglass  shaped  specimens  with  a  gage  diameter  of  2.5  mm 
in  rotating  beam  loading  (R  =  -1)  in  air.  Shot  peening  was  performed  by  means  of  an  injector 
type  system  using  spherical  zirconia  based  ceramic  shot  with  an  average  diameter  of  0.5  mm. 
The  Almen  intensities  were  kept  constant  at  0.40  mmN  and  0.20  mm  A  for  Y(TiAl)  [4]  and 
TIMET  AL  1100  [5],  respectively.  Some  specimens  of  TIMET  AL  1 100  were  shot  peened  at  a 
higher  intensity  of  0.33  mmA.  The  change  in  surface  layer  properties  was  characterized  using 
profilometry,  microhardness  and  residual  stress  measurements  by  means  of  the  hole  drilling 
method.  The  diameter  of  the  drill  was  1.7  mm.  The  oscillating  drill  was  driven  by  an  air 
turbine  with  a  rotational  speed  of  about  200.000  rpm.  The  shot  peening  induced  strains  in  the 
surface  layer  were  measured  with  strain  gage  rosettes  at  drilled  depths  of  about  every  20  pm. 
The  measured  strains  were  converted  into  stresses  by  using  Young’s  moduli  of  170  GPa  and 
1 16  GPa  for  y(TiAl)  and  TIMETAL  1100,  respectively.  The  fatigue  results  after  shot  peening 
were  compared  with  the  electrolytically  polished  reference.  Roughly  150  pm  were  removed 
from  the  machined  surface  by  electrolytic  polishing  to  make  sure  that  any  machining  effect 
that  could  mask  the  results  was  absent. 

The  thermal  stability  of  the  shot  peening-induced  residual  compressive  stresses  at  anticipated 
application  temperatures  of  600°C  and  650°C  was  determined  by  comparing  measurements 
before  and  after  annealing  treatments  at  these  temperatures  for  50  hours  which  corresponds  to 
the  exposure  time  for  run-outs  (10^  cycles  at  60  Hz). 


3.  RESULTS  AND  DISCUSSION 

The  typical  micro  structure  of  y(TiAl)  within  the  blade  section  of  the  forgings  (Fig.  1)  is 
shown  in  Fig.  2a  indicating  a  fully  lamellar  structure  with  a  packet  size  of  y  and  aj  lamellae  of 
about  150-200  pm.  The  microstructure  of  TIMETAL  1100  (Fig.  2b)  is  characterized  by  a  and 
p  lamellae  with  packet  sizes  similar  to  those  in  y(TiAl).  The  monotonic  stress-strain  curves  of 
both  materials  are  plotted  in  Fig.  3  comparing  the  differences  in  mechanical  behavior  between 
tensile  and  compressive  loading  for  y(TiAl)  (Fig.  3a)  and  TIMETAL  1100  (Fig.  3b). 
The  0.2  %  yield  stress  of  y(TiAl)  in  compression  (580  MPa)  is  significantly  higher  than  the 
corresponding  value  in  tension  (440  MPa).  This  apparently  lower  yield  stress  in  tension  might 
be  the  result  of  early  crack  nucleation  and  propagation  which  is  also  indicated  by  the  low 
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tensile  ductility  of  only  about  1  %.  On  the  other  hand,  the  stress-strain  relationship  in 
compression  illustrates  the  marked  work-hardening  capacity  of  the  material  which  obviously 
can  not  be  seen  in  tensile  loading  due  to  premature  failure.  No  significant  differences  were 
observed  between  tensile  and  compressive  stress  strain  curves  for  TIMETAL  1100  (Fig.  3b). 
Obviously,  the  work-hardening  capacity  in  TIMETAL  1100  is  much  smaller  than  in  y(TiAl) 
(compare  Fig.  3a  with  3b). 

Due  to  the  process-induced  plastic  deformation,  the  microhardness  values  in  near-surface 
regions  of  both  alloys  significantly  increase  to  a  maximum  value  at  the  surface  (Fig.  4). 
However,  the  maximum  microhardness  in  y(TiAl)  is  twice  the  value  of  the  unaffected 
material  in  the  bulk  while  the  hardness  increase  in  TIMETAL  1 100  is  only  roughly  20%  (Fig. 
4).  This  again  illustrates  the  extraordinarily  high  work-hardening  capacity  of  y(TiAl) 
(compare  Fig.  4  with  Fig.  3).  The  residual  stress  profiles  as  measured  by  the  hole  drilling 
method  are  plotted  in  Fig.  5  indicating  residual  compressive  stresses  in  near-surface  regions 
for  both  y(TiAl)  and  TIMETAL  1100.  On  average,  the  magnitude  of  the  process-induced 
residual  stresses  in  y(TiAl)  is  higher  than  in  TIMETAL  1 100. 

The  resulting  S-N  curves  are  shown  in  Fig.  6  comparing  the  fatigue  performance  between  the 
shot  peened  conditions  and  the  electropolished  references  for  y(TiAl)  (Fig.  6a)  and  TIMETAL 
1100  (Fig.  6b).  As  seen  in  Fig.  6a,  the  10^  cycles  fatigue  strength  of  y(TiAl)  in  the 
electropolished  condition  is  about  550  MPa.  Taking  the  yield  stress  in  compression,  the  ratio 
^  (To2  compared  to  a  values  of  only  0.58  for  TIMETAL  1 100.  From  the 

very  marked  work-hardening  of  y(TiAl)  as  observed  in  the  compression  tests,  pronounced 
cyclic  hardening  is  expected  which  can  explain  the  comparatively  high  fatigue  strength.  This 
fatigue  strength  of  550  MPa  increases  after  shot  peening  to  675  MPa  (Fig.  6a)  while  no 
increase  in  the  10^  cycles  fatigue  strength  was  observed  for  TIMETAL  1100  (Fig.  6b). 
Presumably,  the  shot  peening-induced  residual  compressive  stresses  in  y(TiAl)  are  cyclically 
more  stable  than  in  TIMETAL  1 100. 

Although  no  elevated  temperature  fatigue  tests  were  done  in  this  investigation,  a  few  critical 
tests  were  performed  which  may  shed  some  light  on  the  materials  response  to  shot  peening  in 
fatigue  at  600°C  and  650°C.  The  effect  of  an  annealing  treatment  at  600°C  and  650°C  for  50 
hours  on  the  shot  peening  induced  microhardness  in  the  surface  layer  of  y(TiAl)  is  shown  in 
Fig.  7.  Compared  to  the  as-peened  condition,  there  is  only  a  slight  decrease  in  microhardness 
which  indicates  that  the  shot  peening-induced  high  dislocation  density  is  thermally  quite 
stable  up  to  650°C.  On  the  contrary,  the  process-induced  residual  compressive  stresses  exhibit 
marked  decays  by  the  same  treatments  (Fig.  8).  Obviously,  creep  deformation  at  600°C  and 
650°C  can  transform  most  of  the  near-surface  elastic  strains  to  plastic  strains,  thus  leading  to  a 
marked  residual  stress  relief.  While  the  microhardness  in  the  shot  peened  surface  layer  of 
TIMETAL  1100  even  somewhat  increased  after  thermal  exposure  at  600°C  and  650°C 
presumably  owing  to  additional  age-hardening  effects,  the  temperature  dependent  residual 
stress  decay  was  very  similar  as  in  y(TiAl).  Again,  most  residual  stresses  in  TIMETAL  1100 
were  relieved  after  an  annealing  at  600°C  for  50  hours. 

Not  surprisingly,  the  annealing  treatment  at  650°C  for  50  hours  significantly  deteriorates 
fatigue  performance  of  shot  peened  specimens  of  y(TiAl)  as  seen  in  Fig.  9.  Since  both 
conditions  SP  and  SP+A  have  a  rough  surface  which  contains  process-induced  microcracks, 
the  fatigue  strengths  are  crack  propagation  controlled.  Owing  to  the  residual  stress  decay  in 
the  annealed  condition,  the  threshold  value  for  microcrack  growth  AK*  decreases  which 
reduces  the  fatigue  strength  by  about  100  MPa  (Fig.  9).  However,  polishing  shot  peened  and 
subsequently  annealed  specimens  can  markedly  improve  fatigue  performance  as  also  seen  in 
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Fig.  9.  For  a  smooth  surface,  the  fatigue  strength  is  crack  nucleation  controlled.  Therefore,  the 
work-hardened  surface  layer  which  is  still  present  after  the  anneal  (see  Fig.  7)  can  increase  the 
resistance  to  fatigue  crack  nucleation  and  thus,  improve  the  fatigue  strength  [6].  Regarding 
fatigue  performance  of  shot  peened  y(TiAl)  specimens  at  T  =  650°C,  it  may  be  derived  from 
the  annealing  experiments  that  the  work-hardened  surface  layer  will  be  beneficial  for 
improving  elevated  temperature  fatigue  strength.  However,  the  peened  surface  will  need 
polishing  to  take  advantage  of  the  beneficial  effect  of  the  high  strength  of  the  surface  layer  on 
fatigue  crack  nucleation.  Compared  to  y(TiAl),  the  drop  in  fatigue  strength  of  shot  peened 
TIMETAL  1 100  after  thermal  exposure  is  much  more  pronounced  (Fig.  10).  These  results  are 
very  similar  to  those  previously  reported  on  fully  lamellar  Ti-6A1-4V  [6].  The  significantly 
higher  10^  cycles  fatigue  strength  in  shot  peened  and  thermally  exposed  y(TiAl)  (550  MPa)  as 
compared  to  TIMETAL  1100  (300  MPa)  is  argued  to  stem  from  a  higher  threshold  value  for 
microcrack  growth  in  y(TiAl)  as  compared  to  the  conventional  titanium  alloys  Ti-6A1-4V  and 
TIMETAL  1100.  This  higher  threshold  value  could  be  the  result  of  the  Young’s  modulus 
amounting  to  170  GPa  for  y(TiAl)  as  opposed  to  about  115  GPa  for  Ti-6A1-4V  and 
TIMETAL  1100. 
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Fig.  1 :  Turbine  blade  forging 


a)  y  (Ti Al)  b)  TIMETAL  1 1 00 

Fig.  2:  Fully  lamellar  microstructures 
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Fig.  3:  a-e  curves  with  tensile  and  compression  test  results 


Fig.  4: Microhardness  profiles  after  shot  peening 
of  7  (TiAl)  and  TIMETAL  1100 


Fig.  5:  Residual  stress  profiles  after  shot  peening  of 
7  (TiAl)  and  TIMETAL  1100 
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a)y(TiAl) 

Fig.  6:  Effect  of  shot  peening  in  rotating  beam  loading 


Fig.  7:  Change  in  shot  peening-induced  micro¬ 
hardness  profile  in  y  (TiAl)  due  to  annealing 


Cycles  to  failure,  Np 


b)  TIMETAL  1100 
(R--1) 


Fig.  8:  Change  in  shot  peening-induced  residual  stress 
profile  in  y  (TiAl)  due  to  annealing 


Cycles  to  failure,  Np 


Fig.  9:S-N  curves  in  rotating  beam  loading  (R  =  -1)  Fig.  10:  S-N  curves  in  rotating  beam  loading  (R  =  -1) 
of  the  various  conditions  in  y  (TiAl)  of  the  various  conditions  in  TIMETAL  1 1 00 

(A:  50  h  650°C)  (A:  50  h  600°C) 
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ABSTRACT 

Gamma  titanium  aluminides  (y-TiAl)  have  been  studied  extensively,  since  they  have  been 
considered  as  a  candidate  material  for  advanced  jet  engine,  automobile  exhaust  valves,  turbo¬ 
charger  and  so  on.  Alloy  design  of  y-TiAl  is  still  in  progress  for  developing  advanced  alloy 
compositions  and  micro  structures.  In  order  to  design  materials,  survey  of  phase  diagrams  is 
essential.  Phase  stability  in  the  Ti-Al-Gr  system  at  1200°C  has  been  investigated. 
Additions  of  Cr  stabilize  the  p  phase  in  the  ternary  phase  diagrams.  Based  on  the  ternary 
phase  diagrams,  a  unique  microstructure;  a+P+y  phases  TiAl  alloys  with  the  capability  of  the 
super-plastic  deformation  have  been  developed.  Fine  y  grains  and  surrounding  p  phase  grains 
are  attributed  to  more  than  400%  tensile  elongation  at  1200°C.  Using  this  property,  a  pack 
rolled  process  has  been  applied  to  the  conventional  hot  rolling  mill  and  as  hot  rolled  sheet 
material  can  be  deformed  as  a  honeycomb  structure.  Then  Cr  doped  y-TiAl  exhibit 
improvements  of  tensile  strength  at  room  to  elevated  temperatures  after  duplex  microstructure 
changed  to  nearly  full  lamellar  microstructure  by  a  specific  heat  treatment. 


1.  INTRODUCTION 

There  is  a  strong  demand  for  materials  featuring  high  strength  at  temperatures  at  which 
conventional  heat-resistant  materials  cannot  satisfactorily  perform,  for  foture  aircraft  and 
energy  applications.  Gamma  titanium  aluminides  (y-TiAl)  feature  low  density  and  superior 
high-temperature  strength,  so  that  they  are  extensively  investigated  as  the  lightweight  heat- 
resistant  materials  for  jet  engines,  automotive  exhaust  valves,  and  similar  applications. 
Many  investigations  have  been  conducted  to  improve  the  mechanical  properties  of  y-TiAl  at 
ambient  temperature  as  well  as  at  high  temperatures.  Recent  researches  have  succeeded  in 
controlling  phases  and  microstructures  by  means  of  the  hot  working  and  heat  treatment 
processes,  resulting  in  a  significant  improvement  of  its  workability  or  ductility  [1-4]. 
However,  there  are  still  many  problems  to  be  solved.  One  is  material  affordability;  although 
turbo  chargers  made  of  y-TiAl  have  been  commercialized  recently,  production  cost  of  y-TiAl 
is  still  expensive  comparing  with  other  conventional  titanium  alloys.  In  order  to  reduce  the 
fabrication  cost  of  y-TiAl,  it  is  very  crucial  that  the  y-TiAl  must  be  manufactured  by  the 
conventional  metallurgical  process  routs,  such  as  forging,  hot  rolling  and  heat  treatments  in 
the  industrial  furnaces. 

In  this  study,  the  alloy  design  of  Cr  doped  y-TiAl  has  been  proposed  based  on  the  Ti- 
Al-Cr  ternary  phase  diagram.  Sheet  forming  process  utilizing  a  conventional  hot  rolling 
facility  has  been  studied.  Mechanical  properties  of  Cr  doped  y-TiAl  have  been  investigated  in 
conjunction  with  the  phase  stability  and  microstructures. 
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2.  PHASE  STABILITY  OF  Ti-Al-Cr 

It  is  reported  that  certain  additions  of  Cr  in  y-TiAl  improve  the  room  temperature 
ductility  and  the  hot  workability  [5,6].  Cr  is  known  as  a  p  stabilizer  in  Ti  base  alloys. 
Figure  1  shows  a  calculated  Ti-Al-Cr  ternary  phase  diagram  at  1200”C  based  on  our  current 
quenching  experiments.  Closed  squares(H)  indicate  a  single  phase,  open  circles(O) 
indicate  two  phases  and  open  triangles( A)  present  three  phases.  Experimentally  determined 
compositional  tie  lines  are  drawn  as  the  straight  lines.  The  features  of  this  phase  diagram  are 
i)  P  phase  stabilizes  by  additions  of  Cr.  ii)  Solubility  limit  of  Cr  in  a  phase  is  about  8at%Cr 
and  that  in  y  phase  is  less  than  5at%Cr.  Difference  in  solubility  in  a  and  y  phases  causes 
inclined  tie  line  between  a  and  y  phases  in  the  ternary  phase  diagram.  These  results  indicate 
that  the  volume  fractions  of  phases  (a,  p  and  y)  change  entirely  as  a  function  of  A1  and  Cr 
concentrations.  The  volume  fractions  of  each  phase  can  be  controlled  by  both  alloy 
compositions  and  heat  treatment  conditions.  Based  on  the  Ti-Al-Cr  ternary  phase  diagram, 
Ti-47at%Al-3.0at%Cr  compositions  have  been  selected  as  a  sheet  forming  material,  since  its 
requires  the  capabilities  of  the  super  plastic  deformation  and  the  high  temperature  strength. 
Figure  2  illustrates  a  calculated  quasi-binary  Ti-Al  phase  diagram  at  3at%  Cr  by  Thermo-Calc 
program.  According  to  the  quasi-binary  phase  diagram,  Ti-47at%Al-3.0at%Cr  specimen 
does  not  show  a+P+y  three  phases  at  any  given  temperatures.  However,  it  has  been  reported 
that  metastable  P  phase  precipitates  during  the  melting  and  the  hot  working  process  in  this 
compositions  [7]. 


Fig.  1  Proposed  Ti-Al-Cr  ternary  phase 
diagram  at  1200°C 


Fig.  2  Quasi-binary  Ti-Al  phase  diagram 
at  3at%  Cr 


3.  SHEET  FORMING  PROCESS 

The  ingot  metallurgy  and  the  hot  rolling  have  been  developed  to  produce  y-TiAl  sheet. 
The  sheet  material  can  be  fabricated  into  any  shape  using  the  super  plastic  forming  (SPF). 
Plasma  arc  melting  processes  (PAM)  were  applied  to  produce  a  high  purity  y-TiAl  whose 
oxygen  level  was  kept  less  than  400wtppm.  The  physical  properties  of  y-TiAl  are  very 
sensitive  to  small  shifts  of  the  alloy  compositions.  To  get  a  fine  grain  size  microstructure, 
ingots  were  homogenized  at  1050°C  for  96hrs  and  isothermally  forged  at  1200°C  with  an 
initial  strain  rate  IxlO'*^  s''  until  70%  reduction  in  a  vacuum  atmosphere. 

Hot  rolling  is  the  most  advantageous  process  among  other  sheet  forming  process  [8]. 
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It  is  very  difficult  to  directly  perform  the  hot  rolling  of  y-TiAl  using  a  conventional  mill, 
because  y-TiAl  shows  the  poor  deformability  at  the  rolling  temperature.  Following  three 
conditions  should  be  maintained  to  overcome  it;  i)  high  temperatures,  ii)  low  strain  rate  and 
iii)  inert  atmosphere.  Isothermal  hot  rolling  process  in  a  vacuum  atmosphere  has  been 
developed  [9].  The  isothermal  rolling  process  requires  an  additional  expensive  facility; 
therefore,  a  more  affordable  process  must  be  developed,  that  is  pack  rolling  method. 

Isothermally  forged  Ti-47at%Al-3.0at%Cr  samples  (39x39x4.6mm^)  were  embedded  in 
the  SUS304  pack  materials  (80xl80x25mm),  then  pack  materials  welded  by  means  of  the 
electron  beam  welding  technique  in  a  vacuum  atmosphere.  Figure  3  illustrates  the  pack 
rolling  process.  A  conventional  hot  rolling  facility  that  was  fabricating  steel  products  was 
utilized  for  the  current  hot  rolling  experiments.  Table  1  lists  the  key  conditions  of  the  hot 
rolling  at  present  experiments. 

Table  1  Rolling  conditions  for  pack  rolling  experiments 


Sample 

Furnace 

temperature 

(°C) 

Roll  velocity 
(m/min) 

Strain  rate 

(s-') 

Deformation 

Ratio 

1 

1250 

10 

1.92 

30%(25  16.8) 

2 

1250 

1 

0.19 

30%(25  16.8) 

3  1 

1250 

5 

0.96 

30%125  16.8) 

4 

1085 

10 

1.92 

30%(25  16.8) 

Fig.  3  Illustration  of  the  pack  rolling  process 

All  four  samples  have  been  rolled  successfully,  but  sample  #4  showed  severe 
dilamination  from  the  welded  backside  after  rolling.  Although  heat  loss  from  the  SUS 
container  during  rolling  was  quite  large,  temperatures  of  the  inner  y-TiAl  have  been  preserved 
more  than  1100°C  from  the  start  to  the  finish.  As  rolled  packs  were  cut  and  the  inner  y- 
TiAl  plate  samples  were  taken  out.  Inner  y-TiAl  plates  were  sound  and  separated  from  the 
pack  materials  easily,  since  alumina  insulator  which  prevented  solid  state  reaction  between  y- 
TiAl  and  the  pack  materials  were  inserted.  As  rolled  samples  (#1,2  and  3)  showed  similar 
microstructures  to  that  of  the  isothermally  forged  Cr  doped  y-TiAl.  X-ray  diffraction  analyses 
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from  the  as  rolled  samples  were  revealed  that  a2+P+y  phases  exist  and  their  phase  ratio  was 
maintained  to  be  constant  during  the  rolling  process. 

4.  MECHANICAL  PROPERTIES 

Previous  researches  have  reported  that  microstructure  controlled  Ti-47at%Al-3.0at%Cr 
specimen  shows  more  than  400%  elongation  and  the  strain  rate  sensitivity  factor  exceeds  0.5. 
Detailed  investigations  of  this  alloy  have  revealed  that  p  phase  precipitates  around  y  grains 
and  those  microstructures  continuously  generate  during  deformation  above  1000°C. 
Uniform  dynamic  recrystallization  plays  an  important  role  in  the  super-plastic  deformation  of 
Y"TiAl.  The  volume  fraction  of  each  phase  can  be  controlled  by  alloying  compositions  and 
process  temperatures  those  are  determined  by  the  quasi-  binary  Ti-Al  phase  diagram  (in  Fig. 
2). 

After  fabrication,  y-TiAl  would  be  applied  in  a  severe  environment  such  as  elevated 
temperatures  more  than  600°C  and  an  oxidation  atmosphere.  Therefore,  much  importance 
must  be  taken  into  account  to  the  high  temperature  strength  and  the  oxidation  resistance  of  y- 
TiAl.  It  is  known  that  high  temperature  strength  of  full  lamellar  microstructure  (a2+y)  is 
superior  to  that  of  duplex  microstructure.  According  to  Fig.2,  a2+p+y  duplex  microstructure 
is  able  to  transform  to  single  a  phase  at  1350°C  ,  then,  it  is  decomposed  to  a2-fy  full  lamellar 
microstructure  during  cooling  down  to  room  temperature.  Tensile  test  specimens  heated  up 
to  a  transition  temperature  (1350°C),  subsequently  cooled  down  by  introducing  helium  gas 
into  toe  furnace.  Microstructures  of  as  heat-treated  and  as  forged  reference  specimens  show 
in  Fig.  4.  After  heat  treatment,  nearly  full  lamellar  microstructure  whose  colony  size  is 
60pm  was  obtained.  Tensile  tests  have  been  carried  out  from  room  temperature  to  1 100°C 
with  a  strain  rate  5x10'"^  in  a  vacuum  atmosphere.  Figure  5(a)  summarizes  the  yield  stresses  of 
the  heat-treated  specimens  at  various  temperatures.  High  temperature  yield  stresses  of  y- 
TiAl  are  improved  by  the  heat  treatment.  Tensile  elongation  is  plotted  as  a  function  of  test 
temperature  in  Fig.5(b). 


Figure  4  Optical  micrograph  of  (a)  duplex  microstruclurc  (before  heat  treatment)  and 
(b)  near  lamellar  microstructure  (after  heat  treatment). 
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Figure  5  (a)  Yield  stress,  (b)  tensile  elongation  at  temperature  between  20°C  and  1200°C. 

Nearly  lamrllar  material  is  represented  by  filled  symbols,  duplex  with  open  symbols 


5.  APPLICATION 

Gr  doped  y-TiAl  is  designed  based  on  the  Ti-Al-Cr  ternary  phase  diagrams.  Figure  6 
shows  the  sheet  material  and  honeycomb  structure  of  Ti-47at%Al-3.0at%Cr.  Sheet  material 
is  one  of  the  basic  shape  of  commercial  products  and  opens  many  possibilities.  For  instance, 
titanium  aluminide  foils  which  were  ground  to  100pm  thickness  from  the  sheet  material 
(0.5mm)  prepared,  and  fabricated  the  CVD  SiC  fiber  reinforced  titanium  aluminide  composite 
materials  by  HIP  process  [10]. 


Figure  6  Honeycomb  structure  produced 
by  the  y-TiAl  sheet 


6.  SUMMARY 

Phase  stability  in  Ti-Al-Cr  system  at  1200®C  has  been  investigated.  Additions  of  Cr 
stabilize  the  (3  phase  in  the  ternary  phase  diagram.  Based  on  the  ternary  phase  diagrams,  a 
unique  microstructure;  a+p+y  phases  TiAl  alloys  with  the  capability  of  the  super-plastic 
deformation  have  been  developed.  Fine  y  grains  and  surrounding  p  phase  grains  are  attributed 
to  more  than  400%  tensile  elongation  at  1200°C.  Using  this  property,  a  hot  rolling  process 
has  been  established.  Then  Cr  doped  TiAl  exhibits  improvement  of  tensile  strength  at  room 
to  elevated  temperatures  after  a2+p+y  microstructure  changed  to  full  lamellar  a2+y  structure 
by  the  specific  heat  treatment. 
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ABSTRACT 

Powder  compacts  for  TiaAl-xNb  (x=0,  3,  7,  11,  13  at%)  alloys  were  prepared  by  pulse 
discharge  sintering  at  1173-1573  K  and  their  microstructures,  oxidation  resistance  and 
mechanical  properties  were  evaluated.  The  microstructure  changed  with  sintering  temperature 
and  Nb  content.  At  lower  sintering  temperatures,  unreacted  Ti  and  Nb  were  identified  by  X-ray 
diflEraction  and  SEM-EDX,  and  Nb-rich  phase  primarily  existed  in  the  boundaries  of  TisAl 
grains.  Increasing  sintering  temperature  obviously  improved  homogeneity  of  microstructure. 
Microhardness,  oxidation  resistance  of  compacts  increased  with  sintering  temperature  and  Nb 
content.  For  TisAl,  only  pillar-like  Ti02  formed  after  oxidized  at  1273  K  in  air.  Adding  Nb  to 
TiaAl,  oxide  scale  was  dense  and  composed  of  fine  particles  of  Ti02  doped  with  Nb. 


1.  INTRODUCTION 

Alloys  based  on  the  TisAl-Nb  system  are  currently  the  most  advanced  engineering 
intermetallics.  These  alloys  have  attractive  properties  which  make  them  good  candidates  for 
application  in  gas  turbine  engines  and  airframe  structures  in  advance  aircraft.  The  primary 
advantages  of  TisAl  alloys  are  low  density,  high  strength  to  weight  ratio,  good  creep  rupture 
strength,  high  moduli.  Several  compositions  have  been  developed  to  achieve  specific  strength 
and  stress  rupture  properties  which  exceed  those  of  nickel  base  alloys  such  as  INCO  718  over 
the  temperature  range  823-973  K  [1].  The  major  disadvantages  are  their  low  ductilities  and 
toughness  at  room  temperature.  Since  they  have  poor  workability,  it  is  difficult  for  them  to  be 
deformed  plastically  even  at  elevated  temperatures  by  conventional  methods  such  as  hot  forging, 
hot  rolling  and  hot  extrusion,  after  conventional  melting  processing  [2]. 

Recently,  as  one  of  hot-pressing  processes,  pulse  discharge  sintering  (PDS)  process  technique 
has  successfully  developed  to  manufacture  net  shape  TiAl  valves  [3].  The  advantage  of  this 
technique  is  that  the  samples  can  be  sintered  in  a  short  time  to  attain  full  density,  so  it  can 
minimize  grain  growth.  The  present  research  is  aimed  at  investigating  microstructural  properties 
of  TisAl  and  TisAl  alloyed  with  Nb  prepared  by  PDS  method.  The  effect  of  varying  Nb  content 
on  oxidation  resistance  of  TisAl-Nb  alloys  are  also  examined  to  compare  the  results  with  those 
already  reported  by  other  investigators  [4, 5]. 
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2.  EXPERIMENTAL  PROCEDURES 


The  powders  of  elemental  titanium  (99.9%  pure,  less  than  125  |im),  aluminum  (99%  pure,  less 
than  150  p.m)  and  niobium  (99.9%  pure,  less  than  75  p-m)  were  mixed  to  the  desired 
composition  of  Tiys.xAlas-Nbx  (x=0,  3,  7,  11  and  13  at  %)  for  48  hours  prior  to  sintering.  The 
powder  was  filled  in  a  graphite  mold  with  two  graphite  punches  pressed  at  both  ends.  The 
sintering  system  is  evacuated  to  a  vacuum  of  about  3X10'^  torr  prior  to  sintering  with  a 
diffusion  vacuum  pump.  Disc-shaped  compacts  with  a  diameter  of  50  mm  and  a  thickness  of  5 
mm  were  sintered.  To  evaluate  the  effect  of  sintering  temperature,  the  compacts  were  resistance- 
heated  to  fixed  temperatures  (1173-1573  K)  under  an  applied  uniaxial  punch  pressure  of  38 
MPa.  Sintering  temperatures  were  estimated  using  radiation  thermometer  by  measuring  the 
temperature  of  the  graphite  mold  at  the  position  5  mm  from  the  compact  during  sintering. 
Density  measurement  by  Archimedes'  method  was  performed.  X-ray  diffraction  was  used  for 
phase  identification  of  the  sintered  compacts.  The  sintering  compacts  were  sectioned  to 
observed  the  microstructure  using  optical  microscopy  and  scanning  electron  microscopy  with 
EDX  analysis.  The  microhardness  was  measured  by  MVK-G3  hardness  tester.  Resistivity 
measurement  of  sintered  compacts  was  carried  out  from  room  temperature  to  473  K  by  ULVAC 
ZEM-1  equipment.  Four  point  bending  specimens  were  prepared  to  a  size  of  40X4X2  mm  by 
electrical  discharged  machining  (EDM)  from  the  sintered  compacts.  Specimen  surfaces  were 
carefully  ground  using  silicon  carbide  paper  through  1500  grit  and  polished  to  a  uniform  finish 
of  0.3  p-m  alumina  suspension.  Mechanical  testing  was  performed  on  an  Instron  universal  testing 
machine  at  a  load  rate  of  8.3  X 10'^  m/s. 


3.  RESULTS  AND  DISCUSSION 

3.1  Microstructural  observation  and  X-ray  diffraction  analysis 

Table  1  shows  the  results  of  density  of  compacts.  When  sintering  temperature  is  higher  than 
1173  K,  the  density  of  sintered  compact  of  TisAl  is  almost  constant  and  is  equal  to  the 
theoretical  value.  In  the  case  of  TisAl-Nb  alloys,  although  there  are  not  data  of  density  of  TisAl- 
Nb  alloys,  since  the  measured  values  are  almost  constant,  we  can  consider  that  full  density  was 
obtained  through  sintering  at  above  1173  K.  Lower  sintering  temperature  is  of  importance  for 
preventing  grain  growth  and  decreasing  costs  in  industry.  Fig.  1  shows  XRD  patterns  for  TisAl 


Table  1  Density  of  Ti3Al-Nb  compacts  sintered  at  various  temperatures 


Density  ( gxm-^) 

Ti3Al 

Ti3Al-3Nb 

Ti3AI-7Nb 

Ti3Al-llNb 

Ti3Al-13Nb 

1173  K 

4.24 

4.55 

4.71 

4.78 

1273  K 

4.26 

4.39 

4.56 

4.71 

4.80 

1373  K 

4.29 

4.57 

4.72 

4.80 

1473  K 

4.39 

4.57 

4.72 

4.81 

1573  K 

4.73 

4.81 
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Fig.  1  X~ray  diffraction  patterns  of  TijAl  (a)  and  TijAl-lSNb  (b)  compacts  sintered  at  various  temperatures. 


Fig.  2  SEM  micrographs  of  TisAl  (a,  c)  and  TisAl-llNb  (b,  d)  compaxts  sintered  at  1173  (a,  c)  and  1373  K  (c,  d). 


and  TisAl-llNb  compacts  sintered  at  1173  K  and  1373  K.  The  XRD  pattern  indicates  that  TisAl 
is  a  major  phase  and  peaks  ofQ:~Ti  (an  unreacted  phase  during  sintering)  are  detected  when 
sintering  at  1173  K,  and  only  TisAl  peaks  appear  when  sintering  at  1373  K  for  TisAl  compact. 
For  TisAl'llNb  compact,  the  XRD  pattern  consists  of  unreacted  Nb  and  TisAl  phases  when 
sintering  at  1173  K  and  only  TIbAI  peaks  when  sintering  above  1373  K.  SEM  microstructures  of 
TisAl  and  TisAl-llNb  are  shown  in  Fig.  2.  There  is  unreacted  a  -Ti  and  Nb  in  Ti3Ai  and 


Table  2  The  compositions  obtained  from  EDX  for  Ti^AI  and  TijAI-l  INb  compacts  sintered  at  various 
temperatures  (corresponding  to  the  microstructures  in  Fig.  2) 


at% 

Ti3AI 

Ti3Al-llNb 

1173  K 

1373  K 

1173  K 

1573  K 

Ti  :  A1  ;  Nb 

Ti  :  A1  :  Nb 

Ti  :  A1  :  Nb 

Ti  :  A1  :  Nb 

Point  1 

96.8:3.2:0 

78.2:21.8:0 

2.1:2.8:95.1 

47.2:29.3:23.5 

Point  2 

82.5:17.5:0 

71.3:28.7:0 

62.2:36.9:0.6 

68.2:29.3:2.5 

TisAl-llNb  sintered  at  1173  K  respectively,  and  microstructure  clearly  became  homogeneous 
with  increasing  sintering  temperature.  Table  2  shows  composition  of  phases  denoted  as  1  and  2 
in  Fig.  4.  This  is  consistent  with  the  results  of  XRD  patterns,  i.e.  unreacted  Ti  and  Nb  were  left 
over  when  sintered  at  1173  K  and  only  single  phase  TisAl  existed  for  Ti3Al  and  TisAl-llNb 
alloys  sintered  at  1373  K  and  1573  K,  respectively.  Although  compacts  with  high  density  can  be 
obtained  when  sintering  at  1173  K,  it  is  difficult  to  obtain  homogeneous  compacts  sintered  with 
elemental  powder  size  of  about  100  fim  [6],  and  especially,  the  diffusivity  of  Nb  in  TisAl  is  very 
sluggish  [7].  With  increasing  sintering  temperature,  microstructure  became  more  homogeneous 
in  comparison  to  sintering  at  1173  K  but  there  is  still  Nb-rich  phase  in  TisAl-llNb  alloy  sintered 
at  1573  K.  The  composition  of  Nb-rich  phase  is  Ti-29AI-24Nb  (in  at%).  This  composition  is  the 
same  as  that  of  Ti2AlNb  phase  with  an  orthorhombic  structure,  but  peak  of  Ti2AlNb  phase  can 
not  be  identified  in  XRD  pattern. 


3.2  Specific  resistivity  of  compacts 

Due  to  exposure  of  mixed  powders  in  air  prior  to 
sintering,  oxide  film  can  form  on  the  powder 
surface.  One  of  advantages  of  PDS  method  is  the 
dielectric  breakdown  of  the  oxide  film  on  powder 
surface  during  sintering.  It  is  suggested  that  the 
in  situ  ability  of  dielectric  breakdown  between 
powder  particles  and  the  heat  generation  in  the 
metallic  contact  area  between  particles  during 
heating  process  leads  to  improving  particle 
sinterability;  in  other  words,  this  enhances 
diffusion  during  subsequent  densification.  There¬ 
fore,  magnitude  of  resistivity  of  compacts  can  be 
used  to  evaluate  sintering  characteristic  of 
compacts.  Specific  resistivity  of  TisAl-xNb  (x=0, 
3, 7, 11, 13  at%)  sintered  at  various  temperatures 
was  measured  at  300  K,  373  K  and  473  K.  Fig.  3 


□ 

1173  K 

1373 

K 

s 

1273  K 

1423 

K 

s 

1 

1323  K 

1473 

K 

Ti3Al  TijAl-VNb  TijAl-llNb 


shows  the  result  of  resistivity  of  compacts  of  Ti3Al,  Fig.  3  Specific  resistivity  of  Ti3Al-Nb  compacts 
Ti3Al-7Nb  and  Ti3Al-13Nb  compacts  at  300  K.  at  various  temperatures. 

The  value  of  resistivity  clearly  increased  with  increasing  sintering  temperature.  In  fact,  the 
metallic  contact  shows  extremely  low  resistivity  compared  to  an  oxide  film,  so  it  is  suggested 
that  the  dielectric  breakdown  between  powder  particles  has  finished  when  sintered  at  1173  K. 
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The  reason  why  resistivity  of  the  compact  increased  with  increasing  sintering  temperature  can  be 
explained  that  unreacted  metallic  phase  which  is  a  better  conductor  than  intermetallics,  is 
remained  after  sintering  and  the  amount  of  them  is  decreased  as  the  sintering  temperature 
increases.  For  Nb  added  TisAl  alloys,  resistivity  of  compact  clearly  decreases  with  increasing 
Nb  content. 


3.3  Microhardness  and  bent  test 


Fig.  4  shows  the  dependence  of  microhardness  of 
TisAl,  TisAl-SNb,  TiaAl-TNb  and  TisAl-llNb 
compacts  on  sintering  temperature.  Microhard¬ 
ness  test  was  carried  out  at  a  load  of  25g  for  10s, 

It  can  be  seen  that  the  microhardness  increases 
With  sintering  temperature  and  Nb  contents. 

Since  the  microhardness  of  TisAl  is  higher  than 
that  of  Ti  and  TiAl  [8],  this  agrees  with  the  result 
obtained  from  X-ray  diffraction  and  microstruct- 
ural  observation,  which  shows  the  anount  of  TisAl 
increases  with  increasing  sintered  temperature. 

Single  phase  TisAl  microstructure  could  be 
obtained  when  sintering  temperature  increased. 

It  can  be  considered  that  Nb  increases  microhard¬ 
ness  of  TisAl  by  means  of  solid  solution  strength. 

Four  point  bent  test  of  TisAl-Nb  compacts  was  carried  out  on  Instron 
The  results  show  that  sintering 


Temperature  (K) 

Fig.  4  Relation  between  microhardness  and  sintering 
temperature  of  TijAl-Nb  compacts. 


universal  machine. 

temperature  and  Nb  contents  do  not  show  clear  effect  on  bent 
stress  of  Ti3Al-Nb  compacts  sintered  by  elemental  powder. 


3.4  Oxidation  test 


Fig.  5  shows  oxidation-induced  weight  change  of 
TisAl-Nb  compacts  sintered  at  different  temperat¬ 
ures  in  air.  The  result  shows  that  oxidation  resista¬ 
nce  of  Tia A1  increases  with  sintering  temperature 
and  Nb  contents.  The  oxidation  resistance  of 
TisAl-lSNb  sintered  at  1573  K  is  found  to  be 
the  best  among  the  alloys  investigated  in  this  study. 
The  alloying  of  Nb  improves  the  oxidation  resista¬ 
nce  of  Tis  Al,  which  also  agree  with  other  investiga¬ 
tors  [4,5].  Fig.  6  shows  a  scanning  electron  micr¬ 
oscope  of  oxide  surface  of  TiaAl  and  TisAl-lSNb 
oxidized  at  1273  K.  In  the  case,  X-ray  diffraction 
reveals  the  pillar-like  oxide  of  Fig  6  (a)  to  be  Ti02. 
The  structure  of  oxide  layer  on  the  TisAl-DNb 
compact  (Fig.  6(b))  is  completely  different  from 
that  of  TisAl  compact  (Fig.  6(a)).  The  oxide  scale 
formed  on  Ti^Al  -13Nb  alloy  composed  of  Ti02 
containing  Nb.  Comparing  with  the  porous  struct- 


Fig.  5  Weight  gain  versus  sintering  temperature 
for  TriAl-Nb  compacts  oxidized  in  air  up 
to  1 273  K  at  a  rate  of  1 0  K/min. 
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ure  of  the  oxide  layer  on  Ti3Al  compact  surface,  the  oxide  particles  on  Ti3Al-13Nb  compact 
surfaceare  fine  (less  than  a  few  micros)  and  dense,  and  the  oxygen  molecules  would  have  more 
difficulty  to  pass  through.  More  detailed  investigation  is  needed  before  clarifying  the  oxidation 
mechanism.  This  dense-oxide  layer  means  the  Nb  in  the  alloy  may  change  the  oxide  structure 


Fig.  6  Surface  of  oxide  scale  formed  on  TisAJ  (a)  and  Ti3Al-13  Nb  (b)  after  exposure  to  air  up  to  1273  K 


at  a  rate  of  10  K/min. 


4  CONCLUSIONS 

The  microstructure,  mechanical  properties  and  oxidation  resistance  of  Ti3Al"Nb  powder 
compacts  produced  by  pulse  discharge  sintering  at  1173-1573  K  were  investigated.  The 
following  are  conclusions  of  the  present  investigation. 

1)  Compacts  with  high  density  can  be  attained  when  sintering  temperature  above  1173  K.  At 
lower  sintering  temperature,  unreacted  Ti  and  Nb  remained.  Increasing  sintering  temperature 
clearly  improved  microstructural  homogeneity  of  compacts.  Nb-rich  phase  primarily  existed  in 
Ti3Al  grain  boundaries. 

2)  Microhardness,  oxidation  resistance  of  compacts  increased  with  sintering  temperature  and  Nb 
contents.  For  TisAl,  only  pillar-like  Ti02  formed  after  oxidized  at  1273  K  in  air.  Adding  Nb  to 
Ti3Al  enables  the  formation  of  a  relatively  dense  layer  of  finer  Nb  doped  Ti02  particles  and 
thereby  improves  the  scale’s  protectiveness. 
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ABSTRACT 

The  synthesis  of  Ti-based  intermetallic  compound  and  the  making  of  their  composite 
materials  by  using  shock  compression  technique  were  investigated.  In  the  experiments  to 
obtain  TisSis  compound,  Ti-Si  mixture  powders,  shock  compressed  at  above  5.5  GPa,  show 
porous  structure  by  an  excessive  melting  due  to  the  exothermic  reaction  of  the  powders. 
Shock  compression  experiments,  in  order  to  obtain  bulk  composite  materials  were  also  carried 
out  for  mechanically  milled  Ti-Si  powders  mixed  with  relatively  large  Ti  or  TiAl  powders. 
The  Ti  or  TiAl  powders  acts  as  a  heat  sink  for  quenching  excessive  reaction  heat.  One  of  the 
experimental  results  shows  that  the  fully  reacted  TisSis  is  confirmed  and  a  composite  of 
having  a  good  cross-sectional  area  without  any  voids  and  cracks  is  obtained.  A  very  high 
Vickers  hardness  above  10  GPa  is  measured  at  the  reacted  TisSis  area.  Also,  some  compacts 
composed  of  mixed  Ti  and  Si  plus  TiAl  powders  obtained  under  a  low  pressure  condition, 
which  is  not  generating  reaction  between  Ti  and  Si  powders,  the  following  heat-treatment  for 
reaction  between  Ti  and  Si  successfully  made  a  moderate  TiAl  /TisSEcomposite. 


1.  INTRODUCTION 

Synthesis  of  materials  using  shock  compression  of  powders  is  one  of  the  quite  unique 
techniques  for  making  novel  bulk  materials  [1-4].  The  making  of  intermetallic  compounds 
and  their  composites  through  shock-induced  and  shock-assisted  reaction  is  investigated.  The 
present  investigation  tries  to  synthesize  TisSia  and  the  composites  employing  the  following 
two  processes.  One  is  using  shock-induced  reaction  of  Ti  and  Si  elemental  powder  mixture, 
and  the  other  is  by  heat  treatment  followed  by  shock  compression  of  Ti  and  Si  powder 
mixture.  Since  the  generation  of  large  amount  of  exothermic  reaction  heat  induces  undesired 
microstructure  due  to  an  excessive  energy  release,  another  inert  powder,  which  act  as  heat 
sink,  are  added  to  the  Ti  and  Si  powder  mixture. 

The  present  investigation  developed  a  new  method  for  shock  compression  of  powders  using 
underwater  shock  wave.  The  system  is  quite  easy  to  control  as  the  pressure  applied  to  the 
powders  can  be  adjusted  changing  the  height  of  water  layer.  Some  experiments  were 
performed  to  synthesize  TisSis  and  its  composites  using  (1)  direct  shock-induced  reaction  and 
(2)  shock  compression  and  heat  treatment  techniques. 
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2.  EXPERIMENTAL 


A  schematic  illustration  of  the  explosive  shock  compression  assembly  is  shown  in  Fig.  1. 
The  powder  mixture  was  filled  in  a  mild  steel  container  of  having  30  mm  inner  diameter. 
The  pressure,  which  acts  just  above  the  powders,  can  be  controlled  by  changing  the  thickness 
of  water,  tw.  The  height  of  explosive  container  was  fixed  at  50  mm  and  the  explosive  was 
ignited  through  an  explosive  lens  for  obtaining  a  plane  shock  wave  as  a  purpose  of 
compressing  the  prepared  powders  simultaneously.  The  main  explosive  used  in  our 
experiment  was  SEP,  produced  by  Asahi  Chemical  Industry  Co.,  Ltd.,  whose  detonation 
velocity  was  7  km/s  and  the  density  was  1300  kg/m^. 


Explosive  container  < 


Water  container  -4- 


Powder  container  ^ 


-►  Electric  detonator 
-►  Exnlosivc  Lens 

>•  Explosive  (SEP) 

>  Water 

->■  Cover  plate  (SUS304) 
>■  Powder 


Fig.l  Schematic  illustration  of  shock  compression  system  using  underwater  shock  wave. 


The  experimental  conditions  were  listed  in  Table  1  and  the  thickness  of  water  tw  was  fixed 
at  5  mm.  In  the  present  investigation,  elemental  Ti  (Sumitomo  Sitix  Co.,  -  45pm)  and  Si 
(CERAC,  -  315mesh)  powders  were  blended  in  an  atomic  ratios  5:3  under  an  argon 
atmosphere,  and  mixed  in  a  conventional  ball  mill  for  48  h.  The  milled  powders  were  not 
mechanically  alloyed  well  but  mechanically  mixed  making  thin  layers  of  Ti  and  Si.  The  Ti-Si 
powders  were  mixed  again  with  Ti  or  TiAl  (Sumitomo  Sitix  Co.,  -  150pm).  The  mixed 
powders  were  packed  to  10- 15mm  in  height  and  the  initial  theoretical  density  was  about  0.6. 
Only  the  experiments  #U1,  #M1,  #M2  and  #M3,  a  thin  mechanically  mixed  Ti-Si  layer  was 
placed  above  the  mixed  powders  as  a  purpose  of  activating  the  reaction  between  Ti  and  Si. 
Some  of  the  non-reacted  compacts  obtained  under  low  pressure  condition,  were  heat  treated  at 
1000°C  for  Ih  in  argon  atmosphere  to  induce  the  reaction  between  the  elemental  powder 
mixture  for  making  intermetallic  compound  composites. 


Table  1  Experimental  conditions  and  results. 


?  Experiment 
Number 

Powders  (atomic  ratio) 

Recovered  condition 

#U] 

Ti :  Si  (5:3)  (50mass%)  +  Ti  (50%) 

Good,  Fully  reacted 

#M1 

Ti :  Si  (5:3)  (40mass%)  +  TiAl  (60%) 

Good,  Partially  reacted 

m2 

Ti :  Si  (5:3)  (50mass%)  +  TiAl  (50%) 

Good,  Partially  reacted 

#M3 

Ti :  Si  (5:3)  (60mass%)  +  TiAl  (40%) 

Porous,  Fully  reacted 

#M4 

Ti :  Si  (5:3)  (30iTiass%)  +  TiAl  (70%) 

Good,  non-reacted 
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3.  RESULTS  AND  DISCUSSION 


3-1.  The  making  of  composites  through  direct  shock-induced  reaction 

After  a  series  of  experiments,  it  was  confirmed  that  the  shock-synthesized  TisSis  showed 
porous  microstructure  due  to  a  large  exothermic  reaction  heat  [1].  Therefore,  another  powder 
Ti  and  TiAl,  which  are  not  expected  to  react  the  Ti  and  Si  powder  mixture,  are  blended  to  the 
mechanically  mixed  powders.  Some  of  the  experiment  showed  reaction  between  the  Ti  and  Si 
as  expected  and  the  results  are  shown  in  Table  1.  Fig.  2  shows  the  cross-sectional  area  for  an 
experiment  #U1,  and  a  quite  good  microstructure  without  defects  is  observed.  Mechanically 
mixed  Ti  and  Si  is  fully  reacted  and  only  TisSis  phase  is  confirmed  through  X-ray  diffraction. 
Also,  the  reacted  TisSis  layer  shows  very  high  hardness  about  10.2  GPa.  The  hardness  value  is 
quite  high  in  comparison  with  TisSis  commercially  available  [4]. 


Fig.  2  Cross-section  for  experiment  #U1 . 


2  0(Cu-Ka) 

Fig.  3  X-ray  diffraction  pattern  after  shock  compressed  and  reacted  sample  #M3. 

For  TiAl  powders,  the  results  are  slightly  different  with  the  result  obtained  for  using  Ti 
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powders.  Using  the  same  powder  mass  ratio  between  TiAl  and  (Ti+Si)  as  experiment  #U1, 
only  partial  reaction  has  been  confirmed  as  suggested  in  table  1 .  By  using  large  amount  of 
mechanically  mixed  Ti  and  Si  powders,  the  Ti  and  Si  are  fully  reacted  as  listed  in  Table  1,  but 
resulted  in  porous  microstructure  due  to  an  excessive  reaction  heat.  The  X-ray  diffraction 
pattern  shows  that  no  ternary  compound  is  confirmed  and  it  suggests  only  the  existence  of 
TisSis  and  TiAI  as  shown  in  Fig.  3,  even  the  original  TiAl  particles  are  destroyed  during  shock 
processing.  The  authors  originally  expected  to  make  a  desired  composite  of  Ti5Si3  and  TiAl  as 
obtained  for  a  composite  of  TisSb  and  Ti  (#U1)  through  a  Route  1  as  illustrated  in  Fig.  4.  In 
this  case,  only  the  difference  in  the  experimental  condition  is  the  size  and  shape  of  the 
powders  employed  Ti  or  TiAl.  One  explanation  is  that  the  reaction  is  enhanced  for  a  case  by 
the  use  of  relatively  fine  Ti  powders,  which  have  large  contacting  surface  area. 


Ti-Si  mixed  powder 


Shock  induced 
reaction 


Shock 

compression 


Stable  powder  (Ti 
Ti-Si  mixture 


Heat  treatment 


or  TiAl) 


Fig.  4  Desired  model  for  synthesis  of  various  composites  of  intermetallics. 


3-2.  The  making  of  composites  by  heat  treatment  after  shock  compression 

For  the  sample  #M4  just  shock  compressed  without  reaction,  which  shows  no  defects  such 
as  cracks  or  pores,  a  heat  treatment  is  performed  as  a  purpose  to  accomplish  the  reaction 
between  the  mechanically  mixed  Ti  and  Si  powders.  Normally,  a  high  temperature  above 
1200°C  is  required  for  the  reaction  [4-6],  but  the  shock  compressed  sample  is  activated 
through  shock  processing  and  is  successfully  reacted  through  a  heat  treatment  at  1000°C  for 
Ih.  The  SEM  image  in  the  cross-section  is  shown  in  Fig.  5.  Table  2  shows  the  chemical 
compositions  in  the  areas  A,  B  and  C  suggested  by  arrows  in  Fig.  5  using  EDS  analysis.  Ti 
element  is  almost  distributed  equally  in  whole  area,  and  A1  is  gradually  diffused  into  the 
reacted  Ti  +  Si  layer.  In  this  SEM  image,  we  confirmed  one  reacted  layer  between  TiAl  and 
Ti-Si  mixture.  It  is  thought  to  be  generated  due  to  the  diffusion  of  A1  from  TiAl  to  Ti-Si 
region.  This  process,  as  suggested  in  a  Route  2  in  Fig.  4,  is  an  alternative  way  to  make 
composites  of  intermetallics  though  shock  or  explosive  materials  processing.  The  reacted 
TisSiB  area  shows  high  Vickers  hardness  in  the  range  of  9-1 1  GPa,  and  a  high  hardness  close 
to  1 1  GPa  is  measured  especially  in  the  area  B  which  is  close  to  TiAl  particles.  Since  the 
measured  concentration  of  the  contacting  area  C,  suggested  in  Fig.  5,  includes  aluminum 
about  14.81  at.%.  It  suggests  that  some  part  of  Si  in  the  reacted  TisSis  is  replaced  with  the 
solute  A1  which  is  diffused  from  TiAl. 
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So  far,  some  reports  have  suggested  [7-10]  that  such  high  hardness  for  shock-induced  and 
shock  compressed  and  heat  treated  TisSia  and  other  intermetallics.  The  present  investigation 
also  shows  the  high  hardness  by  the  use  of  shock  processing,  and  the  present  method  have  an 
advantage  to  make  an  uniform  bulk  material  without  defects  by  using  a  controlled  shock 
pressure  of  having  relatively  long  duration. 


Fig.  5  SEM  micrographs  of  heat  treated  sample  #M4  at  1000°C  for  Ih. 


Table  2  Chemical  compositions  of  sample  #M4  for  each  areas  suggested  in  Fig.  5. 


,  ,  Chemical  composition  (a1 

A 

50.40 

0.08 

49.52 

B 

64.34 

1.82 

33.84 

C 

62.89 

22.30 

14.81 

4.  CONCLUSIONS 

The  possibility  to  synthesize  TisSis  and  the  making  of  their  composites  of  Ti-base 
intermetallics  through  the  use  of  underwater  shock  wave  assembly  is  suggested.  Due  to  a 
large  exothermic  reaction  heat  of  the  mixed  Ti  and  Si  powders  by  shock-induced  reaction,  the 
addition  of  the  other  powder  to  release  the  excessive  heat  is  requested  for  obtaining  a  bulk 
material  without  defects.  Also,  a  heat  treatment  after  shock  compression  for  non-reacted 
mixed  Ti  and  Si  powders  is  available  for  obtaining  composites  of  intermetallics.  The  TisSis 
layer  synthesized  through  both  processes  shows  very  high  hardness  value  in  comparison  with 
the  TisSis  commercially  available. 
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ABSTRACT 

A  study  was  conducted  to  improve  room  and  high  temperature  mechanical  properties  of 
an  orthorhombic  Ti2AlNb-based  Ti-22Al-27Nb  alloy  by  microstructural  and  compositional 
modifications.  The  pinning  effect  of  spherical  ai  particles,  which  were  formed  during  hot 
deformation  and  subsequent  annealing,  was  successfully  utilized  to  refine  B2  grains.  The 
average  size  of  final  B2  grains  ranged  from  10  pm  to  200  pm  in  diameter  depending  on  the 
hot  deformation  and  annealing  conditions.  The  finer-grained  materials  showed  an  excellent 
combination  of  room  temperature  tensile  strength  and  ductility. 

An  attempt  was  also  made  to  substitute  transition  metal  elements  such  as  W,  Mo  or  V  for 
a  portion  of  Nb  in  a  Ti-22Al-27Nb  alloy  where  the  beta  phase  stability  in  the  modified  alloy  is 
equal  to  that  in  Ti-22Al-27Nb.  It  was  found  that  the  substitution  of  2  %W  for  7  %Nb 
substantially  increased  the  tensile  strength  at  temperatures  above  650°C  and  reducing  the 
steady  state  creep  rate  and  primary  creep  strain. 


1.  INTRODUCTION 

A  new  class  of  titanium  intermetallic  alloys  based  on  the  TiaAlNb  phase  has  been 
receiving  much  attention  as  candidate  materials  for  high  temperature  applications  [1-4].  These 
alloys  are  often  called  orthorhombic  alloys  because  of  the  ordered  orthorhombic  structure  of 
TiaAlNb  phase. 

A  wide  range  of  microstructures  and  hence  a  variety  of  properties  can  be  developed  in 
orthorhombic  alloys  through  control  of  their  chemistry  and  processing.  Of  various 
orthorhombic  alloys  so  far  studied,  GE  researchers  have  shown  that  a  Ti-22Al-27Nb  alloy 
which  consists  mainly  of  the  O  phase  and  B2  phase  has  the  best  balance  of  tensile,  creep,  and 
fracture  properties[l].  A  primary  disadvantage  of  a  Ti-22Al-27Nb  alloy  is,  however,  that  the 
room  temperature  tensile  elongation  is  very  low,  which  ranges  from  0  %  to  7  %  depending  on 
microstructures.  Another  disadvantage  of  this  alloy  is  that  it  exhibits  a  relatively  large  primary 
creep  strain,  as  compared  to  that  of  nickel-based  super-alloys.  Furthermore,  its  yield  stress 
drops  sharply  at  temperatures  higher  than  650°C. 

The  purpose  of  the  present  research  was  therefore  to  overcome  these  drawbacks  and 
develop  novel  orthorhombic  alloys  for  temperatures  above  650°C  by  microstructural  and 
compositional  modifications. 


2.  MICROSTRUCTURAL  MODIFICATION 

Microstructural  modification  was  aimed  to  improve  room  temperature  ductility  and 
tensile  strength  of  a  Ti-22Al-27Nb  alloy.  To  achieve  this  goal,  the  possibility  of  refining  prior 
B2  grains  was  examined. 

1.1  Sample  preparation 
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Since  a  Ti-22Al-27Nb  alloy  contains  a  large  amount  of  Nb,  the  gas  atomization  powder 
metallurgy  (PM)  processing  route  was  employed  to  ensure  homogeneity  of  the  alloy.  The 
as-atomized  Ti-22Al-27Nb  powder  with  the  diameter  ranging  between  45  pm  and  150  pm 
was  compacted  by  hot  isostatic  pressing  (HIP)  at  1 1 00°C  under  the  pressure  of  200  MPa. 

1.2  Microstructures  and  creep  property  relationship 


Since  creep  is  one  of  the  most  important  properties  for  high  temperature  use, 
microstructures  and  creep  property  relationship  was  first  evaluated  for  a  Ti-22Al-27Nb  alloy. 

Three  typical  microstructures  observed  in  a  Ti-22Al-27Nb  alloy  are  shown  in  Fig.l. 
When  the  alloy  is  slowly  cooled  from  above  the  B2  transus  temperature,  a  coarse  lamellar 
microstructure  with  large  prior  B2  grains  is  formed  (Fig. la).  A  very  fine  (0+B2)  two  phase 
microstructure  is  formed  by  quenching  the  alloy  from  above  the  B2  transus  temperature  and 
subsequent  annealing  at  around  800°C  (Fig. lb).  The  equiaxed  O  phase  microstructure  can  be 
obtained  by  annealing  the  heavily  deformed  alloy  at  around  800°C  (Fig.lc). 

Fig.2  shows  the  creep  curves  for  these  three  typical  microstructures  tested  at  650°C  with 
an  applied  stress  of  310  MPa.  It  was  demonstrated  that  the  lamellar  microstructure  has  the 
best  creep  property  among  the  microstructure  studied.  However,  the  room  temperature  tensile 
ductility  of  4  %  for  the  lamellar  structure,  as  shown  in  Fig.  3,  was  not  so  encouraging. 


ST" 


Fig.3  High  temperature  tensile 
property  of  a  Ti-22Al-27Nb 
with  a  lamellar  microstructure. 


Temperature  /  K 


1.3  Refining  prior  B2  grains  to  improve  room  temperature  ductility 

From  the  standpoint  of  material’s  reliability,  Ti-22Ah27Nb  alloy  should  have  an 
excellent  combination  of  creep  property  and  room  temperature  ductility.  As  previously 
mentioned,  the  creep  property  was  the  best  for  the  lamellar  microstructure.  For  the  improved 
room  temperature  tensile  ductility,  it  is  necessary  to  reduce  the  size  of  prior  B2  grain  in  the 
orthorhombic  alloy,  as  is  the  case  for  many  metallic  materials.  The  microstructure 
modification  should,  therefore,  need  to  be  done  in  such  a  way  for  the  alloy  to  have  smaller 
prior  B2  grains  and  a  lamellar  microstructure  within  grains. 

An  attempt  was  made  to  reduce  prior  B2  grains  by  using  spherical  oa  particles  as 
obstacles  against  grain  growth.  The  actual  B2  grain  size  control  was  done  in  the  following 
three  manners. 


(1)  Hot  rolling  in  the  phase  region  and  annealing  in  the  (ai+Bl)  phase  region 

It  was  found  that  the  hot  rolling  of  a  Ti-22Al-27Nb  alloy  in  a  (a2+B2)  two  phase  region 
(1000  to  1070°C)  could  be  easily  done.  The  elongated  ai  phases  formed  after  hot  rolling 
tended  to  become  spherical  during  subsequent  annealing  in  the  (a2+B2)  two  phase  region, 
even  though  the  alloy  was  not  subjected  to  heavy  deformation  during  hot  rolling. 


Fig.4  Distribution  of  the  spherical  ai  phases.  The  material  was  hot  rolled  at  1000°C  and 
annealed  at  1050°C.  (a):  Water  quenched  from  1050°C.  (b):  Slowly  cooled  from  1050°C, 
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Fig.4  shows  the  distribution  of  the  spherical  ai  phases  after  hot  rolling  at  1000°C  and 
subsequent  annealing  at  1050°C  (Fig.4a).  These  uniformly  dispersed  ai  phases  acted  as 
obstacles  against  grain  growth,  and  therefore  fine  B2  grains  ranging  from  10  pm  to  50  pm  in 
diameter  were  obtained.  As  shown  in  Fig.4b,  the  lamellar  microstructure  could  be  formed 
within  these  small  B2  grains  by  slow  cooling  from  the  annealing  temperature. 

(2)  Hot  rolling  in  the  phase  region  and  annealing  in  the  B2  phase  region 

The  resolution  rate  of  these  spherical  ai  phases  was  found  to  be  quite  slow  when  the 
spherical  ai  particles-containing  material  was  heated  in  the  B2  single  phase  region.  Relatively 
fine  B2  grains  could  therefore  be  obtained  due  to  the  pinning  effect  of  these  ai  particles  on 
the  B2  grain  growth.  Fig.5  shows  that  there  is  a  linear  relationship  between  the  average  size  of 
B2  grain  ranging  from  50  pm  to  80  pm  in  diameter  and  the  Larson-Miller  parameter  for  a 
Ti-22Al-27Nb  alloy  which  was  hot-rolled  at  1273  K  (1000°C)  and  subsequently  annealed  in 
the  B2  single  phase  region  with  various  combinations  of  temperature  and  time. 

(3)  Hot  rolling  in  the  B2  phase  region  and  annealing  in  the  B2 phase  region 

During  slow  cooling  after  hot  rolling  in  the  B2  single  region  (e.g.,  1423  K),  a  small 
amount  of  spherical  ai  particles  were  found  to  form.  These  particles  were  therefore  used  to 
control  the  B2  grains  for  the  size  above  80  pm  in  diameter  by  annealing  the  hot-rolled 
material  in  the  B2  single  phase  region,  as  shown  in  Fig.5. 


Heat  Treatment  Parameter  /  (T(K)  X  (20+log  t(h)) 

Fig.5  The  relationship  between  the  average  B2  grain  size  and  the  Larson-Miller  parameter. 
Line  a  and  b:  Material  was  hot-rolled  at  1273  K  and  1423  K,  respectively,  and  annealed 
in  the  B2  single  phase  region  with  various  combinations  of  temperature  and  time. 

Tensile  data  for  a  Ti-22Al-27Nb  alloy  with  smaller  B2  grain  size  of  50  pm  and  a  lamellar 
microstructure  within  the  grains  is  also  included  in  Fig. 3.  It  was  clearly  demonstrated  that  by 
reducing  the  grain  size  from  200  pm  to  50  pm,  an  excellent  combination  of  room  temperature 
tensile  strength  of  1371  MPa  and  elongation  of  7  %  could  be  obtained. 


3.  COMPOSITIONAL  MODIFICATION 

The  compositional  modification  was  aimed  to  improve  tensile  and  creep  strength  at 
temperatures  above  650°C  by  substituting  transition  metal  elements  such  as  W,  Mo  or  V  for  a 
portion  of  Nb  in  a  Ti-22Al-27  Nb  alloy. 
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3.1  Guideline  for  alloy  modification 

The  guideline  governing  the  alloy  modification  is  based  on  the  fact  that  the  total  sum  of 
p  phase  stability  from  each  p-stabilizing  element  in  the  modified  alloy  should  correspond  to  a 
baseline  Ti-22A1  -27Nb  alloy.  This  guideline  suggests  that  the  phase  diagram  for  the  modified 
alloy  need  to  be  equal  or  very  similar  to  that  of  a  baseline  alloy,  and  therefore  the  same  phase 
constitutions  may  be  obtained  with  the  same  heat  treatment  for  both  modified  and  baseline 
alloys. 

Fig.6  shows  the  critical  concentration  of  various  beta  stabilizers  necessary  to  retain  a 
100  %  p  phase  at  room  temperature  for  a  number  of  alloying  elements  in  titanium  [5], 
indicating  that  the  p  phase  stabilizing  ability  becomes  strong  in  the  order  of  Nb,  V,  W,  and  Mo. 
For  example,  Mo  is  Nb  (22.5)  /  Mo  (5.3)  =  4.25  times  stronger  than  that  of  Nb.  Therefore  it  is 
reasonable  to  consider  that  one  atomic  percent  addition  of  Mo  corresponds  to  the  replacement 
of  4.25  atomic  percent  of  Nb.  Similarly,  one  atomic  percent  addition  of  W  corresponds  to  the 
replacement  of  Nb  (22.5)  /  W(6.7)  =  3.36  atomic  percent  of  Nb.  According  to  this  guideline, 
various  modified  alloys  were  newly  composed. 

3.2  Sample  preparation,  heat  treatment  and  density 

The  modified  alloys  and  a  baseline  Ti-22Al-27Nb  alloy  were  prepared  using  a  non¬ 
consumable  electric  arc  furnace.  The  ingots,  which  weighed  200g  each,  were  first  forged  at 
1150°C  in  the  B2  single  phase  region.  These  forged  ingots  were  subjected  to  the  same  BA 
treatment  to  produce  lamellar  microstructure.  The  lamellar  morphology  was  highly  dependent 
on  the  cooling  rate.  Slower  cooling  rate  of  0.03  Kys  resulted  a  coarsely  aligned  side  plate  at 
the  prior  B2  grain  boundaries,  and  similarly  aligned  laths  within  the  grains  (See  Fig.la). 

The  composition  and  density  of  each  modified  alloy  are  shown  in  Table  1 .  The  density  of 
these  modified  alloys  was  in  the  range  of  4.9  to  5.4  g/cm^,  which  are  almost  equal  or 
somewhat  lower  than  that  of  a  Ti-22Al-27Nb  alloy. 


Fig.6  Concentration  of  alloying  elements 
necessary  to  obtain  the  100  %  P  phase 
at  room  temperature. 


3.3  Creep  properties 


Table  1  Compositions  and  density 
of  modified  alloys. 


Alloy 

D  (g/cm3) 

Ti-22AI-27Nb  (0+B2) 

5.4 

Ti-22AI-19Nb-2Mo 

5.1 

Ti-22AI-11Nb-4Mo 

4.9 

Tj-22Al-20Nb-2W 

5.3 

Ti-22AI-14Nb-4W 

5.4 

TI-22AI-24Nb-2V 

5.3 

TI-22AI-21Nb-4V 

5.2 

Fig.7  shows  the  creep  curves  of  modified  alloys  and  a  Ti-22Al-27Nb  alloy.  A  creep  test 
was  conducted  at  650°C  at  an  applied  stress  of  310  MPa.  It  was  demonstrated  that  the 
Ti-22Al-20Nb-2W  alloy  exhibited  a  marked  decrease  in  a  primary  creep  strain  as  well  as 
steady  state  creep  rate  as  compared  to  those  of  other  modified  alloys  and  a  baseline  alloy. 
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3.4  High  temperature  tensile  properties 

The  0.2  %  yield  stress  of  W-modified  Ti-22Al-20Nb-2W  alloy  was  compared  with  that 
of  a  Ti-22Al-27Nb  alloy,  and  represented  in  Fig. 8.  Since  the  yield  strength  of  these  two  alloys 
changed  depending  on  the  alloy’s  lamellar  morphology,  yield  strength  data  were  depicted  as  a 
scatter-band.  In  this  scatter-band,  a  coarser  lamellar  morphology  resulting  from  the  slower 
cooling  rate  corresponded  to  the  lower  boundary  whereas  a  finer  lamellar  morphology 
resulting  from  the  faster  cooling  rate  exhibited  the  highest  yield  strength. 

It  is  obvious  that  the  critical  temperature  above  which  the  yield  stress  began  to  decrease 
rapidly  is  100°C  higher  in  a  Ti-22Al-20Nb-2W  alloy  than  in  a  Ti-22Al-27Nb  alloy. 


Fig. 7  Creep  property  of  modified  alloys  Fig.8  The  0.2  %  yield  stress  of  W-modificd 
with  lamellar  micro  structure.  Ti-22Al-20Nb-2W  alloy. 

4.  CONCLUSION 

A  Ti-22Al-27Nb  alloy  with  prior  B2  grain  size  ranging  from  10  pm  to  200  pm  were 
successfully  obtained  by  using  spherical  a2  particles  as  obstacles  against  grain  growth.  An 
alloy  with  B2  grain  size  of  50  pm  and  a  lamellar  microstructure  within  the  grains  exhibited 
higher  tensile  strength  (1371  MPa)  and  elongation  (7%)  at  room  temperature. 

Substitution  of  2  %W  for  7  %Nb  in  a  Ti-22Al-27Nb  was  quite  effective  in  increasing 
tensile  strength  at  temperatures  above  650°C.  This  substitution  was  also  effective  in  reducing 
the  steady  state  creep  rate  and  primary  creep  strain. 
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ABSTRACT 

The  effect  of  a  large  amount  of  B  addition  to  Fe-40at%Al  intermetallic  alloy  on  microstructure 
and  mechanical  properties  was  investigated.  The  alloys  with  or  without  B  were  cast,  hot  extruded, 
homogenized  and  subsequently  vacancy  annealed  at  400°C  for  7  days.  The  micro  structure  consisted 
of  FeAl  matrix  with  B2  structure  and  Fe2B  borides  with  tetragonal  structure  along  grain  boundaries. 
Neutron  irradiation  was  employed  for  the  analysis  of  B  atoms  and  borides  distribution.  Tensile 
properties  at  room  temperature  in  air  were  determined  under  the  initial  strain  rate  of  IxlO^'^s'^  and 
1x1  O^s'^  For  a  given  strain  rate.  The  alloys  with  B  demonstrated  improved  ductility  over  the  alloy 
without  B.  Especially,  The  Fe-40at%Al-i.21at%B  alloy  exhibited  the  elongation  of  16.4%  under  the 
strain  rate  of  lxl0^s’\  The  addition  of  a  large  amount  of  B  resulted  in  grain  refinement  and  changed 
the  fracture  mode  from  intergranular  to  transgranular  to  increase  the  ductility. 

1.  INTRODUCTION 

The  FeAl  intermetallic  compound  has  many  attractive  properties  such  as  low  density,  excellent 
oxidation  and  corrosion  resistance,  and  high  temperature  strength.  However,  it  is  lacking  in  room 
temperature  ductility  even  though  FeAl  has  more  than  the  five  independent  slip  systems  [1].  It  has 
been  reported  that  the  main  causes  for  low  ductility  in  FeAl  are  grain  boundary  brittleness  [2, 3, 4,5], 
hydrogen  embrittlement  [3,4,5,6,7]  and  excess  vacancies  [5,8,9,10,11].  Previous  research  [12]  found 
that  a  large  amount  of  B  addition  (1.21%)  to  Fe-40A1  (all  composition  are  in  at.  %)  could  improve 
the  elongation  to  8.1%  at  room  temperature  in  air. 

This  research  intended  to  investigate  the  distribution  of  B  atoms  and  borides  to  find  the  effect  of 
high  B  content  on  the  microstructure  and  mechanical  properties  of  Fe-40A1. 

2.  EXPERIMENTAL  PROCEDURES 

The  alloys  with  the  nominal  compositions  were  prepared  by  vacuum  induction  melting  from  high 
purity  Fe,  A1  and  granular  B.  Alloy  designation  and  its  nominal  compositions  are  shown  in  Table  1. 
The  alloy  ingots  were  first  homogenized  at  lOOOjC  for  1  hr  and  then  clad  in  low  carbon  steel  sheet 
in  vacuum  atmosphere  and  hot  extruded  at  1100°C  with  an  extrusion  ratio  of  16:1.  The  alloys  were 
again  held  at  1000°C  for  1  hr  homogenization  heat-treatment  and  subsequently  annealed  at  400"C 
for  7  days  to  reduce  the  excess  vacancies.  It  has  been  reported  [11]  that  vacancies  can  be  reduced  by 
furnace  cooling  [10]  followed  by  vacancy  annealing  at  low  temperature  for  a  long  time  [8]  in  spite 
that  vacancies  are  difficult  to  remove  due  to  low  vacancy  formation  energy  and  high  vacancy 
migration  energy  in  FeAl  intermetallic  alloy.  The  distribution  of  B  atoms  in  the  alloys  was  identified 
by  neutron  beam  irradiation  in  Korea  Atomic  Energy  Research  Institute.  The  CBED  (convergent 
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beam  electron  diffraction)  method  was  used  to  analyze  the  structure  of  borides  in  the  annealed 
specimens.  The  tensile  properties  were  measured  at  room  temperature  in  air  under  the  constant 
initial  strain  rate  of  1x1 0'V'  and  IxloV^ 

3.  RESULTS  AND  DISCUSSION 

The  extra  peaks  at  20  values  of  3f  and  55°  due  to  superlattice  of  FeAl  alloy  were  observed  in  the 
X-ray  diffraction  of  the  hot  extruded  alloy  (Fig.  1). 

Fig.  3  is  the  optical  microstructures  of  the  vacancy  annealed  alloys,  which  shows  the  decreased 
grain  size  with  increasing  B  content.  The  grain  sizes  of  the  alloys  without  B  (FA)  and  with  0.4 IB 
(FA-0. IB)  were  310  pm  and  60  pm,  respectively,  and  these  with  1.2 IB  (FA-0.3B)  and  1.6 IB  (FA- 
0.4B)  were  similar  to  be  about  30-35  pm.  It  is  reported  that  the  B  addition  refines  the  grains  slightly 
[4,13].  Coarse  borides  along  grain  boundaries  hinder  the  dynamic  recrystallization  grain  growth 
during  hot  extrusion. 

Image  contrast  in  Fig.  4  is  determined  by  the  amount  of  B  contents  exposed  to  neutron  beam. 
Both  interstitial  B  atoms  and  coarse  borides  were  seen  in  the  Fe-O.IB  and  FA-0.4B  alloys  (Fig.  4  (b), 
(c)).  The  B  atoms  were  segregated  along  grain  boundaries  (Fig.  4  (a))  and  the  borides  in  FA-0.4B 
alloy  were  coarser  and  more  densely  distributed  than  those  in  the  FA-O.IB  alloy.  According  to  the 
previous  analysis  by  SIMS  (secondary  ion  mass  spectroscopy),  the  solubility  of  B  in  FeAl  is  less 
than  80  wppm  [13].  The  excess  B  atoms  are  reported  to  segregate  to  grain  boundaries  [3,9].  From 
the  structure  analysis  of  these  borides  by  CBED  method,  it  was  found  that  the  borides  were  Fe2B 
with  tetragonal  structure  (a=5.1103A,  c=4.2494A),  which  agreed  well  with  previously  published 
result  [7,14]. 

The  microhardness  increased  with  B  content  in  the  vacancy  annealed  alloys  as  shown  in  Fig.  2. 
However,  the  decreasing  rate  of  hardness  by  vacancy  annealing  was  steeper  in  FA  alloy  than  in  the 
alloys  with  B,  which  implies  that  interstitial  B  atoms  suppress  the  mobility  of  vacancies.  Deevi  et  al 
[8]  also  observed  that  the  strength  of  the  FeAl  without  B  decreased  after  vacancy  annealing  and 
suggested  that  the  strength  of  the  FeAl  with  B  were  insensitive  to  vacaney  annealing  as  the  alloy 
without  B. 

Results  of  tensile  test  under  the  initial  strain  rate  of  IxlO'^^s'^  and  IxloV’  are  given  in  Table  2. 
The  alloys  with  B  exhibited  not  only  higher  strength  but  also  higher  elongation  in  both  strain  rates. 
It  is  noticed  that  both  strength  and  elongation  increased  as  the  strain  rate  increased.  By  increasing 
the  strain  rate  10^  times,  the  elongation  increased  by  4.5%  in  the  FA  alloy  while  by  10%  in  the 
alloys  with  B.  Especially,  the  FA-0.3B  alloy  showed  the  elongation  as  high  as  16.4%  with  the  tensile 
strength  of  880  MPa.  Pike  and  Liu  [5]  attributed  the  decreased  elongation  at  slower  strain  rate  to  the 
time-dependent  hydrogen  embrittlement  in  the  Fe-40A1  alloy.  George  et  al  [15]  reported  that 
interstitial  B  atoms  prevented  or  slowed  down  the  diffusion  of  hydrogen  atoms  in  Ni3Al  alloy.  Baker 
et  al  [9]  observed  that  the  increase  of  elongation  by  increased  strain  rate  was  higher  in  the  Fe-45A1 
alloy  with  B  than  in  the  alloy  without  B. 

The  fracture  surfaees  of  the  specimens  fractured  under  different  stain  rates  are  shown  in  Fig.  5 
and  Fig.  6.  When  the  strain  rate  was  lxl0‘V\  the  alloy  without  B  showed  the  complete 
intergranular  fracture  while  the  alloys  with  B  showed  the  transgranular  fracture.  The  fracture  mode 
did  not  change  in  FA,  FA-0.3B  and  FA-0.4B  alloy  by  increasing  the  strain  rate  to  IxlO^s'*  except 
that  in  the  FA-O.IB  alloy  showed  the  mixed  fracture  surface.  This  result  indicates  that  the  B  content 
higher  than  0.41  is  needed  to  strengthen  grain  boundaries  under  the  strain  rate  of  1x10  s'  . 
Considering  that  the  borides  became  coarser  and  distributed  more  densely  along  the  grain 
boundaries  (Fig.  3,  4)  and  showed  transgranular  fracture  surface  as  B  content  increased,  it  is  evident 
that  borides  strengthen  grain  boundaries.  However,  grain  boundary  strengthening  did  not  always 
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increase  the  elongation.  Research  on  the  role  of  borides  in  Fe-40A1  alloy  has  been  seldom  published. 
Pang  et  al  [16]  observed  that  lath  perovskite  carbides  inside  grains  and  along  grain  boundaries 
increased  the  elongation  in  Fe-40A1-0.6C  alloy.  They  suggested  that  carbides  could  influence  the 
characteristics  of  crack  path  grain  boundaries  and  that  the  carbide  interface  trap  the  diffusing 
hydrogen  atoms.  It  is  thought  that  similar  mechanism  might  be  applied  to  borides  in  present  alloys. 

4.  CONCLUSION 

1 .  High  content  of  B  resulted  in  grain  refinement  due  to  coarse  borides  along  grain  boundaries. 

2.  The  interstitial  B  atoms  suppress  the  mobility  of  vacancies, 

3.  The  alloys  with  B  exhibited  not  only  higher  strength  but  also  better  elongation  than  the  one 
without  B.  Especially,  the  Fe-40A1-1,21B  alloy  showed  16.4%  elongation  at  the  strain  rate  of 
lxl0V\ 
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TABLE  1 

Specimen  designation  and  its  nominal  composition  (at%) 


Fe 

Al 

B 

FA 

Bal 

40 

0 

FA-0.  IB 

Bal. 

40 

0.41 

FA-0.3B 

Bal. 

40 

1,21 

FA-0.4B 

Bal 

40 

1.61 
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TABLE  2 

The  tensile  properties  of  experimental  alloys  as  a  function  of  strain  rate 


strain  rate 

1  X  lO"" 

1  X  10^ 

Frac.  Mode 

Frac.  Mode 

FA 

4.9 

412.8 

IG 

9.4 

456.7 

IG 

FA-0.  IB 

6.2 

546.8 

TG 

16.4 

788.8 

TG/IG 

FA-0.3B 

6.1 

676.8 

TG 

16.4 

880.1 

TG 

FA-0.4B 

5.5 

664.7 

TG 

13.4 

856.5 

TG 

*IG  -  intergranular,  TG  -  transgranular,  TG/IG  -  mixed  transgranular  and  intergranular 


Fig.  1  X-ray  diffraction  pattern  of  hot  extruded  FA 


2nd  homogeniged  heat  treatment  vacancy  annealing 


Fig.  2  Microhardness  value  of  the  2"*^  homogenized 
and  vacancy  annealed  specimens 
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(c)  (d) 

Fig.  5  Scanning  electron  micrograghs  of  fracture  surfaces  (strain  rate  lO’"*) 
(a)  FA  (b)  FA-0.1  B 

(c)  FA-0.3B  (d)  FA-0.4B 


(c)  (d) 


Fig.  6  Scanning  electron  micrograghs  of  fracture  surfaces  (strain  rate  10^) 
(a)  FA  (b)  FA-0.1  B 

(c)  FA-0.3B  (d)  FA-0.4B 
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ABSTRACT 

The  feasibility  of  combining  self-propagating  high-temperature  synthesis(SHS)  with  vacuum 
plasma  spraying  to  produce  near  full  density  structural  nickel  aluminides  has  been 
demonstrated.  A  dual  phase  nickel  aluminide  consisting  of  a  lamellar  Ni3Al  and  NisAl/NiAl 
microstructure  with  <5V%  residual  nickel  and  2-3%  porosity  has  been  repeatedly  produced. 
Control  of  the  exothermic  SHS  reaction  is  critical  in  order  to  obtain  complete  conversion  of 
the  elemental  powders  and  near  full  density  deposits.  Vacuum  plasma  spraying  is  used  to 
initiate  the  exothermic  reaction  as  well  as  simultaneously  densify  and  form  the  synthesized 
material. 


1.  INTRODUCTION 

The  demand  for  increased  thrust  to  weight  ratios  and  higher  operating  temperatures  for  gas 
turbine  engines  has  lead  to  consideration  of  intermetallic  materials  as  matrices  for  high 
temperature  structural  applications.  Nickel  aluminides,  i.e.  NiAl  and  NisAl,  have  been  the 
focus  of  many  investigations  considering  these  materials  as  alternatives  to  nickel  based 
superalloys  currently  used  in  gas  turbine  engines.  The  nickel  aluminides  have  lower  densities 
and  therefore,  have  the  potential  of  improved  strength  to  weight  ratios  over  nickel  based 
superalloys.  However,  monolithic  nickel  aluminides  are  difficult  and  costly  to  process  via 
conventional  methods  due  to  their  inherently  low  room  temperature  ductility  and  high  melting 
temperature.  Therefore,  before  nickel  aluminides  can  be  used  as  high  temperature  structural 
materials  a  cost  effective  way  of  producing  near  net  shape,  full  density,  ductile  materials  in 
large  quantities  must  be  developed. 

Self-propagating  high-temperature  synthesis(SHS)  has  been  shown  to  be  an  effective, 
simple,  low  energy  input  and  therefore,  low  cost  method  of  producing  high  purity 
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intermetallics  and  intermetallic  matrix  composites.  Low  cost  raw  materials  can  be  utilized 
since  impurities  are  often  volatilezed  at  the  high  temperatures  obtained  during  processing. 
The  geometries  typically  produced  by  SHS  reactions  are  relatively  simple  and  may  require 
considerable  machining  to  obtain  a  useful  structural  component. 

Vacuum  plasma  spraying(VPS)  is  a  thermal  spray  process  capable  of  producing  near  full 
density  deposits  of  metallic  and  ceramic  materials.  VPS  has  been  used  extensively  in  the 
aerospace  industry  both  as  a  coating  process  and  spray  forming  process.  Near  net  shapes  with 
densities  >98%  can  be  produced,  and  the  capability  of  producing  free  standing  bodies  of  NiAl 
has  been  demonstrated[l]. 

Dual  phase  nickel  aluminides(Ni3Al/NiAl)  are  an  attractive  candidate  as  matrix  materials 
for  intermetallic  matrix  composites.  Monolithic  nickel  aluminides  are  hindered  either  by  low 
room  temperature  ductility  (NiAl)  or  high  temperature  embrittlement  and  relatively  high 
density  (Ni3Al). 

The  goal  of  this  investigation  is  to  demonstrate  the  feasibility  of  combining  vacuum  plasma 
spraying  with  self-propagating  high-temperature  synthesis  to  produce  full  density,  high 
temperature,  structural  intermetallic  materials.  Through  process  development  and  material 
characterization  an  understanding  of  the  effects  of  processing  eonditions  on  the  reaction 
mechanisms  and  microstructural  development  will  be  obtained. 


2.  EXPERIMENTAL  PROCEDURE 

2.1  Processing 

2.1.1  Raw  materials 

Powders  were  selected  primarily  on  their  flow  characteristics  which  will  determine  how 
well  they  can  be  fed  into  the  plasma  torch.  Typical  vacuum  plasma  spray  feeders  are  capable 
of  effectively  feeding  powders  >10/ini[2].  Irregular  or  spherical  powders  may  be  used 
provided  they  flow  well.  Nickel  powders  was  obtained  from  Novamet  Specialty  Powder  Corp.. 
It  is  produced  by  thermal  decomposition  of  nickel  carbonyl  which  results  in  a  spherical 
powder.  The  powder  was  screened  to  ^OOmesh  and  the  mass  mean  particle  size,  d5o%, 
detennined  by  microtrac  was  9.5/ini.  The  aluminum  powder  was  obtained  from  Valimet,  Inc. 
and  is  an  atomized  powder  with  a  mass  mean  particle  size  of  65/im(microtrac).  XFORM,  Inc. 
provide  the  NiAl  powder  used  as  diluent.  This  powder  was  produced  by  mechanically 
alloying  Ni  and  A1  powders  and  allowing  an  SHS  reaction  to  completely  convert  the 
elementals  to  NiAl.  The  mass  mean  particle  size  determined  by  microtrac  analysis  was  Him, 
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The  amount  of  each  powder  needed  to  produce  the  proper  composition  was  placed  in  a  twin 
shell  V  blender  for  12-24  hrs  to  obtain  uniform  mixing  of  the  powders.  Initial  blends 
consisted  of  elemental  Ni  and  A1  at  a  composition  of  Ni-54at%Al.  This  composition  was  used 
to  compensate  for  expected  A1  loss  during  spraying  in  order  to  obtain  a  Ni-50at%Al  final 
composition.  Later  blends  reduced  the  amount  of  elemental  A1  to  50at%  and  added  20V% 
NiAl. 

2.1.2  Vacuum  plasma  spraying 

The  powder  blends  were  vacuum  plasma  sprayed  according  to  the  parameters  listed  in 
Table  3.1.  The  spray  chamber  was  evacuated  to  200-300x10'^  Torr  and  then  backfilled  with 
argon  to  200  Torr.  Upstream  powder  injection  was  utilized  and  a  schematic  of  a  VPS  chamber 
is  shown  in  Fig.  3.1.  Deposits  approximately  3”  long,  1”  wide,  and  1/2”  high  were  eventually 
produced.  All  characterization  was  conducted  on  as  sprayed  material. 

2.1.3  Material  characterization 

Bulk  samples  were  sectioned  and  subjected  to  x-ray  diffraction  to  determine  the  phases 
present.  A  Cu  x-ray  source  was  used  and  phases  were  determined  by  matching  peak 
intensities  to  the  corresponding  2©  angles  for  a  30-90°  scan.  Cross  section  of  the  bulk 
deposits  were  mounted  either  in  epoxy  or  bakelite,  polished,  and  examined  with  a  light  optical 
microscope.  The  scanning  electron  microscope(SEM)  operated  in  backscattered  mode  was 
very  good  at  revealing  the  variation  in  composition  throughout  the  deposit.  Quantitative 
energy  dispersive  spectroscopy(EDS)  of  the  polished  surfaces  was  conducted  in  the  SEM  to 
determine  bulk  composition  as  well  as  the  composition  of  each  phase. 


Table  3.1  VPS  spray  parameters 


Plasma  Gun 

EPI03CA 

Arc  Gas 

Ar-66SLM 

He-28SLM 

Voltage 

37  Volts 

Current 

1000  Amps 

Carrier  Gas  Flow  Rate  Ar- 1 4SLM 

Powder  Feed  Rate 

6.6  kg/hr 

Spray  Distance 

6” 

Atmosphere 

200  Torr 

pumping 


Fig.  3.1  Schematic  of  typical  vacuum 
plasma  spray  chamber [3] 
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3.  RESULTS  AND  DISCUSSION 


3.1  Laminated  nickel  aluminide 

3.1.1  Reaction  sequence 

The  exothermicity  of  the  reaction  can  be  tailored  by  adding  either  diluents  to  lower  AHr  or 
by  adding  more  exothermic  reactants  to  increase  AHr[4].  Therefore,  to  control  the  Ni-Al 
reaction  20V%  NiAl  was  added  to  a  Ni“50at%Al  mixture  thereby  lowering  the  overall  heat  of 
combustion.  The  aluminum  content  was  reduced  from  54at%  to  50at%  since  aluminum  rich 
phases  such  as  NiAb  and  Ni2Al3  were  found  after  the  thermal  explosion  reactions.  The  anode 
was  also  changed  to  an  EPI#170  which  produces  a  narrower  spray  pattern  than  the  EPI#93 
and  should  reduce  the  amount  of  particle  segregation  within  plasma.  The  diluted  blend  was 
vacuum  plasma  sprayed  with  the  same  parameters  as  before  except  for  substrate  cooling.  The 
substrate  was  placed  on  a  water  cooled  chill  block  without  any  water  flowing  through  it,  and 
the  entire  assembly  was  repeatedly  traversed  a  distance  of  4.6cm  at  a  speed  of  6cm/sec  during 
spraying. 

EDS  microprobe  measurements  of  the  cross  section  were  used  in  conjunction  with  the  Ni¬ 
Al  binary  phase  diagram  to  determine  the  phases  present.  A  typical  microstructure  produced 
from  the  Ni-Al-NiAl  blend  found  in  the  center  of  the  deposit  is  shown  in  Fig.  4.10.  The 
microstructure  in  the  center  of  the  deposit  consists  of  laminated  layers  of  Ni3Al(74-77at%  Ni) 
adjacent  to  layers  of  a  NiAl/  Ni3Al(60-66at%  Ni)  mixture.  XRD  indicates  that  the  center  of 
the  deposit  is  NiAl  and  Ni3Al  (Fig.  4.12).  which  further  indicates  that  the  amount  of  nickel  in 
the  deposit  is  below  the  detection  limit  of  X-ray  diffraction(<5V%)[5].  The  layered  structure 
is  typical  of  thennal  spray  deposits  and  results  from  the  repeated  traversing  of  the  substrate 
during  spraying.  Quantitative  EDS  of  the  region  shown  in  Fig.  4.10  indicates  that  the  bulk 
composition  is  67at%Ni±2at%. 


Fig.  4.10  Backscattered  electron  image  of  laminated  Ni3Al/  NiAl  microstrueture 
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Fig.  4.12  X-ray  diffraction  pattern 


To  obtain  complete  conversion  a  substantial  amount  of  preheating  was  needed  which  lead 
to  thermal  explosion  and  self  destruction  of  the  deposit.  Attempts  at  cooling  the  deposit  either 
with  inert  gas  or  a  water  cooled  substrate  were  unsuccessful.  Therefore,  20V%NiAl  was 
added  to  the  Ni-50at%Al  blend  to  reduce  the  exothermicity  of  the  reaction.  The  addition  of 
20V%NiAl  has  decreased  the  violence  of  the  exothermic  reaction  between  Ni  and  Al,  and  the 
initial  temperature  can  now  be  raised  sufficiently  high  enough  to  ensure  complete  conversion 
of  the  reactants.  The  ability  to  raise  the  temperature  of  the  deposit  also  allows  a  liquid  phase 
to  be  formed  at  the  substrate.  A  continuous  network  of  liquid  is  necessary  for  complete 
conversion  of  the  elementals  and  as  will  be  discussed  below  it  is  also  necessary  for 
densification  of  the  deposit. 

3.1.2  Densification 

SHS  theory  tells  us  that  a  transient  liquid  phase  is  necessary  for  densification  to  occur.  In 
the  previous  section  it  was  noted  that  densification  did  not  occur  due  to  the  lack  of  this 
transient  liquid  phase.  In  order  to  obtain  dense  VPS  deposits  incoming  particles  must  be 
molten[6,7]  and  as  the  substrate  temperature  increases  the  porosity  level  decreases[7,8]. 
Therefore,  if  the  temperature  of  the  substrate  is  raised  to  the  point  where  the  surface  is 
partially  molten,  as  in  our  case,  densification  should  occur  more  readily  due  to 
easier  ’’hammering  down”  and  increased  liquid  flow  into  pores.  Addition  of  20V%NiAl 
therefore,  serves  two  functions;  1)  it  reduces  the  overall  exothermicity  of  the  reaction 
preventing  explosive  SHS  from  occurring  in  the  extreme  environment  of  the  plasma  jet,  2)  it 
enables  the  overall  temperature  of  the  substrate  and  deposit  to  be  raised  ensuring  the  presence 
of  a  transient  liquid  phase  which  facilitates  densification. 
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4.  FINALLY 


The  feasibility  of  combining  self-propagating  high-temperature  synthesis(SHS)  with 
vacuum  plasma  spraying  to  produce  near  full  density  structural  nickel  aluminides  has  been 
demonstrated.  A  nickel  aluminide  material  consisting  of  laminated  layers  of  Ni3Al  and  a 
mixture  of  NisAl/NiA!  with  <5V%  residual  nickel  and  2-3%  porosity(by  area)  has  been 
repeatedly  produced.  The  center  of  the  deposits  have  an  average  bulk  composition  of  69at%Ni. 

Control  of  the  exothermic  reaction  diluting  with  product  phase  (NiAl)  to  reduce  the  overall 
exothermicity  of  the  reaction  and  thermal  management  of  the  substrate  is  critical  in  order  to 
obtain  near  full  conversion  of  the  elementals  as  well  as  near  full  density  deposits. 


REFERENCES 

1.  A.Giebel,  P.Verstreken,  L.Delaey,  L.Froyen,  Thermal  Spray;  International  Advances  in 
Coating  Technology,  ed.  C.Bemdt,  ASM  Intl.(1992),  pp.363-368. 

2.  R.Knight,  Personal  Communication,  Dept.  Mater.  Engr.,  Drexel  Univ.,  Philadephia,  PA, 
Sept.(1993). 

3.  J.Heberlein,  “Introduction  to  Vacuum  Plasma  Spraying  Shortcourse,”  Huntsville,  Alabama, 
Dec.(1991). 

4.  J.Subrahmanyamanam,  M.Vijayakumar,  J.  Mater.  Sci.,  27(1992),  pp.1-25. 

5.  M.J.  Koczak,  Personal  Communication,  Dept.  Mater.  Engr.,  Drexel  Univ.,  Philiadelphia,  PA, 
Sept.(1993). 

6.  B.Champagne,  S.Dallaire,  Thermal  Spray: Advances  in  Coatings  Technology,  ed.  D.L. 
Houek,  ASM  Intl.(1988),  pp.25-33. 

7.  H.Liu,  E.J,  Lavemia,  R.H.  Rangel,  E.  Miihlberger,  A.Sickinger,  1994  Thermal  Spray 
Industrial  Applications,  eds.  C.C.  Bemdt,  S.  Sampath,  ASM  Intl.(1994),  pp.375-380. 

8.  D.J.  Varacalle,  Jr.,  R.A.  Neiser,  M.F.  Smith,  Thermal  Spray:  International  Advances  in 
Coatings  Technology,  ASM  Inti. (1992),  pp.  781-785. 


834 


Session  IX 

COMPOSITE  MATERIALS 


METHODOLOGIES  TO  DESIGN  THE  INTERFACES  IN 

SiC/AI  COMPOSITES 

Jae-Chul  Lee 

Div.  of  Materials  Science  and  Engineering,  Korea  Institute  of  Science  and  Technology  (KIST) 
RO.  Box  131,  Cheongryang,  Seoul,  Korea  136-132  (jclee@kistre.kr) 

ABSTRACT 

Methodologies  to  control  interfacial  microstructures,  while  suppressing  formation  of  AI4C3  in 
A1  alloy  composites  reinforced  with  SiC,  were  demonstrated.  Thermodynamic  calculations 
were  carried  out  to  elucidate  how  one  can  select  process  parameters  in  terms  of  alloy 
composition  and  fabrication  temperature  to  obtain  intended  interfaces.  Experimental 
verifications  were  conducted  using  SEM  and  TEM  to  validate  calculated  results.  The  reaction 
mechanisms  for  forming  various  interfaces  were  identified  both  theoretically  and 
experimentally.  Evaluations  of  the  interfacial  bonding  strengths  and  interfacial  stability  at 
elevated  temperatures  were  also  carried  out  for  various  interface  types. 

Keywords  :  SiC/Al  composite,  Interface  design,  Passive  oxidation 

1.  INTRODUCTION 

In  SiC/Al  composites,  a  direct  reaction  between  A1  and  SiC  can  occur  during  the  fabrication 
stage  to  form  AI4C3  and  Si  according  to  the  reaction  given  by 

4Al  (in  A1  alloy)  +  3SiC  -^AUCs  +  3  Si  (in  Al  alloy)  (1) 

In  the  presence  of  AI4C3  as  in  Fig.l,  such  composites  can  be  very  susceptible  in  a  moist 
environment  to  accelerated  fatigue  crack  growth,  due  to  the  hydrophilic  nature  of  AI4C3  [1], 
Therefore,  the  interfacial  reaction  in  SiC/Al  composites  should  be  avoided  both  during  the 
fabrication  and  subsequent  forming  stages. 

Among  the  various  methods  proven  to  be  effective  in  preventing  the  interfacial  reaction  is 
the  Si  addition  into  various  Al  matrices.  This  method  has  been  employed  widely  to  produce 
SiC/Al  composites  [2-5].  The  principle  behind  this  methodology  is  based  on  thermodynamics. 
According  to  the  Le  Chatelier’s  principle,  the  interfacial  reaction  can  be  avoided  by  simply 
dissolving  equilibrium  amounts  of  Si  into  the  matrices  of  composites.  One  processing 
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technique  based  on  this  method  is  the  melt-stir  cast  (or  compocast).  This  method,  due  to  its 
simplicity  and  economy  for  the  actual  processing,  has  been  adopted  for  producing  most 
commercial  SiC/Al  composites.  A  major  drawback  of  this  process  is  that  it  can  be  applied 
only  to  certain  composite  systems,  where  prolonged  contact  at  elevated  temperatures  does  not 
degrade  SiC.  These  composites,  therefore,  usually  contain  10-12%  of  Si  to  avoid  the 
interfacial  reaction.  This  limits  applications  of  resultant  composites  for  casting. 


Fig.l  AI4C3  crystals  formed  on  the  surface  of 
the  SiC  particle,  which  was  extracted  from  the 
Duralcan  SiC/6061  A1  composite 


Another  alternative  to  avoid  the  formation  of  AI4C3  is  the  passive  oxidation  of  SiC 
combined  with  matrix  modification.  When  SiC  is  exposed  at  temperatures  above  800”C  in  air, 
SiC  begins  to  be  oxidized  to  form  a  thin  Si02  layer  on  its  surface.  The  Si02  layer  formed  as  a 
result  of  the  passive  oxidation  not  only  could  be  effective  for  prohibiting  a  direct  contact 
between  SiC  and  the  matrix,  but  also  acts  as  the  reactant  required  to  form  a  stable  interface 
serving  as  a  protective  barrier.  The  objective  of  the  present  work  is  to  study  a  methodology  to 
tailor  the  interfacial  characteristics  in  SiC/Al  composites  by  controlling  their  interfacial 
microstructures.  Thermodynamics  were  employed  to  elucidate  how  one  can  select  process 
parameters  to  obtain  intended  interfaces.  Experimental  verifications  were  made  to  validate 
calculations.  Measurement  of  the  interfacial  bonding  strengths  and  assessment  of  interfacial 
stability  at  elevated  temperature  were  also  carried  out  for  various  interfaces. 


2.  THERMODYNAMICS 


2.1  Calculation  of  the  equilibrium  Si  contents 

Considering  eq.  1,  the  interfacial  reaction  in  SiC/Al  composites  can  be  avoided  either  by 
adding  an  adequate  amount  of  Si  or  processing  composites  at  the  lowest  possible  temperatures. 
The  question  then  are  how  much  Si  is  required  to  avoid  the  interfacial  reaction  and,  under  a 
given  Si  content,  what  temperature  range  is  appropriate  for  the  composite  forming?  In  this 
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section,  possible  suggestions  are  proposed  on  the  basis  of  theoretical  and  experimental 
analyses. 

Although  procedures  to  calculate  equilibrium  Si  contents  differ  slightly  depending  on 
whether  the  reaction  occurs  in  the  liquid  or  solid  state,  equilibrium  Si  contents  at  a  given 
temperature  and  alloy  system  can  be  calculated  using  the  free  energy  change  associated  with 
eq.  1 .  In  this  study,  equilibrium  Si  contents  were  calculated  for  liquid,  solid,  and  semi-solid 
regions  by  incorporating  simultaneous  variations  in  A1  and  Si  activities  as  well  as  Gibbs  free 
energy  changes  associated  with  the  formation  of  other  compounds.  All  calculations  were 
made  by  assuming  the  crystallographic  structure  of  the  reinforcing  phase  to  be  a-SiC(6H) 
rather  than  P-SiC(3C).  Since  the  basic  schemes  and  thermodynamic  data  used  for  calculations 
are  reported  elsewhere  [6-8],  only  calculated  results  are  presented  and  discussed  here. 

Equilibrium  Si  contents  were  also  measured  experimentally  to  confirm  the  calculated 
results :  The  amount  of  the  elemental  Si  formed  as  a  result  of  the  interfacial  reaction  increases 
with  increasing  holding  temperature  and  time,  resulting  in  decrease  in  the  liquidus 
temperature  of  the  composite.  Therefore,  measurement  of  the  liquidus  temperature  can  be 
used  as  a  means  for  measuring  the  Si  content.  The  measured  liquidus  temperatures  were  then 
converted  into  the  Si  contents.  Detailed  experimental  procedures  for  measuring  the 
equilibrium  Si  contents  are  discussed  elsewhere  [6,8].  The  matrix  alloy  considered  in  this 
study  was  2014A1. 

Calculations  of  equilibrium  Si  content  in  the  SiC/2014Al  composite  based  on  eq.l  require 
activity  values  for  A1  and  Si  in  the  2014A1  alloy.  However,  calculations  of  the  equilibrium  Si 
content  based  on  eq.l  are  not  possible,  since  activity  values  for  A1  and  Si  in  this 
multicomponent  system  are  not  known.  Therefore,  the  2014A1  alloy  was  simplified  as  a  Al- 
0.94Si-4.5Cu  ternary  alloy,  assuming  that  minor  alloying  elements,  such  as  Mg,  Fe,  Mn,  etc. 
within  the  alloy  would  not  have  a  significant  effect  on  the  activities  of  A1  and  Si.  Such  an 
assumption  may  obscure  phase  equilibria  at  low  temperatures,  especially  prediction  of 
precipitates.  Nevertheless,  it  is  considered  to  be  reasonable  enough  for  predicting  phase 
equilibria  in  the  liquid  and  the  semi-solid  state,  since  phase  equilibria  concerned  in  this  study 
are  not  influenced  significantly  due  to  the  ignorance  of  minor  alloying  elements,  such  as  Mg, 
Mn,  and  Zn. 

Fig.2  is  the  graphical  illustration  of  the  calculated  and  experimentally  determined  Si 
contents  plotted  on  the  Al-4.5Cu-xSi  phase  diagram.  Although  the  general  trend  was  similar 
to  that  in  the  SiC/Al-Si  composite,  the  transition  temperature  was  located  near  600°C,  which 
is  not  only  lower  than  that  of  the  SiC/Al-Si  composite,  but  also  is  not  as  clear.  The  indistinct 
transition  temperature  is  due  to  the  fact  that  tie  lines  between  the  a-Al  and  the  ternary  liquid 
vary  with  varying  temperature. 
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Fig. 2  Equilibrium  Si  content  profiles  in  the 
SiC/2014Al  composite.  The  profiles  are 
superposed  with  phase  diagrams 
corresponding  to  those  of  the  matrix  alloys 


2.2  Design  of  the  interfaces 
2.2.1  Model  formulation 

When  SiC  is  exposed  at  temperatures  above  800°C  in  air,  SiC  reacts  with  oxygen  to  form  a 
Si02  layer  on  the  surface  of  SiC  according  to  the  reaction  given  by  eq.  (2). 

SiC  +  3/2  O2  Si02  +  C0(C02)  (2) 

If  A1  alloy  composites  reinforced  with  oxidized  SiC  particles  (SiCox/Al  composites)  are  held 
at  sufficiently  high  temperatures,  Si02  thin  layers  enveloping  SiC  particles  in  A1  alloy 
matrices  tend  to  transform  into  more  stable  oxide  layers  by  reacting  with  A1  and  Mg  dissolved 
in  the  matrices.  This  is  because,  from  the  point  of  view  of  thermodynamics,  oxygen  affinities 
of  A1  and  Mg  are  high  enough  to  reduce  Si02  layers  [9].  A  composite  system,  i.e., 
SiCox/(2014Al+jcMg)  composites  having  thin  Si02  layers  on  SiC,  was  considered  for 
calculations.  In  order  to  evaluate  the  interfacial  reaction  between  Si02  and  Al/Mg,  the 
following  three  interfacial  reactions  to  form  oxides  as  reaction  products  were  considered. 

2Si02  (s)  +  M  +  Ms.  =  MgAl204  (s)  +  2Si  (s)  (3) 

Si02  (s)  ■^2MS^  2MgO  (s)  +  Si  (s)  (4) 

3Si02  (s)  +  4Al  =  2AI2O3  3Si  (s)  (5) 

where  all  the  compounds  AI2O3,  MgAl204,  MgO  and  free  Si  are  in  solid  state  and  A1  and  Mg 
are  in  dissolved  state,  i.e.  in  the  a-Al  and  liquid  matrices.  The  above  three  reactions  are 
spontaneous,  since  the  Gibbs  energies  of  AI2O3,  MgAl204  and  MgO  are  much  lower  than  that 
of  Si02  and  the  interface  is  free  from  Si  at  the  initial  stage  of  the  reactions.  Therefore,  the 
above  three  reactions  would  compete  one  another. 
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Considering  that  Mg  has  higher  oxygen  affinity  than  Al,  the  reaction  product  might  be 
gradually  changed  from  AI2O3  to  either  MgAl204  or  MgO  depending  on  process  temperatures 
and  Mg  content  in  an  Al  alloy.  To  evaluate  the  phase  equilibria  among  AI2O3,  MgAl204,  and 
MgO,  equations  (6)  and  (7)  were  obtained  by  manipulating  equations  (3)-(5). 

4AI2O3  (s)  SMgAhO^  (s)  +  2Al  (6) 

MgAl204  (s)  .+  3Mg  =  4MgO  (s)  +  2M  (7) 

The  reaction  directions  of  equations  (6)  and  (7)  depend  on  the  Gibbs  energy  changes 
associated  with  the  reactions  assuming  the  presence  of  local  thermodynamic  equilibrium  at 
the  interface.  When  the  Gibbs  energy  change  is  a  negative  quantity,  the  reaction  proceeds 
along  the  forward  direction.  When  positive,  the  backward  reaction  occurs.  Assuming  that  the 
activity  values  of  the  compounds  are  unity,  the  Gibbs  energy  changes  associated  with 
reactions  (6)  and  (7)  can  be  expressed,  respectively,  as  follows: 

2 

AGj=A^Gi+RTln‘^  (8) 

AG2=A^G2+RTln-^  (9) 

where  ,  R,  T  and  a.  denote  the  Gibbs  energy  change  of  reaction  i  in  the  standard  state, 

gas  constant,  absolute  temperature,  and  activity  of  component  /,  respectively. 

The  Gibbs  energy  changes  in  the  standard  state  of  equations  (8)  and  (9)  consist  of  the 
Gibbs  energies  of  the  pure  substances  in  the  standard  state,  respectively,  as  follows: 

(9) 

^^G2  =rG^,o  -3^G^^  (10) 

At  a  given  temperature,  thus,  the  Gibbs  energy  change  of  the  reaction,  zlG.  depends  solely 
on  the  activities  of  Al  and  Mg  in  the  solid  solution  and  liquid,  since  the  Gibbs  energy  change 
in  the  standard  state  is  a  function  of  temperature  only. 

2.2.2  Analyses  of  the  calculated  results 

The  stable  interfacial  reaction  products  within  the  SiCox/(2014Al+xMg)  composites  are 
predicted  by  evaluating  equations  (8)  and  (9).  All  thermodynamic  calculations  in  the  present 
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work  have  been  carried  out  using  the  computer  software  Thermo-Calc  developed  by  Sundman 
et  al[10]. 

Phase  equilibria  calculated  for  the  SiCox/(Al+jrMg)  and  the  SiCox/(2014Al+xMg) 
composites  are  shown  graphically  in  Fig.l.  As  can  be  seen  from  the  graphs,  when  composite 
systems  containing  low  Mg  contents  are  exposed  at  high  temperatures,  the  formation  of 
MgAl204  according  to  reaction  (3)  is  favored.  On  the  other  hand,  composite  systems 
containing  high  Mg  contents  tend  to  form  MgO  even  at  low  temperatures  according  to 
reaction  (4). 

Fig.2  is  the  graphical  illustration  of  the  calculated  results  for  the  SiCox/(2014Al+xMg) 
composite,  showing  that  the  formation  of  AI2O3  is  possible  only  when  matrices  contain  very 
low  Mg.  However,  the  interfacial  reaction  describing  the  formation  of  AI2O3  can  be  ignored, 
since  most  A1  matrices  used  for  commercial  SiC/Al  composites  contain  more  than  0.4%  Mg. 
Therefore,  the  major  interfacial  reactions,  which  will  be  considered  in  this  study,  are  those 
reactions  associated  with  the  formation  of  MgAl204  and  MgO. 
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Fig.2  Calculated  results  showing  conditions  for  forming  a-Al203,  MgAl204,  and  MgO  in  the 
SiCox/(2014Al+xMg)  composite.  Note  that  AI2O3  can  form  only  under  very  low  Mg  contents 
within  matrices. 

2.2.3  Interfacial  modification  in  SiCox/(2014Al+xMg)  composites 

Observations  of  interfacial  reaction  products  were  also  carried  out  on  SiC/(2014Al+xMg) 
composites  to  study  the  effect  of  Mg  contents  on  the  interfacial  reactions.  Trends  similar  to 
those  observed  from  SiC/(Al+xMg)  composites  were  obtained  from  SiC/(2014+xMg) 
composites.  As  can  be  seen  in  Fig. 3,  the  interfacial  reaction  products  observed  from  the 
composites  were  identified  as  either  MgAl204  or  MgO  depending  on  the  Mg  contents  within 
the  composites.  In  addition,  the  size  of  the  reaction  products  becomes  finer  with  increasing 
Mg  contents. 
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Fig.  3  A  series  of  SEM  micrographs 
showing  morphological  changes  of 
SiC  surfaces.  SiC  were  extracted 
from  the  (a)  SiCox/2014Al, 

(b)  SiCox/(2014AH-lMg), 

(c)  SiCox/(2014Al+2Mg),  and 

(d)  SiCox/(2014Al+4Mg)  composites 
after  holding  at  610°C  for  2  h. 

Experimental  verifications  of  the  theoretical  calculations  in  Fig.2(b)  were  conducted  and 
shown  in  a  graphical  form  as  in  Fig.4.  In  general,  analytical  results  obtained  from  this  study 
were  good  enough  to  pre-depict  the  nature  of  the  interfaces  in  SiCox/(2014AH-xMg) 
composites;  MgAl204  crystals  tend  to  form  within  the  composites  having  low  Mg  contents 
at  high  temperatures,  while  MgO  crystals  form  within  the  composites  having  high  Mg 
contents  at  low  temperatures. 

3.  CONCLUSION 

Based  on  theoretical  and  experimental  results,  a  certain  amount  of  Si  was  required  to  prevent 
the  interfacial  reaction.  Such  Si  contents  were  also  observed  to  increase  with  increasing 
temperature  such  that,  when  the  composite  is  exposed  at  temperatures  below  the  solidus  of  the 
matrix,  less  than  1  at.%  of  Si  was  found  out  to  be  enough  for  preventing  the  interfacial 
reaction.  However,  Si  contents  required  to  prevent  the  interfacial  reaction  was  observed  to 
increase  substantially  at  temperatures  near  600  such  that  more  than  5  at.%  of  Si  was 
required  to  prohibit  the  interfacial  reaction  even  at  620  °C. 

Modifications  in  the  interfaces  of  the  SiC/Al  composites  were  made  using  the  passive 
oxidation  of  SiC  combined  with  the  matrix  modification.  Passive  oxidation  of  SiC  resulted  in 
the  formation  of  amorphous  Si02  layers  on  SiC.  The  Si02  layers  were  then  transformed  into 
either  MgO  or  MgAl204  depending  on  the  Mg  contents  and  temperatures  by  reacting  with  Mg 
in  A1  matrices. 

In  general,  based  on  theoretical  and  experimental  results,  nano-sized  MgO  particles  were 
observed  to  from  at  the  interface  of  the  SiCox/(2014Al+;cMg)  composites  containing  high  Mg. 
On  the  other  hand,  formation  of  nano  MgAl204  crystals  was  observed  to  be  favored  in  the 
SiCox/(2014Al+jcMg)  composites  containing  low  Mg. 
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Fig.4  Equilibrium  phase  diagrams  of  the 
SiCox/(20 1 4Al+JcMg)  composite  showing 
combination  of  the  alloy  composition  and 
temperature  required  to  form  MgAl204  and 
MgO. 
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ABSTRACT 

AA7075  alloys  reinforced  with  SiC  and  without  SiC  particles  were  fabricated  by 
pressureless  infiltration  method  and  then  their  tensile  properties  and  micro  structures  were 
analyzed.  A  significant  strengthening  even  in  the  control  alloy  occurred  due  to  the  formation 
of  in-situ  AIN  particle  even  without  an  addition  of  SiC  particles.  Composite  reinforced  with 
SiC  particles  exhibited  higher  strength  values  than  the  control  alloy  in  all  aging  conditions 
(UA,  PA,  and  OA)  as  well  as  solution  treated  condition.  Spontaneous  infiltration  was  further 
prompted  owing  to  combined  effect  of  both  Mg  and  Zn.  This  may  lead  to  an  enhancement  of 
wetting  between  molten  alloy  and  reinforcement.  Consequently,  strength  improvement  in 
composite  may  be  attributed  to  good  bond  strength  via  enhancement  of  wetting.  The  grain 
size  of  the  control  alloy  is  greatly  decreased  to  about  2.5pm  compared  to  10pm  for  the 
commercial  alloy.  In  addition,  the  grain  size  in  the  composite  is  further  decreased  to  about 
2.0pm.  This  grain  refinement  contributed  to  strengthening  of  the  control  alloy  and  composite. 


1.  INTRODUCTION 

Metal  matrix  composites  (MMCs)  reinforced  with  ceramic  phase  have  emerged  as  an 
important  class  of  materials  for  structural,  wear,  thermal,  transportation,  and  electrical 
applications,  not  needihg  a  high  ductility  and  toughness,  because  of  their  excellent  properties 
relative  to  those  exhibited  by  the  corresponding  monolithic  alloy.  Thus  various  fabrication 
methods  have  been  developed,  such  as  powder  metallurgy,  stir  casting  and  pressure 
infiltration  method,  etc.^^'^^ 

Many  metals  have  been  considered  as  a  possible  matrix:  magnesium,  silicon,  aluminum, 
titanium,  and  copper,  etc.  Among  them,  discontinuously  reinforced  aluminum  (DRA)  a 
technologically  maturing  materials  system  capable  of  competing  with  conventional  aluminum 
and  titanium  alloys  and  organic  matrix  composites.  DRA  is  an  extremely  versatile  class  of 
material  with  an  attractive  balance  of  specific  stiffness  and  strength  and  a  host  of  other 
properties,  including  good  wear  resistance,  thermal  conductivity,  and  low  thermal  expansion, 
all  of  which  makes  them  good  multifunctional  materials  as  well.^^^ 

However,  so  far  most  of  the  alloys  that  have  been  employed  as  matrices  in  DRA  have  been 
focused  on  the  A3 5 6,  2xxx,  and  6xxx  series  alloy.  Although  very  few  studies  have  been 
reported  on  7xxx  series  alloys  reinforced  with  SiC  particles,  much  less  attention  has  been  paid 
to  the  7xxx  A1  alloys  matrix  composites,  which  show  the  highest  strength  of  all  commercial 
A1  alloys  and  widely  used  for  structural  applications. In  addition,  most  of  7xxx  A1 
composites  reported  in  literature  were  primarily  fabricated  by  powder  metallurgy  method. 
Furthermore,  it  should  be  noted  that  tensile  properties  (yield  and  tensile  strength)  in  7xxx  A1 
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matrix  composites  were  nearly  the  same  or  lower  than  that  of  unreinforced  materials  while  a 
higher  increase  in  strength  was  often  observed  in  lower  strength  matrix  composites  such  as 
2xxx  and  6xxx  A1  alloys.  No  data  is  available  on  7xxx  Al/SiCp  composites  fabricated  by 
pressureless  infiltration  technique.  Therefore,  in  this  study,  7xxx/SiCp  composite  was 
fabricated  by  the  pressureless  infiltration  method,  and  the  tensile  properties  and 
microstructures  were  investigated. 

2.  EXPERIMENTAL  PROCEDURE 

Both  composite  and  control  alloy  used  in  this  study  was  fabricated  by  pressureless 
infiltration  method.  Fabrication  process  is  given  elsewhere. Both  of  fabricated  ingots 
were  extruded  at  450  °C  into  a  bar  16mm  in  diameter  (extrusion  ratio  22:1).  Tensile 
specimens  having  a  gauge  length  of  25mm  and  2mm  thickness  were  machined  from  the 
extruded  bars,  parallel  to  the  extrusion  direction.  Those  specimens  were  solution  treated  at 
510°C  for  2h  and  water  quenched  and  artificially  aged.  The  underaged  (UA)  and  peakaged 
(PA)  condition  were  obtained  by  heat  treating  for  30  min  and  24  h  at  120°C,  while  the 
overaged  (OA)  condition  was  obtained  by  heat  treating  at  120°C  for  24h,  followed  by  heat 
treating  at  177°C  for  36h.  Both  the  commercial  and  control  AA7075  was  also  heat  treated 
using  the  same  aging  practices  as  in  the  composite.  Tensile  testing  was  performed  at  room 
temperature,  using  a  cross-head  speed  of  Imm/min.  Average  tensile  data  were  obtained  from 
at  least  five  tests  for  each  condition.  The  resulting  microstructures  and  reaction  products  were 
investigated  using  optical  microscopy,  scanning  electron  microscopy  (SEM),  and  transmission 
electron  microscopy  (TEM). 

3.  RESULTS 

3.1.  Tensile  properties 

The  spontaneous  infiltration  of  molten  metal  at  800  °C  for  1  hour  under  a  nitrogen 
atmosphere  made  it  possible  to  fabricate  7075  A1  matrix  composite  reinforced  with  SiCp  as 
well  as  control  alloy  without  SiCp.  The  spontaneous  infiltration  behavior  of  molten  metal  was 
explained  in  detail  in  previous  papers. ^ 

Table  I  show  the  variation  of  tensile  properties  with  aging  condition  in  commercial 
AA7075,  control  AA7075  and  composite  which  were  solution  treated  for  2hours  at  5I0°C. 
The  tensile  strength  in  the  control  AA7075  was  45-81  MPa  greater  than  the  commercial 
AA7075.  These  values  were  an  additional  31-78  MPa  higher  in  the  composite  reinforced  with 
SiCp  compared  to  the  control  alloy.  A  large  increase  in  strength  in  the  case  of  the  control 
AA7075  is  related  to  the  in-situ  fomiation  of  AIN  particles.  When  the  MMCs  were  fabricated 
by  pressureless  infiltration  technique,  AIN  is  formed  as  a  result  of  the  in-situ  reaction  (Mg3N2 
+  2A1  =  2A1N  +  3Mg).'’-'^' 

It  should  be  noted  that  composite  reinforced  with  SiCp  exhibited  higher  strength  values 
than  the  control  alloy  in  all  the  aging  conditions  as  well  as  solution  treated  condition.  This 
result  is  different  from  many  other  studies  reported  in  literature,  which  showed  a  decrease  in 
the  strength  of  Al-Zn-Mg-Cu  alloy  matrix  composites  with  the  addition  of  SiC 
reinforcement. This  will  be  discussed  later. 

3.2.  Aged  Microstructure 

Fig.  1  show  the  microstructure  observed  by  TEM  in  PA  condition.  Very  small  precipitates 
(GP  zones),  about  5nm  in  size,  were  seen  throughout  the  matrix  in  the  PA  condition.  In 
addition,  precipitate  free  zones  (PFZ)  and  some  large  grain  boundary  precipitates  were 
frequently  observed  at  grain  boundaries.  The  width  of  the  PFZ  along  the  grain  boundaries  in 
the  composite  (80nm)  was  larger  than  that  of  unrcinforced  materials  at  this  stage.  However, 
there  is  no  appreciable  difference  both  the  size  and  amount  of  the  precipitates  (GP  zones) 
observed  in  the  matrix  in  the  PA  condition. 
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Table  I.  Tensile  properties  of  alloys  and  composite 


Material  Designations 

UTS  (MPa) 

YS  (MPa) 

El  (%) 

ST 

417 

217 

20.4 

Commercial  alloy 

UA 

PA 

520 

604 

368 

550 

15.2 

10.6 

OA 

453 

345 

11.8 

ST 

483 

302 

13.8 

Control  alloy 

UA 

565 

489 

10.4 

PA 

695 

611 

3.8 

OA 

527 

.  441 

7.6 

ST 

555 

320 

11.2 

Composite 

UA 

630 

545 

9.0 

PA 

726 

650 

3.7 

OA 

605 

518 

7.0 

Fig.l  Bright  field  TEM  images  showing  GP  zones  and  PFZ  in  peakaged  condition:  (a) 
commercial,  (b)  control  alloy,  and  (c)  composite,  respectively 

Fig.  2  show  the  micro  structure  observed  by  TEM  in  OA  condition.  TEM  revealed 
precipitation  of  matastable  ri’  plates  (less  than  30nm  in  length)  and  equilibrium  r\  (MgZn2) 
phases  (about  50-80nm  in  length).  Similarly  to  the  result  obtained  in  PA  condition,  the  width 
of  the  PFZ  in  the  composite  was  wider  than  that  of  unreinforced  materials.  In  addition,  PFZs 
in  OA  condition  were  slightly  larger  than  in  PA  condition. 


Fig.2  Bright  field  TEM  images  showing  precipitates  and  PFZ  in  overaged  condition:  (a) 
commercial,  (b)  control  alloy,  and  (c)  composite,  respectively 

Fig.  3  shows  the  grain  structure  of  the  commercial,  control  alloy,  and  composite  observed 
by  TEM  in  OA  condition,  respectively.  Even  though  the  grain  size  did  not  uniform,  equiaxed 


grains  with  an  average  size  of  lOjam  are  observed  in  the  commercial  alloy.  The  grain  size 
greatly  decreased  to  about  2. 5 jam  in  the  control  alloy  and  further  decreased  to  about  2.0|Lim  in 
the  composite  reinforced  with  SiC.  In  addition,  grain  morphology  in  control  alloy  without  SiC 
reinforcement  was  further  elongated  along  the  extrusion  direction  when  compared  to 
composite. 


Fig.  3  Bright  field  TEM  images  showing  grain  structure:  (a)  commercial,  (b)  control  alloy, 
and  (c)  composite,  respectively. 

3.3.  Reaction  Products 

Fig.  4  shows  SEM  micrographs  showing  the  reaction  product  obtained  in  both  the  control 
alloy  and  composite,  after  dissolving  away  the  A1  alloy  matrix  with  a  solution  of  methanol 
bromine.  According  to  the  analytical  results  obtained  from  EDS  analysis,  this  phase  coincided 
with  stoichiometty  of  AIN.  A  great  amount  of  reaction  product  (AIN,  the  size  of  which  about 
1.0pm)  was  originally  formed  on  the  surface  of  the  old  A1  particles  that  had  comprised  the 
powder  bed  prior  to  infiltration.  After  extrusion,  this  was  aligned  along  the  extrusion  direction 
as  shown  in  Fig.  4. 


Fig.  4  SEM  micrographs  showing  the  AIN  reaction  products,  after  dissolving  away  the  A1 
alloy  matrix:  (a)  control  alloy  and  (b)  composite. 

4.  DISCUSSIONS 

As  previously  mentioned,  strength  values  in  7xxx  A1  matrix  composites  reported  in 
literature  were  nearly  the  same  or  lower  than  that  of  unreinforced  materials  while  a  higher 
increase  in  strength  was  often  observed  in  lower  strength  matrix  composites  such  as  2xxx  and 
6xxx  A1  alloys.  Particularly,  it  should  be  noted  that  most  of  researcher  cited  Humphreys’s 
suggestion  in  order  to  explain  decreasing  of  strength  in  7xxx  A1  matrix  composites. 
Humphreys  has  indicated  that  the  addition  of  a  brittle  reinforcement  in  high  strength  A1  alloys 
may  even  decrease  the  yield  stress.  One  plausible  explanation  is  that  as  composites  with  these 
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high  strength  matrices  are  strained,  the  stresses  on  the  reinforcement  become  large.  Fracture 
can  then  occur  in  the  reinforcement  in  the  presence  of  a  pre-existing  flaw  in  the  reinforcement, 
probably  formed  during  earlier  processing.  Once  the  reinforcement  fracture,  the  net  load 
carrying  capacity  of  the  composite  decreases  and  thus  yield  stress  might  decrease. 

It  is  also  possible  that  the  mismatch  between  reinforcement  and  matrix  leads  to  a  large 
stress  concentration  near  the  reinforcement  and  the  matrix  in  that  region  fails  prematurely, 
while  loss  of  alloying  elements  (e.g.  Mg)  during  processing  may  also  contribute  to  these 
observations.  In  lower  strength  matrices,  however,  the  stresses  reached  locally  might  not  be 

large  enough  for  either  of  these  effects  to  occur,  leading  to  strength  improvement. 

Fig.  5  shows  tensile  strength  in  7xxx  matrix  composites  fabricated  by  various  methods.  It  is 
seen  that  tensile  properties  depend  on  fabrication  method.  As  mentioned  above,  it  should  be 
noted  that  tensile  strengths  in  composites  fabricated  by  both  P/M  and  casting  methods  were 
nearly  the  same  or  lower  than  that  of  unreinforced  materials  while  composite  fabricated  by 
pressureless  infiltration  method  used  in  this  study  showed  higher  strength  than  the 
unreinforced  material.  In  addition,  strength  values  in  materials  fabricated  by  pressureless 
infiltration  method  (control  alloy  and  composite)  were  higher  than  that  of  materials  fabricated 
by  other  methods.  It  is  believed  that  this  result  is  mainly  caused  by  difference  in  fabrication 
method.  The  fact  that  the  spontaneous  infiltration  of  molten  metal  in  this  study  occurred 
means  that  the  problem  of  wetting  between  the  ceramic  reinforcement  and  molten  metal  is 
solved.  However,  since  wetting  between  molten  metal  and  reinforcements  is  often  poor, 
mechanical  stirring  or  pressure  infiltration  has  been  applied  in  order  to  obtain  improved 
wetting  between  the  matrix  and  reinforcements  during  fabrication  of  composites. 


Fig.  5  Tensile  strength  in  7xxx  matrix  composites  fabricated  by  various  methods. 

It  was  observed  that  Zn  could  serve  as  Mg  to  induce  spontaneous  infiltration  of  molten 
metal.  Actually,  when  pure  A1  was  placed  in  the  powder  bed  consisting  of  Al-3Zn-20  vol  pet 
SiC  without  Mg  and  it  was  heated  to  800  °C  under  the  nitrogen  atmosphere,  spontaneous 
infiltration  occurred.  Therefore,  because  the  7xxx  alloy  used  in  this  study  contains  relatively 
large  amount  of  Zn  (6.1  wt  pet)  compared  to  Mg  content  (2.9  wt  pet),  spontaneous  infiltration 
may  be  further  prompted  owing  to  combined  effect  of  both  Mg  and  Zn.  This  may  lead  to  an 
enhancement  of  wetting  between  molten  alloy  and  reinforcement.  Consequently,  it  is  believed 
that  strength  improvement  in  composite  may  be  attributed  to  superior  bond  strength  via 
enhancement  of  wetting. 

In  addition,  fine  AIN  particles  in-situ  formed  led  to  a  significant  enhancement  of  strength 
in  the  control  alloy  and  composite.  Furthermore,  because  AIN  particles  in-situ  formed  are 
thermodynamically  stable  in  the  matrix,  these  fine  AIN  particles  intimately  contact  with  the 
matrix  and  also  show  clean  interface.  Therefore,  fine  AIN  particle  in-situ  formed  can  serve  as 
additional  reinforcement  and  thus  contribute  to  improvement  in  strength.  Finally,  grain  size 
refinement  may  contribute  to  strengthening  of  the  control  alloy  and  composite. 
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5.  Conclusions 


1.  A  significant  strengthening  even  in  the  control  alloy  occurred  due  to  the  formation  of  m- 
situ  AIN  particle  even  without  an  addition  of  SiC  particles. 

2.  Composite  reinforced  with  SiC  particles  exhibited  higher  strength  values  than  the  control 
alloy  in  all  aging  conditions  (UA,  PA,  and  OA)  as  well  as  solution  treated  condition. 

3.  Spontaneous  infiltration  was  further  prompted  owing  to  combined  effect  of  both  Mg  and  Zn. 
This  may  lead  to  an  enhancement  of  wetting  between  molten  alloy  and  reinforcement. 
Consequently,  strength  improvement  in  composite  may  be  attributed  to  good  bond  strength 
via  enhancement  of  wetting. 

4.  The  grain  size  of  the  control  alloy  is  greatly  deereased  to  about  2.5pm  compared  to  10pm 
for  the  commercial  alloy.  In  addition,  the  grain  size  in  the  composite  is  further  decreased  to 
about  2.0pm.  This  grain  refinement  contributed  to  strengthening  of  the  control  alloy  and 
composite. 
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ABSTRACT 

Compositionally  graded  Al-SiCp  composites  were  fabricated  on  the  route  of  pressureless 
infiltration  process.  Microstructure  was  examined  and  thermal  properties  were  characterized 
for  Al-SiCp  composites.  Fairly  uniform  distribution  and  compositional  gradient  of  SiCp 
reinforcement  in  A1  matrix  were  observed  though  the  thickness  direction  of  the  Al-SiCp 
composite  plate  fabricated.  The  thermal  conductivity  of  Al-SiCp  composites  was  measured 
using  laser  flash  method.  The  thermal  conductivity  of  monolithic  Al-SiCp  composites 
increases  non-linearly  with  decreasing  the  volume  fraction  of  SiC.  The  thermal  conductivity 
of  compositionally  graded  Al-SiCp  composites  was  tried  to  estimate  using  the  conductivity 
of  the  monolithic  composites.  Cyclic  thermal  shock  fatigue  test  was  performed  by  immersing 
Al-SiCp  FGM  into  a  water  bath  (25  C)  from  the  different  heating  temperatures  of  400  “C, 
300  "C  and  200  "C,  repeatedly.  The  microcrack  formation  behavior  in  Al-SiC  composites 
was  also  investigated.  From  the  crack  observation,  the  critical  number  of  cycle  for  thermal 
crack  initiation  was  130  at  AT=375'C,  150  at  AT=275°C.  No  evidence  of  crack  initiation 
was  found  below  AT=175C.  Cracks  were  initiated  on  the  surface  of  high  SiC  volume 
fraction  side.  The  cracks  propagated  through  the  thickness  direction  and  then  changed  its 
direction  perpendicularly  to  the  surface  of  the  plate.  The  path  of  crack  propagation  was 
found  to  have  a  close  relationship  with  the  distribution  of  the  internal  thermal  stresses  in  Al- 
SiCp  composites. 
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1.  INTRODUCTION 


The  concept  of  FGM  is  gradual  changes  in  composition  or  microstructure  at  the  interface 
between  two  different  kinds  of  materials  bonded  together,  for  example  metal  and 
ceramic[l,2].  Comparing  to  the  sharp  interface  of  a  layered  structure  composed  of  different 
kinds  of  materials,  the  thermal  mismatch  could  be  greatly  relieved  especially  at  the  graded 
interface  of  FGMs.  In  terms  of  materials  category,  FGMs  are  composite  materials.  Among 
metal  matrix  composites,  Al-SiCp  composites  have  been  considered  as  one  of  the  most 
potential  structural  materials.  Studies  have  been  performed  for  Al-SiCp  extensively  for  the 
years  of  period,  and  a  number  of  technological  information  on  Al-SiCp  are  available 
presently[3,4].  In  this  study,  Al-SiCp  FGM  was  tried  to  fabricate  employing  pressureless 
infiltration  technique.  MicrOvStructure  and  thermal  properties  of  the  Al-SiCp  FGM  were 
characterized. 


2.  EXPERIMENTAL 


Pressureless  infiltration  method  was  used  for  the  fabrication  of  Al-SiCp  FGMs.  A1  and  SiC 
powder  mixtures  with  nine  different  volume  fractions,  namely  from  90%Al-10%SiC  to 
10%Al-90%SiC  with  an  interval  of  10%  of  both  powders,  were  prepared  for  Al-SiCp  FGM. 
Average  size  of  powders  used  were  50/im-Al  and  44.6//in-SiC.  Powder  mixtures  were  stacked 
sequentially  to  get  the  compositional  gradient  of  A1  and/or  SiC  in  a  compaction  mould  and 
consolidated  to  obtain  the  preform.  Al-10%Mg  alloy  was  infiltrated  into  the  preforms  placed 
in  a  tube  furnace  at  920*0.  Fig,  1  shows  the  whole  fabrication  process  of  Al-SiCp  FGM 
schematically.  Microstructure  of  Al-SiCp  FGM  was  examined  using  SEM. 

U  (Allsin  U  [J 
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Powder  niixUircs  with 
various  volume  fractions 
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in  tube  ftimacc 

Fig.  1,  Fabrication  process  of  FGM 
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The  thermal  conductivity  of  Al-SiCp  composites  was  measured  using  laser  flash  method. 
Thermal  conductivity  was  measured  at  three  different  temperatures  (25,  200,  400^0), 
Thermal  conductivity  was  tried  to  calculate  theoretically  using  Maxwell  model[5]  for 
composite  materials  and  the  calculated  values  were  compared  with  the  experimentally 
measured  values. 

Thermal  shock  fatigue  property  of  Al-SiCp  FGM  was  evaluated.  Al-SiCp  FGM  was 
heated  up  to  400  "C,  300  °C  and  200  °C  respectively  and  dropped  to  the  quenching  water 
bath(25  °C ).  Heating-quenching  cycles  have  been  repeated  until  raicrocracks  were  observed. 
Micro-cracks  formed  in  Al-SiCp  FGM  were  observed  with  SEM. 


3.  RESULTS  AND  DISCUSSION 

Fig.  2  shows  the  microstructure  of  Al-SiCp  FGM  which  reveals  fairly  uniform  distribution 
of  the  constituent  phases,  A1  and  SiC.  The  compositional  gradient  along  the  thickness 
direction  of  the  plate  can  be  seen.  Microstructure  of  three  layers  (58%Al-42%SiC,  70%A1- 
30%SiC  and  90%Al-10%SiC)  is  presented  with  enlarged  magnification  in  this  figure. 
Noticeable  defect  was  not  found  in  the  microstructure  of  Al-SiCp  FGM. 


<t0  A1  -  Mg  ally  /  FGM  intiarftce  OCrOD) 


Fig.  2.  Photograph  of  the  funtionally  gradient  layers  of  the  Al-SiCp  functionally  graded 

material 
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Thermal  conductivity  of  Al-SiCp  composites  was  measured.  Results  arc  summarized  in  Fig. 
3.  For  the  monolithic  Al-SiCp  composites,  thermal  conductivity  decreases  with  increasing 
the  volume  fraction  of  SiC  up  to  about  40%.  Thermal  conductivity  tends  to  become  plateau 
above  the  volume  fraction  of  40%  SiC.  It  might  be  due  to  the  fact  that  the  thermal 
conductivity  of  Al-SiCp  composites  is  largely  governed  by  that  of  SiC  with  higher  volume 
fraction  as  A1  phase  loses  the  microstructural  continuity.  Other  factors  such  as 
microstructural  defects  also  possibly  might  affect  the  thermal  conductivity  of  Al-SiCp 
composites.  Note  the  experimentally  measured  thermal  conductivity  is  quite  lower  than  the 
theoretically  expected  value  based  on  the  Maxwell’s  model  for  composite  materials[5]. 
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Fig.  3.  Thermal  conductivity  of  Al-SiCp  composites  and  Al-SiCp  FGM(inset) 


Thermal  conductivity  of  Al-SiCp  FGM  (a  four  layer-structure:  66%Al-34%SiC/  71%A1  - 
29%SiC  /75%Al-25%SiC/80%Al-20%SiC)  was  measured  as  llOW/mK.  It  is  noted  that  the 
range  of  the  SiC  volume  fraction  is  20  to  34%.  The  value  of  Al-SiCp  FGM  is  close  to  that  of 
monolithic  80%Al-20%SiC  composite.  Thermal  conductivity  could  be  controlled  mainly  by 
the  layer  with  the  richest  A1  of  Al-SiCp  FGM.  The  thermal  conductivity  of  Al-SiCp 
composites  and  Al-SiCp  FGM  is  not  very  dependent  on  temperature  up  to  400-0  despite 
minor  decrease  with  increasing  temperature. 

Thermal  shock  fatigue  behavior  was  investigated  by  the  examination  of  microcrack 
formation  in  Al-SiCp  FGM.  No  microcrack  was  observed  for  the  temperature  drop,  A 
T=175“C  until  1000  cycles  of  thermal  shock,  while  150  and  130  cycles  were  the  critical 
numbers  of  cycles  for  the  temperature  drop  of  AT=375  C  and  AT=275  C  respectively. 
Microcrack  propagation  behavior  was  investigated  by  continued  thermal  shock  cycles  after 
the  initial  microcrack  formation.  As  it  is  shown  in  Fig.  4,  microcracks  initiated  on  the  surface 
of  high  SiC  volume  fraction  layer  of  Al-SiCp  FGM  plate  and  propagated  through  the 
thickness  direction  of  the  plate  in  the  early  stage.  The  path  of  microcrack  changes  the 


Fig.  4.  Crack  propagation  behavior  of  Al-SiCp  FGM 
during  cyclic  thermal  shock  test 

propagation  direction  parallel  to  the  surface  as  well  as  continues  to  the  direction  through 
thickness  of  plate  in  the  later  stage.  The  path  of  microcrack  propagation  is  believed  to  have  a 
close  relationship  to  the  internal  thermal  stress  distribution  developed  during  temperature 
change  in  Al-SiCp  FGM  and  will  be  discussed  later. 


-3 

Fig.  5.  Calculated  thermal  internal  stresses  for  Al-SiCp  FGM 
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From  the  thermo-mechanical  analyses[6,7],  the  thermal  internal  stress  distribution  within 
each  layer  of  Al-SiCp  FGM  can  be  calculated.  Micro-crack  propagation  behavior  of  Al- 
SiCp  FGM  shown  in  Fig.  4  could  be  explained  by  the  aid  of  the  thermal  stress  analyses 
shown  in  Fig.  5.  Micro-cracks  would  be  initiated  on  the  surface  of  SiC  rich  side  where  the 
tensile  stress  developed.  The  micro-cracks  propagate  through  the  thickness  direction  beneath 
the  surface  where  the  tensile  stresses  exist.  It  is  found  the  deflection  of  crack  propagation 
parallel  to  the  surface  of  Al-SiCp  FGM  plate  occurs  at  the  depth  where  stress  state  changes 
from  tensile  to  compressive. 


4.  CONCLUSIONS 

Al-SiCp  FGM  with  fairly  uniform  distribution  and  compositional  gradient  of  the 
constituent  phases,  A1  and  SiC,  was  fabricated  on  the  route  of  pressureless  infiltration 
process.  Thermal  conductivity  of  Al-SiCp  composites  is  controlled  by  the  more  conductive 
A1  phase.  The  critical  numbers  of  cycles  for  the  formation  of  cracks  in  Al-SiC  FGM  were 
150  and  130  for  AT=275t:  and  AT=375“C  respectively.  However  thermal  shock  fatigue 
crack  was  not  observed  for  the  temperature  drop  of  AT=175”C.  Micro-cracks  were  initiated 
on  the  surface  of  the  high  SiC  volume  fraction  side.  Propagation  behavior  of  micro-cracks 
could  be  explained  by  the  thermal  stress  analyses  for  Al-SiCp  FGM  plate. 
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ABSTRACT 

Alumnium  based  matrix  reinforced  with  SiC  particles  appears  as  the  promising  candidate 
for  low-weight  high  strength  applications.  In  the  present  study,  a  SiC/2024  composite  was 
made  by  semisolid  casting.  The  wetting  between  SiC  and  A1  matrix  was  improved  by  treating 
SiC  particles  at  a  high  temperature  and  coating  K2ZrF6  and  adding  Mg  to  A1  melt.  An 
effective  way  to  remove  the  gas  around  the  SiC  particles  was  also  found.  Microstructures 
were  observed  under  optical  microscope  and  SEM.  The  results  showed  that  the  bonding 
between  SiC  particles  and  A1  matrix  was  close  and  there  were  no  gaps  or  cavities  around  the 
particles.  SiC  particles  were  distributed  on  the  A1  matrix  homogeneously. 


1.  INTRODUCTION 

Al-ceramic  particle  composites  have  been  recognized  as  candidate  materials  in  the 
aerospace  and  automobile  industry  due  to  the  improvement  in  yield  strength  and  tensile 
strength  as  compared  with  the  matrix  as  well  as  an  improvement  in  the  wear  resistance.  It  was 
reported  that  the  method  to  prepare  metal-ceramics  composites  is  mainly  power  metallurgy 
[1].  Some  work  has  been  done  in  preparing  the  composites  by  in-situ  reaction  method  [2]. 
Power  metallurgy  method  is  relatively  complex  and  it  takes  much  time  and  the  costs  are 
usually  high.  There  are  also  limitations  in  in-situ  reaction  method  since  it  can  be  only  used  for 
some  certain  particles.  With  respect  to  the  conventional  casting  process,  the  viscosity  of  metal 
is  higher  when  metals  are  in  semisolid  state  so  that  the  particles  can  be  drawn  into  the  metal 
matrix  more  easily,  which  is  good  for  making  composites.  In  the  present  paper,  SiC/2024 
composites  were  prepared  by  semisolid  casting  and  wetting  between  SiC  particles  and  2024 
alloy  was  discussed. 

2.  EXPERIMENTAL 

The  size  of  SiC  particles  was  2-5  pm  and  the  particles  were  treated  by  the  following 
process  before  the  compounding  process.  SiC  particles  were  treated  at  a  high 
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temperature,  1200®C,  for  one  hour  at  first ,  coated  with  K2ZrF6  and  then  mixed  with  some  pure 
A1  powder.  The  matrix  is  2024  alloy,  and  the  contents  of  the  elements  were  shown  in  Table  1 . 


Table 


The  composition  of  2024  A1  alloy 


2024 

Cu 

Mg 

Mn 

Ti 

Zn 

Fe 

Si 

Ni 

A1 

% 

3.8-4.9 

1.2-1.8 

0.3-0.9 

<0.15 

<0.3 

<0.5 

<0.5 

<0.1 

balance 

The  testing  apparatus  is  shown  in  Fig.l.  The  inside  is  the  stirring  furnace,  heating  elements 
being  set  around  it.  Adjustable  rotating  magnetic  field  can  be  added  with  power  of  0  -  22  kw. 
The  temperature  was  controlled  by  digital  automatic  control  meter. 

The  2024  alloy  was  heated  at  TSO^’C  ,  and  then  the  melt  was  poured  into  the  stirring  furnace 
after  degassing.  Pure  Mg  was  added  to  the  melt  and  prepared  SiC  particles  mentioned  earlier 
were  added  when  the  temperature  of  the  A1  alloy  reached  liquidus  ( melting  temperature  range 
of  2024  being  502®C  -  638”C  ).  The  melt  was  stirred  while  the  particles  were  added.  The 
slurry  was  put  into  the  mold  and  then  it  was  quickly  water  quenched  to  room  temperature. 
The  microstructure  of  the  ingot  was  observed  by  optical  microscope  and  SEM.  The  volume 
fraction  of  SiC  was  measured  by  IAS-4  image  analyzer. 


Fig.  1  Electromagnetic  stirring  equipment  of  the  semisolid  casting 
1-  stopper;  2-  stirring  furnace;  3-  heating  elements;  4-  insulating  layer; 
5-  melt;  6  -  electromagnetic  stick;  7  -  cooling  mold 
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3.RESULTS  AND  DISCUSSION 


The  composites  with  different  SiC  volume  fraction  were  received.  The  microstructures  of 
the  composites  are  shown  in  Fig.2.  Quantitative  analysis  indicates  the  volume  fractions  of  the 
SiC  particles  in  Fig.2(a)  and  (b)  are  4.6%  and  11.7%  respectively.  It  can  be  seen  that  the 
distribution  of  SiC  particles  was  homogeneous  and  dispersed  on  the  A1  matrix  and  there  is  not 
much  assemble  of  the  particles. 

Fig.  3  shows  the  microstructure  under  SEM.  It  indicates  that  the  bonding  between  the 
particles  and  the  matrix  was  close  ,  the  interface  was  clear  and  there  aren’t  gaps  and 
cavities. 


Fig.2  Microstructure  of  the  SiC/2024  (OM) 
(a)4.6%SiC;  (b)  11.7%SiC 


Fig.3  Microstructure  of  SiC/2024  (SEM) 


For  particle  reinforced  materials,  one  key  technique  is  to  solve  the  wetting  problem 
between  particles  and  metal  matrix.  In  semisolid  casting,  the  viscosity  of  the  melt  is  high  and 
the  melt  has  some  flowability.  Adding  SiC  while  stirring  can  prohibit  the  floating  and  sinking 
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of  the  particles  and  increase  the  reaction  time  for  SiC  and  the  melt,  which  makes  SiC  particles 
distribute  homogeneously  in  2024  melt.  In  the  present  study,  several  methods  were  used  such 
as  high  temperature  treatment  of  SiC  ,  K2TiF6  surface  treatment  and  addition  of  Mg  to 
improve  the  wetting  between  SiC  and  2024  alloy. 

The  surface  of  SiC  was  often  contaminated  by  different  organic  compounds  or  absorbed  by 
some  water,  which  is  not  good  for  mixing  and  wetting  during  the  composite  preparation  and 
also  increases  the  gas  content  in  the  melt.  Therefore,  the  surface  of  SiC  must  be  treated  to 
remove  the  gas  and  water  and  improve  its  wetting  with  metal  matrix.  In  the  present  work,  SiC 
particles  were  heated  before  the  compounding  process.  During  the  heating  process, 
detrimental  substances  were  removed  and  SiC  particles  were  oxygenated  ,  forming  a 
continuous  and  compact  Si02.  layer.  In  the  compounding  process,  Si02  reacted  with  A1  melt 
as  the  follows  [5]: 

3  Si02 + 4  Al=3  Si + 2  AI2O3  ( 1 ) 

The  formation  of  Si  restrains  the  occurrence  of  AI4C3  and  is  good  for  improving  the 
chemical  compatibility  between  metal  matrix  and  SiC  particles.  The  boundary  reaction  can 
also  facilitate  the  boundary  bonding  and  improve  wetting. 

J.P.Rocher  reported  [3,4]  that  the  wetting  between  A1  matrix  and  SiC  could  be  improved  by 
treating  SiC  fiber  or  particle  surface  in  K2ZrF6  liquid.  The  reason  is  that  the  exothermal 
reaction  occurred  between  K2ZrF6  and  A1  melt  and  the  surface  temperature  of  fibers  or 
particles  increases  so  that  the  contact  angle  decreased.  The  method  was  used  here  and  also  in 
our  earlier  work  in  making  SiC/2017  composites  [6].  The  results  indicate  that  the  wetting  was 
improved  by  the  treatment. 

Adding  Mg  into  2024  melt  can  decrease  the  boundary  tension  between  A1  melt  and  solid 
particles  so  that  the  wetting  can  also  be  improved. 

Gas  is  a  major  factor  which  affects  the  wetting  between  the  SiC  particles  and  the  matrix. 
Because  the  wetting  angle  between  gas  and  SiC  is  smaller  than  the  one  between  A1  matrix  and 
SiC,  the  gas  around  the  SiC  particles  becomes  the  barrier  for  the  further  bonding.  In  semisolid 
processing,  the  viscosity  of  the  metal  liquid  is  relatively  high  and  the  temperature  is  relatively 
low.  Therefore,  the  gas  is  difficult  to  escape  from  the  metal  liquid.  This  problem  can  be  solved 
by  preparing  the  composites  in  vacuum,  but  it  is  expensive  and  the  operation  is  complex.  In 
the  present  study,  we  mixed  SiC  particles  and  a  certain  amount  of  A1  powder.  They  were 
added  into  the  A1  melt  while  stirring.  The  method  not  only  removed  the  gas  surrounding  the 
particles,  but  also  made  particles  more  disperse  when  the  composites  were  made. 

In  the  experiment,  we  also  found  that  changing  the  stirring  power  of  the  magnetic  field  has 
a  positive  effect.  Besides,  the  stirring  time  is  very  important  to  the  compounding  process.  The 
time  is  not  enough  for  SiC  particles  to  disperse  when  the  stirring  time  is  too  short,  while  the 
SiC  particles  would  be  drawn  to  the  side  of  stirring  furnace  by  the  centrifugal  force  when  the 
stirring  time  is  too  long.  The  optimal  stirring  time  is  about  10-12  min  for  this  equipment. 
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4.  CONCLUSION 


1. Semisolid  casting  is  a  good  way  for  preparing  SiC/2024  composites.  The  distribution  of  SiC 
particles  on  the  A1  matrix  is  homogeneous  and  disperse  and  there  aren’t  obvious  gaps  and 
cavities  around  SiC  particles. 

2.The  wetting  between  the  SiC  particles  and  A1  matrix  can  be  improved  by  treating  SiC 
particles  at  a  high  temperature  , coating  K2ZrF6  and  adding  Mg  to  the  2024  melt. 
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ABSTRACT 

The  6061(Al-1.01wt%Mg-1.07wt%Si)  Al  alloy  based  composites  reinforced  with  10  vol% 
Sic  whiskers  were  fabricated  by  powder  metallurgy,  and  then  subjected  to  equal  channel 
angular  pressing  at  various  temperatures.  Their  microstructure  and  microhardness  were 
compared  with  those  of  the  equal  channel  angular  pressed  P/M  6061  Al  alloy.  For  P/M  6061 
Al  alloy  with  an  initial  grain  size  of  approximately  20  pm,  an  equiaxed  ultra-fine  grained 
structure  with  the  mean  grain  sizes  of  --0.5  pm  was  obtained  after  4  repetitive  equal  channel 
angular  pressing  using  route  A  and  C.  The  microstructure  of  P/M  SiCw/6061  Al  composites 
consisted  of  the  aggregated  whiskers  and  matrix.  The  aggregated  SiC  whiskers  were 
uniformly  distributed  by  the  hot  extrusion,  whereas,  after  equal  channel  angular  pressing,  they 
remained  aggregated.  The  aggregation  of  SiC  whiskers  were  aligned  parallel  to  the  shear 
direction  and  well  distributed  after  equal  channel  angular  pressing.  This  microstructural 
evolution  became  stark  with  the  repetitive  pressings  and  lower  pressing  temperature.  Both  as- 
received  P/M  6061  Al  composite  and  the  equal  channel  angular  pressed  one  revealed  different 
microhardness  between  the  aggregation  region  of  SiC  whiskers  and  matrix,  whereas  the 
extruded  one  showed  uniform  microhardness. 


1.  Introduction 

Metal  matrix  composites  (MMCs)  have  received  much  attention  as  potential  structural 
materials  for  their  high  specific  strength  and  stiffness.  Such  MMCs  are  expected  in  high 
performance  applications  such  as  in  aircraft  and  automotive  parts.  Among  such  MMCs, 
MMCs  reinforced  with  short  fibers  have  been  produced  by  squeeze  casting  [l]-[5]  and 
powder  metallurgy  [6] -[8],  to  obtain  the  higher  specific  mechanical  properties  necessary  to 
achieve  better  performance.  In  the  squeeze  casting,  the  reinforcements  are  easy  to  be  damaged 
by  the  high  infiltration  pressure  and  the  decrease  of  strength  occurs  due  to  reaction  products  at 
the  reinforcement/whisker  interface.  In  contrast,  the  powder  metallurgy  has  been  used  for 
producing  composites  because  of  the  several  merits  that  no  reaction  at  the  interface  results 
from  mixing  at  lower  temperature  than  melting  temperature,  and  that  the  volume  fraction  of 
reinforcements  can  be  controlled.  In  general,  however,  the  subsequent  processes  such  as  hot 
press  and  extrusion  are  necessary  to  compact  completely  and  to  improve  the  mechanical 
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properties  of  P/M  MMCs. 

Recently,  equal  channel  angular  (ECAP)  technique  have  been  used  as  an  attractive  method 
to  obtain  a  sub-micrometer  ultra-fme  grained  (UFG)  structure,  because  it  gives  large  bulk 
metallic  materials  without  residual  porosity  [9]-[13].  Therefore,  it  is  of  interest  to  apply  the 
ECAP  technique  as  the  subsequent  process  after  powder  metallurgy  of  the  MMCs. 

Accordingly,  the  aim  of  this  work  is  to  investigate  the  effect  of  ECAP  on  microstructure 
and  mechanical  properties  of  P/M  SiCw/6061  A1  composite  in  comparison  with  those  of  ECA 
pressed  matrix. 


2.  Experimental  procedure 

Air  atomized  6061  A1  alloy  (Al-1.01%Mg-1.07%Si-0.35%Cu-0.25%Fe-0.05%Mn- 
0.12%Cr  (in  wt.%))  powder  with  an  average  size  of  30  pm  and  SiC  whiskers  with  an  average 
diameter  of  0.45  pm  and  a  length  of  --5  pm  were  mixed  by  stirring  under  a  stirring  speed  of 
3000  rpm  for  20  min.  The  obtained  powders  with  10  %  in  the  volume  fraction  of  SiC 
whiskers  were  hot-pressed  at  773  K  under  a  pressure  of  100  MPa.  The  hot-pressed  samples 
with  a  dimension  of  (j)32x80  mm  were  machined  to  cylindrical  samples  of  (|)  10x80  mm  as- 
received  materials  for  ECAP.  The  ECAP  was  carried  out  using  a  press  speed  of  2  mms’^  with 
M0S2  as  a  lubricant  at  373-573  K.  The  present  ECAP  die  was  designed  to  yield  an  effective 
strain  of  -1  by  a  single  pass:  the  inner  angle  and  the  arc  of  curvature  at  the  outer  point  of 
contact  between  channels  of  the  die  were  90  and  20°,  respectively  [14].  During  the  ECAP,  the 
samples  were  repetitively  pressed  using  two  processing  routes:  route  A  in  which  the  sample  is 
repetitively  pressed  without  any  rotation  and  route  C  in  which  the  sample  is  rotated  180° 
around  its  longitudinal  axis  between  individual  pressings  [15].  In  addition,  a  part  of  as- 
received  sample  was  hot-extruded  at  an  extrusion  ratio  of  12:1  and  at  673  K  instead  of  ECAP. 

Microhardness  was  measured  using  a  Vickers  microhardness  tester  at  a  load  of  0.05  kg  for 
15  s.  Microstructure  examination  of  samples  before/after  ECAP  was  carried  out  using  an 
optical  microscope  (OM),  a  field  emission  scanning  electron  microscope  (FE-SEM, 
JSM6330F,  JEOL,  Japan)  and  a  transmission  electron  microscope  (TEM,  JEOL  2010,  Japan) 
operated  at  200  keV. 


3.  Results  and  Discussion 

3.1  Microstructural  Characteristics 

Figure  1  represents  TEM  micrographs  of  ECA  pressed  P/M  6061  A1  alloy.  For  P/M  6061 
A1  alloy  with  an  initial  grain  size  of  approximately  20  pm,  after  two  pressings  at  373  K  using 
route  A,  the  grains  were  elongated  and  had  a  length  of  -0.8  pm  and  a  width  of  -0,3  pm.  The 
selected  area  diffraction  (SAED)  pattern  showed  the  appearance  of  the  diffused  spots  and  the 
extra  spots  indicating  the  formation  of  a  high  angle  boundary.  In  contrast,  the  grains  after  two 
pressings  at  relatively  high  temperature  of  573  K  became  larger  above  1  pm  in  length  and 
width.  Its  corresponding  SAED  pattern  was  characterized  by  relatively  clear  spots.  This 
implies  that  most  of  the  boundaries  in  the  grains  formed  by  a  single  pressing  would  be  low¬ 
angled.  Near  equiaxed  ultra-fme  grains  of  approximately  0.5  pm  were  obtained  by  4  pressings. 
In  addition,  the  number  of  rings  in  the  SAED  pattern  increased  and  the  spots  became  more 
diffused  compared  to  one  pressed  at  573  K.  There  was  no  microstructural  difference  in  the 
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samples  pressed  using  route  A  and  route  C. 


Fig.l  TEM  micrographs  of  the  ECA  pressed  P/M  6061  A1  alloys;  2  pressings  at  (a)  373  K 
and  (b)  573  K,  4  pressings  using  (c)  Ra  and  (d)  Rc  at  473  K. 

The  optical  microstructure  of  ECA  pressed  P/M  SiCw/6061  A1  composites  is  shown  in  Fig. 
2.  The  as-received  P/M  SiCw/6061  A1  composites  showed  the  microstructure  consisting  of 
the  black  region  of  the  aggregation  of  SiC  whiskers  and  the  white  region  of  matrix.  The 
aggregated  SiC  whiskers  were  uniformly  distributed  by  the  hot  extrusion  (Fig.2  (e)),  whereas, 
after  ECAP,  they  still  remained  aggregated.  The  aggregation  of  SiC  whiskers  was  aligned 
parallel  to  the  shear  direction  and  distributed  more  homogeneously  after  ECAP.  In  addition, 
the  large  aggregation  with  the  irregular  island  shape  was  separated  to  small  ones  with  the 
round  island  shape.  These  microstructural  characteristics  became  stark  with  the  repetitive 
pressings  and  lower  pressing  temperature.  The  alignment  and  distribution  of  SiC  whiskers  in 
the  black  region  were  shown  in  Fig.  3,  together  with  those  in  the  as  extruded  composite.  The 
SiC  whiskers  in  the  black  region  were  densely  aggregated  before  ECAP,  whereas,  after  ECAP, 
they  became  more  distant.  This  tendency  obviously  appeared  with  the  repetitive  pressings.  On 
the  other  hand,  in  the  as  extruded  composite,  they  were  well  distributed  totally  and  aligned 
parallel  to  extrusion  direction  as  shown  in  Fig.3  (d). 

3.2.  Microhardness 

The  microhardness  of  the  ECA  pressed  P/M  6061  A1  alloy  and  P/M  SiCw/6061  A1 
composites  is  shown  in  Fig. 4,  together  with  that  of  the  as  extruded  composite.  The 
microhardness  of  P/M  6061  A1  alloy  drastically  increased  from  46  Hv  to  80  Hv  and  to  55  Hv 
after  two  pressings  at  373  K  and  at  573  K,  respectively.  The  as-received  P/M  SiCw/6061  A1 
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composite  had  different  microhardness  between  the  aggregation  region  of  SiC  whiskers  and 
matrix.  The  microhardness  in  the  aggregation  region  and  matrix  increased  respectively  after 
ECAP,  and  slightly  decreased  with  increasing  the  pressing  temperature.  In  contrast,  the 
extruded  P/M  SiCw/6061  A1  composite  showed  uniform  microhardness.  In  general,  the 
increase  of  microhardness  after  ECAP  is  because  of  the  work  hardening  that  is  caused  by  the 
formation  of  subgrain  bands  and  the  density  increase  of  dislocation  occurring  with  the  shear 
deformation  in  the  initial  grain  interior.  Additionally,  the  reason  why  the  microhardness 
decreases  with  increasing  the  press  temperature  is  deduced  to  be  due  to  the  dynamic  recovery 
occurring  during  the  pressing  [16]  at  higher  temperatures. 


Fig.3  FE-SEM  micrographs  of  the  aggregated  whiskers  in  the  EGA  pressed  P/M  SiCw/6061 
A1  composites;  (a)  0  pressing,  (b)  1  pressing  and  (c)  2  pressings  at  373  K,  and  (d)  as  extruded. 


Fig.4  Mierohardness  of  the  EGA  pressed  P/M  6061  A1  alloys  and  SiGw/6061  Al  alloy 

based  composites. 


4.  Summary 

1.  For  P/M  6061  Al  alloy  with  an  initial  grain  size  of  approximately  20  pm,  an  equiaxed 
(UFG)  structure  with  the  mean  grain  sizes  of  ~0.5  pm  was  obtained  after  4  EGAPs  using 
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route  A  and  C. 

2.  The  P/M  SiCw/6061  Al  composites  consisted  of  the  aggregated  SiC  whiskers  and  matrix. 
The  aggregated  SiC  whiskers  were  uniformly  distributed  by  the  hot  extrusion,  whereas  they 
still  remained  aggregated  after  ECAP,  The  aggregation  of  SiC  whiskers  were  aligned 
parallel  to  the  shear  direction  and  well  distributed  after  ECAR  This  microstructural 
evolution  became  stark  with  the  repetitive  pressings  and  lower  pressing  temperature. 

3.  The  microhardness  of  P/M  6061  Al  alloy  drastically  increased  from  46  Hv  to  80  Hv  and  to 
55  Hv  after  two  pressings  at  373  K  and  at  573  K,  respectively.  The  as-received  P/M  SiCw/ 
6061  Al  composite  and  the  EC  A  pressed  one  revealed  different  microhardness  between  the 
aggregation  region  of  SiC  whiskers  and  matrix,  whereas  the  extruded  one  showed  uniform 
microhardness. 

4.  In  applying  the  ECAP  technique  as  the  subsequent  process  after  powder  metallurgy  of  the 
MMCs,  many  repetitive  pressings  at  relatively  low  temperatures  are  necessary  to  obtain  the 
structure  of  uniformly  well-distributed  SiC  whiskers  resulting  in  high  microhardness. 
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ABSTRACT 

In-situ  synthesis  of  Al/AbTi  composites  by  Mechanical  Alloying  and  Pulse  Discharge 
Sintering  (MA-PDS)  process  was  studied.  The  powder  with  size  smaller  than  75  pm  was 
recovered  at  a  recovery  rate  of  higher  than  70  percent.  The  X-ray  diffraction  (XRD)  profiles 
of  as  milled  powders  showed  that  Ti  can  be  completely  dissolved  into  A1  and  formed  super 
saturated  A1  (Ti)  alloy.  Full  density  compacts  were  obtained  when  powders  were  sintered  at 
873K  for  600  seconds  with  the  pulse  discharge  sintering  (PDS)  process.  The  peaks  of  A1  and 
DO22  AlsTi  were  found  in  XRD  patterns  of  as  sintered  specimens.  In  additional,  small  amount 
of  AI4C3  was  also  found  in  the  as  sintered  samples.  The  microstructure  of  as- sintered 
compacts  showed  that  A^Ti  particles  with  size  of  about  20  pm  dispersed  homogeneously  in 
the  A1  matrix.  It  is  concluded  that  A^Ti  reinforcement  particles  can  be  in-situ  formed  during 
the  sintering  process.  It  is  found  that  the  samples  with  composition  of  5  at.  %  Ti  have  Young’s 
modulus  of  110  GPa  and  tensile  strength  of  550  MPa,  much  higher  than  conventional  A1 
alloys.  The  results  of  high  temperature  tensile  tests  showed  that  the  composites  possess  high 
strength  at  the  temperature  higher  than  67 3 K.  The  stability  of  A^Ti  reinforcement  particle  at 
high  temperature  and  high  bonding  strength  at  interface  between  A^Ti  particles  and  A1  matrix 
are  believed  to  contribute  to  the  excellent  mechanical  properties  of  this  composite. 


1.  INTRODUCTION 

Mechanical  alloying  (MA)  has  been  proven  an  effective  method  for  synthesizing 
aluminum  alloys  or  aluminum-based  composites  containing  a  large  quantity  of  transition 
metals  such  as  Ti,  Fe  and  Ni,  et  al  [1].  As  a  non-equilibrium  solid-state  process,  MA  can 
result  supersaturation  of  the  transition  metals  in  Al  during  the  milling  process  and  the 
formation  of  fine  Al-based  intermetallic  compound  phases  in  the  following  heating  process  [2, 
3].  Due  to  high  diffusivity  in  liquid  state,  the  intermetallic  phases  easily  grow  and  form  coarse 
grains.  Thus  it  is  difficult  to  obtain  fine  intermetallic  dispersoids  in  the  Al  alloys  with  high 
content  of  transition  metals  by  conventional  melting  process  [4].  Among  the  aluminum-rich 
intermetallic  compounds,  AlsTi  is  attractive  for  its  high  Young's  modulus  (-220  GPa)  and 
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high  melting  point  (-1623  K)  and  relatively  low  density  (-3.3  g/cm^).  But  extreme  brittleness 
of  bulk  AbTi  limits  its  practical  structural  applications  [5].  However,  if  the  A^Ti  phase 
appears  by  fine  dispersoids  in  a  ductile  matrix,  it  is  predicted  that  the  dispersoids  are  effective 
in  strengthening  the  matrix  alloys  [6]. 

The  A1  alloys  with  a  significant  content  of  fine  A^Ti  dispersoids  have  been  successfully 
produced  by  MA  process  [7].  The  Al-AhTi  alloys  show  excellent  combination  of  low  density, 
good  thermal  stability  and  high  modulus  and  strength.  Especially,  compared  with 
conventional  A1  based  alloys  or  composites  such  as  7075  alloy  and  Al/SiCp  composite,  the 
Al-AlsTi  alloys  exhibit  a  superior  elevated  temperature  strength,  -200  MPa  at  623  K  [8]. 

However,  almost  all  synthesis  of  MA  Al-A^Ti  alloys  was  carried  out  on  laboratory  scale, 
in  which  only  several  grams  of  MA  powder  were  formed  in  one  process  circle.  The  small 
yield  scale  is  not  suitable  for  industrial  applications.  Further  the  excellent  mechanical 
properties  were  obtained  in  the  Al-AETi  alloys  by  multi-step  process  including  high 
temperature  (-873  K)  sintering  for  long  time  (-3.6  ks)  and  hot  extrusion  [9].  The  severe 
processes  will  decrease  the  lifetime  of  moulds  and  consume  more  energy,  meanwhile  hot 
extrusion  raises  difficulty  in  the  process,  which  all  increase  the  cost  of  the  alloys. 

In  this  paper,  the  mechanical  alloying  and  pulse  discharge  sintering  (MA-PDS)  technology 
was  applied  for  fabricating  the  Al-AbTi  alloy.  In  every  process  circle,  the  yield  of  MA  Al-Ti 
powder  can  be  maintained  at  about  1  kg.  The  bulk  Al-Af^Ti  composites  with  full  density  were 
successfully  manufactured  by  single-step  sintering  process  with  short  soaking  time  (0.6  ks) 
and  low  temperature  (<773  K).  The  microstructures  and  mechanical  properties  of  the  alloys 
were  also  studied. 


2.  EXPERIMENTAL 

2.1  Mechanical  alloying  (MA)  process 

The  elemental  aluminium  powder  (purity:  99.9%;  maximum  particle  size:  0.18  mm)  and 
titanium  powder  (purity:  99.9%;  maximum  particle  size:  0.15  mm)  with  composition  of  Al-12 
mass  %  Ti  were  used  as  starting  materials  in  milling  process.  The  powder  and  I  mass  %  of 
stearic  acid  as  process  control  agent  (PCA)  were  firstly  pre-mixed  with  a  Turbula  rnixer  for 

7.2  ks.  Then  the  mixture  was  put  in  middle-scale  powder  synthesis  unit  consisting  of  a 
gas/vacuum  system  and  a  tumbling  ball  mill  with  0.3  m  in  inner  diameter  and  0.35  m  in  inner 
length,  where  more  than  50  kg  of  steel  balls  with  diameter  ranged  from  6.35  mm  to  19.05  mm 
were  contained  as  grinding  media.  Such  synthesis  unit  is  able  to  deal  with  at  least  1  kg  of 
starting  materials  in  one  process  circle.  The  MA  process  was  carried  out  in  argon  atmosphere 
for  720  ks.  After  milling,  the  media  balls  and  as-milled  powder  were  separated  by  a  vibration 
sieve  and  the  MA  powder  were  graded  and  collected  by  three  different  particle  sizes:  smaller 
than  33  pm  (-33pm);  between  33  pm  and  75  pm  (+33  pm/-75pm);  over  75  pm  (+75  pm). 
According  to  Japanese  Industrial  Standard  (JIS)  only  the  powder  with  particle  size  less  than 
75  pm  can  be  used  in  industrial  applications. 

2.2  Pulse  discharge  sintering  (PDS)  process 

The  as-milled  powders  with  particle  size  less  than  75  pm  were  recovered  for  PDS.  The 
powder  was  filled  in  graphite  die  with  two  graphite  punches  and  then  the  sintering  chamber 
was  evacuated  to  a  high  vacuum  of  about  6x10  '^  Pa.  At  the  beginning  of  sintering  process,  a 
pulse  current  with  an  intensity  of  800  A  was  applied  for  30  seconds  and  then  the  direct 
electric  current  and  load  were  applied  on  the  die  by  the  temperature  and  pressure  programme. 
A  maximum  pressure  of  1 10  MPa  and  a  maximum  temperature  ranged  from  748  K  to  873  K 
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for  0.6  ks  soaking  time  were  adopted  in  the  sintering  process.  Billet-shaped  compacts  with 
(|)50mm  were  sintered. 

2.3  Materials  characterization 

The  X-ray  diffraction  (XRD)  analysis  (Cu-Ka  radiation)  was  conducted  to  examine  the 
crystal  structure  of  as-milled  powder  and  as-sintered  specimen.  The  composition  of  as-milled 
powder  was  examined  by  chemical  analysis.  The  micro  structures  of  as-sintered  specimens 
were  observed  by  scanning  electron  microscopy  (SEM).  The  density  of  sintered  materials  was 
measured  by  the  Archimedes'  method,  and  the  Young’s  modulus  was  determined  with  an 
ultrasonic  pulse  echo  method  using  an  ultrasonic  measuring  instrument.  The  Young's  modulus 
E  (GPa)  can  be  calculated  with  the  following  equation, 

Vl-V^ 

where  Vl  and  Fr,  in  km/s,  are  the  velocities  of  the  longitudinal  and  transverse  waves 
transmitted  in  the  test  piece,  respectively,  and  p  (Mg/m^)  is  the  density  of  the  measured 
materials. 

The  sintered  billets  were  machined  to  specimens  with  gauge  dimension  of  20x4x2  mm^ 
for  tensile  test  at  temperature  ranged  from  293  K  to  793  K.  Mechanical  tests  were  carried  out 
on  an  Instron  universal  testing  machine  with  a  strain  rate  of  3x10''^  s'\  The  fracture  surfaces 
after  tensile  tests  at  various  temperatures  were  observed  with  a  scanning  electron  micriscope. 


3.  RESULTS  AND  DISCUSSIONS 


3.1  Mechanical  alloying  process 


Table  1  Particle  size  distribution  of  MA  powder 


size  -33^m 

+33/-75jLim 

+75  pm 

Recovery  rate,  %  4.65 

82.3 

13.05 

According  to  JIS,  the  powder  with 
size  less  than  75  pm  can  be  applied 
in  the  Powder  Metallurgical  industry. 

The  distribution  of  particle  size  of 
MA  powder  after  720  ks  milling  is  summarised  in  Table  1,  which  shows  more  than  80  per 
cent  of  powder  with  particle  size  ranged  from  33  pm  to  75  pm.  The  proportions  of  finer 
powder  (<  33  pm)  and  coarser  powder  (>  75  pm)  are  both  low.  The  total  recovery  rate  of 
more  than  90  percent  proved  that  the  high  stable  yield  of  MA  Al-Ti  powder  was  realized  after 
milling  process.  It  means  that  at  least  900g  of  MA  powder  can  be  produced  in  every  milling 
process  recycle,  which  is  suitable  to  industrial  scale.  Figure  1  showed  the  XRD  profiles  of 
MA  powder  at  different  milling  time.  It  is  found  that  the  structural  evolution  during  milling 
process  was  similar  with  other  results  from  laboratory  planetary  ball  mill  [2,3].  In  the  milling, 
the  dissolution  of  Ti  atoms  into  A1  powder  can  be  responsible  for  the  intensity  of  Ti  peaks 
weakened  in  XRD  profiles.  At  the  milling  time  of  720  ks,  the  peaks  of  Ti  cannot  be  identified 
due  to  formation  of  Al(Ti)  supersaturated  solid  solution.  The  broadening  and  weakening  of  A1 
peaks  is  attributed  to  crystalline  distortion  and  refining  of  grain  size  introduced  by  heavy 
plastic  deformation  in  aluminium. 


3.2  Microstructure  and  mechanical  properties  of  as-sintered  composites 


Variation  in  the  density  of  sintered  alloys  with  sintering  temperature  is  shown  in  Fig.2.  It 
is  found  that  the  powder  can  be  consolidated  to  bulk  specimens  with  full  density  by  PDS  at 
773K,  which  is  lOOK  lower  than  by  conventional  hot  press.  As  well  known,  the  surface  of 
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Fig.l.  X-ray  diffraction  profiles  of  MA 
powder  at  different  milling  time 


Sintering  Temperature, K 

Fig.2  The  variation  of  density  of  sintered 
alloys  with  sintering  temperature 


Fig.3  X-ray  diffraction  profiles  of  the  MA 
powder  and  sintered  alloy. 


Fig.4  Back  scattered  electron 
microscopic  image  of  the  alloy  sintered  at 
773K 


MA  A1  powder  is  generally  coated  by  oxide,  which  will  increase  the  sintering  temperature.  As 
aforementioned  description  of  PDS  process,  a  gigantic  current  (800  A)  pulse  applied  on  the 
powder  can  break  the  oxide  surface  to  prompt  the  activated  sintering  process.  The  Young's 
modulus  of  sintered  specimen  is  1 12  GPa,  slightly  higher  than  the  theoretical  value  of  109 
GPa  due  to  existence  of  small  amount  of  oxide  and  carbide,  as  shown  by  chemical  analysis  in 
Table  2. 

The  XRD  profile  in  Fig.3  shows  the  sintered  alloy  consisted  with  A1  matrix  and  in-situ 
formed  A^Ti  intermetallic  compound.  Due  to  small  amount,  the  peaks  corresponding  to  oxide 
AI2O3  and  carbide  AI4C3  can  not  be  identified  in  the  XRD  profiles.  Figure  4  shows  the 
backscattered  electron  image  of  microstructure  in  alloy  sintered  at  723K.  In  the  micrograph 
the  dark  area  represents  the  A1  matrix  and  the  grey  particles  represent  Al3Ti  phase.  Al3Ti 
phase  appears  as  equiaxed  particle  with  average  diameter  less  than  1  pm.  In  addition,  it  is 
found  that  A^Ti  phase  disperses  homogeneously  in  A1  matrix. 


Table  2.  Chemical  composition  (in  mass  %)  of  the  Al-Al3Ti  composite  and  the  calculated 


volume  fractions  (F)  of  A^Ti 


A1 

Ti 

0 

0 

! 

FAI.,Ti* 

Bal. 

11.62 

0.70  0.73 

0.28 

assuming  that  the  titanium  are  fully  reacted  with  aluminium  to  form  the  A^Ti. 
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Strain  Testing  Temperature,  K 


Fig.5  The  stress-strain  curves  of  Al-AlsTi  Fig.6  The  relation  curves  of  yield  strength 
alloys  tested  at  different  temperature  and  elongation  with  temperature 


Table  3  mechanical  properties  of  Al-AlsTi  composite,  compared  with  7075-T6  A1  alloy* 


Alloy 

1  293  K 

573K 

E,  GPa 

UTS,  MPa 

YS,  MPa 

El.(%) 

UTS,  MPa 

YS,  MPa 

El.(%) 

71 

559 

471 

11  % 

85 

75 

46% 

112 

550 

460 

1  % 

350 

300 

3% 

*data  of  7075  alloy  from  Japanese  Industrial  Standard  Handbook  (JIS-H-4100) 


The  tensile  stress -strain 
curves,  the  tensile  yield  strength 
and  elongation  of  the  Al-A^Ti 
alloy  sintered  at  773  K  as 
functions  of  testing  temperatures 
are  summarized  in  Fig.5  and 
Fig.6,  respectively.  High 

ultimate  tensile  strength  of  550 
MPa  was  obtained  at  room 
temperature,  meanwhile,  the 
alloy  showed  significant  plastic 
deformation  behaviour.  The 
strength  decreased  with 

increasing  testing  temperature, 
meanwhile  the  strain  or 
elongation  showed  opposite 
tendency.  It  is  worthy  to  notice 
that  yield  strength  maintained 
300  MPa  at  573  K. 

Compared  with  mechanical  properties  of  7075-T6  aluminium  alloy,  as  can  be  seen  in  Table 
3,  the  present  Al-AbTi  composite  shows  same  level  of  strength  at  room  temperature  and 
much  higher  strength  at  elevated  temperatures.  The  excellent  mechanical  properties  can  be 
attributed  to  fine  Al3Ti  reinforcement  in  the  A1  matrix,  which  can  be  explained  by  load¬ 
sharing  effect  of  AlsTi  particles  [8],  The  Al-Al3Ti  composites  have  potential  application  as 
lightweight  heat-resistant  alloys. 


Fig.7  Fracture  surfaces  after  tensile  testing  at  differen 
temperatures  of  298K,  573K,  723K  and  773K,  respectively. 


873 


3.3  Fractography 

The  scanning  electron  micrographs  in  Fig.  7  represent  the  fracture  surfaces  of  the  Al-A^Ti 
alloy  after  tensile  testing  at  room  temperature,  573K,  723K  and  773K,  respectively.  It  can  be 
seen  from  the  fractography  of  the  specimen  tensile  tested  at  room  temperature  that  though 
brittle  fracture  characteristic  due  to  the  reinforcement  phase  prevails,  matrix  aluminium  still 
showed  substantial  plastic  deformation  feature.  With  an  increase  in  testing  temperature,  the 
constraint  of  reinforcement  phase  on  the  plastic  deformation  of  matrix  aluminium  is  reduced 
and  more  plastic  deformation  features  are  seen  in  the  fracture  surface,  which  is  consistent  with 
the  result  shown  in  Fig. 5  and  Fig.6. 


4.  SUMMARY 

The  in-situ  Al-A^Ti  composites  were  successfully  fabricated  on  kilogram  scale  by  MA- 
PDS  process.  The  A1  powder  and  Ti  powder  was  completely  alloyed  to  form  Al(Ti)  super¬ 
saturated  solution  after  720  ks  milling  in  a  middle  scale  mill.  The  recovery  rate  of  MA 
powder  conforming  to  Japanese  Industrial  Standard  was  more  than  80  percent  and  ~1  kg  MA 
powder  can  be  synthesized  in  one  process  circle.  The  MA  powders  were  consolidated  to  bulk 
specimens  with  full  density  by  short  time  and  low  temperature  sintering  process  in  a  PDS 
system.  The  characteristic  microstructure  of  sintered  alloy  is  an  A1  matrix  composite  with 
homogeneously  distributed  fine  AlaTi  dispersoids  with  particle  size  less  than  1  pm.  Compared 
with  7075-T6  aluminium  alloys,  the  strength  of  Al-Af^Ti  composites  shows  same  level  of 
strength  at  room  temperature  and  much  higher  strength  is  obtained  at  elevated  temperatures. 
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ABSTRACT 

The  present  work  was  undertaken  to  highlight  a  novel  in-situ  process  in  which 
electromagnetic  stirring  plus  plasma  spraying  techniques  were  used  to  produce  Al/AlaFe 
composites  consist  of  angular  shape  of  AlsFe  intermetallic  compounds  of  about  20  pm  in  size. 
The  microstructures  of  fabricated  materials  depended  mainly  on  the  plasma  spraying 
conditions  such  as  input  current,  gas  flow  rate  of  plasma  and  distance  from  plasma  gun  to 
melt  surface.  This  seemed  to  be  due  to  the  difference  of  instant  temperature  and  velocity  of 
iron  particle  on  the  melt  surface.  The  temperature  and  velocity  of  iron  particles  in  the  plasma 
arc  were  calculated  and  the  results  were  compared  with  the  fabricated  microstructures.  In 
addition,  the  mechanism  for  formation  of  Al3Fe  intermetallic  compounds  in  the  melt  was 
analyzed  by  spherical  shell  model  incorporating  of  diffusion  kinetics. 


1.  INTRODUCTION 

MMCs  have  been  developed  from  the  motive  for  making  materials  that  exhibits  good 
combination  of  mechanical  properties  such  as  strength,  elastic  modulus,  hardness  and 
resistance  to  wear  [1].  Ceramic  particles  such  as  SiC,  TiC  and  AI2O3  have  been  recognized  as 
potential  reinforcement  for  metal  [2].  However,  production  costs,  machinability  and 
incompatibility  with  environment  have  so  far  hampered  ceramic  particle  reinforced  MMCs  to 
be  utilized  for  their  commercial  applications  in  spite  of  their  superior  physical  and  mechanical 
properties  [3].  In  recent  years,  metal  particle  reinforced  MMCs  have  been  taken  great 
attention  due  to  their  easy  fabrication  and  variety  of  property  selection.  Recently,  much  work 
has  been  reported  on  the  development  of  metal  particle  reinforced  MMCs:  in-situ  Al/Al3Ti 
composites  with  centrifugal  casting  of  Al-Ti  alloy  [4],  squeeze  casting  of  A380/Fe  [5], 
A201/Al-Fe-V-Si  particles  [6],  stir-casting  of  Al/quasicrystalline  Al-Cu-Fe  particles  [7]  and 
in-situ  Al/ALFe  composites  with  plasma  synthesis  method  [8].  Plasma  synthesis  method 
(PSM)  is  a  kind  of  in-situ  formation  of  intermetallic  compounds  in  the  matrix  and  it  involves 
incorporation  of  metallic  particles  into  a  molten  metal  using  a  plasma  jet.  In  the  process,  the 
particles  are  heated  and  accelerated  in  the  plasma  arc,  which  helps  the  incorporation  of  the 
particles  into  the  molten  metal. 

The  objectives  of  the  present  work  were  to  investigate  the  effects  of  plasma  spraying 
conditions  on  the  microstructures  of  Al/Al3Fe  composites  and  to  verify  the  mechanism  for 
formation  of  A^Fe  intermetallic  compounds  in  the  matrix  when  Al/A^Fe  is  produced  by 
plasma  synthesis  method. 
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2.  EXPERIMENTAL 


The  fabrication  processing  was  carried  out  by  a  ValuPlaz^^  Plasma  spray  system  with  Ar 
as  plasma  spraying  gas  and  powder  carrier  gas.  Aluminum  (99.9%  purity)  ingots  of  lOOOg 
placed  in  a  clay-graphite  crucible  with  argon  flux  cover  were  heated  by  high  frequency 
induction  furnace.  The  crucible  with  the  molten  aluminum  was  taken  out  from  the  chamber  of 
high  frequency  induction  furnace,  and  put  into  the  chamber  under  the  plasma  spraying  nozzle. 
As  the  spray  processing  began,  the  electromagnetic  stirring  equipment  was  switched  on  to 
distribute  particles  homogeneously  in  the  molten  aluminum.  While  the  injection  of  iron 
particles  reached  a  required  value,  the  melt  was  poured  into  a  steel  mould  85mm  in  diameter. 
The  Fe  powder  used  in  the  experiment  was  99.9%  purity  and  its  mean  particle  size  was  about 
90pm.  Fabrication  experiments  were  carried  out  under  the  various  plasma  spraying 
conditions;  input  current  200,  300  and  400A,  gas  flow  rate  50,  65  and  80  1/min,  and  powder 
feeding  rate  40  and  60g/min. 

Standard  metallographic  techniques  were  employed  to  examine  the  microstructurcs  of  the 
as-cast  ingots  of  Al/Al3Fe  composites.  The  microstructurcs  were  characterized  using  an 
optical  microscope,  a  scanning  electron  microscope  equipped  with  energy  dispersive  X-ray 
spectrometer.  Phase  identification  was  carried  out  using  an  X-ray  diffractometer  with  Cu  Ka 
radiation  at  40kV  and  30mA.  The  volume  fraction  and  size  distribution  of  intcrmctallic 
compounds  were  estimated  with  the  help  of  an  image  analyzer. 


3.  RESULTS 

3. 1  Microstructures 

Fig.  1  shows  the  X-ray  diffraction  pattern  of  the  as-cast  specimen  fabricated  at  the  plasma 
spraying  condition  of  input  current  300A,  gas  flow  rate  65  1/min  and  powder  feeding  rate 
40g/min.  From  the  diffraction  pattern,  iron  aluminide  was  identified  as  AI|3Fe4  and  no  other 
phases  such  as  AlFe,  ALFe,  Af^Fe  and  AIFe3  were  identified. 

Fig.  2  shows  the  optical  micrographs  of  as-cast  specimen  fabricated  at  the  plasma  spraying 
condition  of  input  current  300A,  gas  flow  rate  65  1/min  and  powder  feeding  rate  40g/min.  The 
micro  structure  consisted  of  angular  shape  and  needle-like  AI13FC4  (sometimes  referred  to  as 
Al3Fe)  embedded  in  a-Al  matrix. 


Fig.  1  X-ray  diffraction  pattern  of  the  Fig.  2  Optical  micrographs  of  the 

as-cast  specimen  as-cast  specimen 
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The  similar  microstructures  were  obtained  with  the  specimens  fabricated  at  different 
plasma  spraying  conditions.  However,  the  size  distributions  of  angular  and  needle-like 
intermetallic  compound,  and  volume  fractions  of  total,  angular  and  needle-like  AlaFe  were 
different  with  plasma  spraying  conditions. 

Fig.  3  shows  the  results  of  image  analysis  with  input  current.  At  input  current  300A,  the 
fraction  of  needle-like  intermetallic  compounds  in  the  microstructures  is  lower  and  the 
fraction  of  angular  intermetallic  compounds  is  higher  compared  with  those  fabricated  at  input 
current  200A  and  450A,  while  the  total  faction  of  intermetallic  compounds  is  nearly  the  same 
for  different  input  current.  Further,  the  size  of  needle-like  intermetallic  compounds  is  smaller 
compared  with  those  fabricated  at  input  current  200 A  and  450 A.  While,  there  are  no  much 
variations  in  the  size  distribution  of  angular  intermetallic  compounds  with  the  variation  of 
input  current. 

Fig.  4  shows  the  results  of  image  analysis  with  gas  flow  rate.  With  increasing  gas  flow 
rate,  the  total  fraction  of  intermetallic  compounds  and  the  fraction  of  angular  shape  of 
intermetallic  compounds  increase  while  the  fraction  of  needle-like  intermetallic  compounds 
decreases.  In  addition,  the  size  of  needle-like  intermetallic  compounds  decreases  with  gas 
flow  rate.  While,  there  are  no  much  variations  in  the  size  distribution  of  angular  intermetallic 
compounds  with  gas  flow  rate. 

It  was  confirmed  that  the  microstructural  features  with  powder  feeding  rate  was  similar 
with  that  for  gas  flow  rate. 
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Fig.  3  Results  of  image  analysis  of  microstructures  with  input  current 
(a)  volume  fraction  of  AlsFe  (b)  size  distributuion  of  AlsFe 


Fig.  4  Results  of  image  analysis  of  microstructures  with  gas  flow  rate 
(a)  volume  fraction  of  Ah¥e  (b)  size  distributuion  of  AlsFe 
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Fig.5  Temperature  (a)  and  velocity  (b)  profile  for  Fe  particle  along  the  axial  distance. 


3.  2  Temperature  and  velocity  of  Fe  particles 

The  temperature  and  velocity  of  particle  was  simulated  based  on  momentum  transfer  and 
heat  transfer  between  plasma  gas  and  particle  in  the  plasma  arc.  Fig.  5  shows  the  temperature 
and  velocity  profile  for  Fe  particle  along  the  axial  distance  from  the  plasma  nozzle.  The 
temperature  and  velocity  of  the  Fe  particle  were  calculated  on  the  plasma  spraying  condition 
of  300A  and  65  1/min.  The  temperature  and  velocity  increase  sharply  to  reach  its  maximum 
and  decrease  smoothly  with  plasma  spraying  distance.  In  addition,  it  ean  be  observed  that  the 
phase  of  particle  at  the  moment  of  impact  on  the  melt  surface  depends  on  the  initial  particle 
size. 


4.  DISCUSSION 

Al-rich  Al-Fe  alloys  exhibit  a  simple  eutectic  between  A1  and  AlsFe  under  the  equilibrium 
conditions.  The  morphology  of  primary  phase  of  Al3Fe  is  plate-like,  needle-like  or  star¬ 
shaped  under  the  conventional  melting  and  casting  of  the  hypereutectic  composition  of  the 
alloys  [9].  Unlike  the  AlsFe  morphology  obtained  by  the  conventional  melting  and  casting  of 
hypereutectic  Al-Fe  alloys,  the  AlsFe  intermetallic  compounds  obtained  by  PSM  was 
composed  of  angular  and  small  needle-like  shapes.  From  the  comparison  of  morphology  of 
AbFe  between  the  microstructures  of  conventional  melting  and  casting  and  those  of  PSM,  it 
can  be  induced  that  the  needle-like  shapes  of  intermetallic  compounds  might  come  from 
crystallization  followed  dissolution  of  the  Fe  particles  into  the  A1  melt  and  the  angular  shape 
of  intermetallic  compounds  might  come  from  reaction  of  the  Fe  particles  with  the  A1  melt. 

The  spherical  shell  model  [10]  in  Fig.6  was  applied  to  the  reaction  of  liquid  A1  and  Fe 
particle.  This  model  consisted  of  a  Fe  particle  with  an  initial  diameter  of  ro  surrounded  by  A1 
melt,  and  that  the  Fe  particle  size  decreased  to  r\  as  the  reaction  proceeded.  It  can  be  assumed 
that  no  other  compounds  such  as  FeAl  and  FeAh  formed  from  the  microstructural 
observations.  Further,  as  shown  in  Fig.  5,  the  temperature  of  Fe  particle  is  higher  or  same  as 
that  of  the  A1  melt  and  due  to  high  thermal  conductivity,  the  temperature  of  Fe  particle  and  the 
A1  melt  becomes  local  equilibrium.  Thus,  it  can  be  assumed  that  no  temperature  gradient 
exists  between  liquid  A1  and  Fe  particle. 
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Fig.  6  Schematic  illustrations  of  spherical  shell  model 

The  diffusion  of  A1  occurred  in  AlsFe  to  the  A^Fe/Fe  layer  and  the  reaction  occurred 
between  A1  and  Fe  at  this  layer.  The  diffusion  velocity,  Vd(mol/s),  of  A1  in  AlsFe  at  the 
spherical  plane  with  a  radius  of  r  is  represented  by  equation  (1), 

Y  =4;rr^^^(^^)  [mol/s]  (1) 

Yai  dr 

where  Dai,  Yai  and  aAi  are  diffusion  coefficient,  activity  coefficient  and  activity  of  A1  in  AIbFc, 
respectively.  Equation  (1)  can  be  obtained  by  integrating  with  respect  to  r  on  the  condition 
that  Vd  is  constant  between  rj  and  ro, 

Y  =  -  a  A, )  [mol/s]  (2) 

YAii-o-ri 

If  the  radius  of  the  unreacted  Fe  particle  decreases  from  rj  to  ri-dr  in  the  duration  of  dt,  the 
decrease  velocity,  Vr(mol/s),  in  the  Fe  volume  is  represent  by  equation  (3), 


^  4k  {r,^-(r,-dt)^}  P  p,  ^  -^2  P  fc  (3) 

'  3  dt  Mp,  '  Mp,  dt 

where  ppe  and  Mpe  are  the  density  and  molecular  weight  of  Fe,  respectively.  In  a  steady  state 
and  considering  the  law  of  conservation  of  mass  at  AlsFe/Fe,  the  overall  reaction  velocity, 
v(mol/s),  may  be  equal  to  Vd  and  Vr. 

Thus,  from  equation  (2)  and  (3),  the  time  for  complete  reaction  of  liquid  A1  and  solid  Fe 
can  be  obtained  by  integrating  from  to  to  zero  of  ri. 


t  =  (T)(^)( 
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)(f7^)ro 


Fe 


(4) 
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Fig.  7  Variation  of  complete  reaction  time  with  initial  Fe  particle  size  at  1073K 

The  time  for  complete  reaction  of  Al  and  Fe  at  1073  K  are  calculated  using  equation  (4) 
(taking  yAi=0.52,  aAi=0.4,  pFc=7.87g/cm^  MFo=55.85g/mol,  DAi=Doexp(-Q/RT),  D„=4.21xl0^ 
and  Q=273kJ/mol  [11,12])  and  the  calculated  results  are  plotted  in  Fig.  7  as  a  function  of 
initial  Fe  particle  size.  The  reaction  between  the  Al  melt  and  Fe  particle  completes  within  a 
few  seconds. 


5.  CONCLUSIONS 

MMCs  of  Al/AbFe  intermetallic  compounds  were  fabricated  by  injection  of  Fe  powder 
into  the  Al  melt  through  plasma  synthesis  method  under  the  various  processing  parameters, 
and  the  results  obtained  are  as  follows: 

(1) The  as-cast  micro  structures  consisted  of  a-Al  and  A^Fe  intermetallic  compounds.  The 
morphology  of  Al3Fe  intermetallic  compounds  was  mixed  with  angular  and  small  needle-like 
and  the  fraction  depended  on  the  processing  parameters  such  as  input  current,  gas  flow  rate, 
spraying  distance,  powder  feeding  rate. 

(2)  The  reaction  between  Fe  particle  and  the  Al  melt  occurred  very  rapidly  to  complete 
within  a  few  seconds. 
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ABSTRACT 

The  high-temperature  deformation  behavior  of  Al-18wt.%Si  composite  was  studied  by 
torsion  tests  in  the  temperature  range  of  350  -  500 °C  and  the  strain  rate  range  of  1x10'^  - 
IxlO^/sec.  The  metal  matrix  composite  showed  the  characteristics  of  dynamic  softening 
transition.  The  transition  from  dynamic  recovery  (DRV)  to  dynamic  recrystallization  (DRX) 
occurred  at  the  deformation  conditions  of  400  °C  and  1x10’^  -  1x10"^  Also,  the  dynamic 
transition  behavior  was  investigated  with  multi-pass  deformation  test.  The  relationship  among 

the  processing  variables,  strain  rate  (e),  temperature  (T)  and  flow  stress  (a),  can  be  expressed 
as  constitutive  equations  that  can  be  considered  with  the  transition  behavior. 

Keywords:  metal  matrix  composite,  constitutive  equations,  dynamic  softening  transition, 
multi-pass  deformation 


1.  INTRODUCTION 

The  spray-formed  Al-Si  composite  has  emerged  as  advanced  materials  owing  to  its  good 
wear  resistance  and  low  thermal  expansion  properties  [1,2].  For  expanding  the  practical 
application  of  the  composite,  the  conventional  hot  working  processes  such  as  rolling,  forging, 
and  extrusion  can  be  used  to  produce  products.  However,  during  the  forming  process  of  the 
composite,  the  flow  behavior  would  be  significantly  different  from  that  of  the  monolithic  A1 
alloy  because  of  the  presence  of  hard  Si  particles,  which  strongly  affect  the  microstructure  and 
mechanical  properties  of  the  composite  [2-4].  Therefore,  it  is  very  important  to  understand  the 
microstructural  evolution  and  to  predict  the  optimum  hot  working  condition  for  the  composite 
during  hot  deformation. 

In  the  last  few  years,  many  workers  have  studied  for  the  hot  softening  mechanisms  of  A1 
matrix  composites  [4-6].  Especially,  some  researchers  have  reported  that  A1  matrix 
composites  were  softened  by  the  both  dynamic  recovery  (DRV)  and  dynamic  recrystallization 
(DRX)  during  hot  deformation.  The  composites  showed  the  transition  of  softening 
mechanisms  [5,6].  It  is  difficult  to  determine  optimum  deformation  conditions  due  to  their 
transition  behavior. 

The  aim  of  this  work  is  to  study  the  hot  softening  mechanism  of  Al-18wt.%Si  composite 
and  to  predict  conditions  for  optimization  of  hot  workability  using  analysis  of  flow  stress 
curves  and  microstructures.  Also,  the  transition  of  dynamic  softening  was  investigated  with 
multi-pass  deformation  test  and  then  discussed. 
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2.  EXPERIMENTAL  PROCEDURES 

The  materials  used  in  this  work  are  spray-formed  Al-18wt.%Si  composite.  The  composite 
was  fabricated  by  spray  forming  process.  And  the  spray-formed  rod  was  hot  extruded.  The 
torsion  specimens  with  a  gauge  length  of  10  mm  and  a  diameter  of  7  mm  were  machined  from 
the  extruded  bars. 

To  investigate  the  hot  deformation  behavior  of  Al-18wt.%Si  composite,  hot  torsion  tests 
were  conducted  in  the  temperature  range  300  -  500 °C  and  in  the  strain  rate  range  0.001-1/sec. 
Subsequently,  the  torsion-tested  specimens  were  quenched  immediately  in  the  water  at  25  "C . 
The  effective  stress  (a)  and  effective  strain  (g)  of  the  composites  were  calculated  by  the  von 
Mises  criterion  [7]  using  the  torque  moment  (M)  and  angular  displacement  (0)  measured  from 
the  torsion  tests.  The  microstructures  of  the  hot-deformed  composites  were  investigated  by 
the  scanning  electron  microscopy  (SEM,  Hitachi  420)  and  transmission  electron  microscopy 
(TEM,  Philips  CM200). 

3.  EXPERIMENTAL  RESULTS 

3.1  Flow  stress  curves  and  transition  of  dynamic  softening 

Fig.  1  shows  the  flow  stress  curves  of  Al-18wt%Si  composite  obtained  under  several 

deformation  conditions.  The  deformation  variables,  such  as  strain  rate  (e),  temperature  (T) 
and  strain  (e)  affected  the  variation  of  flow  stress  (a).  It  is  interesting  to  note  that  the  flow 
curves  show  the  both  features  of  the  metals,  softened  by  DRX  or  DRV.  Generally,  the  flow 
stress  curves  of  metals  show  the  two  different  shapes  with  their  softening  mechanisms.  For 
example,  the  flow  stress  curves  by  which  softened  dynamic  recrystallization  (DRX)  exhibit 
the  peak  value  and  gradually  reduce  with  strain  to  steady  state.  On  the  other  hand,  the  flow 
curve  of  some  metals,  e.g.,  pure  aluminum  with  a  characteristic  of  dynamic  recovery  (DRV) 
due  to  their  high  stacking  fault  energy  (SFE)  shows  that  the  peak  value  is  equal  to  the  steady 
state  value  in  flow  stress  curve  [2,4-8]. 
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Fig.  1.  Effective  stress  -  effective  strain  curves  obtained  from  hot  torsion  test  under  various 
temperatures  at  (a)  0,1/sec  and  (b)  0.01/sec. 

From  the  type  of  flow  stress  curves,  it  could  be  noticed  that  DRX  occurs  in  the  temperature 
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range  of  300  -  400  “C,  which  DRV  occurs  in  the  temperature  range  of  400  -  500  °C.  Also,  the 
flow  stress  depends  on  the  deformation  temperature.  Therefore,  it  is  necessary  to  express 
exactly  the  dependence  of  flow  stress  on  process  variables,  such  as  temperature  and  strain  rate. 
The  flow  stress  increased  with  increasing  strain  rate  and  decreasing  temperature  due  to  the 
increase  of  strain  rate  and  the  decrease  of  temperature.  First,  the  relationship  between  the  flow 
stress  and  strain  rate  can  be  expressed  as  follows; 

e  =  aap"  (1) 

where,  s  is  the  strain  rate  and  Gp  is  the  peak  stress  corresponding  peak  strain.  The 
experimental  constant,  a  is  about  9.5x10'^^.  The  exponent,  n,  means  a  reciprocal  of  strain  rate 
sensitivity  (m)  and  can  be  determined  as  a  mean  slope,  6.4,  analyzed  in  Fig.  2(a).  The  n  values 
have  a  tendency  to  decrease  with  increasing  temperature.  Especially,  when  the  temperature 
decreased  from  400*0  to  3500,  the  value  increased  in  three  times  (Fig.  2(b)).  This  big 
difference  was  due  to  the  transition  of  softening  mechanism.  Generally,  the  transition  of 
softening  mechanism  has  been  reported  in  A1  matrix  composites  [4-6].  In  this  case,  the 
transition  occurs  at  about  400  O . 


Fig.  2.  (a)  Relationship  between  the  peak  stress  and  strain  rate  and  (b)  the  exponent  of  power 
law  as  a  function  of  temperature. 

In  order  to  consider  the  effect  of  temperature  simultaneously  on  strain  rate,  a  temperature 

compensated  strain  rate  parameter  (Zener-Hollomon  parameter,  Z  =  £  exp(Q/RT))  was 
substituted  with  the  strain  rate  term  of  equation  (1)  [2,4-8]. 

From  this  stress-strain  curve,  Gp  is  plotted  with  /n(l/T)  to  determine  the  activation  energy 
(Q)  shown  in  Fig.  3(a).  As  a  result,  the  effects  of  strain  rate  and  temperature  (T)  on  peak  stress 
can  be  determined  as; 

8  =  A  Gp"  exp(-Q/RT)  (2) 

n  =  9.80,  Q  =  177  kJ/mol  (at  <  400 °C  and  >  0,1/s) 
n  =  4.41,  Q  =  312.8kJ/mol(at>400°C  and  <  0.01/s) 
where,  T  is  the  absolute  temperature  and  experimental  constant,  A  is  1.76x10^.  From  these 
results,  it  is  found  out  that  Q  strongly  depends  on  the  deformation  conditions.  Q  shows  a  high 
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value  at  the  condition  of  lower  level  strain  rate.  Especially,  the  change  of  strain  rate  from 
0.1/sec  to  0.01 /sec  increases  significantly  the  values  of  Q  (Fig. 3  (b)). 


Fig.  3.  (a)  Relationship  between  the  peak  stress  and  temperature  and  (b)  the  change  of 
activation  energy  as  a  function  of  strain  rate. 


Fig.  4.  SEM  micrographs  (a,  c)  and  TEM  bright  field  images  (b,  d)  of  the  composite  deformed 
at  different  deformation  conditions  :  (a),  (b)  300  °C,  1/sec  and  (c),  (d)  500  °C,  0.001/scc. 

The  transition  behavior  of  Al-18wt%Si  composite  could  be  confirmed  from  microstructural 
evolution.  Fig.  4  shows  the  comparison  of  the  microstructures  deformed  at  the  DRV  region  of 
500  “C  and  0.00 1/s  and  at  the  DRX  region  of  300  "C  and  1/s.  Figs.  4(a)  and  (b)  show 
dynamically  recrystallized  microstructures.  The  small  size  grains  of  1  -  2  fim  were  found 
along  the  Si  particles.  Figs.  4(c)  and  (d)  indicate  the  characteristics  of  DRV  whose  grain  size 
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was  constant  with  that  of  non-deformed  specimen.  The  grain  refinement  of  Al-18Si  composite 
was  obtained  from  the  hot  deformation  at  high  Zener-Hollomon  parameter  conditions. 

3.2  Multi-pass  deformation 

The  dynamic  transition  behavior  could  be  investigated  from  the  flow  stress  curves  obtained 
from  multi-pass  deformation.  Fig.  5  shows  the  flow  stress  curves  and  effective  stress  - 
temperature  curve  of  Al-18wt%Si  composites  obtained  from  multi-pass  deformation.  The 
flow  stress  in  each  pass  increases  smoothly  in  response  to  decreasing  temperature  from  500  °C 
to  250  °C.  In  this  continuous  cooling  torsion  test,  the  specimen  is  multi-pass  deformed  as  it  is 
cooling.  The  mean  flow  stress  in  each  pass  increased  gradually  with  a  constant  slope  due  to 
the  work  hardening  and  strain  accumulation  [8,9].  The  slope  of  mean  flow  stress  curve 
(da/dT)  has  the  change  from  44.38  to  27.83  with  increasing  strain  rates  from  0.01/sec  to 
0.1/sec.  The  decease  of  mean  flow  stress  occurs  due  to  DRX  which  new  grains  are  generated 
along  the  initial  grain  boundaries  [4-8].  This  result  means  that  the  softening  mechanisms  of 
Al-18wt%Si  composite  are  altered  from  dynamic  recovery  (DRV)  to  dynamic 
recrystallization  (DRX)  in  multi-pass  deformation. 

We  may,  therefore,  reasonably  conclude  that  the  transition  of  softening  behavior  for  Al- 
18wt%Si  composite  occurs  at  the  deformation  condition  of  350  -  400  “C  and  0.01  -  0.1/sec. 
Also,  under  a  multi-pass  deformation,  the  transition  behavior  of  the  composite  occurred  at  the 
lower  temperature  due  to  static  softening  during  interpass  time.  For  the  improvement  of 
mechanical  properties  of  Al-18wt%Si  composite,  the  optimum  hot  working  temperature  and 
strain  rate  for  DRX  are  350  °C  and  0. 1/sec  respectively. 


Effective  Strain 


(b) 


Fig.  5.  (a)  Flow  stress  curves  obtained  from  multi-pass  deformation  with  decreasing 
temperature  (b)  the  change  of  mean  flow  stress  slope  obtained  from  (a). 


4.  CONCLUSIONS 

The  spray-formed  Al-18wt%Si  composite  showed  the  transition  behavior  of  softening 
mechanisms.  Dynamic  recrystallization  occurs  at  the  deformation  range  of  300  -  400  °C  and 
0.1  -  1/s.  Under  a  multi-pass  deformation,  the  transition  behavior  occurred  at  the  lower 
temperature  than  that  of  continuous  deformation  due  to  the  static  softening  during  interpass 
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time.  The  optimum  hot  working  condition  for  DRX  of  the  composite  can  be  suggested  to  be 
350 °C  and  0. i/sec. 
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ABSTRACT 

If  fine  Si  particles  within  the  hypereutectic  Al-Si-Xs  (Xs  are  minor  elements)  alloys  are  dispersed  in 
the  matrix,  the  alloys  can  be  used  as  an  alternative  for  ceramic  reinforced  composites,  which  can  he 
achievable  via  spray  forming  and  extrusion  process.  The  advantages  of  the  hypereutectic  Al-Si-Xs 
composites  over  the  conventional  composites  are  their  superh  wear  resistance,  high  modulus,  ease  of 
shaping,  and  low  production  cost.  Such  properties  make  these  composites  suitable  for  structural 
applications.  However,  the  reinforcement  Si  particle  is  known  to  have  lots  of  habit  planes,  which 
degrades  the  mechanical  properties  of  the  Al-Si-Xs  composites.  Therefore  careful  design  of  matrix 
alloy  system,  heat  treatment  conditions,  and  Si  particle  size  is  required  to  improve  the  mechanical 
properties  of  spray  formed  and  extruded  Al-Si-Xs  composites.  In  this  study,  the  effects  of  matrix  alloy 
systems,  heat  treatment  conditions,  spray  forming  and  extrusion  parameters  on  the  Young’s  modulus 
and  mechanical  properties  are  estimated  for  the  application  of  the  composites  as  a  structural  material. 


1.  INTRODUCTION 

Extensive  studies  on  metal  matrix  composites(MMCs)  reinforced  with  ceramic  particulates  or  short 
fibers  have  been  carried  out  due  to  their  attractive  mechanical  properties  suitable  for  structural 
applications.  Although  a  considerable  increase  in  properties,  such  as  strength,  modulus,  wear  resistance 
etc.,  could  be  achieved  by  adding  ceramic  reinforcements,  these  improvements  are  always 
accompanied  by  a  substantial  decrease  in  ductility  and  enhanced  wear  rate  on  opposite  parts.  In 
addition,  another  practical  problems  in  these  types  of  MMCs  are  relatively  high  production  costs  as 
well  as  difficulties  in  machining  and  recycling. 

In  recent  years,  spray  formed  hypereutectic  Al-Si-Xs  (Xs  are  minor  elements)  alloys[l-4],  due  to 
their  low  fabrication  cost  and  ease  of  mechanical  shaping,  are  gaining  a  commercial  significance  for 
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various  structural  applications  that  do  not  require  a  very  high  unidirectional  strengthening.  These 
composites  not  only  exhibit  high  strengths  equivalent  to  those  of  conventional  MMCs,  but  also  possess 
superior  wear  resistance  and  high  modulus  with  reasonable  ductility.  Up  to  date,  most  research  works 
on  the  hypereutectic  Al-Si-X  composites  are  centered  on  wear  properties.  Several  parts  such  as 
compressor  rotor[3-6],  VCR  head[4],  cylinder  liner[7,8],  etc.,  have  been  commercialized  successfully. 
An  effort  to  develop  hypereutectic  Al-Si-X  composites  suitable  for  moving(rotating)  structural  parts, 
such  as  propeller  shaft  for  passengers  cars,  was  made  recently[9].  Such  a  component  requires  materials 
with  high  specific  modulus  to  enhance  the  resonant  frequency  of  the  part,  thereby  reducing  noise 
caused  by  vibration  during  service.  Also,  the  component  requires  reasonably  high  ductility  in  addition 
to  high  strength. 

In  the  present  study,  several  hypereutectic  Al-Si-Xs  composites  were  fabricated  via  spray  forming 
and  subsequent  extrusion  and  the  effects  of  matrix  alloy  systems,  heat  treatment  conditions,  process 
parameters  on  the  mechanical  properties  are  evaluated  for  the  application  of  the  composites  as 
structural  materials  requiring  high  Young’s  modulus,  high  strength,  and  reasonable  elongation  all 
together.  The  fracture  mechanisms  of  the  samples  were  also  investigated  in  order  to  know  how  to 
design  the  mechanical  properties  of  the  composites. 


2.  EXPERIMENTAL  PROCEDURES 

2.1  Preparation  of  the  hypereutectic  Al-Si-Xs  composites 

Hypereutectic  Al-Si-Xs  composite  preforms  were  spray  formed  in  rod  shapes  with  dimensions  of 
(|)300mm  x  hSOOmm,  in  which  the  contents  of  minor  elements  were  varied  in  the  range  of  Cu(<4.5%), 
Mg(<2%),  Zn(<1.5%),  and  Fe(<1.5%).  The  process  parameters  used  to  fabricate  the  preforms  were 
melt  temperature  of  850-900”C,  spray  distance  of  450mm,  substrate  withdrawal  velocity  of  0.2- 
0.8mm/s  at  a  fixed  spray  angle  of  30°,  gas  pressure  of  6-8  atm,  and  G/M  ratio  of  0. 8-1.0  m^/Kg[9]. 
Spray  formed  rods  were  then  extruded  into  tubes  with  the  outer  diameter  and  the  wall  thickness  of 
(|)  120mm  X  t2mm  at  500°C  using  a  2300ton  capacity  hydraulic  press[9]. 

2.2  Characterization 

Pieces  were  cut  out  from  the  extruded  tubes  along  a  direction  parallel  to  the  extrusion  and  machined 
into  the  specimens  to  measure  Young’s  modulus  and  tensile  properties.  Samples  were  subjected  to 
various  heat  treatments,  such  as  T4  (495°C  for  3  hrs  &  quenching)  and  T6  (T4  &  175°C  for  10  hrs). 
Young’s  modulus  was  measured  by  the  sonic  resonant  test  method  designated  by  ASTM  C848-78. 
ASTM  tensile  test  pieces  with  a  rectangular  cross-section(W  6.25mm)  were  machined  and  tested  at  a 
room  temperature  under  the  constant  strain  rate  of  0.1 /min.  Fractured  specimens  were  polished  along  a 
direction  parallel  to  tension  using  standard  metallographic  procedures  and  observed  using  a  scanning 
electron  microscope  (SEM)  to  study  the  crack  initiation  and  propagation  behaviors. 
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3.  EXPERIMENTAL  RESULTS  AND  DISCUSSIONS 


3.1  Mechanical  properties  of  the  hypereutectic  Al-Si-Xs  composites 

As  fine  Si  particles  are  dispersed  in  the  matrix  by  spray 
forming  process,  spray  formed  hypereutectic  Al-Si-Xs 
preforms  can  be  easily  extruded  and  become  smart  MMC  as 
shown  in  Fig.  1. 

The  elastic  modulus  of  the  hypereutectic  Al-(18-25)Si-Xs 
composites,  which  were  measured  using  the  sonic 
resonance  test  method,  increased  in  linear  relationship  with 
Si  contents,  however,  addition  of  Fe  elements  even  in  a 
Fig.  1  Optical  micrographs  of  spray  formed  and  small  contents(l-1.5wt%)  increased  greatly  the  Young’s 

extruded  Al-l8Si-Xs  composite.  Modulus  as  shown  in  Fig.2.  This  is  thought  because  Fe  in 

Al-Si-Xs  alloys  forms  various  kind  of  intermetallic  compounds  with  high  Young’s  modulus.  The 
critical  rotation  velocity(Ac)  of  a  tubular-shaped  rotating  shaft  increases  as  the  specific  Young’s 
modulus(  EJ  ^  ,  £';Young’s  modulus,  ^  ;weight)  increases  with  the  relationship  of 

=<^('^5)(^/'^)^^(where,  a  \  constant,  Fi,  shape  factor).  When  the  rotation  velocity  of  the  shaft 

approaches  the  critical  velocity,  frequency  caused  by  the  shaft  revolution  resonate  with  the  natural 
frequency  of  the  part  and  the  shaft  produces  noise  due  to  the  resonant  vibration.  Regarding  the  specific 
Young’s  modulus,  hypereutectic  Al-Si-Xs  composites  with  Young’s  modulus  of  85-90GPa  reveal 
speeific  modulus  higher  than  that  of  steel  parts  and  comparable  to  that  of  Duralcan 
composite(20%A1203/6061Al).  These  experimental  results  show  that  the  hypereutectic  Al-Si-Xs 
composite  is  suitable  for  a  high  Young’s  modulus  material. 

The  tensile  strength  and  elongation  of  the  Al-(18-25)Si-Xs  composites,  which  were  fabricated  with 
different  contents  of  minor  elements,  different  spray  forming  conditions,  and  different  heat  treatment 
conditions,  are  plotted  in  Fig.3.  The  composites  can  be  classified  in  three  different  groups;  1)  Al-25Si- 
Xs  composites(solid  line),  2)  Al-18Si-Xs  composites(dot  line),  and  3)  the  other  Al-18Si-Xs 
composites(dashed  line).  In  each  case,  higher  contents  of  minor  elements  and  severe  heat  treatment 
result  in  higher  strength  and  lower  elongation.  As  the  amount  of  Si  decreases  from  25vol.%(solid  line 
group)  to  1 8vol.%(dot  line  group),  the  mechanical  properties  are  improved  because  lower  content  of  Si 
makes  less  internal  defects  such  as  pores  in  matrix  between  Si  particles  which  are  formed  during 
extrusion  due  to  bad  metal  flow  obstructed  by  Si  particles.  The  mechanical  properties  of  Al-18Si-Xs 
composites  along  dashed  line(with  higher  gas/metal  ratio  arid  higher  gas  pressure)  are  superior  to  those 
of  another  Al-18Si-Xs  composites  along  dot  line,  this  is  because  higher  gas/metal  ratio  and  higher  gas 
pressure  form  fine  microstructure  of  the  composites.  Details  on  the  compositions,  spray  forming 
conditions,  and  heat  treatment  conditions  of  the  tested  samples  are  available  elsewhere[9].  These 
experimental  results  show  that  tailoring  of  the  mechanical  properties  of  the  hypereutectic  Al-Si-Xs 
composites  is  possible  by  designing  the  composition,  process  parameters  and  heat  treatment  path. 
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which  could  be  assisted  by  the  studies  on  the  fracture  mechanism  of  the  composites. 


Si  contents  (wt,%) 

Fig.  2  The  variation  of  Young’s  modulus  with 
respect  to  varying  Si  contents  in  Al-Si-Xs 
composites. 


Fig.  3  Tensile  properties  of  S.F.  &  extruded  Al- 
Si-Xs  composites. 


3.2  Fractographic  observations 

As  shown  in  Fig.3,  fracture  elongations  of  the  composites  decreased  rapidly  with  increasing  tensile 
strength.  Among  these  composites,  two  different  types  of  composites,  sample  A(hard/brittle)  and 
sample  B(soft/ductile)  as  characterized  by  the  stress-strain  curves  in  Fig.4,  were  selected  and  tested 
under  tension  to  investigate  the  fracture  mechanisms  operative  in  these  composites.  The  preparation 
conditions  and  mechanical  properties  of  the  sample  A  and  sample  B  are  listed  in  table  1 . 


Table.  1  Physical  properties  of  the  sample  A  and  sample  B. 


Chemical  composition 

UTS  (MPa) 

£f(%) 

E  (GPa) 

Heat  treatment 

Sample  A 

Al-25Si-3.67Cu-l.l  IMg-0,4Fe 

420 

0.8 

90 

T6 

Sample  B 

Al-25Si 

164 

15.8 

89 

F 

(  ef  (%);  elongation,  F:  as-fabricated,  T6:  495“Cx  3hrs,  quenching,  190"Cxl0hrs  ) 


After  fracture  test,  the  microstructures  were  recorded  from  the  side  surfaces  of  the  fractured  samples 
using  SEM.  In  sample  A,  which  was  fractured  under  the  tensile  stress  of  420MPa,  most  cracked  Si 
particles  were  seen  in  the  vicinity  of  the  main  crack  as  shown  in  Fig. 5(a)  and  (b).  On  the  other,  in 
sample  B,  which  experienced  only  about  165MPa  of  the  tensile  stress,  cracks  have  been  developed 
uniformly  through  out  the  gage  length  of  the  specimen  as  shown  in  Fig.5(c)  and  (d).  It  is  of  interest  to 
know  the  reason  why  Si  particles  were  fractured  under  the  low  tensile  strength  of  165MPa. 


3.3  Fracture  Mechanism  of  the  Sample  A  and  Sample  B 

As  shown  in  Fig.  5,  cracks  are  initiated  inside  of  the  Si  particles  because  Si  particle  has  many  habit 
planes,  which  is  different  from  the  ceramic  reinforced  MMCs.  When  a  crack  is  developed  inside  of  a  Si 
particle  in  sample  A,  both  matrix  around  the  Si  particle  and  the  neighboring  Si  particle  should 
experience  higher  stress  which  was  transferred  from  the  cracked  Si.  Therefore,  sequential  cracks  can  be 
developed  in  another  Si  particles  nearby  the  previously  cracked  Si  particle  due  to  the  load  transfer  from 
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the  cracked  one,  and  then,  the  matrix  between  both  cracked  Si  particles  should  fail  under  ultimately 
high  tensile  stress  which  was  transferred  from  the  both  cracked  Si  particles  as  can  be  shown  in  Fig.6. 


500 
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i  200 

CO 

100 
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0  4  8  12  16 

Engineering  Strain  (  %  ) 


Fig.  4  The  stress-strain  curves  of  the  two 
different  Al-25Si-Xs  composites. 


Fig.5  SEM  images  observed  (a),(b)  from  sample  A, 
and  (c),(d)  from  sample  B,  after  fracture  test. 


In  the  case  of  the  sample  B  with  soft/ductile  matrix,  lots 
of  cracks  are  developed  inside  of  Si  particles  all  over  the 
sample,  which  experienced  only  165MPa  tensile  stress. 
However,  ultimate  stress  can  be  imposed  on  the  Si 
particles  even  under  low  stress  as  shown  in  Fig.  7  when 
the  strain  is  increased.  The  microstructures  of  the  test 
samples  were  observed  after  interrupting  the  tensile  test  at 
elongation  of  3%,  5%,  7%,  and  9%  using  SEM.  Few 
cracked  Si  particles  are  observed  in  the  composite  at  the 
engineering  elongation  of  3%(Fig.8(a))  and  5%(Fig.8(b)), 
however,  some  Si  particles  begin  to  be  cracked  under 
7%(Fig.8(c))  elongation.  Furthermore,  numerous  cracked  Si  particles  are  seen  when  the  sample  has 
been  elongated  up  to  9%(Fig.8(d)).  Eventual  fracture  takes  place  at  about  16%  engineering  elongation, 
therefore,  lots  of  cracks  can  be  developed  inside  Si  particles  all  over  the  sample  after  7^-9%  elongation 
because  ultimate  stress  is  imposed  on  Si  particles  from  plastic-deformed  matrix. 


Fig.  6  SEM  micrographs  showing  the 
frontier  of  main  crack  developed  in  the 
sample  A. 


3.4  How  to  improve  the  tensile  properties  of  the  composites? 

Soft/ductile  matrix  is  not  desirable  for  high-strength  Al-Si-Xs  composites  as  Si  particles  should  be 
damaged  with  high  strain  even  under  low  stress.  HarclF>rittle  matrix  is  not  also  acceptable  because  a 
developed  crack  makes  sequential  cracks  in  neighboring  Si  particles,  resulting  in  sudden  fracture  of  the 
composite.  If  hard/tough  alloy  is  used  as  a  matrix  of  the  composite,  it  would  be  helpful  to  achieve  a 
composite  with  high  strength  as  well  as  reasonable  elongation  because  the  developed  or  existing  crack 
could  not  propagate  through  the  matrix  easily.  Fine  Si  particles  are  also  desirable  because  small  crack 
inside  of  small-sized  Si  particle  cannot  propagate  through  matrix  easily,  which  has  been  certificated  by 
experiments  as  shown  in  Fig.  3  by  using  high  gas/metal  ratio  and  high  gas  pressure  during  spray 
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forming. 


Fig.  7  Internal  normal  stress  distribution  imposed 
on  Si  particles  and  matrix  with  increasing 
elongation. 


Fig.  8  SEM  images  observed  in  sample  B  after 
(a)  3%  elongation,  (b)  5%  elongation,  (e)  7% 
elongation,  and  (d)  9%  elongation. 


5.  CONCLUSIONS 

Various  hypereutectic  Al-Si-Xs  composites  were  prepared  and  evaluated  for  the  application  as  a 
structural  material  requiring  high  Young’s  modulus  as  well  as  reasonable  tensile  properties.  The 
specific  Young’s  modulus  of  the  composite  was  high  enough  to  be  comparable  to  that  of  steel  and 
Duralcan  composite  which  have  drawbacks  of  heavy  weight  and  high  production  cost,  respectively.  It 
was  also  known  that  the  tensile  properties  were  possible  to  be  tailored  by  varying  matrix  system,  spray 
forming  conditions,  and  heat  treatment  conditions. 
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ABSTRACT 

A  new  method  is  introduced  to  prepare  the  fine  alumina  particles  dispersion  Al-Si  alloy 
composite  slurry  for  casting.  The  method  involves  thermit  reaction  in  molten  Al-Si  alloy  with 
charging  coarse  silica  particles  into  stirred  vortex  of  molten  alloy.  The  particles  change  into 
firm  and  fine  sponges  of  alumina  filled  with  melt,  without  changing  their  size  or  shape.  By 
continuos  stirring  after  the  reaction,  these  fine  alumina  network  become  spheroidally 
independent,  during  the  grain  growth  process.  Then,  the  separation  and  the  dispersion  of  these 
small  alumina  occur  in  the  shear  flow.  In  the  optimized  condition,  average  particle  size  of  2.6 
pm  was  achieved  using  160  pm  silica  particles.  The  dry  sliding  wear  test  revealed  the  excellent 
anti-wear  property  of  the  composite  specimens  prepared  by  this  method. 


1.  INTRODUCTION 

Ceramic  particle  dispersion  A1203  alloy  composite  is  one  of  the  best  wear  resistant 
material  because  of  its  high  abrasion  resistance,  anti  seizure  properties  and  high  thermal 
conductance.  Simultaneously,  casting  is  an  ideal  forming  method  for  these  materials  with  poor 
machinability.  For  net  shape  forming  by  casting,  we  need  particles  dispersion  A1  alloy  slurries 
as  raw  material. 

The  stirred  vortex  method  is  the  simplest  way  to  disperse  the  ceramic  particle  into 
molten  metal.  However,  the  dispersion  of  non-metallic  particles  into  the  molten  metal  is  not 
easy  due  to  the  poor  wettability  between  them.  The  difficulty  increases  with  decrease  in 
particles  size. 

To  overcome  this  problem  of  wetting,  active  elements  such  as  Mg  and  Ca  etc.  were 

added  for  improvement  of  the  wettability,  and  the  partially  solidified  state  of  matrix  has  been 
used  to  incorporate  particles  compulsory  by  its  high  viscosity.  However,  the  composites 
prepared  by  these  methods  have  weak  and  dirty  interface  of  spinel,  insufficient  adhesiveness 
at  the  metal/particle  interface. 

A  method  to  prepare  smaller  A1203  particle  dispersion  A1  alloy  slurry  by  large  Si02 
particles  addition  is  introduced  in  this  paper.  The  method  contains  two  steps:  (1)  in  situ 


893 


preparation  of  A1203  in  molten  aluminum  by  reaction  of  coarse  Si02  and  the  melt  [1-8],  and 
(2)  dispersion  of  fine  A1203  particles  into  matrix  during  isothermal  stirring.  Small  surface  area 
of  coarse  Si02  particles  to  be  wet  contributes  to  easy  incorporation  of  particles  into  melt, 
with  the  help  of  thermit  reaction.  Though  the  volume  of  particles  should  reduce  to  73  %  after 
the  reaction,  the  shape  and  size  of  particles  remain  same  as  charged  silica,  in  appearance.  This 
means  the  internal  microstructure  of  reacted  particle  is  porous  [2,  6,  8].  The  TEM  observation 
of  reacted  Si02  revealed  that  the  reacted  particles  have  a  fine  network  of  alumina  filled  with 
aluminum  [6]. 

Therefore,  there  is  a  possibility  of  the  isolation  of  smaller  A1203  from  reacted  network 
driven  by  the  high  interfacial  energy  of  such  a  fine  network  of  A1203  during  isothermal  holding 
at  the  proper  temperature  under  the  shear  flow  condition. 


2.  EXPERIMENTAL  PROCEDURE 

700  g  of  Al-12mass%Si  alloy  was  melted  in  the  alumina  crucible  for  each  of  the  batches. 
Then  they  were  stirred  to  make  a  vortex  at  specific  temperature  from  1023K  to  1273K 
Preheated  Si02  particles  with  1 60  jJm  in  average  diameter  were  charged  into  the  vortex.  The 
following  reaction  begins. 

4  A1  +  3  Si02  ^  2  A1203  +  3  Si  (1) 

This  exothermic  reaction  generates  608  J  per  one  mole  of  Si02.  The  Si02  is  reduced, 
and  the  A1203  is  formed.  Produced  A1203  is  the  a-Al203  [2].  The  slurries  with  molten  alloy 
and  reacted  particles  were  kept  stirring  at  specific  temperature  until  the  pouring  into  a 
graphite  mold.  The  duration  of  the  longest  experiment  was  43.2  ks.  During  isothermal  stirring; 
small  amounts  of  composite  slurry  were  scooped  several  times  for  microscopic  observations. 


3.  RESULTS 


3.1  Effect  of  temperature  on  small  alumina  dispersion 


Fig.  1  Examples  of  thermal  cycle  during  stirring  (15  Hz). 


The  result  of  three  typical 
experiments  with  different 
thermal  conditions  is  shown  in 
Fig.  1,  and  Fig.  2,  The  input  of 
silica  particle  was  10  vol%  for 
each  of  the  batches.  When  silica 
particle  was  put  into  the  melt, 
the  temperature  gradually  in¬ 
creases  by  exothermic  reaction. 
After  the  peak  temperature,  the 
samples  were  kept  isothermal- 
ly  at  specific  temperature  under 
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Fig.  2  Influence  of  thermal  conditin  on  dispersion  of  fine  alumina  particles. 
Photos  correspond  to  the  thermal  cycles  in  Fig.  1 . 
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stirring. 

The  microstructures  of 
these  samples,  stirred  for  3.6 
ks,  are  shown  in  Fig.  2.  The 
sample  (c),  which  had  been 
exposed  to  lowest  thermal 
condition,  has  large  particles 
after  reaction.  The  clear 
outline  around  the  particles  is 
observed.  Inside  of  the 
particle  is  fine  structure.  The 
shape  and  size  of  these  large 
particles  are  almost  same  as 
that  of  material  silica  particles 
[2].  The  breakup  of  a  large 

particle  is  obvious  in  sample  (a)  [9].  However,  even  after  the  these  long  isothermal  stirring, 
large  part  of  the  reacted  particles  were  large.  On  the  other  hand,  there  are  almost  no  large 
particles  in  Fig.  2(b).  Small  dispersion  of  A1203  in  the  matrix  is  observed.  Fig.  3  shows  the 
particle  size  distributions  of  specimen  Fig.  2(b)  and  Si02  particles  before  reaction.  It  was 
possible  to  disperse  small  alumina  of  2.6  pm  in  diameter  by  large  160  pm  Si02  particles 
addition. 


100  200  300  400 
Particle  size,  pm 

Before  Reaction 
( Silica ) 


2  4  6 

Particle  size,  pm 

After  Isothermal  Stirring 
(Alumina ) 


Fig.  3  An  example  of  change  in  particle  size  at  before  and 
after  the  treatment 


3.2  Microstructure  of  reacted  particles 

In  the  reaction  of  equation  (1),  the  volume  of  produced  A1203  is  only  73  vol%  of 
material  Si02.  Simultaneously,  the  shape  and  the  size  of  reacted  particles  were  almost  equal 
to  those  of  the  material  silica  particles.  Therefore,  the  reacted  particle  is  not  solid  alumina,  but 
a  complex  particle  of  produced  alumina  and  A1  alloy  melt. 

Fig.  4  (a)  and  (b)  shows  optical  micrographs  of  reacted  silica  just  after  reaction  (a)  and 
isothermally  held  for  3.6  ks  (b)  at  1123  K.  In  Fig.  4.(b),  we  can  see.  the  thick  transparent 
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alumina  phases  tangled  each 
other  in  the  aluminum  matrix. 
Clearly,  the  reacted  micro¬ 
structure  is  coarsened  during 
isothermal  holding.  The  TEM 
micrograph  of  sample  (a)  is 
shown  in  (c)  with  electron  beam 
diffraction  pattern.  It  shows  that 
the  structure  of  particles  just 
after  the  reaction  is  consist  of 
fine  AI2O3  grains  of  100  nm  size 
and  aluminum  [6]. 

Fig.  4(d)  is  a  SEM  micro¬ 
graph  of  the  fracture  surface  of 
the  reacted  pailicles  isothermally 
held  at  1 123  K.  Aluminum  metal 
was  removed  by  the  alkali 
aqueous  solution  before  the 
SEM  observation.  We  can  see 
the  grain  growth  process  in 
which  the  fine  AI2O3  network  at 
the  left  hand  side  change  too 
thickly  tangled  mass  as  shown  in 
the  right  hand  side.  At  the  center 
of  the  micrograph  (d),  there  is  a 
zone  of  independent  particles 
with  diameter  about  10  pm. 

3.3  Effect  of  stirring  speed  on 
the  dispersion  of  AI2O3 

The  experiment  to 
investigate  the  effect  of  stirring 
speed  on  the  refinement  of  the 
alumina  particle  is  shown  in  Fig. 

5  and  6.  Frequency  of  rotation 
of  the  stirrer  was  15  Hz  or  20 
Hz.  Microstructures  of  these 
samples  are  shown  in  Fig.  6.  At 
15  Hz,  complete  dispersion  of 
the  alumina  did  not  occur. 
Reacted  particles  has  coarse 
inner  microstructure  by  the 
excess  grain  growth,  and  the 
shape  of  the  silica  particle  has 


Fig.  4  Microstructures  of  reacted  particles,  (a),  (b)  Cross 
section  view  after  isothermal  stirring.  (a);at  1 123K  for  0.3 
ks,  (b):  at  1 123K  for  3.6  ks.  (c);  TEM  micrograph 
immediately  after  the  reaction,  (d);  SEM  micrograph  of 
fracture  surface  after  reaction. 


Stirring  time,  s 

Fig.  5  Thermal  cycles  for  experiment  on 
stirring  speed  dependence  in  dispersion. 


Fig.  6  Effect  of  stiiring  speed  on  dispersion  of  fine  alumina 
particles.  Photos  coixespond  to  thermal  cycle  in  Fig.  5. 
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mainly  remained.  Contrary,  it  is  proven 
at  20  Hz  that  reacted  particle  has  finely 
dispersed  in  the  matrix  under  the  almost 
equal  temperature  condition  at  the  15  Hz 
experiment. 

3.4  Wear  property 
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Wear  rates  of  pin  specimens  against  ^ 
annealed  0.6%C  steel  discs  are  shown  in 
Fig.  7  compared  with  the  result  of  Al-Si 
alloy  and  pure  aluminum,  The  sliding 
speed  was  3  m/s,  and  the  load  was  49  N. 
Tests  were  carried  out  in  atmospheric 
environment  under  dry  condition. 
Composite  materials  show  great  anti-wear 
property. 
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Fig.  7  Wear  of  materials 
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4.  DISCUSSION 


As  shown  in  Fig.  4,  the  small  dispersion  mechanism  of  reacted  particle  under  stirring  at 
high  temperature  is  based  on  the  independence  of  alumina  particles  during  grain  growth.  This 
is  a  process  by  tlie  diffusion  similar  to  the  spheroidizing  of  tabular  cementite  in  the  pearlite  of 
carbon  steels  during  spheroidizing  annealing. 

The  degree  of  diffusion  of  some  stirring  experiments  is  shown  in  Fig.  8.  The  time- 
temperature  curve  of  each  experiment  was  translated  to  the  time-diffusion  rate  curve.  Then  the 

time -diffusion  rate  curves  were 
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Stirring  time,  ks 

Fig.  8  Effect  of  grain  growth  rate  on  small  alumina 
particle  dispersion. 


integrated  with  time 
Consequently,  the  Y  axis 
indicates  the  degree  of  diffusion. 

It  is  proven  that  lower  limit  of 
the  Y-axis  value  exists  for  the 
small  dispersion  of  alumina.  This 
lower  limit  is  the  necessary 
condition  of  the  grain  growth  for 
being  independent  in  spheroidal 
shape  of  which  the  dispersion  is 
possible. 

However,  it  is  also  proven  that 
the  thick  tangling  of  A1203  has 
been  formed  by  the  excess  grain 
growth  [10],  when  the  diffusion 
is  too  fast.  There  is  the  critical 
growth  rate,  beyond  which  the 
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excess  growth  lead  to  tangling, 
the  dispersion  of  small  particles 
does  not  happen. 

In  the  investigation  of 
the  effect  of  stirring  speed,  it 
was  shown  that  small 
dispersion  of  A12  0  3  was 
possible  by  higher  stirring 
speed  even  at  higher 
temperature.  This  is  shown  in 
Fig.  9.  The  critical  grain  growth 
rate  increases  with  increasing 
stirring  speed.  It  is  shown  the 
possibility  of  shortening  the 
processing  time  for  the  small 
dispersion  within  1000  s. 


Stirring  time,  s 


6.  CONCLUSIONS 


Fig.  9  Small  alumina  dispersion  by  high  speed 
stirring  at  higher  temperature  in  short  period. 


The  composite  material  with  dispersion  of  the  small  alumina  particle  was  obtained  by 
mixing  coarse  silica  particle  into  A1  alloy  melt.  The  alumina  particle  of  2.6  pm  in  average  size 
dispersed  using  the  silica  of  1 60  pm.  It  was  clarified  that  higher  stirring  speed  can  shorten  the 
small  dispersion  process  with  higher  processing  temperature.  It  was  clarified  that  the 
composite  prepared  by  the  method  mentioned  in  this  paper  have  excellent  wear  property 
under  dry  sliding  condition. 
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ABSTRACT 

Dry  sliding  wear  behavior  of  Al-3  wt.  %  Mg  and  6061 A1  matrix  composites  reinforced  with 
SiC,  Tie,  and  B4C  particles  manufactured  by  a  pressureless  infiltration  technique  was 
investigated.  Pin  (Ball)-on-disk  wear  tests  under  various  applied  load  conditions  were  carried 
out  using  hardened  steel  and  alumina  balls  as  counterpart  materials.  The  effects  of  the  varying 
size  and  volume  fraction  of  the  carbide  particle,  kinds  of  carbides,  and  heat  treatment  of  the 
composites  together  with  the  effect  of  the  different  counterpart  materials  on  the  wear  were 
studied.  Worn  surfaces  of  the  composite  as  well  as  cross  sections  of  them  were  examined  with 
optical  and  electron  microscopy.  Wear  resistance  of  the  composite  increased  with  the  increase 
of  the  size  and  volume  fraction  of  the  reinforcing  particle.  Among  the  composites  tested,  the 
SiC  reinforced  composite  showed  the  lowest  wear  resistance.  Mild  abrasive-like  wear  was 
accompanied  with  low  wear  rates,  while  massive  and  severe  delamination  wear  resulted  in 
high  wear  rates.  Matrix  hardening  by  a  heat  treatment  was  found  to  play  an  important  role  in 
increasing  wear  resistance  of  the  composites.  At  low  loads  the  steel  counterpart  gave  rise  to 
lower  wear  rate  than  the  alumina  ball  for  the  composites. 


1.  INTRODUCTION 

The  use  of  aluminum-matrix  MMCs  with  hard  ceramic  particles  increases  in  many 
applications  including  automobile,  aerospace,  and  electrical  industries  due  to  their  high 
specific  strength  and  stiffness,  thermal  and  electrical  conductivity.  Their  excellent  wear 
resistance  is  also  known  and  the  composites  are  becoming  very  appealing  wear-resistant 
materials.  Many  research  works  have  been  done  on  wear-behavior  characterization  of  the 
composite  [1-8].  It  is  now  generally  accepted  that  composites  are  more  wear  resistant  than 
monolithic  alloys  and  wear  resistance  of  the  composite  increases  with  the  increase  of 
volume  fraction  and  size  of  the  reinforcing  particles. 

Wear  characteristics  are  quite  changeable  depending  on  system  variables  such  as  test 
methods  and  test  conditions.  A  manufacturing  process  of  the  composite  will  also  affect  the 
wear  behavior  and  characteristics  of  it.  Most  of  the  previous  works  on  wear  of  the  composite 
treated  composites  fabricated  through  conventional  powder  metallurgy  or  casting  processes 
and  wear-test  equipments  used  were  typically  pin-on-disk  or  block-on-ring  type  testers  [1-7]. 
Therefore,  it  is  necessary  to  carry  out  different  type  wear  tests  of  composites  manufactured  by 
different  processing  methods  to  understand  wear  characteristics  of  the  composite  more 
generally.  The  present  work  discusses  wear  characteristics  of  A1  alloy  matrix  composites  that 
were  manufactured  by  a  pressureless  infiltration  technique  (the  PRIMEX  process).  A  ball-on- 
disk  (round-ended  pin-on-disk)  type  wear  tests  were  performed  on  the  composites.  The 
manufacturing  technique  employs  spontaneous  infiltrations  of  a  molten  A1  alloy  into  a 
ceramic  (carbide)  perform  at  a  nitrogen  atmosphere  under  a  pressureless  condition.  The 
process  is  known  to  be  effective  in  reducing  reinforcement  damage  and  segregation  of  carbide 
particles  during  fabrication.  However,  many  reaction  products  are  reported  to  form  at  the 
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interface  between  the  reinforcing  carbide  particle  and  the  A1  alloy  matrix  [8]. 

In  the  present  work,  dry  sliding  wear  behavior  of  Al-3  wt.%  Mg  and  6061  A1  matrix 
composites  reinforced  with  SiC,  TiC,  and  B4C  particles  manufactured  by  a  pressureless 
infiltration  technique  was  characterized.  The  size  and  volume  fraction  of  the  reinforcing 
carbides  were  varied  and  their  effects  on  the  wear  behavior  were  investigated,  especially, 
relating  wear  characteristics  with  the  interface  reaction  and  matrix-microstructure 
modification  by  the  carbides.  Dry  sliding  wear  tests  were  carried  out  using  a  ball-on-disk  type 
wear  tester  at  room  temperature  varying  applied  load.  The  effects  of  the  varying  size  and 
volume  fraction  of  the  carbide  particles,  carbide  species,  and  heat  treatment  of  the  composites 
together  with  the  effect  of  the  different  counterpart  materials  on  the  wear  were  studied.  Few 
works  are  reported  regarding  the  counterpart-material  effect  until  now.  Worn  surfaces  as  well 
as  subsurface  were  examined  and  the  wear  mechanism  of  the  composites  was  also 
investigated. 


2.  EXPERIMENTAL  PROCEDURES 

Al-3  wt.%  Mg  alloy  reinforced  with  SiC  particles  (SiC/Al-3Mg)  and  606  lAl  alloy 
reinforced  with  SiC,  TiC,  and  B4C  particles  (SiC/6061  Al,  TiC/6061Al,  and  B4C/6O6IAI)  were 
used  as  experimental  composites.  Monolithic  alloys  of  Al-3Mg  and  606  lAl  were  also  tested. 
The  composites  and  the  monolithic  alloys  were  fabricated  through  the  pressureless  infiltration 
method  (the  PRIMEX  process).  Size  and  volume  fraction  of  the  reinforcing  carbides  were 
varied  from  Tpm  to  40pm  and  from  10%  to  30%,  respectively.  The  manufactured  composite 
ingots  were  cut  to  100  x  70  x  70niin  blocks  and  then  hot-extruded  with  the  extrusion  ratio  of 
8:1  at  450°C.  Wear  test  specimens  were  consequently  machined  from  the  hot-extruded 
composite  bars.  The  wear  specimen  had  a  disk  shape  with  a  diameter  and  thickness  of  25mm 
and  7mm,  respectively.  The  606  lAl  matrix  composites  and  the  monolithic  606  lAl  alloy 
specimens  were  tested  in  an  as-extruded  state  and  also  after  a  T6  heat  treatment.  The  T6  heat 
treatment  condition  was  a  solution  treatment  at  529°C  for  2  hours  followed  by  a  peak  aging  at 
177°C  for  8  hours.  The  disk  specimens  were  grinded  and  polished  before  the  test. 

Dry  sliding  wear  tests  were  carried  out  in  the  air  at  room  temperature  by  using  a  ball-on- 
disk  wear  tester.  As  a  mating  material  to  the  composite  disk  specimen,  heat-treated  AIST 
52100  bearing  steel  and  alumina  balls  were  used.  Their  hardness  values  were  HV  845  and  HV 
1800,  respectively.  A  new  ball  was  used  for  each  test  and  diameter  of  a  wear  track  on  the  disk 
was  maintained  constant  so  that  an  uniform  wear  test  condition  was  maintained.  Applied  load 
(wear  load)  was  varied  from  IN  to  12N.  Sliding  speed  and  sliding  distance  were  kept  constant 
as  0.2m/s  and  1000m,  respectively.  Frietion  coefficient  (p)  was  measured  continuously  during 
the  test.  Wear  rates  of  the  composite  disk  specimen  were  calculated  by  dividing  the  weight 
loss  of  the  specimen  by  the  density  of  the  specimen  and  the  sliding  distance.  The  weight  loss 
was  measured  to  the  accuracy  of  10'^  g  using  an  electronic  balance. 

We  also  observed  worn  surfaces  and  cross  sections  of  the  composite  disk  specimens  by 
SEM  to  examine  the  nature  of  wear  and  subsurface  deformation  and  cracking. 


3.  EXPERIMENTAL  RESULTS  AND  DISCUSSIONS 
3.1  Mechanical  Properties 

Table  1  provides  room-temperature  hardness  and  0.2%  offset  yield  strength  of  the 
composites  and  monolithic  alloys  used  in  the  present  study.  The  table  shows  that  increasing 
volume  percent  of  the  reinforcing  carbide  results  in  the  increase  of  the  yield  strength  as  well 
as  the  hardness.  It  is  to  be  noted  that  composites  with  the  same  carbide  volume  percent  but 
with  different  size  have  similar  mechanical  properties.  The  larger  SiC  particles  do  not  always 
improve  the  mechanical  properties  of  the  composite.  Among  the  composites  tested,  the  TiC 
reinforced  composites  showed  superior  mechanical  properties  to  SiC  and  B4C  reinforced 
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composites,  which  confirmed  the  previously  reported  result  [6].  The  strengths  of  all  the 
606  lAl  matrix  composites  and  the  606  lAl  monolithic  alloy  are  shown  to  increase  nearly 
about  two  times  after  peak  aging  heat  treatments. 


Table  1  Mechanical  Property  of  the  specimens  used  in  the  present  study 


Material 

As-Extruded 

0.2%  Oy  (Mpa)  Hardness  (HrB) 

T6-heat  treatment 

0.2%  ay  (Mpa)  Hardness  (HrB) 

Al-3  wt.%  Mg 

131 

58  (Hr15T) 

_ 

_ 

Al-3Mg-  (20  pm,  10%)  SiCp 

164 

25 

- 

- 

Al-3Mg-  (10  pm,  20%)  SiCp 

191 

38 

- 

Al-3Mg-  (20  pm,  20%)  SiCp 

190 

35 

- 

- 

Al-3Mg-  (40  pm,  20%)  SiCp 

200 

38 

- 

- 

6061A1  alloy 

123 

55  (Hr15T) 

304 

61 

6061A1-  (10  pm,  10%)  SiCp 

133 

67(Hr15T) 

421 

76 

6061 Al-  (10  pm,  20%)  SiCp 

187 

27 

437 

83 

6061A1-  (20  pm,  10%)  SiCp 

135 

71  (Hr15T) 

393 

76 

6061A1-  (20  pm,  20%)  SiCp 

174 

9 

414 

79 

606 lAl-  (7  pm,  10%)  TiCp 

145 

17 

439 

80 

6061A1-  (7  pm,  20%)  TiCp 

205 

42 

439 

80 

6061A1-  (24  pm,  10%)  B4CP 

171 

71  (Hr15T) 

395 

76 

3.2  Wear  Test  Results 

Figure  1  shows  the  wear-rate  variation  of  the  SiC/Al-3Mg  composites  with  different  SiC 
particle  size  as  a  function  of  applied  load.  Wear  rates  of  the  monolithic  Al-3Mg  alloy  are  also 
given  in  the  figure.  Wear  rates  of  all  specimens  increase  as  the  applied  load  increases,  though 
each  has  a  different  wear-rate-increase  slope.  The  wear  rate  of  the  Al-3Mg  alloy  is  higher  than 
all  the  composites  under  the  given  test  conditions.  Among  the  composites,  the  Al-3Mg-SiC 
(40|Lim,  20%)  specimen  shows  the  highest  wear  resistance.  The  figure  reveals  that  there  exist 
different  wear  rate  regimes  depending  on  specimens.  The  Al-3Mg  alloy  and  the  Al-3Mg-SiC 
(10|im,  20%)  specimens  have  two  regimes  of  wear-rate  increase:  one  is  a  slow-increase 
regime  below  the  applied  load  of  7N  and  the  other  is  an  abrupt  increase  regime  at  high  loads. 
On  the  other  hand,  the  two  specimens,  Al-3Mg-SiC  (20pm,  20%)  and  Al-3Mg-SiC  (40pm, 
20%),  show  two  different  wear-rate  regimes.  The  first  one  is  characterized  by  very  low  wear 
rates  occurring  at  low  loads.  The  low  rates  at  the  first  regime  increase  to  about  5  x  10'^^  m^  m' 
^  and  remain  relatively  constant  at  the  second  regime.  The  different  wear  rates  at  the  first  and 
the  second  regime  indicate  that  different  wear  mechanisms  prevail  at  both  regimes.  It  is  also 
to  be  noted  that  the  transition  from  the  first  regime  to  the  second  one  occurs  at  different  loads 
for  the  two  composites.  The  effect  of  the  reinforcing  particle  size  on  the  wear  rate  is  also 
shown  in  Fig.  1.  It  is  evident  that  bigger  SiC  particles  result  in  superior  wear  resistance.  The 
effect  is  more  significant  at  low  loads. 

Figure  2  shows  the  wear-rate  variation  as  a  function  of  applied  load  for  the  SiC/6061Al 
composites.  As  in  Fig.  1,  all  composites  have  higher  wear  resistance  than  the  monolithic  alloy. 
The  composite  with  larger  SiC  particle  and  higher  volume  fraction  shows  lower  wear  rate. 
The  6061  Al-SiC  (20pm,  20%)  composite  maintains  very  low  wear  rate  at  all  test  loads.  Some 
researchers  have  reported  that  wear  rates  of  a  composite  and  a  matrix  alloy  become 
comparable  at  high  loads  due  to  cracking  and  fracture  of  the  interface  between  the  matrix  and 
the  reinforcing  particle  [2,  5].  In  the  present  study  wear  rates  of  all  composites  are  always 
lower  than  that  of  the  monolithic  alloy,  which  shows  that  the  pressureless  infiltration 
technique  produces  composites  with  good  mechanical  properties  and  a  sound  interface.  The 
effect  of  volume  fraction  of  reinforcing  particles  on  wear  of  the  composite  is  well  displayed  in 
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Fig.  2.  Increasing  volume  fraction  of  a  reinforcing  particle  seems  to  be  more  efficient  than 
increasing  the  size  of  it  to  improve  wear  resistance  of  a  composite. 


Applied  Load  (N)  Applied  Load  (N) 


Fig.  1 .  Variation  of  wear  rate  with  applied  load  for  Fig.  2.  Variation  of  wear  rate  with  applied  load  for 
Al-3Mg  alloy  and  Al-3Mg-SiC  composites.  606 1 A1  alloy  and  606 1  Al-SiC  composites. 

Wear  rates  of  606  lAl  matrix  composites  reinforced  with  different  carbide  particles  are 
compared  in  Fig.  3.  Both  of  the  6061Al-SiC  (10pm,  10%)  and  6061Al-SiC  (20pm,  10%) 
specimens  show  rapidly  increasing  wear  rates  with  applied  loads.  On  the  other  hand,  the  wear 
rate  of  the  6061Al-TiC  (7pm,  10%)  remains  low  until  the  load  of  7  N  and  the  6O6IAI-B4C 
(24pm,  10%)  exhibits  the  lowest  wear  rate  at  all  test  loads.  Figure  3  indicates  that  the  wear 
rate  of  a  composite  is  strongly  influenced  by  a  species  of  reinforcing  particle.  It  was  observed 
that  the  matrix  hardness  of  the  TiCp  reinforced  composite  is  higher  than  that  of  the  other  two 
composites.  A  reaction  between  the  carbide  and  the  606  lAl  matrix,  which  produces  reaction 
products  in  the  matrix,  is  postulated  to  give  the  high  matrix  hardness  in  the  system,  since  the 
hardness  increased  with  the  volume  fraction  of  the  TiC  particle.  TiC  is  also  known  to  have 
higher  fracture  toughness  than  SiC.  It  was  considered  that  the  high  matrix  hardness  and  the 
fracture  toughness  of  the  TiC/6061Al  composite  resulted  in  the  lower  wear  rate  than  the 
SiC/6061Al  composite.  Previous  work  has  also  reported  that  the  reaction  between  a  SiC 
particle  and  A1  alloy  produces  brittle  reaction  products  [8].  They  partly  are  postulated  to  result 
in  the  low  wear  resistance  of  the  system.  It  is  interesting  to  note  that  the  6061 AI-B4C  (24pm, 
10%)  specimen  has  high  0.2%  yield  strength,  while  it  shows  a  low  hardness.  The  high  wear 
resistance  of  the  6O6IAI-B4C  (24pm,  10%)  specimen  at  all  loads  seems  to  be  related  partly 
with  the  large  particle  size.  However,  considering  that  the  effect  of  particle-size  increase  is  not 


Applied  Load  (N)  Applied  Load  (N) 


Fig.  3.  Variation  of  wear  rate  with  applied  load  for  Fig.  4.  Variation  of  wear  rate  with  applied  load  for 
6061Al-SiC,  TiC,  and  B4C  composites.  606  lAl  and  6061  Al-SiC  composites.  The  effect  of 

T6  heat  treatment  on  wear  is  illustrated. 
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very  significant  in  increasing  wear  resistance  as  shown  in  Fig.  2,  the  high  yield  strength  and 
high  hardness  of  the  B4C  particle  seem  to  be  the  main  cause  of  the  low  wear  rate  of  the  B4CP 
reinforced  composite. 

Figure  4  compares  wear  rates  of  6061A1  alloy  and  SiC/6061Al  composites  in  as-extruded 
and  T6  heat-treated  states  as  a  function  of  applied  load.  The  effect  of  the  heat  treatment  on 
decreasing  the  wear  rate  is  remarkable.  The  heat-treated  606  lAl  matrix  alloy  even  exhibits 
higher  wear  resistance  than  the  composites  at  loads  higher  than  5  or  6  N.  The  composites  that 
previously  showed  high  wear  rates  in  an  as-extruded  state  possess  higher  wear  resistance  after 
the  heat  treatment.  These  results  strongly  indicate  that  the  matrix  hardness  plays  an  important 
role  in  determining  wear  rate  of  a  composite. 

The  effect  of  the  counterpart  material  on  wear  of  the  composites  is  also  investigated.  Figure 
5  compares  wear  rates  of  SiC/6061Al  composites  with  two  different  carbide-volume  %  tested 
against  AISI  52100  steel  and  alumina  ball  counterparts.  The  figure  shows  that  composites 
with  the  same  volume  %  of  carbides  exhibit  similar  wear  rates  at  high  loads  regardless  of  the 
counterpart  material.  However,  the  wear  rate  of  composites  tested  against  the  steel  counterpart 
is  shown  to  be  lower  than  that  tested  against  alumina  ball  at  low  loads.  The  lower  wear  rate  of 
the  composites  against  the  steel  is  explained  by  the  formation  of  the  mechanically  mixed  layer 
(MML)  on  the  wearing  surface  of  them.  The  layer  is  composed  of  transferred  steel  and  oxides 
formed  during  the  wear,  which  is  known  to  lower  the  wear  rate  of  a  composite.  Such  a  layer 
formation  could  be  confirmed  through  SEM  observations  of  worn  surfaces  and  the  friction- 
coefficient  measurement  during  wear  tests.  Figure  6  shows  the  variation  of  the  friction 
coefficient  of  Al-3Mg-SiC  (10pm,  20%)  specimens  tested  against  the  steel  ball  at  the  load  of 
1  N  (Fig.  6  (a))  and  10  N  (Fig.  6  (b))  as  a  function  of  sliding  distance.  The  high  and  uniform 
friction  coefficient  of  the  specimen  tested  at  1  N  indicates  a  metal  transfer  between  the  two 
materials  and  the  formation  of  the  MML  layer. 


Applied  Load  (N) 


Fig.  5.  Variation  of  wear  rate  with  applied  load  for 
6061Al-SiC  composites.  The  effect  of  counterpart 
materials  on  wear  of  the  composite  is  illustrated. 


Fig.  6.  Variation  of  friction  coefficient  with  sliding 
distance  for  Al-3Mg-SiC  (10mm,  20%)  specimens 
tested  at  the  load  of:  (a)  1  N  and  (b)  10  N. 


3.3  SEM  Micrographs  of  Worn  Surfaces  and  Cross  Sections 

Typical  SEM  micrographs  of  worn  surfaces  and  cross  sections  of  the  composites  that 
experienced  mild  and  severe  wear  are  shown  in  Fig.  7.  The  mild-wear  surface  (Fig.  7  (a))  is 
flat  and  contain  many  abrasive-wear  like  scratch  marks.  A  ferrous  element  was  detected  on 
the  worn  surface  through  an  EDS  analysis.  The  cross  section  of  the  specimen  (Fig.  7  (b)) 
reveals  undamaged  carbide  particles  and  confirmed  the  active  iron  transfer  from  the  steel  ball 
counterpart.  On  the  other  hand  the  severely  worn  surface  of  the  6061Al-SiC  (10pm,  10%) 
specimen  (Fig.  7  (c))  shows  galling-wear  like  surface  with  extensive  deformation  of  the 
matrix.  Longitudinal  cross  section  of  the  specimen  demonstrates  that  the  wear  occurred 
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through  a  subsurface  cracking  and  delamination  of  a  zone  where  large  strain  is  accumulated. 


Fig.  7.  SEM  micrographs  showing  (a)  worn  surface  and  (b)  cross  section  of  Al-3Mg-SiC  (20|.im,  10%) 
specimen  tested  at  5  N;  (c)  worn  surface  and  (d)  cross  section  of  6061A!-SiC  (lOpm,  10%)  specimen  tested  at 
ION. 


4.  CONCLUSION 

The  sliding  wear  behavior  of  the  SiC,  TiC,  and  B4C  particle  reinforced  A1  alloy  matrix 
composites  manufactured  by  the  pressureless  infiltfation  technique  is  found  to  be  similar  to 
that  of  those  by  powder  metallurgy  and  casting  routes.  Wear  resistance  of  the  composites 
increased  with  the  increase  of  carbide-particle  size  and  volume  fraction.  Increasing  volume 
fraction  of  the  carbide  was  more  efficient  in  increasing  wear  resistance  of  the  composite. 
Among  the  composites  tested,  wear  resistance  of  the  composite  with  the  SiC  particle  was  the 
lowest  and  the  B4C  reinforcement  resulted  in  the  highest  wear  resistance.  Matrix  hardening 
was  found  to  be  very  effective  in  increasing  wear  resistance  of  the  composites.  The  AISI 
52100  steel  counterpart  gave  rise  to  lower  wear  rate  of  the  composite  than  that  with  the 
alumina  ball  at  low  loads,  however,  at  high  loads  similar  wear  rates  of  the  composites  were 
measured  with  both  counterpart  materials. 
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ABSTRACT 

Wear  properties  of  the  6061 A1  alloys  reinforced  with  0,  5,  10  and  20%  SiC  particles  were 
studied  for  dry  sliding  against  a  SM45C  counterface. 

It  was  widely  known  that  wear  properties  of  MMCs  are  mainly  affected  by  size,  shape  and 
volume  fraction  of  reinforced  materials.  However,  much  attention  has  not  been  paid  on  the 
role  of  residual  stress  due  to  thermal  mismatch  induced  between  metal  matrix  and  reinforced 
particle  in  the  evaluation  of  wear  properties  of  MMCs. 

This  study  concerned  with  the  variation  of  wear  behaviors  and  residual  stress  according  to 
various  heat  treatment  conditions.  Effect  of  residual  stress  in  the  matrix  measured  by  X-ray 
diffraction  niethod  on  the  wear  behaviors  has  been  investigated  as  a  function  of  SiC  particle 
volume  fraction,  load  and  sliding  speed  for  differently  heat  treated  SiCp/6061Al  composites. 
The  highest  compressive  residual  stress  was  recorded  for  the  liquid  nitrogen(LN)  quenched 
specimen  from  solution  temperature.  Wear  rate  was  turned  out  to  decrease  with  increasing 
compressive  residual  stress.  Also  high  compressive  residual  stress  in  the  metal  matrix  affected 
wear  mechanism  to  transit  from  a  severe  wear  to  a  mild  wear. 

According  to  the  results  of  present  study,  amount  of  compressive  residual  stress  was  a 
dominant  factor  in  the  wear  properties  of  MMCs,  in  which  it  acts  as  a  restraint  stress  to  SiC 
particles  coming  off  by  remaining  it  within  the  matrix. 


1.  INTRODUCTION 

In  addition  to  their  superior  properties  such  as  high  specific  strength,  specific  modulus,  and 
creep  strength,  metal  matrix  composites(MMCs)  exhibit  excellent  wear  resistance.  Interest  in 
the  tribological  properties  of  MMCs  has  increased  substantially  because  of  the  potential  for 
weight  savings,  particularly  in  automotive  industry.  MMCs  are,  now,  being  used  as  the 
replacement  for  steel  components.  Among  the  MMCs,  particulate  reinforced  MMCs  have  the 
advantage  of  low  cost,  good  workability  and  high  machinability  compared  with  continuous 
fiber  reinforced  composites. 

It  is  generally  known  that  wear  behaviors  of  MMCs  are  mainly  affected  by  the  shape,  size, 
volume  fraction  and  if  s  inherent  fracture  strength  of  the  reinforcement,  and  the  nature  of  the 
bond  between  matrix  metal  and  the  reinforcement,  etc[  1  ]. 

Understanding  of  strengthening  mechanism  of  MMCs  is  helpful  to  comprehend  general 
properties  of  MMCs.  It  can  be  explained  as  generation  and  working  of  dislocations  formed  by 
thermal  stress  due  to  the  big  difference  of  coefficients  of  thermal  expansion  between  matrix 
metal  and  reinforcement.  In  other  words,  it  means  that  consideration  of  residual  stress  is 
necessary  in  the  evaluation  of  various  properties  of  MMCs. 

Effect  of  residual  stress  on  wear  properties  was  validated  for  hyper- eutectic  Al-Si  alloy  in  our 
preliminary  study [2].  Many  researchers  have  studied  the  influence  of  residual  stress  in  the 
field  of  metal  matrix  composites[3-9].  However,  there  has  been  very  little  work  on  the  effect 
of  residual  stress  on  tribological  properties  of  particulate  reinforced  MMCs. 

This  work  concerned  with  the  variation  of  wear  behaviors  and  residual  stress  according  to 
various  heat  treatment  conditions  in  SiCp/6061  A1  composites. 
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2.  EXPERIMENTAL  PROCEDEURE 


2.1  Materials  and  Heat  treatment 

The  materials  used  were  SiCp/6061  A1  composites  (where  SiCp  indicates  SiC  particles) 
manufactured  by  extruding  a  mixture  of  6061  A1  alloy  powder  and  SiC  particles  at  843K.  The 
volume  fractions  of  SiC  particles  are  0,  5,  10  and  20%  as  shown  in  Table  1 . 

To  investigate  the  effect  of  residual  stress  due  to  the  difference  of  coefficients  of  thermal 
expansion  between  matrix  metal  and  reinforcement,  the  materials  were  heat  treated  to  give 
different  level  of  residual  stress.  Four  types  of  heat  treatment  procedure  were  devised  to  vary 
the  magnitude  of  compressive  residual  stress  as  follows:  (1)  T6  aging(T6),  (2)  water 
quenching(WQ),  (3)  repetition  of  rapid  heating  and  quenching(R.H&Q)  and  (4)  liquid 
nitrogen  quenching(LN)  treatment[  1 0, 1 1  ]  as  shown  in  Table  2.  Samples  were  heat  treated 
after  machining  to  eliminate  the  effect  of  stress  induced  by  machining. 


Table  1  Volume  fraction  and  measurement  result  by  an  image  analyzer 


Material 

Volume 

Fraction,  Vf  (%) 

Average 
Size,  DpCj^m) 

Standard 
Deviation, (jtim) 

Average 
spacing*,  dp(//ni) 

5%  SiCp/6061 

4.9 

6.2 

4.92 

119.4 

10%  SiCp/6061 

11.2 

8.6 

5.56 

68.4 

20%  SiCp/6061 

21.5 

11.9 

7.87 

43.6 

*Computed  from  dp=Dp  (l"Vf)/Vf 

Table  2  Heat  treatment  conditions  for  variation  of  compressive  residual  stress. 

Treatment 

Treatment  Procedure 

T6  aging(T6) 

530  °C  2hr  solution  treatment 
^  175°C  8hr  holding 

Water  quenching 

Water  Quenching(WQ) 

530*0  2hr  solution  treatment  ^ 

Water  quenching 

Rapid  Heating  and 

5300  2hr  solution  treatment  ^ 

Water  quenching 

Quenching(R.H&Q) 

5  times  repeating  (530  C  Imin.  holding  Water  quenching) 

Liquid  Nitrogen 
Quenching(LN) 

5300  2hr  solution  treatment 

Liquid  nitrogen  quenching 

2.2  Wear  Tests 

Wear  tests  were  conducted  using  a  pin-on-disk  type  machine.  The  samples  were  machined  to 
blocks  of  lOxlOxlOmm^and  polished  to  obtain  an  average  surface  roughness( )  of  0.35 
//m.  The  counterface  disk(S45C  steel  plate)  was  heat  treated  to  have  a  uniform  surface 
hardness  value  of  45+2HRC  and  its  average  was  After  each  test,  the  counterface 

disk  was  ground  prior  to  using  it  again  for  the  next  test. 

Wear  tests  were  conducted  in  air  at  loads  of  19.6,  49N  and  a  sliding  speed  of  0.2,  1,  2m/sec 
for  a  constant  distance  of  4000m.  Samples  were  cleaned  with  acetone  in  ultrasonic  cleaner 
and  weight  losses  were  calculated  from  the  differences  in  weight  of  samples  measured  before 
and  after  tests  to  an  accuracy  of  O.lmg  using  an  electronic  balance. 

Unit  of  wear  rate  in  this  study  was  used  volumetric  wear  rate(mm7m),  that  is,  the  wear  rates 
measured  in  weight  units  were  converted  to  volumetric  wear  rates  using  the  density  of  the 
composites(6061Al:  2.71g/cm^  SiC:  3.22g/cm^). 

Microstructural  observations  were  conducted  using  a  scanning  electron  microscope(SEM) 
on  worn  surface. 
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2,3  Residual  stress  measurement 

Residual  stress  was  measured  at  the  surface  of  wear  samples  before  a  wear  test  to  determine 
the  magnitude  of  residual  stress.  20-sin^Y  method  by  X-ray  diffractometry  was  used  on 
condition  as  shown  in  Table  3.  It  is  the  utilizing  principles  that  diffracted  X-rays  are  detected 
at  differing  diffraction  angles  according  to  variation  of  lattice  constants  of  crystals  if  residual 
stress  exists  in  materials[12]. 

Residual  stress  was  calculated  by  the  following  equation[13],  and  the  slope,  d(20)/d(sin^\|/) 
was  determined  by  a  least  square  method. 

cr  =  — - —  cose— — 

2(1  +  v)  180  i/(sm^ 

where  E  :  Young’s  modulus  ( 7.03  X  10^  kgf/nun'  ) 

V  :  Poisson’s  ratio(  0.345  ) 

0  :  standard  Bragg’s  angle  (  diffraction  angle  of  Al(331)  plane  :  148.7  ) 


Table  3  Experimental  conditions  for  X-ray  stress  measurement. 


Method 

20-sin^\|/  method 

Characteristic  X-ray 

Co-Ka 

Diffraction  plane 

Al(3  3  1) 

Size  of  irradiation  mask 

5mm  X  3mm 

Determination  mask 

Half-value  width  method 

X-ray  incident  beam  (\|/) 

0,  15,  30,  45  deg. 

3.  EXPERIMENTAL  RESULTS  AND  DISCUSSION 

As  a  result  of  measuring  the  residual  stress  of  these  SiCp/6061  A1  composites,  the  stress  was 
turned  out  to  be  compressive. 

Figure  1  shows  the  variation  of  compressive  residual  stress  according  to  different  heat 
treatment  conditions.  The  magnitude  of  compressive  residual  stress  increased  in  the  order  of 
T6  <  WQ  <  R.H&Q  <  LN  heat  treatments  regardless  of  volume  fraction  of  SiCp.  This  is 
considered  as  due  to  the  increase  in  dislocation  density  and  the  variation  of  stress  state  in 
metal  mafrix  according  to  the  difference  in  the  coefficients  of  thermal  expansion(6061Al:  23.6 
X  10"^  K‘ ,  SiC  particle:  4.6  X  10'^  K'^)  between  A1  matrix  and  SiC  particle  during  quenching 
from  high  temperature[14-16].  Compressive  residual  stress  also  increased  with  increasing 
volume  fraction  of  SiCp. 


0%SiCp  5%SiCp  10%SiCp  20%SiCp 


Fig.l  Effect  of  heat  treatment  condition  on  the  residual  stress  of  SiCp/6061Al  composites. 
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Figure  2  shows  effect  of  heat  treatment  conditions  on  wear  rate  of  5%SiCp/6061  A1 
composite  with  the  variation  of  applied  loads  and  sliding  speeds.  Wear  rates  of  T6  and  WQ 
treated  samples  increased  with  increasing  sliding  speed,  but  wear  rates  of  R.H&Q  and  LN 
treated  samples  decreased  with  increasing  sliding  speed.  The  improvement  of  wear  resistance 
is  probably  ascribe  to  the  inherent  strengthening  effect  of  matrix  metal  due  to  the  increase  in 
restraint  stress  against  SiC  particles  with  increasing  compressive  residual  stress  in  addition  to 
strain  hardening  as  the  sliding  speed  increases[17].  This  phenomenon  was  more  apparent 
when  the  applied  load  was  increased  to  49N. 


(a)  19.6N  (b)  49N 

Fig.2  Effect  of  heat  treatment  on  wear  rate  of  5%SiCp/6061  A1  composite  tested  at  various 
applied  loads  and  sliding  speeds. 

Figure  3  indicates  the  worn  surface  of  the  sample  of  5%SiCp/6061  A1  composite  tested  at 
49N,  1  m/sec.  In  cases  of  T6  and  WQ  treated  samples,  severe  wear  is  observed,  in  which  the 
traces  of  plastic  defonnation  of  the  matrix  metal  is  shown  on  the  worn  surfaces.  While,  mild 
wear  is  observed  for  R.H&Q  and  LN  treated  samples.  It  could  be  considered  that  high 
compressive  residual  stress  in  the  matrix  metal  affected  wear  mode  to  transit  from  a  severe 
wear  to  a  mild  wear. 


(a)  T6  treatment  (b)  LN  treatment 

Fig.3  Effect  of  heat  treatment  condition  on  worn  surface  of  5%SiCp/6061  A1  composite  tested 
at49N,  1  m/sec. 


Figure  4  shows,  depending  on  heat  treatment  conditions,  the  variation  of  wear  rate  of 
20%SiCp/6061Al  composite  as  a  function  of  applied  loads  and  sliding  speeds.  Similar  to  the 


908 


sample  of  5%SiCp/6061Al  composite,  wear  rate  decreased  for  the  specimen  being  heat 
treated  to  increase  compressive  residual  stress.  Wear  rate  also  decreased  as  sliding  speed 
increased  in  all  heat  treatment  conditions.  In  comparison  with  5%SiCp/6061Al  composite, 
this  is  attributed  to  the  high  stress  condition  of  residual  stress,  which  hinders  the  breaking 
away  of  SiC  particles  from  the  sample  surface,  and  wear  debris  acts  a  lubricant  at  this 
condition. 


Sliding  speed(m/sec)  Sliding  speed(m/sec) 

(a)  19.6N  (b)  49N 

Fig.4  Effect  of  heat  treatment  on  wear  rate  of  20%SiCp/606lAl  composite  tested  at  applied 
load  and  sliding  speed. 

Figure  5  exhibits  the  worn  surface  of  20%SiCp/6061Al  composite  sample  tested  at  49N, 
2m/sec.  Delamination  and  abrasive  wear  mode  observed  at  T6  and  LN  treated  samples, 
respectively.  While  deep  scratches  appeared  on  the  worn  surface  of  T6  treated  sample,  trace 
of  abrasive  wear  was  found  at  LN  treated  sample,  in  which  compressive  residual  stress 
measured  to  be  the  highest  among  SiCp/6061Al  composites  used  in  this  study. 


(a)  T6  treatment  (b)  LN  treatment 

Fig.5  Effect  of  heat  treatment  condition  on  worn  surface  of  20%SiCp/6061Al  composite 
tested  at  49N,  2m/sec. 

In  view  of  the  results  so  far  achieved,  it  could  be  concluded  that  improvement  of  wear 
resistance  is  possible  in  SiCp/6061Al  composites  through  the  process  of  heat  treatment  which 
could  increase  compressive  residual  stress  of  matrix  metal. 
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4.  CONCLUSION 


1.  As  the  volume  fraction  of  SiC  particle  increased  at  the  same  heat  treatment  condition, 
compressive  residual  stress  increased,  and  it  made  wear  rate  decreased. 

2.  The  magnitude  of  compressive  residual  stress  in  the  composites  of  constant  volume 
fraction  of  SiC  particle  increased  in  the  order  of  T6  <  WQ  <  R.H&Q  <  LN  heat 
treatments.  Wear  rates  decreased  with  increasing  compressive  residual  stress  in  the 
matrix  metal. 

3.  In  case  of  T6  treated  condition,  mild  wear  observed  in  every  material  used  for  all  sliding 
speeds  at  the  wear  load  of  1 9.6N. 

As  the  wear  load  increased  to  49N,  mild  wear  and  severe  wear  observed  at  low  sliding 
speed  and  high  sliding  speed  conditions,  respectively  for  606  lAl  alloy  and 
5%SiCp/6061Al  composite.  However,  mild  wear  always  appeared  in  for  all  sliding 
speeds  in  20%SiCp/6061  A1  composite. 

4.  In  case  of  LN  treated  condition,  mild  wear  observed  in  every  material  used  for  all 
sliding  speeds  at  the  wear  load  of  19.6N. 

As  the  wear  load  increased  to  49N,  mild  wear  and  severe  wear  observed  at  low  sliding 
speed  and  high  sliding  speed  conditions,  respectively  for  606  lAl  alloy.  However,  mild 
wear  always  appeared  in  for  all  sliding  speeds  in  5%SiCp/6061  AI  composite  and 
20%SiCp/6061Al  composite. 

5.  High  compressive  residual  stress  of  the  matrix  metal  acts  as  a  restraint  stress  to  SiC 
particles  coming  off  by  remaining  it  within  the  matrix. 
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ACTIVE  CONTROL  OF  CRACK  CLOSURE  ACTS  BY 
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ABSTRACT 

As  TiNi  shape  memory  TiNi  fiber-reinforced  epoxy  matrix  composite  with  given  prestrain 
in  TiNi  fiber  at  room  temperature  is  subjected  to  temperature  increase  so  as  to  exceed 
austenitic  finish  temperature  (Af),  the  TiNi  fiber  shrinks  to  its  original  length  by  €j  resulting 
in  compressive  stress  in  the  epoxy  matrix.  This  compressive  stress  in  the  matrix  was  utilized 
to  reduce  Ki  of  a  side-notched  TiNi  fiber/epoxy  matrix  composite  and  TiNi  fiber/CFRP 
(Carbon  fiber)  matrix  composite,  which  was  confirmed  by  the  present  experiment  with  two 
types  of  temperature  control:  subjecting  the  composite  to  a  constant  temperature  using  an  iso¬ 
temperature  furnace.  The  experimental  trend  that  | AAT;  |  increases  with  prestrain  was  in 
good  agreement  with  the  predictions  based  on  the  present  model. 


1.  INTRODUCTION 

Enhancement  of  the  mechanical  strength  (stiffness,  yield  strength  and  fracture  toughness) 
and  suppression  of  the  degradation  damage  (crack,  delamination)  during  in  service  time  are 
very  important  subjects  in  the  development  of  engineering  composite  systems.  Recently,  the 
authors  developed  a  new  type  of  “smart”  composite  where  shape  memory  TiNi  fiber  was  used 
as  a  reinforcement  and  actuator  to  improve  the  mechanical  properties  of  the  composite  at 
higher  use  temperatures  above  the  inverse  transformation  temperature  (T>f)  of  TiNi  alloy 
[1, 2,3,4]  up  to  the  present,  the  enhancing  effects  of  the  tensile  yield  strength,  the  suppression 
effect  of  fatigue  crack  propagation  in  TiNi  fiber  reinforced  A1  matrix  composite  (TiNi/Al)  [5] 
and  the  increase  of  the  fracture  toughness  (K-value)  in  a  TiNi/epoxy  composite  have  been 
experimentally  confirmed  because  of  the  large  compressive  stresses  in  the  matrix  by  the  shape 
memory  shrinkages  of  embedded  fibers  (refer  to  Fig.l). 

In  the  present  paper,  shape  memory  TiNi  fiber  reinforced/epoxy  matrix  composites  and  TiNi 
fiber  reinforced/Carbon  fiber  (CF)  matrix  composites  are  fabricated  to  re- verify  the  active 
damage  control  for  cracks  in  the  composite  by  using  experimental  photoelasticity  method. 
The  suppression  effect  of  crack  tip  stress  concentration  and  the  increase  of  fracture  toughness 
(K)  are  investigated.  Especially,  the  dependencies  of  K  value  on  not  only  the  restrains  of  TiNi 
fibers  but  also  the  compressive  stress  domain  size  between  a  crack  tip  and  the  embedded 
fibers  are  discussed  based  on  the  analytical  equivalent  inclusion  model  for  a  composite. 


2.  TEST  SPECIMEN 

The  experimental  processing,  as  well  as  mechanical  tests  of  TiNi/epoxy  composite  and 
TiNi/CFRP  composite  are  described.  The  shape  memorized  TiNi  fibers  (Ti-50  at  %Ni)  of  400 
pm  diameter  were  first  annealed  for  30  minutes  at  SOOT,  then  quenched  in  ice  water.  Four 
transformation  temperatures  of  TiNi  fiber  were  determined:  Martensite  start  Ms=31T, 
Martensite  finish  Mf=15°C,  Austenitic  start  As=57T,  and  Austenitic  finish  Af=63T. 

The  geometry  of  the  composite  specimen  is  shown  in  Fig.2.  In  order  to  determine  the 
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transformation  temperatures  and  stress-strain  relations  of  TiNi  fiber,  tensile  test  of  TiNi  fiber 
at  different  temperatures  (T)  were  implemented.  The  stress  vs.  strain  curves  at  constant 
temperature:  T=20,  40,  60,  80,  and  lOO^C  were  obtained  as  shown  in  Fig. 3.  During  the 
process,  TiNi  fibers  were  kept  in  tension  with  four  different  prestrains  of  0,  1,  3,  and  5%.  Both 
ends  of  the  TiNi  fiber  were  fixed  with  the  jig  to  prevent  danger  to  which  the  shrinkage  of  the 
TiNi  fiber  in  the  matrix  happened  at  the  stage  before  experiment,  and  epoxy  resin  was  cast 
with  the  prestrain  had  been  maintained.  CFRP  (8131  TORAYCA  and  Toray  Ltd.)  used  for  the 
matrix  for  TiNi  fiber  reinforced/CFRP  composite  which  is  fiber  weight  175g/m^  and  resin 
content  rate  33%. 

TiNi  fiber  reinforced/CFRP  composite  is  made  until  the  prepreg  accumulated  to  ten  layers  is 
paved,  three  fibers  are  put,  prepreg  is  piled  up  by  one  layer  afterwards  and  the  fiber  side 
becomes  three  layers  similarly.  Prestrain  of  0,  1,  3,  and  5%  were  given,  and  made  by 
compressing  the  high  temperature  with  the  hot  press.  Photoelastic  sensitivity  of  the  matrix  in 
case  of  TiNi  fiber  reinforced/epoxy  composite  is  a=0.116  mm/N  and  the  fiber  content  rate  of 
TiNi  fiber  reinforced/CFRP  composite  is  Vf=0.32.  CFRP  used  the  photoelastic  coating 
method  as  opaque  material.  The  coating  material  used  the  plate  material  of  3mm  in  thickness 
(PSl,  Measurement  Group,  and  Inc.)  and  adhesives  (PCI  bipax,  Measurement  Group,  and 
Inc.).  One  side  notch  processed  the  point,  processed  the  notch  depth  to  three  stages  (3  and 
4mm)  by  0.3mm  in  thickness  for  TiNi  fiber  reinforced/epoxy  composite  with  a  miller  cutter 
which  finished  up  grinding  in  60°,  and  after  the  coating  material  had  been  bonded,  7mm  in  the 
notch  depth  was  processed  for  TiNi  fiber  reinforced/CFRP  composite  material. 


^  Epoxy  matrix 
TiNi  Fiber 
(A  phase) 
[hard] 


(Tension)] 

(c) 


e/2 


Shape  Memory 
♦  Heal  Treatment 


(M  phase) 

Pre-strain  [soft] 
e/2 


(d) 


(M  phase) 
Heating  above  Af 
Temperature 


(A  phase) 


SME  ►  Fiber  Shrinkage 

Fig.l  Design  concept  of  shape  memory 
alloy(SMA)  smart  composite 


60 


, .  .  ,0.3 


(b) 


Fig. 3  Stress-strain  curves  of  TiNi  fiber  at 
different  temperature 


y 


Fig.2  Dimension  and  shape  of  test  specimen  Fig.4  Photoelastic  fringe  pattern  schemati- 

(TiNi/epoxy  and  TiNi/CFRP  composite)  cally  developed  in  front  of  a  crack  size  a 
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3.  EXPERIMENTAL  METHOD 


The  composite  specimens  were  loaded  by  a  Tensilon/RTM-IT  machine  in  which  a  iso- 
temperature  furnace  and  a  photoelastic  analysis  apparatus  were  combined. 

When  experimenting,  a  top  and  bottom  of  the  test  specimen  edge  is  placed  with  the  zipper  and 
the  constant  load  392N  in  case  of  TiNi  fiber  reinforced/epoxy  composite  and  constant  load 
4903N  in  case  of  Ti  Ni  fiber  reinforced/CFRP  composite  was  loaded  and  the  4-5th 
photoelastic  fringe  caused  the  stress  concentration  the  notch  tip  of  the  extent  to  be  caused.  Not 
only  the  TiNi  fiber  but  also  the  entire  test  specimen  is  changed  to  the  ninth  steps  of  20,  30,  40, 
50,  60,  70,  80,  90,  and  100°C  in  the  room  temperature  in  the  iso-temperature  furnace  and  the 
shape  memory  inverse  transformation  is  caused  more  than  the  Af  temperature  and  the 
decrease  of  the  stress  concentration  of  the  crack  tip  according  to  the  heating  shrinkage  of  the 
TiNi  fiber  and  Ki  value  is  observed  and  the  change  in  the  photoelastic  fringe  pattern  of  crack 
point  is  observed.  It  took  a  picture  of  the  photoelastic  fringe  pattern  of  each  pattern  one  by 
one.  From  the  Fig. 5,  shape  memory  effect  of  the  embedded  TiNi  fibers  reduce  the  stress 
concentration  with  increasing  prestrain  value.  Stress  intensity  factor  Ki  can  be  computed  from 
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r  1  2tan(30,„/2)1 

[3tan6»„J 
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where,  n  is  the  number  of  the  fringe,  t  is  the  composite  plate  thickness,  a  is  the  epoxy 
photoelastic  sensitivity  constant,  rm  and  0m  are  respectively,  the  distance  and  angle  in  polar 
coordinates  at  point  M,  shown  schematically  in  Fig.4.  When  Ki  value  was  determined,  the 
range  of  73.5“<qm<134‘’  that  the  error  is  few  was  measured,  and  doing  2-3  calculated  the 
average  value  obtaining  each  Ki  value  from  the  fringe  loop.  The  stress  intensity  factor  of  TiNi 
fiber  reinforced/CFRP  composite  by  the  photoelastic  coating  method  in  equation  (1) 
calculated  at  t  obtained  thickness  of  the  coating  material  and  photoelastic  sensitivity  a 
obtained  from  equation  (2). 


Y  A  E  ^ 
^Kl  +  vj 


(2) 


Where,  X  is  wave  length  of  light  (it  is  0.577X10"^  in  white  light),  K  is  optical  strain 
coefficients,  E  is  young’s  modulus  and  v  is  Poisson's  ratio. 


4.  RESULTS  AND  DISCUSSION 

4.1  Reduction  of  crack  tip  stress  concentration  by  TiNi  shape  memory  shrinkage  force 

Fig. 5(a)  shows  the  photoelastic  fringe  pattern  of  around  the  crack  tip  (domain  size  D=0.2mm) 
in  the  room  temperature  80  C  in  the  iso-temperature  furnace  of  each  test  specimen  under  the 
constant  load  392N  (amount  of  tensile  prestrain  8t  =  0,  1,  3,  and  5%  at  TiNi  fiber).  It  was 
confirmed  that  photoelasticity  fringe  order  decreased  gradually  with  an  increase  in  the  amount 
of  the  prestrain  of  the  TiNi  fiber  by  distance's  rm  to  the  apogee  where  each  isochromatic  line 
pattern  loop  from  crack  point  projected  most  rapidly  decreasing  more  than  the  Af  point  (about 
60 °C)  along  with  the  rise  of  the  room  temperature  in  the  iso-temperature  furnace  from  Fig.5. 
Fig.6  shows  the  relation  of  Ki  value  rate  of  change  and  the  room  temperature  on  each  domain 
size  according  to  an  increase  in  the  room  temperature  in  the  iso-temperature  furnace.  From 
Fig.6,  the  decrease  in  a  clear  Ki  value  was  confirmed  so  that  the  temperature  of  the  TiNi  fiber 
may  rise  along  with  the  room  temperature  rising  (20-100‘’C)  in  the  iso-temperature  furnace 
and  the  TiNi  fiber  shrinkage  may  happen  more  than  inverse  transformation  temperature  Af 
point.  Moreover,  the  decrease  in  Ki  value  compared  with  the  prestrain  amount  0%  was 
confirmed  as  27.4%  at  prestrain  amount  1%,  35.5%  at  3%  and  42.9%  at  5%  in  a  case  of  the 
domain  size  at  1mm.  According  to  results  of  examining  the  change  of  Ki  value  with  the  room 
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temperature-rise  in  the  iso-temperature  furnace  when  the  domain  size  is  changed  into  D=2, 
1mm  (for  the  notch  depth  a=  3,  4mm)  and  the  prestrain  to  the  TiNi  fiber  is  changed  into  8t=  0, 
1,  3  and  5%,  Ki  value  level  is  different  from  an  initial  stage,  because  the  sample  always 
receives  elastic  compression  strength  from  the  TiNi  fiber  which  corresponds  to  the  amount  of 
the  prestrain  and  the  domain  size  (compression  region  D)  for  the  room  temperature  20  °C  in 
the  iso-temperature  furnace.  When  the  prestrain  is  0%,  Ki  value  and  AKi  value  (difference 
between  a  value  at  the  room  temperature-rise  in  the  iso -temperature  furnace  and  a  standard 
value)  were  assumed  to  be  a  parameter  and  the  effect  of  the  decrease  of  the  crack  tip  stress 
concentration  by  the  shape  memory  shrinkage  strength  of  burial  TiNi  fiber  was  examined 
according  to  the  rise  of  the  room  temperature  in  the  domain  size  and  the  iso-temperature 
furnace  based  on  the  case  of  the  room  temperature  20  “C  in  the  iso-temperature  furnace  in 
each  test  specimen  with  a  different  domain  size.  As  for  Fig. 7  in  the  room  temperature  80  “C 
in  the  iso-temperature  furnace,  Ki  value  decreases  as  the  amount  of  the  prestrain  increases 
under  the  relation  of  Ki  value  and  the  amount  of  the  prestrain  for  each  domain  size,  the 
decrease  of  the  value  of  0.075  and  0.087MPa^  can  be  confirmed  by  the  domain  size  2  and 
1mm  for  the  prestrain  amount  5%  test  specimen,  and  the  effect  of  the  domain  size  was 
confirmed.  AKi  value  have  compared  and  examined  with  FEM  analysis  value  (refer  to  Fig.7) 
by  using  data  in  the  room  temperature  80  “C  in  the  iso-temperature  furnace. 


(i)  0%  (ii)  5% 

(a)  TiNi  /  Epoxy  (P=392N,  T=80°C) 


(i)  0%  (ii)  5% 

(b)  TiNi  /  CFRP  (P-4903N,  T=60r ) 


Fig.5  Photoelastic  fringe  patterns  around  the  notch  of  TiNi/Epoxy  and  TiNi/CFRP  specimens 

with  different  prestrain 


Fig.6  Relation  between  Ki  value  and 
different  temperature  (TiNi/Epoxy 
composite) 


Fig.7  Stress  intensity  factor  change  AKi  of  a 
side  notched  TiNi/Epoxy  composite  vs. 
prestrain 


4.2  Dependence  of  Stress  Intensity  Factor  (K  value)  on  the  Domain  Size  (D) 

The  reduction  in  stress  intensity  factor  due  to  prestrain  and  shape  memory  effect  is  estimated 
by  the  analytical  modeling  which  generally  consists  of  the  steps:  (1)  computation  of  the 
compressive  residual  stress  in  the  matrix,  (2)  prediction  of  crack  tip  stress  intensity  factor 
change  Kj.  Following  Eshelby's  [6]  equivalent  inclusion  method  [7,8]  by  using  eigen  strain 
concept  as  well  as  the  equation  of  force  between  TiNi  fiber  stress  and  average  matrix  (q)  can 


914 


be  calculated.  When  a  crack  tip  is  subjected  to  compressive  stress  q,  then,  the  stress  intensity 
factor  Ki  is  given  by  following  equation. 

AK,^2q—  (3) 

V  n 

where  D  is  the  length  of  the  compressive  stress  domain  between  a  crack  tip  and  the  embedded 
fiber.  Eq.(3)  was  originally  formulated  by  Tada  et  al.  and  has  been  used  by  several  researchers 
[9,10].  The  values  of  D  in  the  present  experiment  are  2,  1mm  respectively  for  two  notch 
depths  model  for  matrix.  The  analysis  of  the  fracture  toughness  improvement  mechanism  of 
the  FEM  model  calculated  stress  intensity  factor  AKi  value  of  mode  I  in  the  crack  tip  by 
virtual  crack  closure  technique  for  the  energy  open  rate.  As  a  result,  the  predicted  values  of  Ki 
are  plotted  as  solid  points  in  Fig.7.  From  Fig.7,  the  decrease  in  AKi  occurs  to  an  increase  in 
the  fiber  prestrain  and  it  was  confirmed  that  the  tendency  of  the  experimental  result  and  the 
FEM  analysis  of  the  effect  by  the  domain  size  were  almost  in  agreement.  Moreover,  the 
experiment  value's  indicating  a  high  value  from  FEM  analysis  value  AKi  is  thought  that  the 
strain  with  epoxy  resin  shrinkage  was  not  taken  in  to  the  calculation  of  the  residual  stress,  the 
value  of  Ki  weaken  the  decrease  tendency  to  around  the  fiber  and  the  finite  width  correction 
factor  Y(a/w)  showed  the  gradual  increase  tendency  because  finite  width  correction  factor 
Y(a/w)  was  not  considered  for  the  photoelasticity  method  of  Ki  value  calculation.  If  the 
shrinkage  strian  is  considered,  it  seems  that  the  experimental  value  approaches  to  the  FEM 
analysis  value  by  the  original  amount  of  the  prestrain  caused  by  the  austenite  transformation 
according  to  T^  Af  of  the  TiNi  fiber  being  eased  by  the  shrinkage  of  epoxy  resin  and  average 
residual  stress  in  the  matrix  decreased. 

4.3  Crack  closure  acts  in  TiNi  fiber  reinforced/CFRP  composite 

Fig. 5(b)  shows  the  reflex  photoelastic  fringe  pattern  of  around  the  crack  tip  in  the  room 
temperature  60  °C  in  the  iso-temperature  furnace  of  each  specimen  (tensile  prestrain  of  TiNi 
fiber  8t  =  0,  1,3,  5%)  in  constant  load  4903N.  The  closure  action  of  the  crack  was  confirmed 
by  stress  intensity  factor  Ki  value's  and  the  crack  tip  fringe  order's  reduction  as  well  as  TiNi 
fiber  reinforced/epoxy  composite  along  with  the  rise  of  the  temperature  from  Fig.  5.  Fig.  8 
shows  the  relation  of  the  value  of  stress  intensity  factor  Ki  of  TiNi  fiber  reinforced/CFRP 
intelligent  composite  and  the  room  temperature  in  the  iso-temperature  furnace  in  the  amount 
of  each  prestrain.  Kj  value  decreases  as  well  as  TiNi  fiber  reinforced/epoxy  composite  along 
with  an  increase  in  the  amount  of  the  prestrain  and  the  rise  in  the  room  temperature  in  the  iso¬ 
temperature  furnace  from  Fig.8.  However,  in  case  of  the  prestrain  amount  1,  3  and  5%,  it  was 
confirmed  that  Ki  value  recovered  almost  in  the  room  temperature  60  °C  in  the  iso¬ 
temperature  furnace.  Fig.9  shows  the  relation  between  the  value  of  stress  intensity  factor  Ki 
and  the  amount  of  the  prestrain  of  TiNi  fiber  reinforced/CFRP  intelligent  composite  in  the 
room  temperature  in  the  iso-temperature  furnace  at  30,  40,  50,  and  60°C.  In  case  of  the 
prestrain  amount  5%,  the  decrease  in  Ki  value  was  confirmed  by  0.89MPa^  at  50°C, 
0.65MPa^at40°C,  and  1.2MPaym  at  30°C  in  the  room  temperature  in  the  iso-temperature 
furnace  from  Fig.9.  If  an  intelligent  composite  (metal,  polymer)  by  which  the  shape  memory 
shrinkage  and  the  recovery  stress  appearance  mechanism  to  which  the  TiNi  fiber  reinforced 
by  rule  of  the  high  temperature  which  was  proposed  here  in  the  future  and  the  elasticity 
improvement  happen  at  the  same  time  are  given  from  this  can  be  achieved;  an  active  control 
of  the  fracture  toughness  and  the  fatigue  crack  spread  speed  can  be  contained,  and  long-life 
the  machine  structural  material  and  research  development  into  the  safety  design  be  expected. 
The  compressive  stress  in  the  intelligent  composite  caused  because  the  temperature  rises  can 
reduce  stress  concentration  in  the  crack  tip  and  the  design  of  a  recovery  transformation  of  the 
stuff  of  doing  and  the  machine  and  the  structure  and  driving  element  be  expected.  Moreover, 
the  design  of  the  material  can  do  the  fracture  control,  that  is,  the  self-recovery  becomes 
possible  when  the  crack  occurs  by  setting  the  amount  of  the  prestrain  of  the  TiNi  fiber  in  an 
appropriate  amount  in  the  design  stage.  Therefore,  it  has  been  understood  to  be  able  to  offer  a 
new  safe  material. 
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C!  2.4 


Fig.8  Realation  between  KiT^u^'^and 
different  temperature  (TiNi/CFRP 
composite) 


5.  CONCLUSION 


_  2.4 


side  notched  TiNi/CFRP  composite  vs. 
prestrain 


(1)  Not  only  the  TiNi  fiber  but  also  the  specimen  was  confirmed  and  the  effect  of  the 
fracture  resistance  improvement  of  the  decrease  of  the  stress  intensity  factor  was  confimied 
by  the  rise  of  the  room  temperature  in  the  iso -temperature  furnace. 

(2)  The  decrease  in  Ki  value  was  confirmed  to  generate  a  big  recovery  force  (compressive 
force)  in  the  TiNi  fiber  as  an  increase  of  the  amount  of  the  prestrain  and  the  domain  size 
became  small  (as  it  approached  the  TiNi  fiber)  and  it  was  confinned  greatly  that  the  decrease 
tendency  to  Ki  value  was  almost  corresponding  compared  with  the  analytic  value  of  the 
theoretical  model  (effect  of  the  domain  size)  by  the  Eshelby  equivalent  inclusion  method. 

(3)  In  TiNi/CFRP  intelligent  composite  by  which  matrix  is  assumed  to  be  CFRP,  it  has  been 
understood  for  the  crack  closure  acts  to  be  able  to  work  and  to  improve  a  further  fracture 
resistance  and  the  fatigue  life. 

This  work  was  supported  by  High-Tech  Research  Center  of  Saitama  Institute  of  Technology. 
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ABSTRACT 

The  property  and  the  microstructure  have  been  researched  for  TiC  particle  reinforced  titanium 
matrix  composite.  Result  shows  that  the  properties  for  the  composite  at  ambient  temperature 
were  different  with  varying  heat  treatment  conditions.  The  comprehensive  properties  of 
as-annealed  composite  with  furnace  cooling  were  superior  to  that  of  with  oil  cooling  and  air 
cooling.  And  the  service  temperature  for  TP-650  composite  was  50~100^C  higher  than  that  of 
ordinary  Ti  alloys.  It  possessed  the  better  heat  stability  at  high  temperature.  The  varying 
relation  between  strength  and  elongation  can  be  expressed  as  a  straight-linear  rule 
approximately  over  500^C.  The  TiC  particles  were  distributed  uniformly  in  the  Ti  matrix,  and 
the  microstructure  of  the  composite  was  homogeneous.  There  is  a  favorable  metallurgical 
connection  between  the  TiC  particle  and  the  matrix.  The  interface  was  narrow. 


1.  INTRODUCTION 

Titanium  alloy  possesses  the  higher  specific  strength,  specific  stiffness  and  the  better 
corrosive  resistance.  It  has  been  widely  used  in  aerospace.  When  a  certain  property  of  the 
ordinary  Ti  alloys  had  developed  to  a  limitation,  and  it  approached  the  highest  value  and  faced 
the  urgent  requirement  for  developing  the  high  property  Ti  alloy,  it  forced  that  the  research  of 
material  science  diverted  from  the  ordinary  non-orderly  Ti  alloy  to  the  orderly  inter-metallic 
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compond,  from  solid-solution  reinforced  Ti  alloy  to  Ti  alloy  matrix  composite^' I 
Ti  matrix  composite  composed  of  the  particle  and  the  fiber  reinforced  Ti  matrix  composite. 
The  development  for  fibre  reinforced  Ti  matrix  composite  has  been  restricted  by  the  following 
several  factors.  At  first,  the  price  of  the  continuous  fibre  is  expensive,  then  the  processing 
method  is  complicated  and  property  is  non-homosexuality.  Therefore,  the  particle  reinforced 
Ti  matrix  composite,  which  possesses  the  character  of  homosexuality  and  easily  processing, 
had  been  greatly  paid  attention  by  people.  When  the  particle  of  the  lower  density  and  the 
higher  modulus  and  strength  have  been  mixed  diffusely  to  Ti  alloy  matrix.  The  specific 
strength,  specific  modulus  and  the  creep  strength  of  Ti  alloy  would  be  elevated  greatly.  The 
using  temperature  of  Ti  alloy  have  been  elevated  greatly  to  content  the  requirement  for 
developing  the  aerospace  material  further.  The  other  is  that  the  wear  resistance  of  Ti  alloy  had 
been  elevated  and  combined  the  higher  corrosive  resistance,  it  can  content  the  requirement  for 
the  material  possessed  the  wear  and  corrosion  resistance  in  developing  high-new  technology. 

In  the  past  several  years,  It  was  found  the  there  is  a  better  metallurgical  compatibility  between 
TiCp  and  the  Ti  matrix  in  TiC  particle  reinforced  Ti  matrix  composite.  It  has  better  heat 
expansion  match  between  TiCp  and  Ti  matrix.  Comparing  with  the  Ti  matrix,  the  specific 
strength  and  modulus  can  be  elevated  greatly  for  the  composite  with  TiC  particle.  The 
comprehensive  properties  of  the  composite  can  be  adjusted  by  varying  the  volume  fraction  of 
TiCp  and  heat  treatment  conditions.  This  paper  discussed  the  microstructure  and  the  property 
treated  at  different  heat  treatment  condition  for  TiC  particle  reinforced  Ti  matrix  composite. 

2.  EXPERIMENTAL  METHOD 

The  experimental  material  is  the  TiC  particle  reinforced  Ti  matrix  composite  (TP-650) 
(3vol%TiC,  TiCp  size:  5um  or  so),  which  had  been  fabricated  by  PTMP  (pre-treatment  melt 
process).  The  ingot  of  TP-650  had  been  processed  to  (t>13mm  bars  by  the  opening  mould 
forging  and  the  turning  forging. 

The  composite  had  been  heat  treated  at  800^C'-1050^C  for  Ih,  and  then  treated  at  700^C  for 
2h.  The  blank  samples  of  the  post-heat  treatment  had  been  machined  to  the  tensile  samples. 
Then  it  had  been  tested  in  the  INSTRON  1185  electron  tensile  machine.  The  testing  results 
were  compared  with  that  of  the  famous  high  temperature  Ti  alloys  IMI834  and  Ti-1100.  The 
microstructure  of  the  composite  was  analyzed  by  the  optical  micrography  and  SEM. 
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3.  RESULT  AND  DISCUSS 


3.1  The  property’s  varying  in  the  different  solid-  solution  treatment  temperature 

Fig.l  shows  the  properties  at  room  temperature  varying  after  different  post-treatment.  The 
strength  varied  from  1270MPa  to  1350MPa  with  heat  treatment  temperature’s  varying  from 
800^C  to  1050^C.  The  highest  value  (1350MPa)  created  at  B  and  the  valley  value  (1270MPa) 
is  at  D.  Span  from  peak  to  valley  is  70  MPa.  The  rate  of  growing  is  just  6%.  So  the  heat 
treatment’s  varying  do  a  little  influence  to  the  room  temperature  strength  of  TP-650.  This 
little  influence  may  be  related  to  the  varying  of  interface  at  the  different  temperature^^l 
However,  the  plastic  of  TP-650  shows  a  varying  rule  clearly  with  the  different  heat  treatment 
conditions.  With  the  solid-solution  temperature’s  elevating,  the  plastic  declined  clearly.  The 
declining  rate  of  elongation  and  reducing  area  reached  at  125%  and  248%,  respectively.  It 
may  be  due  to  the  microstructure  of  matrix  varying  to  effect  the  plastic  greatly  at  the  different 
heat  treatment  temperature  Therefore,  for  the  as-annealed  composite  at  800^C  to  1050^C,  a 
little  influence  has  been  done  to  the  strength,  a  great  influence  to  the  plastic. 


3.2  The  property’s  varying  in  the  different  cooling  rate 


Fig.2  shows  the  property  at  room  temperature  after  the  post-treatment  at  E-G.  The  cooling 
rate  declined,  the  room  temperature  strength  tapered.  The  declining  rate  is  11%.  The  plastic 
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Fig.l  The  tensile  properties  of  TP-650 
at  different  heat  treatment  rule 


919 


Fig.2  The  tensile  properties  of  TP-650 
at  different  cooling  rate 


for  composite  treated  with  oil  cooling  is  the  same  as  one  with  the  air  cooling.  But  for  furnace 
cooling,  plastic  is  mach  higher  than  the  former.  The  elongation  and  reducing  area  increased 
100%  and  53%,  respectively  from  the  oil  cooling  to  furnace  cooling.  The  analysis  learned  the 
equivalent  grains  formed  by  the  furnace  cooling  possessed  the  better  comprehensive 
properties  than  the  one  treated  at  oil  cooling  and  air  cooling 


3.3  The  heating  softening  character  of  TP-650  composite 


Fig.3  shows  the  strength  varying  of  TP-650  composite  tested  at  R.T.,  300V,  500V,  600^C, 
650V,  and  700^C.  And  it  was  compared  with  the  strength  of  the  IM1834  and  Ti-1100  Ti 
alloys  tested  at  the  same  conditions.  The  curve  shows  the  strength  of  TP-650  declined  quickly 
from  R.T.  to  300^C  and  then  declined  slowly  at  over  300^C. 

It  indicated  that  TP-650  Ti  matrix  composite  had  the  better  high  temperature  characters. 
Comparing  with  IMI834  and  Ti-1100  Ti  alloys,  the  strength  of  TP-650  is  50~100MPa  higher 
tested  from  R.T.  to  700V.  The  strength  of  TP-650  tested  at  700^C  is  equal  to  the  one  of 
IM1834  and  Ti-1100  tested  at  650®C.  So  it  can  reach  a  conclusion  that  the  servicing 
temperature  of  TP-650  composite  is  50~100^C  higher  than  that  of  the  ordinary  Ti  alloys. 

Fig. 4  shows  the  varying  relation  between  the  strength  and  the  elongation  tested  at  the  different 
temperatures.  From  R.T.  to  500^C,  the  strength  declined  quickly  with  the  elongation’s 
increasing  smoothly.  However,  the  strength  of  TP-650  declined  slowly  with  the  elongation’s 


Fig.3  The  tensile  strengths  of  TP-650 
at  different  testing  temperature 
and  compared  with  that  of  IMI834  and  Ti-1100 


Fig.4  The  varying  relation  between  the 
strength  and  the  elongation  tested 
at  different  temperatures 
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increase  smoothly  at  over  500^C.  This  shows  that  TP-650  possesses  better  heat  stability  at 
elevated  temperature.  When  the  temperature  was  over  500^C,  the  varying  relation  between 
strength  and  elongation  can  be  expressed  as  a  straight  linear  rule  approximately,  that  is:  6 
b(l/100)=  -  0.156  S  +  10.  55.  The  slope  K  for  straight  linear  is  -  0.156,  the  angle  between  the 
straight  linear  and  the  abscissa  ct  is  150^.  This  varying  relation  of  the  linear  confirmed  that 
TP-650  Ti  matrix  composite  possessed  better  property  at  high  temperature. 

3.4  The  microstructure  of  TP-650  composite 

Fig.5  shows  the  microstructure  of  TP-650  composite.  The  composite  possesses  homogenous 
microstructure.  The  TiC  particle  distributed  uniformly  in  the  matrix  (as  shown  in  Fig.5a).  The 
microstructure  of  the  composite  consists  of  ballad  TiC  particle  and  homogeneously  Ti  alloys 
matrix  phases.  Heterogeneous  structure  had  not  been  seen  by  adding  the  TiC  particle  in 
TP-650  composite  (as  show  in  Fig, 5b). 


Fig.6  shows  the  interface  between  TiC  particle  and  the  Ti  alloy  matrix.  Smoothly  interface 
existed  between  the  particle  and  the  matrix.  The  outline  of  interface  was  clear.  The  particle 
and  the  matrix  combined  metallurgical.  The  width  of  the  interface  was  below  1pm 

4.  CONCLUSION 

(1) The  different  heat  treatment  condition  has  little  influence  to  strength  of  TP-650  at  room 
temperature.  But  it  did  a  great  influence  to  the  plastic,  which  declined  greatly  tested  from 
SOO^C  to  1050V. 

(2)  The  better  comprehensive  properties  for  the  as-annealed  composite  with  furnace  cooling 
were  superior  to  that  of  with  oil  cooling  and  air  cooling. 

(3)  The  servicing  temperature  of  TP-650  was  50~100^C  higher  than  ordinary  Ti  alloys. 

(4)  TP-650  possesses  better  heat  stability  at  high  temperature.  The  varying  relation  between 
strength  and  elongation  can  be  expressed  as  a  straight  linear  rule  approximately  over  500^C. 

(5)  The  TiC  particle  distributed  uniformly  in  the  Ti  matrix,  the  structure  of  Ti  matrix  was 
homogenous.  The  interface  between  the  TiC  particles  and  Ti  matrix  was  metallurgical  uniting, 
and  the  width  of  which  is  narrow. 
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ABSTRACT 

The  mechanical  and  brazed  joint  properties  of  SCS-6  SiC  fiber  reinforced 
Ti-15V-3Cr-3Sn-3Al  (Ti-15-3-3-3)  titanium  matrix  composite  (TMC)  were  investigated. 
TMC  was  manufactured  by  using  a  foil-fiber-foil  technique  in  alternating  layers  of  the 
titanium  foil  and  SCS-6  fiber  mats  were  consolidated  into  laminates  by  hot  pressing.  The 
TMCs  were  consolidated  at  the  temperatures  of  660°,  730°,  or  800°C  and  at  pressures  of  20, 
40,  60,  or  80  MPa.  The  effects  of  these  consolidating  conditions  on  the  mechanical 
properties,  SiC/Ti- 15-3-3-3  interactions,  and  failure  modes  were  investigated.  The  TMC 
specimens  were  tested  in  air  at  room  temperature,  200°,  400°,  600°,  or  800°C. 

Brazed  joint  specimens  were  fabricated  from  TMC  using  three  types  of  Ag-Pd-Ga  braze 
alloys,  Ag-10Pd-5Ga,  Ag-9Pd-9Ga,  and  Ag-8Pd-17Ga.  The  brazed  joint  specimens  were 
tested  in  air  at  room  temperature  and  600°C  using  single  overlap  tensile  shear  (OLTS)  tests. 
Metallurgical  analyses  were  used  to  characterize  the  microstructure,  and  braze  alloy/TMC 
interactions. 

The  TMC  consolidated  at  730°C  and  40  MPa  had  high  tensile  strengths  of  767  to  1346 
MPa  from  room  temperature  to  800°C.  The  joints  brazed  with  the  Ag-10Pd-5Ga  braze  alloy 
at  room  temperature  and  600°C  had  shear  strengths  of  146  and  40  MPa,  respectively. 

1.  INTRODUCTION 

The  low  structural  mass  fraction  required  for  future  aerospace  vehicle  necessitates  the 
development  of  new  materials  having  improved  specific  properties  at  elevated  temperatures 
that  can  be  incorporated  into  highly  efficient  advanced  structural  components. 
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Fiber-reinforced  titanium  matrix  composites  (TMC)  offer  significant  improvements  in 
strength  and  in  stiffness  over  their  monolithic  counterparts  and  are  prime  candidates  for  use  in 
elevated  temperature  advanced  airframe  structures. 

This  study  was  undertaken  to  investigate  the  tensile  properties  of 
SCS-6/Ti-15V-3Cr-3Sn-3Al  TMC  and  the  joint  strength  of  TMC.  SCS-6  fibers  fabricated 
by  Textron  System  Division  were  used  as  reinforcements.  The  matrix  alloys  used  in  this 
study  were  Ti-15V-3Cr-3Sn-3Al  (Ti-15-3-3-3).  Unidirectional  composites  containing  SCS-6 
fibers  were  consolidated  using  the  vacuum  diffusion  bonding  technique.  The  consolidation 
temperatures  were  from  660“  to  800“C  and  in  the  subsequence  cool  down.  The 
consolidation  pressures  were  from  20MPa  to  80MPa.  To  investigate  the  tensile  strengths 
of  the  composites,  tensile  tests  were  carried  out  using  an  Instron  material  test  machine  at  room 
temperature,  200°,  400°,  600°,  and  800°C. 

The  development  of  joining  processes  capable  of  incorporating  TMC  into  efficient 
structural  components  is  essential  to  the  successful  development  of  advanced  aerospace 
vehicles.  Brazing  is  one  of  the  candidate  joining  processes  being  considered  for  airframe 
structural  components  because  it  requires  bonding  temperatures  similar  to  those  used  to 
consolidate  the  composite  and  can  be  used  to  join  complex  parts.  The  desired  combination 
of  good  wetting  and  flow  properties  minimal  base  metal  erosion  and  intcrmetallic  formation, 
and  good  joint  mechanical  properties  at  elevated  service  temperatures  limits  ifs  the  choise  of 
available  braze  alloy.  Based  on  these  criteria,  the  Ag-Pd-Ga  braze  alloys  have  shown  good 
potential  to  produce  consistently  sound  and  ductile  brazed  joints  [1].  Three  types  of 
Ag-Pd-Ga  braze  alloys,  Ag-10Pd-5Ga,  Ag-9Pd-9Ga,  and  Ag-8Pd-17Ga  were  used  in  this 
study.  The  brazed  joint  properties  were  evaluated  in  air  at  room  temperature  and  600°C 
using  single  overlap  tensile  shear  (OLTS)  tests. 


2.  EXPERIMENTAL 

2.1  Materials  and  processing 

The  TMC  used  in  this  study  was  SCS-6/Ti-15V-3Cr-3Sn-3Al  (Ti-15-3-3-3),  which 
consisted  of  a  Ti-15V-3Cr-3Sn-3Al  titanium  matrix  reinforced  with  continuous  SCS-6  SiC 
fibers.  The  0.14-mm  diameter  SCS-6  fibers  were  in  the  form  of  unidirectional  mats  with 
Ti-Nb  wire  cross  weave. 

The  composite  was  manufactured  by  using  a  foil-fiber-foil  technique  in  alternating  layers 
of  0.15-mm  thick  the  titanium  foil  and  SCS-6  fiber  mats  were  consolidated  into  laminates  by 
hot  pressing  as  shown  in  Fig.l.  All  processing  was  conducted  in  a  high-frequency  heated 
vacuum  furnace  at  a  vacuum  less  than  10’^  torr  (1.3  mPa).  The  composites  were 
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consolidated  at  temperatures  of  660°,  730°,  or  800°C  and  at  pressures  of  20,  40,  60,  or  80 
MPa.  Once  attained,  these  conditions  were  maintained  for  an  hour.  These  composites  were 
always  heated  to  full  temperature  prior  to  the  application  of  the  full  pressure. 

2.2  Brazing 

Newly  developed  palladium-containing  braze  alloys  for  TMC  were  Ag-10Pd-5Ga, 
Ag-9Pd-9Ga,  and  Ag-8Pd-17Ga.  The  TMC  brazed  joints  shear  behaviors  were  evaluated 
with  single  lap  specimens.  Brazing  was  conducted  by  infrared  heating  in  a  vacuum  furnace 
at  a  vacuum  less  than  10'^  torr  (1.3  mPa).  Brazing  temperatures  of  Ag-10Pd-5Ga, 
Ag-9Pd-9Ga,  and  Ag-8Pd-17Ga  were  1030°,  1000°,  or  960°C,  respectively.  A 
thermo-couple  was  attached  to  the  TMC  specimens  in  the  vicinity  of  the  brazed  joints  to 
monitor  brazing  temperature.  The  TMC  temperature  was  held  at  these  temperatures  for  5 
min. 

2.3  Mechanical  Testing 

The  tensile  tests  of  TMCs  were  conducted  in  air  at  room  temperature,  200°,  400°,  600°,  or 
800°C.  Brazing  joint  properties  of  TMC  were  evaluated  at  room  temperature  and  600°C 
using  single  OLTS  specimens.  For  the  elevated-temperature  tests,  the  specimens  were 
heated  by  infrared  heating. 

2.4  Metallurgical  Analysis 

Brazed  joint  microstructures  were  characterized  using  optical  microscopy  and  scanning 
electron  microscopy  (SEM).  Metallurgical  specimens  were  cross-sectioned  using  diamond 
saw  cutting  and  mounted  in  an  epoxy  medium.  Fracture  surfaces  of  tensile  test  specimens 
were  examined  using  SEM  microscopy. 

3.  RESULTS  AND  DISCUSSION 

3.1  Metallurgical  analyses 

Figure  1  show  the  micrographs  of  transverse  sections  through  the  TMCs  consolidated  at  the 
temperatures  of 660°,  730°,  or  800°C  and  at  pressures  of  20,  40,  60,  or  80  MPa.  They  show 
the  distribution  of  fibers  and  the  joining  of  fibers  to  matrix  or  matrixes.  At  the  consolidation 
pressure  of  20  MPa,  the  matrix  to  matrix  and  matrix  to  fibers  did  not  adhere  well  at  all 
consolidation  temperatures  because  of  low  consolidation  pressure.  At  the  consolidation 
pressure  of  40  MPa,  matrix  to  fibers  adhered  well  at  the  consolidation  temperatures  of  730°  or 
800°C,  and  the  interfaces  of  matrixes  disappeared  by  diffusion  bonding.  At  the 
consolidation  pressure  of  60MPa,  matrix  to  matrix  and  matrix  to  fibers  adhered  well  at  the 
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consolidation  temperatures  of  660°  or  730°C.  When  the  TMCs  were  consolidated  at  800°C 
and  60  MPa,  the  arrangement  of  fibers  was  disturbed  by  plastic  flow.  At  the  consolidation 
conditions  of  80  MPa  ,  matrix  to  matrix  and  matrix  to  fibers  adhered  well  at  660°  or  730°C. 

High  magnification  SEM  photomicrographs  and  elemental  maps  of  the  fiber/matrix 
interface  are  shown  in  Fig. 2.  The  observation  indicates  that  carbon  diffused  from  the 
carbon-rich  surface  of  SiC  fibers  toward  titanium.  Increasing  the  consolidation  temperature 
promoted  the  diffusion  of  carbon  into  titanium. 


Consolidation  temp. :  660°C 

Consolidation  temp.  :  730°C 

Consolidation  temp.  :  800°C 

(a)  20MPa 

(a)  2  OMP  a 

^mmmm 

(b)  40MPa 

m.  X  ^1^  X  J 

nrrr^ 

wrnmm 

(c)  6  OMPa 

vKillw 

(c)  eOMPa 

7M 

(c)  6  OMP  a 

. 

1 

rS^I 

(d)  8  OM  P  a 

(d)  80MPa 

(d)  8  OMP  a 

Fig.l  Micrographs  of  transverse  sections  through  the  TMCs  at  each  consolidation  condition 
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3.2  Mechanical  testing 

Figure  3  shows  the  ultimate  tensile 
strengths  (UTSs)  of  TMCs  consolidated  at 
the  temperatures  660°,  730°,  or  800°C  and  at 
pressures  of  20,  40,  60,  or  80  MPa.  The 
TMCs  consolidated  at  the  temperature  of 
730°C  and  at  the  pressure  of  40  or  60  MPa 
or  at  the  temperature  of  660°C  had  high 
tensile  strengths.  At  the  consolidation 
temperature  of  800°C,  as  the  consolidation 
pressure  was  increased,  the  UTSs  were 
decreased.  The  arrangement  of  the  fiber, 
such  as  the  fiber  concentration  or 
distribution,  has  a  significant  influence  on 
the  tensile  strength  of  the  TMC.  As  shown 
in  Fig.l,  the  fibers  of  the  TMC  consolidated 
at  800°C  and  at  60  or  80  MPa  neared  or 
contacted.  Therefore,  the  tensile  load 
could  not  be  transmitted  to  the  fibers  by  the 
matrix  phase. 

The  relationship  between  the  fiber  volume 
fraction  (Vf)  and  the  UTSs  of  TMC 
consolidated  at  730°C  and  40  MPa  is  shown 
in  Fig. 4.  The  broken  line  indicated  the 
theoretical  longitudinal  tensile  strength  of 
TMC.  It  is  evident  that,  as  the  fiber  volume 
fraction  was  increased,  the  tensile  strengths 
of  TMCs  were  increased.  The  highest  UTS 
shows  at  the  volume  fraction  of  35  %.  The 
UTSs  of  TMCs  agreed  well  with  the 
theoretical  value  under  the  fiber  volume 
fraction  22  %. 

Figure  5  shows  the  average  UTSs  of 
TMCs  at  elevated  temperature.  Compared 
to  the  UTSs  of  the  matrix,  TMC  shows  high 
UTSs  of  767  to  1346  MPa  from  20  to 
800°C. 


The  results  of  the  shear  tests  of  brazed 
joints  are  shown  in  Fig.6.  As  the  overlap 
length  was  increased,  the  shear  strengths  of 
brazed  joints  were  decreased.  The  TMC 
brazed  joints  with  Ag-10Pd-5Ga  had  high 
shear  strength  of  146 

SEM  Carbon 


(a)  660°C 


(b)  800°C 

Fig.2  SEM  micrograph  and  x-ray  elemental 
map  (Carbon)  of  TMC  consolidated 
at  the  pressure  of  40  MPa 


Consolidation  pressure,  MPa 

Fig.3  Relationship  between  consolidation 
pressure  and  UTS  at  each  consolidation 
temperature 
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Fig.4  Relationship  between  fiber  volume 
fraction  and  UTS 


■  Matrix  (Ti  alloy)  DIMC 


Fig.5  Tensile  strengths  of  TMCs  at  elevated 
temperatures 


Fig.6  Shear  strengths  of  the  TMC  brazed 
joints 


Fig.7  Shear  strengths  of  brazed  joints  with 
Ag-10Pd-5Ga. 


MPa  at  overlap  length  1 .45  mm. 

Figure  7  shows  the  shear  strength  at  600°C  of  the  brazed  joints  with  Ag-10Pd-5Ga.  The 
brazed  joint  had  the  highest  shear  strength  of  40  MPa. 


4.  CONCLUSIONS 

Based  on  the  experimental  evidences  presented,  the  following  conclusions  were  made: 

1)  The  TMC  consolidated  at  730°C  and  40  MPa  had  high  tensile  strengths  of  767  to  1346 
MPa  from  room  temperature  to  800°C. 

2)  The  joints  brazed  with  the  Ag-10Pd-5Ga  braze  alloy  at  room  temperature  and  600°C  had 
shear  strengths  of  146  and  40  MPa,  respectively. 
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ABSTRACT 

Hybrid  AZ91  Mg  matrix  composites  reinforced  with  ceramic  short  fiber  (AI2O3)  and  particle 
(Si  or  SiCp)  simultaneously  were  fabricated  by  squeeze  casting  method.  Microstructure  of 
hybrid  Mg  matrix  was  examined  and  mechanical  and  fracture  properties  were  characterized.  It 
was  found  that  squeeze  casting  is  effective  method  for  the  fabrication  of  hybrid  Mg  matrix 
composites  with  fairly  well  distributed  reinforcement  and  near  defect- free  solidification 
microstructure.  Enhanced  mechanical  properties  of  strength  and  wear  resistance  were 
obtained  with  hybridization  of  reinforcements.  To  investigate  fracture  properties  of  hybrid  Mg 
matrix  composites,  in-situ  micro-fracture  experiment  was  performed  in  SEM.  Crack  initiated 
and  propagated  mainly  by  decohesion  of  interfaces  between  Mg  matrix  and  reinforcements. 
Large  ceramic  particles  tend  to  fracture  and  thus  seem  to  be  undesirable  for  mechanical  and 
fracture  behavior  of  hybrid  Mg  matrix  composites. 


1.  INTRODUCTION 

Mg  alloys,  the  lightest  commercial  structural  alloys  (density:  1.75g/cm^)  are  eonsidered  as 
environmental  friendly  and  energy  saving  materials.[l-3]  Advantageous  properties  such  as 
damping  capacity,  castability  and  machinability  are  key  factors  for  the  recent  increasing 
eonsumption  of  Mg  alloys.  [4-5]  Mg  matrix  composites  also  have  been  investigated  these  days 
for  the  application  to  various  engineering  fields.  [3]  One  of  the  potential  applications  of  Mg 
matrix  composite  is  the  material  for  automotive  parts.  Strength  and  wear  resistance  of  Mg 
matrix  composites  is  expected  to  have  those  of  commercial  age  hardened  A1  alloys.  [6] 
Selection  of  reinforcements  and  manufacturing  technique  are  two  main  things  for  the 
fabrication  of  Mg  matrix  composites.  Hybridization  of  reinforcements,  namely  reinforcing 
two  kinds  of  materials  together,  for  Mg  matrix  composites  has  been  considered  to  develop 
most  recently.  [7-9]  In  this  paper  hybrid  Mg  matrix  composites  fabricated  by  squeeze  casting 
process  are  summarized.  Squeeze  cast  fabrication  and  mechanical  and  fracture  property  of 
hybrid  Mg  matrix  composites  of  AZ91  Mg/(Al203+Si)  and  AZ91  Mg/(Al203+SiCp)  are 
presented.  Research  objectives  of  Al203+Si  hybridization  is  to  investigate  the  formation  of 
Mg2Si  intermetallic  compound  during  squeeze  casting.  And  Al203+SiCp  hybridization  is  to 
investigate  the  effect  of  SiCp  particle  size  on  hybrid  Mg  MMC. 


2.  SQUEEZE  CAST  FABRICATION  AND  MICROSTRUCTURE 

AZ91D  Mg  was  used  as  matrix  to  fabricate  hybrid  composites  reinforcing  (10vol% 
Al203+5voi%  Si)  or  (10vol%  Al203+5vol%  SiCp).  Saffil  short  fiber  of  5-AI2O3  {3p,m  in 
diameter  and  200 jm  in  length)  and  three  different  sizes  of  SiC  particles  (45,  29,  9 pm)  were 
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Fig.  2  Optical  microstructure  of  hybrid  composites. 

(a)  Al203+Si  (b)  AI2O3+  SiC^iASfm)  (c)  AI2O3+  SiCp(29/iin)  (d)  AI2O3+  SiCp(9//m). 


chosen  for  reinforcements. 

Preforms  of  reinforcements  (Al203+Si)  and  (Al203+SiCp)  were  prepared  and  molten  Mg  was 
infiltrated  into  the  preforms  by  applying  pressure  to  fabricate  hybrid  composites.  To  prepare 
preforms,  reinforcements  mixed  with  silica  colloidal  binder  were  dispersed  in  distilled  water 
and  consolidated  using  vacuum  suction  method.  [10-11]  Preforms  dried  and  calcinated  at 
HOOT]  to  obtain  enough  strength  for  squeeze  casting.  Fig.  1  shows  preforms  of 
reinforcements. 

For  squeeze  casting,  a  perform  was  placed  in  a  steel  mold  of  450  “C  preheated  and  molten  Mg 
of  800 °C  was  poured.  The  pressure  of  35Mpa  was  applied  and  held  for  60  seconds  to 
fabricate  hybrid  Mg  matrix  composites  by  squeeze  casting.  Delayed  time  of  the  applied 
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Fig.  3  X-ray  diffraction  patterns. 

(a)  AZ91  (b)  AI2O3/AZ9I  (c)  Al203+Si/AZ91  (d)  AI2O3+  SiCp/AZ91. 


pressure  was  7  seconds.  [12- 14] 

Squeeze  cast  hybrid  Mg  matrix  composites  are  shown  in  Fig.  2.  Fairly  uniform  distribution  of 
reinforcements,  Al203+Si  and  Al203+SiCp,  in  Mg  alloy  matrix  can  be  seen  in  the 
microstructure  of  hybrid  Mg  matrix  composites.  Any  noticeable  casting  defects  were  not 
observed  in  the  composites  fabricated.  From  X-ray  diffraction  analyses,  Mg2Si  and  Mgi7Ali2 
were  detected  at  the  interfaces  between  Mg  matrix  and  reinforcement  of  Si  and  SiCp  (Fig.  3). 


3.  MECHANICAL  PROPERTIES 


Hardness  (HRA)  Flexural  Strength  (MPa) 

Fig.  4  Hardness  of  squeeze  cast  AZ91  Fig.  5  Flexural  strength  (MPa)  of  squeeze  cast 

and  AZ91matrix  composites.  AZ91  and  AZ91matrix  composites. 


Fig.  4  shows  hardness  values  for  AZ91  Mg  and  AZ91  Mg  matrix  composites.  Hardness 
increases  more  than  twice  with  reinforcing  ceramic  materials.  Composites  reinforced  with 
Al203+Si  and  Al203+9/miSiCp  revealed  the  most  effective  results  to  obtain  high  value  of 
hardness.  Large  size  of  SiCp  is  not  recommended  for  reinforcement.  Similar  trend  can  be  seen 
in  flexural  strength  (Fig.  5)  and  tensile  strength  (Fig.  6)  measurements  except  relative  value  of 
AZ91  Mg  is  higher  in  strength  than  in  hardness.  It  is  noted  that  the  volume  fraction  of 
reinforcements  is  same  for  all  composites  mentioned  here  (15vol%). 
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Fig.  6  Tensile  strength  of  Mg  matrix  hybrid  composites. 


Fig.  7  Wear  loss  of  AZ91  and  AZ91  composites  as  a  function  of  applied  load. 


Fig.  7  shows  wear  property  of  AZ91  Mg  and  AZ91  Mg  matrix  composites.  Wear  resistance  of 
hybrid  AZ91  Mg  matrix  composites,  regardless  of  the  size  of  SiCp,  reveals  similar  values. 
Wear  resistance  of  AZ91  Mg/(Al203+Si)  is  higher  than  SiCp  reinforced  hybrid  composites 
possibly  due  to  in-situ  formation  of  Mg2Si.  For  all  materials,  wear  loss  increases  with  sliding 
speed  almost  linearly.[15] 


4.  IN-SITU  FRACTURE  BEHAVIOR 

Hybrid  AZ91  Mg  matrix  composites  reinforced  with  (AI2O3+  SiCp)  were  tested  with 
notched  CP(Compact  tension)  type  speeimen  employing  the  loading  stage  equipped  in  SEM 
for  the  investigation  of  the  fracture  behavior.  Fig.  8  shows  the  loading  stage  and  specimen 
geometry  of  the  in-situ  fracture  experiment.  The  series  of  SEM  micrographs  in  Fig.  9  showing 
cracks  formed  near  the  notch  of  the  in-situ  fracture  test  specimens  are  for  hybrid  AZ91 
Mg/(10%  Al203+5%  SiCp)  with  different  SiCn  sizes,  (1)  45/ini,  (2)  29/im  and  (3)  9/im.  Fracture 
of  SiCp  is  seen  in  the  composites  containing  large  size  of  SiCp,  i.e.,  45//in  and  29fm  whereas 
SiCp  particles  are  not  fractured  with  9/zm.  Crack  propagates  mainly  along  the  interfaces 
between  Mg  matrix  and  reinforcing  ceramics  (AI2O3  and  SiCp).  Even  though  the  craeks  tend 
to  propagate  along  the  weak  interfaces,  fracture  of  the  composites  could  be  somewhat  delayed 
with  hybridization.  If  SiCp  are  small  enough  and  fracture  of  SiCp  does  not  occur,  the  crack 
front  meets  shorter  Mg/SiCp  interfaces  frequently  instead  of  conseeutive  encounter  of  longer 


932 


Fig.  8  (a)  The  loading  stage  used  for  in-situ  fracture  observation  in  SEM. 
(b)  sub-size  DCB  specimen  (ASTM  E  399-83) 


Mg/  AI2O3  interfaces.  However  the  effectiveness  of  hybridization  is  not  achieved  with  large 
size  of  SiCp.  Localized  shear  band  formed  in  Mg  matrix  can  be  seen  also  along  the  propagated 
cracks. 


Fig.  9  Series  of  SEM  micrographs  near  notch  tips  of  hybrid  composites. 

(1)  AI2O3+  SiCp(45//m)/AZ91  (2)  AI2O3+  SiCp(29//m)/AZ91  (3)  AI2O3+  SiCp(9j«m)  /AZ91 . 
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5.  CONCLUDING  REMARKS 


Fundamental  studies  on  hybrid  Mg  matrix  composites  are  summarized  with  the  system  of 
AZ91  Mg/(Al203+Si)  and  AZ91  Mg/(Al203+  SiCp).  Squeeze  casting  method  could  be 
prospective  processing  technique  for  the  fabrication  of  the  hybrid  Mg  matrix  composites. 
Microstructure,  mechanical  properties  and  fracture  behavior  of  hybrid  Mg  matrix  composite 
are  surveyed  in  this  paper. 
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ABSTRACT 

An  attempt  has  been  made  to  clarify  influence  of  environmental  solution  contaminated  by 
combustion  gas  of  polyvinyl-chloride  and  chemical  disposals  on  corrosion  behavior  of  alumi¬ 
num  wire.  Electrochemical  measurement  and  metallurgical  observation  by  SEM  show  that 
the  environments,  which  have  absorbed  exhaust  gas  of  polyvinyl-chloride  matter,  are  detri¬ 
mental  to  corrosion  resistance  of  aluminum  and  cause  the  corrosion  degradation  severely. 


L  INTRODUCTION 

Aluminum  wire  alloys  are  used  in  power  electric  transmission  cable  for  their  light  weight, 
better  conductivity  and  superior  corrosion  properties.  There  been  various  investigations  of 
corrosion  behaviors  for  aluminum  and  its  alloys.  It  is  well  known  that  aluminum  materials 
are  pitting-attacked  in  a  solution  containing  chloride  ions  [1].  There  has  been  few  report  for 
the  corrosion  behavior  of  aluminum  used  in  power  electric  transmission  cable.  We  had  severe 
accident  of  the  power  electric  transmission  cable  at  Shimoda  City,  Shizuoka  Prefecture  in 
summer,  1998[2].  The  residents  there  had  a  whole  day  blackout  due  to  an  interruption  of  the 
power  supply.  The  cable,  twisted  together  to  make  aluminum  wires,  which  has  been  dam¬ 
aged  and  interrupted.  The  snapping  of  the  main  and  reserve  cables  cause  the  stoppage. 
The  newspaper  said  that  most  of  aluminum  wires  of  the  cable  were  corroded  by  exhaust  gas 
of  a  chemical  wastes  from  an  industrial  disposal  plants.  It  was  the  aim  of  this  investigation 
to  prove  data  relevant  to  an  basic  understanding  of  the  corrosion  behavior  of  aluminum  which 
is  exposed  to  contaminated  circumstances,  especially  contaminated  by  exhaust  gas  of  chemi¬ 
cal  wastes. 


2.  EXPERIMENTAL  METHOD 

2.1  Specimen 

The  specimen  is  aluminum  wire  for  the  purpose  of  power  electric  transmission  cable  under 
standardization  of  JIS  H2110.  And  its  chemical  composition  is  high  purity  aluminum  of 
99.7%.  After  degreasing  by  acetone,  the  specimen  was  pickled  in  a  10%  NaOH  solution  at 
353K  for  Imin.  After  rinsing  with  water,  specimens  were  finally  passivated  in  a  30%  HNO3 
solution  at  room  temperature  (about  29 8K)  for  Imin.  To  remove  corrosion  products  adher¬ 
ing  after  tests,  specimens  were  dipped  into  a  cleaning  solution  (4%  Na2Cr04.4H20  +  10% 
H3PO4  aqueous  solution)  at  353K  for  4min. 

2.2  Solution 

The  test  solution  was  prepared  by  using  a  special  apparatus:  the  750ml  of  tap  water  was 
bubbled  up  through  combustion  gas  made  by  burning  1 2g  of  a  polyvinyl  chloride  electric  cord 
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(PVC  cord).  The  test  solution  sucked  combustion  gas  at  a  rate  of  about  61/min.  The  com¬ 
bustion  temperature  is  about  873~1073K  and  the  period  of  burning  time  is  25min. 

2.3  Measurement 

The  polarization  curves  have  been  potentiodynamically  measured.  A  scanning  rate  of 
0.5mV/s  was  selected.  The  reference  electrode  was  Ag/AgCl  electrode  in  saturated  KCl  so¬ 
lution.  The  potential  are  quoted  with  respect  to  the  Ag/AgCl  unless  otherwise  stated.  The 
platinum  counter  electrode  and  working  electrode  were  placed  in  the  same  solution.  The 
reference  electrode  was  connected  to  the  measuring  cell  with  a  salt  bridge  and  Luggin  capil¬ 
lary  at  the  distance  of  2mm  from  the  specimen.  This  distance  makes  the  iR  drop  negligibly 
small.  No  corrections  to  the  polarization  curves  for  iR  drop  were  necessary.  A  scanning 
electron  microscope(JSM-T100  of  JEOL  Ltd.)  was  utilized  for  the  observation  of  the  speci¬ 
men  surfaces. 


3.  EXPERIMENTAL  RESULTS 
3.1  pH  changes  of  test  solution 

The  pH  value  of  the  test  solution  when  has  been  absorbed  exhaust  gas  of  PVC  with  time  is 
measured  for  the  period  of  30min,  The  value  of  pH  indicated  about  7.6  at  first.  The  value 
gradually  decreases  with  absorption  time,  and  indicates  about  constant  value  of  2.5  at  the  time 
of  more  than  18min.  It  is  confirmed  that  the  combustion  gas  of  PVC  makes  the  solution 
acidic  in  quick  manner. 


Fig.l  the  pH  change  of  test  solution  contaminated  by  exhaust  gas  of  PVC 

3.2  Change  of  corrosion  potential 

Corrosion  potential  of  aluminum  wire,  which  is  corroded  in  the  acidic  solution  made  by  in 
3.1,  is  measured  for  the  period  of  1800min.  The  early  corrosion  potential  indicated  about 
-620  mV  Then  the  potential  shifts  to  noble  direction  and  shows  the  maximum  value  of 
-549  mV  at  250min.  The  constant  value  of  549mV  shows  for  the  period  of  more  than 
lOOOmin. 

3.3  Surface  observations 
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The  surface  of  the  specimen  corroded  in  3.2  was  observed  by  the  SEM.  The  results  are 
shown  in  Fig.2  (a)  and  Fig.2  (b). 


Fig.2  (a)  Surface  observation  of  specimen  (before  corrosion  test) 


Fig.2  (b)  Surface  observation  of  specimen  (after  corrosion  test) 


The  Fig.2  (a)  shows  original  surface,  which  is  not  corroded,  for  the  sake  of  comparison.  No 
particles  such  as  interemetallic  compounds  are  observed.  The  Fig.2  (b)  shows  corroded  sur¬ 
face  mentioned  in  3.2.  There  are  many  pitting  attacks  forming  facet  dissolution  [3]. 

3.4  Polarization  curves 

The  polarization  curves  of  aluminum  wire  specimen  dipped  in  to  the  acidic  test  solution 
were  measured.  The  anodic  polarization  curve  shows  the  typical  shape  of  aluminum  pitting- 
attacked  in  a  chloride  solution:  about  -600mV  of  the  pitting  potential,  at  which  the  anodic 
current  density  increases  rapidly,  is  observed.  The  cathodic  polarization  curve  characteristi¬ 
cally  shows  that  the  plateau  area,  which  is  a  sign  of  the  limiting  cathodic  current  density  for 
dissolved  oxygen  reduction  reaction,  is  observed  around  -650mV~950mV. 
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4.  DISCUSSIONS 


4.1  Metallurgical  phase  of  aluminum  wire  used 

The  aluminum  wire  specimen  used  contains  99.7%  aluminum  purity.  The  chemical  species 
and  their  volumes  may  not  be  enough  to  form  the  second  phases  such  as  intermetallic  com¬ 
pounds.  And  the  surface  observation  by  SEM  (Fig.l  (a))  shows  that  there  is  no  particle  on  the 
surface.  So  phases  in  aluminum  wire  specimen  used  can  be  treated  as  single  phase  of  high 
purity  aluminum  matrix. 

4.2  Characteristics  of  test  solution  contaminated  by  PVC  exhaust  gas 

It  is  well  known  that  the  exhaust  gas  after  burning  PVC  contains  chlorine  or  hydrogen  chlo¬ 
ride.  This  hydrogen  chloride  when  reacts  with  water  rapidly  changes  into  hydrochloric  acid. 
The  reason  why  the  pH  value  of  the  test  solution  in  Fig.l  indicates  low  value  is  due  to  produc¬ 
ing  strong  acid  substances  such  as  hydrochloric  acid.  Some  parts  of  the  PVC  combustion 
gas  have  hydrogen  chloride  matter.  It  is  found  that  the  test  solution  used  has  suitable  atmos¬ 
phere  for  occurrence  of  pitting  attacks  of  aluminum.  The  solution  contains  chloride  ions 
provides  easy  occurrence  of  pitting  attacks  and  acidic  circumstances  for  hard  forming  of  oxide 
film. 

4.3  Chemical  forms  of  aluminum  wire  in  test  solution 

Aluminum  ions  is  electrochemically  stable  species  when  aluminum  is  corroded  in  the  test 
solution  because  of  the  electrochemical  position  in  E-pH  diagram,  both  the  electrode  potential 
of  -575mv  and  the  pH  value  of  2.5  will  make  aluminum  corroded  by  the  test  solution  into 
aluminum  ions. 

4.4  Corrosion  behavior  of  aluminum  wire  in  a  contaminated  solution  by  PVC  gas 

The  discussion  in  4.3  indicated  decidedly  that  anodic  reaction  is  dissolution  reaction  of 
aluminum  wire  and  cathodic  reaction  is  oxygen  reduction  reaction  or  hydrogen  ion  reduction 
reaction  as  follows: 


Al  =  Al’^  +  3e 

(1) 

O2  +  2H''  +  4e  =  20H- 

(2) 

2E*  +  2e  =  Hz 

(3) 

Overall  reactions  are  following  reactions  by  adding  eq.(l)  +  eq.(2)  or  eq.(l)  +  eq.(3). 

4A1  +  302  +  =  2A1(0H)3  +  2A1^^  (4) 

2A1  +  6H''  =  2A1^^  +  3H2  (5) 

Aluminum  ions  produced  by  eq.(4)  and  eq.(5)  is  hydrolyzed  into  aluminum  hydroxide  as  fol- 
lows: 


Al^^  +  3H2O  -  A1(0H)3  +  3H^  (6) 

Hydrogen  ions  produced  by  eq.(6)  may  contribute  to  promote  further  pitting  attacks  of  alumi¬ 
num  wire.  When  the  polarization  behaviors  are  characterized  by  an  approximately  linear 
relationship  between  electrode  potential  and  current  density,  following  relation  can  be  ex- 
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pressed[4]. 


4  =  {E:-E:)l(hJS,^K  ^pl)  (7) 

where,  Ig  is  galvanic  current  (A),  Ec®  is  corrosion  potential  of  cathode  (V),  Ea^  is  corrosion 
potential  of  anode  (V),  he  is  polarized  resistance  of  cathode  ( Q  cm^),  ha  is  polarized  resistance 
of  anode  ( 0  cm^),  Sc  is  area  of  cathode  (cm^),  Sa  is  area  of  anode  (c  m^),  p  1  is  solution  resis¬ 
tance  (  Q  ). 

Since  the  test  solution  used  shows  high  solution  conductivity,  the  term  of  (4  ! S^)is 
larger  than  that  of  pL  So,  the  eq.  (7)  will  be  simplified  into  flowing  equation  with  an  ac¬ 
ceptable  error. 

i,={E:-E:)i{hjs,^hjs,)  (8) 

The  values  of  Ec^,  Ea^,  he,  ha  will  be  calculated  by  the  anodic  and  cathodic  polarization  curves. 
However  it  is  difficult  to  estimate  the  values  of  Sa  and  Sc  because  their  values  change  from 
moment  to  moment  during  the  corrosion  process.  Then,  eq.(8)  is  expressed  to  the  follow: 

i^=IJS^={E:-E:)l{hXSJS,)+K]  (9) 

The  value  of  ig  is  current  density  of  galvanic  couple  and  depends  on  the  ratio  of  Sa/So.  The 
experimental  data  from  measurements  are  drawn  in  Fig.3  in  order  to  clarify  the  electrochemi¬ 
cal  placement  among  corrosion  potential-time  curve,  anodic/cathodic  polarization  curves  and 
ratio  of  Sa/Sc.  The  cross  point  of  anodic/cathodic  polarization  curves  shows  corrosion  poten¬ 
tial  of  “590mV,  which  is  under  the  condition  of  Sa/Sc  =1  (Sa=  Sc  =lcm^).  As  the  experimen¬ 
tal  data  of  corrosion  potential  measured  shows  about  -SSOmV,  the  cross  point  of  an¬ 
odic/cathodic  polarization  curves  should  be  shift  to  noble  direction.  The  ratio  of  Sa/Sc  must 
be  Sa/Sc  <  1  to  satisfy  the  cross  point.  The  region  of  the  cross  point  above  lay  on  the  region 
of  pitting  attack  occurrence.  This  leads  that  the  aluminum  wire  specimen  in  the  test  solution 
may  suffer  from  severe  pitting  attacks. 
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Fig.3  Schematic  relationship  between  corrosion  potential  measured  and  anodic/cathodic  area 
ratio  by  superimposing  polarization  curves 


5.  CONCLUSION 

Aluminum  wire  which  used  as  cable  for  power  electronic  transmission  in  Japan  was  corroded 
in  a  solution  contaminated  by  the  exhaust  gas  of  a  polyvinyl  chloride  cord.  By  the  electro¬ 
chemical  measurements  and  metallurgical  observation  it  is  found  that  the  solution  contami¬ 
nated  by  the  exhaust  gas  of  a  polyvinyl  chloride  is  detrimental  to  corrosion  of  the  aluminum 
wire  and  then  causes  the  pitting  attacks  severely. 
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ABSTRACT 

Morphological  and  compositional  characteristics  of  oxide  films  were  investigated  in  Ca- 
containing  magnesium  alloys  oxidized  at  high  temperatures.  And,  the  effects  of  A1  and  Y 
additions  on  the  oxidation  behavior  of  the  molten  alloys  were  also  studied  in  Ca-containing 
magnesium  alloys.  The  oxide  films  of  pure  magnesium  formed  at  high  temperature  were 
porous,  whereas  those  in  Ca-containing  alloys  were  compact,  thin  and  dense.  The  oxide  films 
of  Ca-containing  alloy  formed  after  solid  and  liquid  oxidat  ion  were  basically  in  an  amorphous 
state.  However,  in  the  oxidation  at  700  U,  Mg-Ca  binary  alloy  was  ignited  and  burned, 
whereas  the  Mg-Ca  alloy  containing  A1  and  Y  showed  the  improved  oxidation  resistance 
because  of  the  protective  oxide  layers  on  the  molten  alloys.  The  surface  analyses  indicated 
that  the  thin  oxide  layer  of  Mg-Ca-Al  alloy  consisted  of  the  mixed  structure  of  MgO,  CaO  and 
AI2O3,  with  the  single-layered  oxide  layer.  On  the  other  hand,  the  oxide  layer  of  the  Mg-Ca- Y 
alloy  had  a  double- layered  structure  composed  of  two  distinct  MgO/CaO  and  Y2O3,  playing  a 
role  of  very  effective  barriers  to  improve  the  high  temperature  oxidation  resistance. 


1.  INTRODUCTION 

The  extensive  structural  application  of  the  magnesium  alloys  is  limited  by  the  poor  corrosion 
and  oxidation  resistance  at  elevated  temperature[l,2].  The  high  affinity  to  oxygen  and  the 
high  vapor  pressure  of  magnesium  alloys  have  caused  rapid  oxidation  and  ignition  with  flame. 
However,  the  non-combustible  magnesium  alloys  with  high  ignition  temperature  were 
recently  developed  to  draw  significant  attention  as  promising  oxidation  resistant  alloys. 
According  to  the  previous  works[3-6],  Ca  addition  to  magnesium  alloy  was  very  effective  to 
suppress  continuous  oxidation  and  spontaneous  ignition  followed  by  violent  combustion  at 
high  temperature.  It  is  noticeable  that  the  microstrucrural  change  from  porous  to  compact 
oxide  layer  could  be  induced  by  Ca  addition.  Thus,  calcium  addition  to  magnesium  alloy  was 
known  as  one  of  the  challenging  methods  to  avoid  the  use  of  environmently  harmful  SFo  + 
CO2  mixture  gas  in  melting  and  casting  process  (1  kg  of  SF6  in  the  atmosphere  gives 
approximately  the  same  contribution  to  the  greenhouse  effect  as  24  tons  of  CO2  [7]).  However, 
the  microstructural  and  compositional  characteristics  of  the  oxide  layer  in  Ca-containing 
magnesium  alloys  have  not  fully  understood. 

This  study  is  concerned  with  the  analyses  of  the  oxide  films  formed  at  high  temperature,  of 
which  oxidation  treatments  were  carried  out  in  both  solid  and  liquid  state  of  Ca-containing 
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magnesium  alloy.  And,  the  effects  of  aluminum  and  yttrium  additions  on  the  oxidation 
behavior  of  Ca-containing  magnesium  alloys  were  also  investigated.  The  micro  structural  and 
compositional  characteristics  of  the  oxide  layers  in  Mg-Ca-Al  and  Mg-Ca-Y  alloys  were 
analyzed  in  detail,  and  compared  with  those  of  Mg-Ca  binary  alloy. 


2.  EXPERIMENTAL  PROCEDURE 


Magnesium  alloys  were  melted  and  cast  under  a  mixed  gas  (SF6+CO2)  atmosphere  in  the  steel 
crucible  and  mold.  The  SFe/COi  ratio  and  flow  rate  were  constantly  controlled  by  a  MFC 
(mass  flow  controller).  Table  1  shows  the  chemical  compositions  of  the  Mg-Ca  and  Mg-Ca- 
X(A1,Y)  alloys.  The  amounts  of  A1  and  Y  added  to  Mg-Ca  alloy  were  varied  from  0.3  to 
1.0v^%. 

Mg-Ca  and  Mg-Ca-X(A1,Y)  alloys  were  oxidized  at  440~750”C  in  the  air.  The  weight 
changes  of  the  binary  and  ternary  alloys  were  measured  after  oxidation  treatment  in  the  air. 
After  the  oxidation  treatment,  the  surface  and  cross-sectional  morphologies  of  oxide  films  of 
the  alloys  were  investigated  using  FE(Field-emission)-SEM  and  TEM. 


Tal 


Designated 

Measured(wt%) 

Mg-2.0Ca 

2.32Ca 

Mg-Ca-Al 

Mg-2.0Ca-0.3Al 

Mg-l.71Ca-0.28Al 

Mg-2.0Ca-l.0Al 

Mg-2.10Ca-l.16Al 

Mg-Ca-Y 

Mg-2.0Ca-0.3Y 

Mg-l.74Ca-0.27Y 

Mg-2.0Ca-1.0Y 

Mg-2.07Ca-l.03Y 

3.  RESULTS  AND  DISSCUSION 

From  the  previous  works  [3,4]  on  the  oxidation  behavior  of  Mg-Ca  alloys,  it  was  reported  that 
the  oxidation  resistance  of  magnesium  alloy  was  improved  remarkably  by  calcium  addition  at 
high  temperature.  In  this  study,  the  cross-sectional  view  of  oxide  films  in  pure  magnesium  and 
Ca-containing  alloy  oxidized  at  500  ®C  showed  a  considerable  difference  in  microstructure,  as 
shown  in  Fig.  1 .  The  oxide  film  of  pure  magnesium  consisted  of  discrete  loose  oxide  particles 
(Fig.  1(a)),  whereas  that  of  Mg-Ca  alloy  showed  thin,  dense  and  compact  oxide  films  (Fig. 
2(b)).  The  thickness  of  oxide  films  in  Mg-Ca  alloy  was  approximately  200  nm,  which  was 
less  than  a  half  of  that  in  pure  magnesium.  TEM  micrograph  (Fig.  1(c))  and  SADP  (Fig.  1(d)) 
taken  from  the  cross-section  of  Mg-Ca  alloy  oxidized  at  500  ®C  revealed  that  the  oxide  films 
were  basically  in  an  amorphous  state.  The  amorphous  structure  of  MgO  films  in  pure 
magnesium  generally  plays  an  important  role  as  a  protective  layer  to  prevent  further  oxidation 
at  low  temperature,  however  the  films  easily  become  to  be  porous  and  loose  with  the  increase 
of  oxidation  temperature.  On  the  contrary,  since  the  amorphous  oxide  films  in  Mg-Ca  alloy 
formed  at  500  °C  were  more  protective/thermally-stable  compared  to  pure  magnesium,  it  is 
suggested  that  the  stable  amorphous  structure  of  oxide  films  in  Ca-containing  alloy  could 
effectively  contribute  to  high  temperature  oxidation  resistance. 
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Fig.l  FE-SEM(a,b)  and  TEM(c,d)  micrographs  of  pure  Mg(a)  and  Mg-Ca  alloy(b,c,d) 

oxidized  at  500  “C 

On  the  other  hand,  the  protective  oxide  films  could  also  be  found  on  the  surface  of  Mg-Ca 
alloy  after  the  liquid  oxidation  treatment.  Fig.  2  shows  the  microstructural  and  compositional 
investigations  on  the  fractured  surface  (Fig.  2(a))  and  the  sectioned  surface  (Fig.  2(b))  of  the 
oxide  films  formed  after  oxidation  at  700  ®C.  The  protective  layer  was  composed  of  Mg,  Ca 
and  O  (Fig.  2(c)),  and  the  matrix  mainly  consisted  of  Mg  and  Ca  (Fig.  2(d)),  The  oxide  films 
formed  in  Ca-containing  alloy  were  dense  and  enriched  with  Ca  in  part.  The  average  thickness 
of  oxide  films  of  the  molten  alloy  was  in  the  range  from  200  nm  to  300  nm  which  is  slightly 
thicker  than  those  formed  after  the  solid  oxidation  of  500°C.  And,  it  is  very  remarkable  that 
the  oxide  films  obtained  after  the  liquid  oxidation  treatment  were  analyzed  as 


Fig.  2  FE-SEM(a,b),  EDS  results(c,d)  and  TEM  micrographs(e,f)  of  oxide  layer  in  Mg-Ca 

alloy  oxidized  at  700  “C 
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Fig.  3  Weight  gains  of  the  Mg-Ca,  Mg-Ca-Al  and  Mg-Ca-Y  alloys  oxidized  at  700(a) 

and  750t:(b) 

the  mixture  of  amorphous  and  microcrystalline  structure  through  TEM  micrograph  (Fig.  2(e)) 
and  SADP  (Fig.  2(t))  in  Mg-Ca  alloy. 

The  additions  of  A1  and  Y  to  the  Mg-Ca  alloys  were  very  effective  to  further  increase  of  the 
oxidation  resistance.  The  weight  gain  of  the  Mg-Ca  alloy  measured  after  the  oxidation  at 
700 "C  was  quite  higher  than  that  of  the  ternary  alloys(Fig.  3(a)).  The  Mg-Ca  alloy  ignited 
and  evaporated  violently  to  be  white-colored  oxide  with  the  increase  of  oxidation  temperature 
to  750*0.  However,  there  were  little  change  in  weight  gains  after  the  oxidation  of  the 
ternary  alloys  regardless  of  A1  and  Y  contents  (Fig.  3(a,b)). 


'm 
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•  Mg 
■  Mg2Ca 
□  MgO 
O  CaO 
A  Ca(OH)2 
®  AI2O3 
V  YiOs 


2  Theta 

Fig.  4  Low  angle  XRD  peaks  taken  from  the  surface  of  Mg“2Ca  base  alloys  containing 
1 .0  wt%  of  A1  and  Y  oxidized  at  700  "C 
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Phase  identification  using  a  low  angle  XRD  was  done  on  the  oxide  films  of  A1  and  Y 
containing  alloys,  as  shown  in  Fig.  4,  The  oxide  layers  of  Mg-Ca  binary  alloy  formed  at 
700°C  (Fig.  4(a))  were  analyzed  as  MgO  and  CaO.  In  the  ternary  alloy,  it  was  found  that  the 
oxide  layer  consisted  of  AI2O3,  MgO,  CaO  and  Ca(OH)2  in  the  Mg-Ca-Al  alloy  (Fig.  4,(b)), 
and  Y2O3 ,  MgO  and  CaO  in  the  Mg-Ca-Y  alloy  (Fig.4  (c)).  It  is  obvious  that  these  AI2O3  in 
Mg-Ca-Al  alloy  and  Y2O3  in  the  Mg-Ca-Y  alloy  contribute  to  the  prevention  of  the  ignition  on 
the  surface  of  the  molten  alloys. 

The  sectioned  surface  of  oxide  layer  in  the  Mg-Ca-Al  alloys  oxidized  at  700  C  were 
shown  in  Fig.  5.  The  single-layered  oxide  of  the  Mg-Ca-Al  alloy  with  excellent  oxidation 
resistance  was  relatively  thin  and  compact  without  any  defects  such  as  pore  and  grain 
boundary.  The  oxide  layers  of  the  Mg-Ca-Y  alloy  formed  at  700*0  (Fig.  6)  were  quite 
diJGferent  fi*om  that  of  the  Mg-Ca-Al  alloy.  The  oxide  layer  of  the  Mg-Ca-Y  alloy  consisted 
of  two  distinct  layers  as  shown  in  Fig.  6(a).  The  EDS  analyses  for  element  mapping  showed 
that  the  outer  layers  contained  a  high  fraction  of  Ca,  and  the  inner  layers  contained  a  high 
fraction  of  Y  instead.  Based  on  these  results  together  with  Fig.  4,  it  was  confirmed  that  the 


Fig,  5  Cross-sectional  micrographs(a,b)  and  EDS  result(c)  of  oxide  layer 
in  Mg-2.0Ca-l.0Al  alloy  oxidized  at  700 C 


Fig.  6  Cross-sectional  micrograph(a)  and  EDS  mapping  results  of  (b)  Mg,  (c)  Ca,  (d)  O 
and  (e)  Y  in  the  oxide  layers  of  Mg-2Ca-1.0Y  alloy  oxidized  at  700  "C 
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outer  layer  was  the  mixture  of  MgO  and  CaO,  and  the  inner  layer  was  Y2O3  in  the  Mg-Ca- Y 
alloy. 

The  addition  of  Ca  to  pure  magnesium  improved  oxidation  resistance  because  Ca  made  the 
oxide  layer  compact  and  dense.  However,  the  oxidation  resistance  of  Ca-containing  alloy  is 
not  sufficient  to  retard  oxidation  rate  at  high  temperature,  which  resulted  In  ignition  and 
combustion  at  around  700  "C.  In  the  ternary  alloys  containing  A1  and  Y,  the  oxidation 
resistance  remarkably  improved  by  forming  thermally-stable  oxide  layers  on  the  surface. 
Accordingly,  it  was  suggested  that  the  protective  oxide  layer  of  Ca-containing  magnesium 
alloy  improves  the  oxidation  resistance,  and  the  additions  of  A1  or  Y  to  the  Mg-Ca  alloy 
showed  a  good  possibility  that  magnesium  alloys  can  be  melted  and  cast  without  using  SF^  + 
CO2  mixture  gas. 


4.  CONCLUSIONS 

1. The  oxide  films  of  Ca-containing  alloys  were  basically  in  an  amorphous  state.  The 
suppression  of  continuous  oxidation  in  Ca-containing  magnesium  was  caused  by  the 
formation  of  amorphous  and  compact  oxide  films  on  the  surface. 

2.  The  Mg-Ca  molten  alloy  easily  ignited  during  oxidation  at  about  700*0  in  the  air,  whereas 
the  Mg-Ca  molten  alloys  containing  A1  and  Y  showed  the  remarkably  improved  oxidation 
resistance  due  to  the  formation  of  more  protective  oxide  layer  than  the  binary  alloy. 

3.  In  the  ternary  alloys  oxidized  at  700 0,  the  single- layered  oxide  of  the  Mg-Ca-Al  alloy 
consisted  of  the  mixed  structure  of  MgO,  CaO  and  AI2O3.  On  the  contrary,  the  oxide  layer 
of  the  Mg-Ca-Y  alloy  possessed  the  double-layered  oxide  of  MgO/CaO  and  Y2O3  acting  as 
very  effective  oxide  barriers  to  improve  oxidation  resistance  at  high  temperature. 
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ABSTRACT 

The  effect  of  stress  on  a  corrosion  mode  of  a  thixomolded  Mg-Al-Mn  alloy  in  a  NaCl 
aqueous  solution  was  studied  in  order  to  elucidate  the  corrosion  mechanism,  the 
time-dependent  characteristics  of  corrosion  products  and  an  actual  concentrated  stress  value 
in  a  grain  (a-Mg)  and  a  grain  boundary  (Mgi7Ali2)  around  an  artificial  notch.  The  residual 
stress  values  of  both  phases  in  the  lapped  Mg  alloy  were  balanced  and  reached  about  30  MPa 
with  opposite  sign.  The  mechanism  of  corrosion  in  the  lapped  plate  was  proposed  as  a 
microscopic  anode-cathode  reaction  based  on  the  concept  of  the  localized  cell.  The  corrosion 
mode  in  the  stress  concentrated  area  was  quite  different  depending  on  the  sign  of  the  stresses; 
a  fine  and  dense  amorphous  hydro-oxide  formed  in  the  region  of  tensile  stress,  whereas  a 
coarse  amorphous  oxide  formed  in  that  of  compressive  stress.  The  concentrated  tensile  stress 
at  the  notch  root  relaxed  due  to  the  corrosion  followed  by  gradual  relaxation  to  zero. 


1.  INTRODUCTION 

The  development  of  molding  techniques  for  complicated  shapes  is  expected  to  lead  to  the 
application  of  magnesium  alloys  for  automobile  components.  Such  components  will  be 
required  to  withstand  as  long  as  10  years  in  severe  environmental  and  mechanical  conditions 
while  running.  Although  Mg  alloys  have  high  specific  strength,  their  reliability  in  such 
conditions  has  not  been  thoroughly  confirmed  yet.  Stress  corrosion  cracking  (SCC),  which  is 
induced  as  inter-  or  intra-granular  mode,  is  a  well-known  phenomenon  in  steel.  It  has  been 
explained  in  terms  of  the  complex  reaction  of  stress  and  electrochemical  factors.  However, 
SCC  has  not  been  discussed  on  the  basis  of  actual  measured  stress  values  for  a  small  area  of 
interest  such  as  one  in  which  stress  is  concentrated  or  which  is  welded.  The  recent 
development  of  a  stress  measurement  in  a  localized  area  carried  out  by  one  of  the  authors, 
S.-I.  Tanaka,  will  provide  an  explicit  relationship  with  the  corrosion  mode  of  the  material. 
Using  the  ja-X-ray  sin^vj/  method,  Tanaka  has  evaluated  detailed  actual  distributions  of 
residual  stress  around  ceramic/metal  interface  [1]  and  also  measured  a  concentrated  stress 
distribution  to  discuss  non-linearity  around  an  artificial  notch  in  the  ceramic  [2],  and  it  is 
convenient  to  evaluate  such  a  stress  value  in  the  poly-crystalline  materials.  This  method 
clarified  the  contribution  of  each  phases  of  the  alloy  to  corrosion  separately,  and  revealed 
time-dependent  characteristics  of  the  concentrated  stress  and  the  corrosion  products  around 
an  artificial  notch  [3,4].  This  paper  aims  firstly  to  clarify  the  effect  of  actual 
residual/concentrated  stress  values  on  the  corrosion  mode  of  magnesium  alloy  in  an  aqueous 
solution  quantitatively,  and  secondly  to  propose  the  model  of  stress  corrosion  in  Mg  alloy. 
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2.  EXPERIMENTAL 


The  magnesium  alloy  used  in  this  experiment  is  Mg-Al-Mn,  also  known  as  AM-60,  and 
applied  in  automobile  components.  The  specimen  was  prepared  from  a  lapped  thixomolded 
plate,  2  mm  in  thickness  and  having  a  4  x  40  mm  bending  bar  shape,  and  on  which  V  notch 
was  introduced  with  the  dimensions  of  1.5  mm  in  depth,  20  deg  in  opening  angle  and  12  pm 
in  tip  radius  [2-4].  A  load  was  applied  by  3  point  bending  to  open  the  notch  as  a  Mode  L 
Stress  distributions  were  measured  by  the  p-sin^y  method  [1]  using  a  highly  powered 
collimated  Cr-Ka  irradiation  by  which  distributions  of  the  residual  stress  before  loading  and 
the  concentrated  stress  ahead  of  the  notch  root  after  loading  were  successfully  evaluated.  The 
measuring  conditions  are  listed  in  Table  1  by  which  the  stress  value  in  the  grain  and  the  grain 
boundary  can  be  evaluated  separately.  An  area  of  irradiation  was  optimized  using  a  collimator 
having  a  pinhole  of  0.5  -  1.0  mm  in  diameter,  taking  into  account  diameter  and  randomness  of 
grains  in  the  specimen  [3,4]. 

A  specimen  bar  loaded  Mode  I  was  immersed  in  0.9  %  NaCl  aqueous  solution  at  room 
temperature  and  time-dependent  corrosion  features  on  the  surface  were  observed  by  an 
optical  microscope.  Dynamic  change  of  the  surface  was  also  observed  and  recorded  in-situ  by 
VCR  equipped  with  an  optical  microscope.  Distributions  of  the  normal  stress  across  the  notch 
were  obtained  at  each  stage  of  the  introduction  of  the  notch,  the  loading  and  the  immersion. 
The  change  of  stress  values  at  the  area  neighboring  the  notch  root  was  monitored  over  time. 


Table  1  Conditions  for  stress  measurement  by  the  p-sin^v|/  method 


Mg 

Mg|7AI|2 

apparatus 

Rigaku  PSPC-MDG 

X-ray 

Cr-Ka,  V-filter,  max  50kV- 160mA 

collimator  (mm) 

4)1.0  ( 4)0.5,  4)0. 1  ) 

y-angle  (deg) 

0,  10,  15,20,  25,30,35,40,  45 

tilt 

side-inclination 

200  (deg) 

140.0 

133.4 

lattice  plane 

(202) 

(660) 

stress  constant  K 
(MPa/deg) 

-110 

-160 

3.  DISTRIBUTION  OF  RESIDUAL  AND  CONCENTRATED  STRESSES 
3.1  Residual  stress  distribution 

Microstructure  of  the  specimen,  thixomolded  AM-60,  consisted  of  primary  a-Mg  grains 
with  A1  atoms  in  solid  solution  and  eutectic  Mgi7Ali2  phase  with  a-Mg  at  the  grain  boundary. 
The  diameter  of  grain  is  about  30  pm  and  the  number  of  grain  is  pseudo-sufficient  to  be 
regarded  as  polycrystal  in  the  X-ray  irradiation  area  1.0  mm  in  diameter.  The  X-ray  sin^y 
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method  provides  a  stress  value  for  each  phase  in  the  irradiation  area  separately,  and  20  o 
values  were  selected  as  140.0  deg  for  a-Mg  (202)  and  133.4  deg  for  Mgi7Ali2  (660)  from  a 
micro-area  diffraction  profile  as  listed  in  Table  1.  A  stress  constant  was  estimated  using 
elastic  constant  and  Poisson’s  ratio  as  -1 10  and  -160  MPa/deg,  respectively. 

The  residual  stress  values  in  the  surface  area  of  lapped  thixomolded  AM-60  bar  measured 
at  the  positions  0.5,  1.5  and  2.5  mm  from  the  notch  root  ranged  20-40  MPa  compressive  (-)  in 
a-Mg  grains  as  shown  in  Figure  1  and  about  30  MPa  tensile  (+)  in  MgiyAha  phase  at  the 
grain  boundary.  Although  stress  values  it  was  possible  to  measure  were  limited  to  the  volume 
of  disk,  1.0  mm  in  diameter  x  20  pm  in  depth,  into  which  Cr-Ka  penetrates  from  the  surface, 
stresses  in  both  micro-phases  were  balanced  (see  Fig.  5  in  Section  6). 

3.2  Concentrated  stress  distribution 

After  loading  by  bending  to  the  notched  specimen,  the  distribution  of  the  concentrated 
stress  sensing  by  a-Mg  was  measured  from  the  notch  root  to  the  opposite  end  of  the 
specimen.  A  measured  distribution  of  the  concentrated  stress  is  shown  in  Fig.  1  with  the 
residual  stress.  Stress  intensity  factor,  Kl,  of  loading  in  this  case  is  about  6  MPa-m^^^.  The 
stress  value  changed  from  tensile  to  compressive  apart  from  the  root  having  neutral  point  at 

1.2  mm.  The  averaging  effect  appeared  remarkably  around  notch  root  because  of  the  steep 
gradient  of  the  stress.  In  Fig.  1,  the  measured  stress  value  was  50  MPa  tensile  at  the  position 
of  X  =  0.5  mm  from  the  root  in  the  case  of  1.0  mm  X-ray  collimation,  whereas  it  was  100 
MPa  tensile  at  x  =  0.25  mm  from  the  root  in  the  case  of  0.5  mm  X-ray  collimation.  These 
stress  values  have  error  bar  of  max.  20  MPa.  The  origins  of  error  are  as  follows:  firstly,  an 
average  grain  size  of  30  pm  which  is  slightly  large  to  be  treated  as  an  ideal  poly  crystal  having 
sufficient  number  of  grains  even  in  the  area  irradiated  through  a  1.0  mm  collimator;  secondly, 
slightly  fibourous  structure  of  grains  caused  by  the  thixomolding  process;  and  thirdly,  a 
statistical  error  based  on  small  yield  of  their  diffraction  peak.  An  extrapolated  stress  value  of 
the  distribution  to  the  position  x  =  0  mm 
matches  0.2  %  proof  stress  of  magnesium  alloy, 
which  indicates  a  possible  plastic  deformation 
at  the  notch  root. 


Fig.  1  Residual  and  concentrated  stress 
distributions  measured  using  the  p-X-ray  sin\ 
method  in  a-Mg  grains  of  Mg-Al-Mn  alloy, 
AM-60.  The  irradiation  area  was  confined  to 
1.0  mm  in  diameter.  The  curve  of  distribution 
can  be  extrapolated  to  140  MPa  at  the  notch 
root,  matching  0.2%  proof  stress  of  AM-60. 
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4.  MODE  OF  CORROSION  DEPENDING  ON  THE  STRESS  DISTRIBUTION 


Next,  we  attempted  to  elucidate  the  corrosion  characteristics  in  the  case  that  the  stress  was 
present.  Mg  alloy,  AM-60,  having  distribution  of  the  concentrated  stress  shown  in  Fig.  1  was 
immersed  in  0.9%NaCl  aqueous  solution  and  the  change  of  its  surface  was  observed  by  an 
optical  microscope.  This  composition  of  aqueous  solution  is  similar  to  perspiration  from  a 
human  body.  The  surface  changed  drastically  within  only  two  minutes  and  two  kinds  of 
corrosion  products  formed  as  shown  in  Fig.  2:  a  fine  but  dense  compound  close  to  the  notch 
root  and  a  coarse  and  black  one  at  the  opposite  end.  It  is  interesting  that  such  morphologies 
match  well  with  the  stress  sign  shown  in  Fig.  1,  the  former  corresponding  to  tensile  stress  and 
the  latter  to  compressive  stress.  They  are  amorphous  phases  impossible  to  identify  by 
micro-area  X-ray  diffraction,  but  their  compositions  are  considered  to  be  hydro-oxide  and 
oxide,  respectively,  presuming  from  the  products  immersed  in  a  long  term.  The  latter  one  may 
be  related  to  the  product  of  the  galvanic  corrosion  at  the  contact  between  the  Mg  alloy  and 
the  stainless  steel  of  the  loading  jig.  As 

time  elapsed  the  former  did  not  change,  Stre&s  Corrosion  in  0.9%  NaCI  aq.sol. 

whereas  the  latter  grew  to  cover  the  entire  AM60 

specimen  (Fig.  2). 


2  min. 


30  min. 


Fig.  2  Corrosion  products  on  the  surface  of 
AM-60  in  a  0.9%  NaCl  aquaous  solution 
depending  on  the  stress  sign.  It  was  a  fine 
but  dense  amorphous  hydro-oxide  in  the 
region  of  tensile  stress,  whereas  it  was  a 
growing  coarse  amorphous  oxide  in  the 
region  of  compression. 


5.  MODEL  OF  STRESS  CORROSION  IN  Mg  ALLOY 

In-situ  observation  by  an  optical  microscope  revealed  that  corrosion  had  occurred  and 
propagated  with  hydrogen  bubbling  at  the  grain  boundary  in  the  lapped  Mg-Al-Mn  alloy 
plate  immersed  in  0.9%  NaCl  aqueous  solution  [5].  The  mechanism  of  the  corrosion  is 
explained  from  the  viewpoint  of  localized  anode-cathode  reaction  based  on  the  micro-stress 
balance  in  the  alloy  as  stated  in  Section  3.  Figure  3  shows  the  schematic  model  of  the 
corrosion.  A  grain  made  of  a-Mg  in  the  compression  state  acts  as  an  anode  providing  Mg^^ 
ions,  whereas  a  grain  boundary  made  of  Mgi7Ali2  in  the  tensile  state  acts  a  cathode  where 
electrons  are  supplied  to  ion  to  nucleate  hydrogen  gas.  Electron  transfer  occurs  from  a 
grain  to  adjacent  boundary  area.  This  corrosion  model  resembles  the  pitting  corrosion  in 
stainless  steel,  but,  to  our  knowledge,  this  is  the  first  time  that  the  actual  stresses  in  each 


952 


micro-phase  of  the  material  have  been  investigated  separately.  Even  in  the  lapped  specimen,  a 
localized  cell  as  small  as  30  pm  in  size  exists  and  acts  as  a  corrosion  system  when  a  human 
holds  the  Mg  alloy  housing  of  a  mobile  apparatus  and  it  comes  into  contact  with  perspiration, 
or  automobile  components  are  splashed  while  the  vehicle  running  along  a  road  whose  surface 


(Mgi7Ali2) 

Fig.  3.  Model  of  stress  corrosion  in  a  lapped  Mg-Al-Mn  alloy.  a-Mg  (grain)  with 
compressive  stress  acts  as  an  anode  where  Mg^^  ion  dissolves,  whereas  MgnAl^  (grain 
boundary)  with  tensile  stress  acts  as  a  cathode  where  H2  gas  bubbles  nucleate. 


6.  CORROSION  INDUCED  STRESS  RELAXATION  IN  Mg  ALLOY 

The  stressed  specimen  immersed  for  30  min  and  the  change  of  the  normal  stress  value  was 
monitored  every  ten  minutes.  Figure  4  shows  the  rapid  stress  relaxation  in  a  short  time  at  the 
notch  root.  The  concentrated  stress  relaxed  within  two  minutes  with  the  formation  of 
amorphous  hydro-oxide  on  Mg  alloy,  in  view  of  the  morphology  of  the  corrosion  product 
stated  in  section  4.  The  stress  value  in  Mgi7Ali2  phase  at  grain  boundary  changed  almost  to 
zero  as  shown  in  Fig.  5.  The  redistribution  of  the  concentrated  stress  also  occurred.  We  call 
this  phenomenon  “corrosion  induced  stress  relaxation”  whose  nature  seems  to  be  the 
relaxation  of  the  lattice  spacing  by  the  site-selective  corrosion  product  [3,  4].  It  is  necessary 
to  check  further  eliminating  the  effect  of  the 
galvanic  corrosion. 

70 
60 
so 

i  ^ 

30 
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Fig.  4  Corrosion  induced  relaxation  of  |  ^ 

concentrated  stress  in  0.9%  NaCl  aqueous  |  10 

solution  at  the  notch  root  of  AM-60  bar.  It  0 

occurred  in  a  very  short  time. 
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Fig.  5  The  change  of  stress  value  in  a-Mg  and 
Mgi7Ali2  phases.  A  tensile  residual  stress  in 
Mgi7Ali2  phase  at  grain  boundary  increased  when 
loaded,  and  it  relaxed  to  zero  after  being  immersed 
in  0.9%  NaCl  aq.  sol.  for  30  min.  We  call  this 
phenomenon  “corrosion  induced  stress  relaxation”. 


7.  CONCLUSIONS 

(1)  Stresses  in  a-Mg  and  Mgi7Ali2  phases  existing  in  a  thixomolded  Mg  alloy  (AM-60)  plate 
can  be  measured  separately  using  the  X-ray  sin^y  method  in  the  Cr-Ka  irradiation  area  of  1 .0 
mm  in  diameter.  The  recommended  20  o  values  for  stress  measurement  are  140.0  deg  for 
a-Mg  (202)  and  133.4  deg  for  Mgi7Ali2  (660). 

(2)  The  measured  residual  stresses  in  a  thixomolded  AM-60  plate  were  about  30  MPa 
compressive  in  a-Mg  and  about  30  MPa  tensile  in  Mgi7Ali2  phase  balancing  microscopic 
region.  A  concentrated  stress  ranged  from  100  MPa  tensile  to  80  MPa  compressive  ahead  of 

the  V  notch  root  when  loaded  Kl  =  6  MPa-m*'"^  by  three  point  bending. 

(3)  Even  in  a  lapped  Mg-alloy  a  localized  micro-cell  exists  between  a-Mg  grain  in 
compressive  stress  state  and  grain  boundary  made  of  Mgi7Ali2  in  tensile  stress  state.  The 
proposed  model  explains  well  the  fact  that  the  grain  provides  Mg^^  ions  for  solution  whereas 
grain  boundary  acts  as  a  nucleation  point  of  the  hydrogen  gas  bubbles.  Corrosion  in  Mg  alloy 
occurs  essentially  while  it  is  in  contact  with  any  aqueous  solution. 

(4)  Corrosion  mode  of  AM-60  in  0.9%  NaCl  aqueous  solution  was  quite  different  depending 
on  the  sort  (sign)  of  the  stresses:  a  fine  and  dense  amorphous  hydro-oxide  formed  in  the 
region  of  tensile  stress  whereas  a  coarse  amorphous  oxide  formed  in  that  of  compressive 
stress.  The  former  reaction  product  formed  in  a  short  time,  but  the  latter  grew  gradually. 

(5)  Concentrated  tensile  stress  in  a-Mg  phase  at  the  notch  root  relaxed  within  two  minutes 
due  to  the  corrosion  followed  by  gradual  relaxation  of  the  stress  to  zero.  This  phenomenon  is 
considered  to  be  the  compensation  effect  of  the  lattice  spacing  in  a-Mg  phase. 
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ABSTRACT 

Alloys  of  TiAl  containing  dispersed  particles  of  either  (5,10,i5wt%)  SiC  or  (3,5wt%)  Si3N4 
have  been  manufactured  by  mechanical  alloying  followed  by  spark  plasma  sintering  process. 
The  oxidation  behavior  was  studied  between  900  and  1200°C  in  atmospheric  air.  Both  SiC 
and  Si3N4  dispersoids  were  unstable  in  the  TiAl  matrix,  so  that  some  of  them  reacted  with  Ti 
to  form  Ti5Si3  during  sintering.  These  Si-containing  particles  oxidized  to  SiOa  during 
oxidation.  The  oxide  scales  formed  on  TiAl-SiC  and  -Si3N4  alloys  consisted  Ti02,  AI2O3,  and 
Si02.  The  drastic  improvement  obtained  by  the  addition  of  SiC  and  Si3N4  dispersoids 
originated  primarily  from  the  enhanced  alumina-forming  tendency,  the  incorporation  of  Si02 
within  the  oxide  scale,  and  oxide  grain  refinement  owing  to  the  beneficial  effect  of 
dispersoids. 


1.  INTRODUCTION 

The  ordered  Llo  intermetallic  y-TiAl  has  low  density  and  high  specific  strength.  However, 
major  obstacles  restricting  its  use  are  poor  ductility  at  room  temperature,  low  strength  and 
poor  oxidation  resistance  at  high  temperatures  [1,2].  One  approach  to  overcome  these 
drawbacks  is  to  reinforce  the  TiAl  matrix  with  various  continuous  or  discontinuous  ceramics 
such  as  Zr02  toughened  AI2O3  fibers  [3],  TiNb  particles[4,5],  TiB2  particles  [6,7],  and  SiC 
fibers[8,9].  Accordingly,  these  second-phase-reinforced  TiAl  alloys  have  been  evaluated  in 
terms  of  chemical  stability  of  reinforcing  materials  in  the  matrix  [3,6-8],  mechanical  property 
[4,6,9],  and  oxidation  behavior  [3,5].  However,  no  attempts  were  made  to  utilize  SiC-  and 
Si3N4-particles  in  TiAl  alloys  until  now. 

The  purpose  of  this  study  is  to  manufacture  SiC-  and  Si3N4-particle-reinforced  TiAl  alloys, 
and  investigate  their  high  temperature  oxidation  behavior.  The  high  temperature  oxidation 
resistance  is  an  important  factor  for  practical  applications.  Thermogravimetric  analyses  and 
various  analytical  techniques  including  XRD,  and  SEM  equipped  with  EDS  were  used  to 
determine  the  oxidation  resistance  and  mechanism  of  the  prepared  alloys. 


2.  EXPERIMENTAL 

Alloys  of  Ti-50at.%Al  with  and  without  (5,10,15wt.%)SiC  and  (3,5wt.%)Si3N4  dispersed 
particles  were  prepared  by  mechanical-alloying  (MA)  and  spark-plasma-sintering  (SPS) 
method.  The  compositions  of  the  prepared  specimens  are  given  in  terms  of  the  atotiiic 
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percentage  for  metallic  components,  based  only  on  the  metallic  components,  while  the 
dispersed  phase  is  given  in  weight  percentage  based  upon  the  total  weight  of  the  composite. 
The  starting  powders  were  Ti  (<  150pm,  99.9%  pure),  A1  (70~  180pm,  99.9%  pure),  SiC 
(2~3pm,  >99.0%  pure)  and  Si3N4  (<50pm,  >99.0%  pure). 

Initially,  Ti  and  A1  powders  were  mixed  and  mechanical  alloyed  under  Ar+1%N2 
atmosphere.  Argon  was  used  to  eliminate  oxygen  contamination,  and  dilute  nitrogen  was  used 
to  facilitate  the  mechanical  alloying  of  elemental  powders  [10].  Onto  the  MA’ed  Ti-Al 
powders,  either  SiC  or  Si3N4  particles  were  added  in  predetermined  ratios,  and  subsequently 
mixed  using  a  mill.  The  mixed  powders  were  compaeted  and  then  sintered  using  a  SPS 
apparatus.  The  sample  fabrication  process  is  described  elsewhere  in  detail  [11,12].  The 
sintered  specimens  of  20mm(I)x5mm  were  cut  into  sizes  of  10x5x5mm^  polished,  and 
oxidized  isothermally. 

The  oxidation  tests  were  performed  between  900  and  1200°C  in  atmospheric  air.  The 
weight  changes  were  continuously  monitored  using  a  thcrmogravimetric  analyzer  (TGA).  The 
oxidized  specimens  were  inspected  by  scanning  electron  microscopy  (SEM)  to  evaluate 
surface  topography  and  transverse  sections  of  oxide  layers.  Energy-dispersive  spectrometer 
(EDS)  and  X-ray  diffraction  (XRD)  techniques  were  employed  to  evaluate  the  qualitative 
analyses  of  elemental  distribution  and  phase  identification  of  the  oxides.  Marker  experiments 
using  fine  platinum  powders  (1-7  jm)  were  conducted  on  TiAl  alloys  with  and  without  Si3N4 
particles  to  elucidate  the  oxide  growth  mechanism. 


3.  RESULTS  AND  DISCUSSION 

Fig.  1  shows  the  isothermal  oxidation  kinetics  for  the  prepared  alloys.  The  oxidation 
temperatures  for  TiAl-(3,5wt.%)Si3N4  alloys  were  chosen  as  900  and  lOOO^C,  whereas  those 
for  TiAl-(5,10,15wt.%)SiC  alloys  were  chosen  as  1000,  1100  and  1200C.  The  higher 
oxidation  temperatures  employed  for  TiAl-SiC  alloys  were  mainly  due  to  their  better 
oxidation  resistance  compared  to  TiAl-Si3N4  alloys.  The  high  amount  of  SiC  particles  in  TiAl- 
SiC  alloys  yielded  quite  small  weight  gains  below  900  °C,  so  that  oxidation  tests  were 
performed  above  lOOOC.  Nevertheless,  it  is  clear  that  the  oxidation  resistance  of  TiAl  alloys 
effectively  increases  with  the  increase  in  the  content  of  dispersoids.  Under  an  identical 
oxidation  temperature,  the  more  the  dispersoids  were  added,  the  better  the  oxidation 
resistance  was.  The  ability  to  form  protective  oxide  scales  clearly  increased  with  the  increase 
in  the  content  of  dispersoids.  In  contrast  with  the  pure  TiAl  which  displays  no  oxidation 
resistance  particularly  above  1100°C,  TiAl-(5,10,15wt.%)SiC  alloys  still  have  superior 
oxidation  resistance,  with  a  maximum  weight  gain  of  6.0  mg/cm^  in  case  of  TiAl-5wt.%SiC  at 
nOOC.  The  weight  gain  of  TiAl-(10,15wt.%)SiC  alloys  were  less  than  0.6  mg/cm^  after 
oxidation  at  lOOOU  for  60  hr.  For  the  same  alloy  composition,  the  higher  the  oxidation 
temperature  was,  the  poorer  the  oxidation  resistance  was,  as  expected.  The  only  exception 
was  TiAl-5wt.%SiC  at  lOOOC,  whose  weight  gain  was  larger  than  that  at  llOOU.  The 
increment  in  oxidation  temperature  increases  the  oxidation  rate  or  the  growth  rate  of  possible 
oxides  such  as  Ti02,  AI2O3  and  Si02.  The  last  two  oxides  inherently  have  quite  slow  growth 
rates,  and  play  a  decisive  role  in  protecting  the  alloy  matrix. 

Typical  X-ray  diffraction  patterns  of  the  scales  formed  on  the  prepared  alloys  are  shown  in 
Fig.  2.  It  is  well  known  that  the  oxide  scales  on  TiAl  alloys  consist  of  layers  of  Ti02  and 
AI2O3,  as  shown  in  Fig.  2a.  The  outer  layer  is  always  essentially  pure  Ti02,  and  the  inner 
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Weight  Gain  (mg/cm^)  Weight  Gain  (mg/cm^) 


Fig.  1.  Isothermal-oxidation  curves  for  pure  TiAl,  TiAl-(3,5wt.%)Si3N4,  and  TiAl- 
(5,10,15wt.%)SiC  alloys  in  air:  (a)  900°C,  (b)  1000°C,  (c)  1100°C,  (d)  1200T. 
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Fig.  2.  XRD  patterns  after  oxidation 
for  60  hr: 

(a)  pure  TiAl  at  1000“C, 

(b)  TiAl-15wt.%SiC  at  1 100 

(c)  TiAl-3wt.%Si3N4  at  1000  ”0. 
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layer  is  a  porous  mixture  of  Ti02  and  AI2O3.  Between  these  two  layers,  there  is  an 
intermediate  AI2O3  layer  which  is  thin  and  discontinuous  [13,14].  The  oxidation  resistance  of 
TiAl  alloys  depends  primarily  on  the  thickness  and  continuity  of  the  intermediate  AI2O3  layer. 
The  oxide  scales  formed  on  TiAl-SiC  and  Si3N4  alloys  were  also  composed  of  Ti02and  AI2O3 
(Figs.  2b-c).  But,  the  oxide  scales  were  comparatively  thin,  so  that  the  matrix  phases  such  as 
TiAl  and  Ti5Si3  were  observable.  It  should  be  noted  that  silica  is  not  seen  in  Figs.  2b-c 
because  of  its  amorphous  nature.  The  formation  of  amorphous  silica  within  the  oxidation 
scale  was  confirmed  by  TEM  studies  [12]. 


Fig.  3.  SEM  top  view  of  the  scales  after  oxidation  for  60  hr  in  air: 
(a)  pure  TiAl  at  lOOOt,  (b)  TiAl-15wt.%SiC  at  1 100 “C. 


From  the  observation  of  top  view  of  oxide  scales,  it  was  found  that  the  oxide  grains  formed 
on  TiAl-SiC  and  “Si3N4  alloys  were  inevitably  finer  then  those  formed  on  pure  TiAl.  The 
oxide  scale  formed  on  pure  TiAl  has  rod-like  Ti02  crystals  (Fig.  3a).  Partial  sintering  of  small 
crystallites  as  globules  is  also  seen  on  the  surface  oxide  layer.  On  the  other  hand,  the  external 
surfaces  of  TiAl-SiC  and  -Si3N4  alloys  were  covered  with  much  finer  oxide  grains  (Fig.  3b). 
Thus,  it  is  clear  that  unreacted  dispersoids  and  fine  particles  such  as  Ti5Si3  are  acting  as  oxide 
nucleation  sites  by  providing  high  surface  areas  to  the  oxygen,  and  thus  lead  to  a  decrease  in 
oxide  grain  size.  It  is  well  to  note  that  the  ability  to  obtain  uniformly  distributed  dispersoids  is 
more  feasible  following  the  powder  metallurgical  routes.  The  increase  in  nucleation  rate 
allows  more  rapid  formation  of  a  protective  scale  and,  consequently,  slows  down  the 
oxidation  rate. 

The  oxide  scales  formed  on  pure  TiAl  are  generally  thick,  porous  and  fragile,  consisting  of 
an  outer  Ti02  layer,  an  intermediate  AI2O3  layer,  and  an  inner  (Ti02+Al203)  mixed  layer.  The 
outer  layer  of  Ti02,  n-type  semiconductor,  is  known  to  grow  primarily  by  outward  diffusion 
of  interstitial  Ti  ions,  whereas  the  growth  of  inner  mixed  layer  is  dominated  by  inward  oxygen 
diffusion  [11,12].  As  depicted  in  Fig.  4a,  the  oxide  scale  formed  on  TiAl-5wt.%Si3N4  is 
relatively  thin  and  dense.  Strong  Al203-formation  throughout  the  whole  oxide  layers  is  clearly 
noticeable,  except  the  surface  Ti02  layer  (Fig.  4b).  Beneath  this  surface  layer,  Pt  markers 
initially  placed  on  the  specimen  surface  prior  to  oxidation  is  seen.  Hence,  it  is  proposed  that, 
for  TiAl-Si3N4  alloys,  the  surface  Ti02  layer  grows  primarily  by  the  outward  transport  of  Ti 
ions,  whereas  the  inner  (Ti02+Al203)  mixed  layer  by  inward  oxygen  diffusion,  being 
analogous  to  pure  TiAl.  The  Pt  marker  test  was  not  performed  on  TiAl-SiC  alloys.  But,  an 
experiment  on  Ti3Al-SiC  alloys  [13]  indicated  that  the  oxidation  mechanism  of  this  alloys  was 
basically  the  same  as  that  of  TiAl-Si3N4  alloys.  Interestingly,  Si02  is  mainly  confined  at  the 
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Fig.  4.  Cross-sections  of  the  scales  after  isothermal  oxidation  at  1000  “C  for  40  hr  in  air: 

(a)  pure  TiAl,  (b)  EDS  line  profile  across  AB  of  (a),  (c)  TiAl-5wt.%  813^4,  (d)  EDS  line 
profile  across  CD  of  (c). 

lower  part  of  the  oxide  scale.  Initially  added  SiC  and  Si3N4  dispersoids  oxidized  to  SiOa  and 
became  immobile.  The  formation  of  a  silica  phase  protects  the  substrate  from  further  attack 
by  oxygen,  giving  a  much  thinner  scale  formation. 

The  major  difference  of  TiAl-SiC  and  -Si3N4  alloys  from  dispersoids-free  TiAl  alloys  is  the 
formation  of  silica  and  more  alumina  within  the  oxide  scales.  Silica  is  a  protective  oxide  scale, 
and  can  give  a  chance  for  A1  to  diffuse  outward  from  the  matrix,  without  being  oxidized  at  the 
oxide-alloy  interface.  This  resultantly  makes  the  oxide  layer  rich  in  alumina,  as  observed  in 
Fig.  4.  Finer  initial  oxide  grain  size  can  also  promote  the  outward  diffusion  of  aluminum  ions 
by  providing  more  easy  diffusion  paths  such  as  grain  boundaries.  It  is  noted  that  the  strong 
alumina-forming  tendency  was  also  observed  in  Ti3Al-SiC  alloys  [13]. 


4.  CONCULUSIONS 

(1)  Drastic  increment  in  oxidation  resistance  of  TiAl  alloys  was  achieved  by  the  initial 
addition  of  SiC  and  Si3N4  dispersoids.  Some  of  the  dispersoids  reacted  with  Ti  to  form  Ti5Si3 
during  sintering.  The  dispersoids  and  TisSis  oxidized  to  Si02. 

(2)  The  scales  formed  on  the  TiAl-SiC  and  -Si3N4  alloys  consisted  Ti02,  AI2O3  and  Si02. 
Reduction  in  the  oxide-growth  rate  or  the  thin  scale  formation  may  be  attributed  to  the  rapid 
formation  of  a  protective  scale  because  of  the  dispersoid’s  role  as  oxide  nucleation  sites,  the 
enhanced  alumina-forming  tendency,  and  the  presence  of  another  barrier  layer  of  Si02. 
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ABSTRACT 

Coupon  specimens  of  TiAl  were  implanted  with  Nb  at  an  acceleration  voltage  of  50  kV  with  a 
dose  of  10^^  ions  ■  m.'^  Their  oxidation  resistance  was  assessed  by  cyclic  oxidation  with 
temperature  varying  between  room  temperature  and  1200  K  in  purified  oxygen  under 
atmospheric  pressure.  The  implanted  specimens  and  oxidised  specimens  for  short  periods 
were  characterised  and  observed  by  AES,  X-ray  diffractometry,  TEM,  SEM,  EDS,  and  EPMA. 
The  implantation  improves  the  oxidation  resistance  significantly  by  forming  virtually  AI2O3 
(a -AI2O3)  scales.  The  implanted  layer  is  about  75  nm  thick;  outer  part  of  30  nm  thickness  is 
-Ti  and  the  rest  of  45  nm  thickness  is  amorphous.  The  heating  to  900  K  in  O2  results  in 
partial  crystallisation  of  the  amorphous  layer  and  to  1200  K  results  in  oxide  scales  of  270-400 
nm  thickness  consisting  mainly  of  AI2O3.  Nb  seems  to  be  incorporated  in  Ti02  (rutile).  The 
fraction  of  Al203in  the  scale  increases  toward  the  substrate.  The  oxidation  at  1200  K  for  3.6 
ks  results  in  Al203-rich  scales  of  about  400  nm  thickness.  Each  oxide  grain  is  very  fine  such 
as  about  80  nm  in  size  and  becomes  smaller  toward  the  outer  scale  surface.  This  implies  that 
the  implantation  enhanced  the  nucleation  of  AI2O3  grains.  This  finding  and  the  formation  of 
yS  -Ti  phase  together  with  doping  of  Nb  to  Ti02  are  thought  to  be  responsible  for  the  excellent 
oxidation  resistance  obtained. 


1.  INTRODUCTION 

The  potential  application  of  r-TiAl  based  materials  as  engine  components  and  turbine 
blades  has  often  been  discussed  and  accordingly  extensive  research  is  being  performed  [1,2]. 
As  a  result  of  this,  it  was  found  that  at  least  a  few  alloying  elements  are  needed  for  controlling 
their  microstructure  and  improving  their  mechanical  properties.  However,  it  is  quite  difficult 
to  maintain  compatibility  between  these  and  oxidation  resistance  by  single  alloying  additions. 
For  instance,  a  small  addition  of  Cr  improves  the  plasticity  of  TiAl  [3],  but  it  enhances 
high-temperature  oxidation  [4].  In  addition,  it  is  necessary  to  improve  castability  by  further 
alloying  additions,  when  such  engine  parts  are  to  be  produced  by  casting.  Therefore,  there 
seems  to  be  no  room  for  further  addition  to  improve  high-temperature  oxidation  resistance. 
The  necessary  resistance  to  environmental  attack  would  be  performed  successfully  by  surface 
treatments. 

With  the  above  background  we  have  been  concerned  with  ion  implantation  [5-8]  and  found 
that  the  implantation  of  Nb,  Mo,  Ta  or  W  is  effective  to  improve  oxidation  resistance  of  TiAl 
by  forming  virtually  AI2O3  scales.  These  elements  worked  similarly.  In  order  to  understand 
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the  mechanism  by  which  Nb  implantation  improved  the  oxidation  resistance  [5],  we  have 
carried  out  a  detailed  transmission  electron  microscopy  (TEM)  study  in  addition  to  studies 
using  glancing  angle  X-ray  diffractometry,  AES  and  SEM. 


2.  EXPERIMENTAL  PROCEDURES 
2.1  Specimen  and  oxidation  test 

TiAl  coupon  specimens  were  prepared  from  a  forged  pan-cake  consisting  mainly  of  r  -TiAl 
grains  and  a  small  fraction  of  grains  composed  of  y  -TiAl  and  a  2-Ti3Al  phases.  The 
chemical  composition  of  the  specimen  is  shown  in  Table  1. 


Table  1  Chemical  composition  of  the  specimen  (mass  %) 


A  1 

Fe 

C 

H 

0 

N 

T  i 

TiAl 

36.5 

0.079 

0.005 

0.0027 

0.034 

0.0030 

Bal. 

Coupon  specimens  measuring  15  x  10  x  I  in  mm  were  cut  out  of  a  slice  and  polished  to  a 
mirror  finish  with  a  series  of  SiC  polishing  paper  of  increasingly  finer  size  and  finally  alumina 
powders  of  0.3  /i  m  in  size.  The  polished  specimens  were  ultrasonically  washed  in  acetone 
and  methanol,  and  dried.  Then,  they  were  implanted  with  Nb  at  an  acceleration  voltage  of  50 
kV  with  a  dose  of  10^^  ions-m.'^  Their  oxidation  resistance  was  assessed  by  cyclic  oxidation 
test  with  temperature  varying  between  room  temperature  and  1200  K  in  a  flow  of  O2  under 
atmospheric  pressure.  Specimens  placed  in  an  alumina  boat  were  put  in  a  quartz  reaction  tube 
which  was  positioned  in  a  horizontal  electric  furnace.  Oxygen  gas  was  purified  by  passing  it 
through  towers  of  silica  gel,  phosphorus  pentoxide  and  CO2  remover  in  this  order.  The 
specimens  for  TEM  observations  were  oxidised  for  short  periods  similarly. 

2.2  Characterisation  and  observation 

The  implanted  specimens  and  oxidised  specimens  were  examined  with  glancing  angle  X-ray 
diffractometry  (XRD)  for  identifying  phases  and  depth  profiles  of  relevant  elements  were 
obtained  with  AES.  Outer  surfaces  and  fractured  sections  were  observed  and  characterised  by 
SEM  equipped  with  an  EDS  unit.  Specimens  for  TEM  observations  were  thinned  using  an 
FIB  unit.  TEM  investigations  were  performed  at  an  acceleration  voltage  of  200  kV.  Selected 
area  diffraction  patterns  were  obtained  and  EDS  analyses  were  also  performed  in  addition  to 
the  standard  observations. 


3  RESULTS 
3.1  Depth  profiles 

Figure  1  shows  the  AES  depth  profiles  of  the  relevant  elements  of  as-implanted  specimen. 
The  implantation  depth  of  Nb  is  about  70  nm  with  peak  concentration  of  about  42  mol.%  at  a 
depth  of  20  nm.  The  Nb  profile  shows  near  Gaussian  distribution.  The  O  profile  indicates  a 
slight  penetration  of  oxygen  during  the  implantation.  Ti  and  A1  vary  similarly  with  Ti  a  little 
higher  than  Al.  Figure  2  shows  the  depth  profiles  of  the  specimen  heated  to  1200  K  in  O2  in 
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about  3  ks  (0  ks  oxidation).  From  the  O  distribution  we  can  predict  that  the  oxide  scale  is 
about  300  nm  thick  and  a  thin  layer  where  O  is  present  is  formed  beneath  it.  The  A1 
distribution  indicates  that  AI2O3  is  enriched  at  two  places  in  the  scale:  outer  part  and  near  the 
interface  to  the  substrate. 


Fig.  1  AES  depth  profiles  of  as-implanted  Fig.  2  AES  depth  profiles  of  the  specimen 
specimen.  heated  to  1200  K  in  O2. 


Ti02  (rutile)  is  enriched  in  middle  part  of  the  scale  with  Nb.  The  XRD  indicated  no  Nb  oxides, 
so  Nb  is  thought  to  be  dissolved  in  Ti02  lattice.  When  the  specimen  was  oxidised  at  1200  K 
for  20  ks,  well  developed  AI2O3  scales  of  about  1  pm  thickness  were  formed  as  Fig.  3  shows. 


Fig.  3  AES  depth  profiles  of  the  specimen 
oxidised  at  1200  K  for  20  is. 


The  fraction  of  AI2O3  in  the  scale  is  very 
large,  indicating  the  formation  of  virtually 
AI2O3  scales.  It  is  noteworthy  that  Nb  is 
still  present  where  Ti02  is  enriched  in  the 
scale.  The  dissolution  of  Nb  in  Ti02 
lattice  means  that  the  growth  of  Ti02  is 
slowed  according  to  the  doping  effect,  i.e. 
oxygen  vacancy  concentration  in  Ti02  is 
decreased  according  to  the  valence  control 
rule.  This  makes  the  situation  more 
favourable  to  enrich  AI2O3  in  the  scale.  It 
is  noteworthy  again  that  an  Al-depleted 
layer  containing  certain  amount  of  oxygen 
is  formed  beneath  the  scale. 


3.2  TEM  investigations 


Figure  4  shows  a  bright-fleld  image  of  cross  section  of  as-implanted  specimen  and  the 
numbers  in  the  figure  show  positions  where  diffraction  patterns  were  taken  and  EDS  analyses 
were  performed.  The  outer  thin  layer  (1)  of  about  30  nm  thickness  was  found  to  be  -Ti  by 
diffraction  pattern  and  EDS  results,  and  the  next  layer  of  about  45  nm  thickness  (2)  was 
identified  as  amorphous.  Position  (3)  is  the  interface  between  implanted  and  intact  substrate 
(4).  These  results  agree  well  with  the  AES  analysis  (Fig.  1)  and  XRD  result. 

Figure  5  shows  a  cross  section  of  the  specimen  heated  to  900  K  in  O2  and  cooled  immediately. 
The  outer  /3  -Ti  layer  remains  almost  intact.  However,  crystallisation  started  already  at  the 
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interface  between  the 
amorphous  layer  and 
the  substrate.  The 
crystallisation  front  is 
moving  outwards. 
However,  there  is  a 
sign  showing  that 
crystallisation  also 
started  at  the  interface 
to  the  P  -Ti  layer. 
There  seems  to  be  no 
structural  change  in 
the  substrate.  The 
oxidation  at  1200  K 
for  3.6  ks  resulted  in  a 
well  developed  scale 
which  consists  mainly 
of  AI2O3  grains  as  Fig. 
6  shows.  The  oxide 
grains  are  very  small 
such  as  around  80  nm 


and  they  become  finer  toward  the  outer  scale  surface.  The  scale  thickness  is  very  uniform  and 
is  about  400  nm.  There  is  the  so-called  Z-phase  layer  of  about  1  pm  thickness  beneath  the 
scale.  This  was  confirmed  by  diffraction  patterns  and  EDS  analyses  which  indicated  a 
composition  of  Ti5Al302  in  good  agreement  with  the  literature[9-l  1].  This  layer  consists  of 
relatively  large  near  columnar  grains  such  that  one  grain  occupies  almost  whole  layer 
thickness. 


Fig.  5  Bright  field  image  of  the  specimen 
heated  to  900  K  in  O2. 


4.  DISCUSSION 

In  general, 

high-temperature  oxidation 
of  TiAl  results  in  scales 
consisting  of  two  layers: 
outer  Ti02  layer  and  inner 
layer  which  is  porous 
mixture  of  Ti02  and  AI2O3 
grains.  AI2O3  is  enriched 
between  the  two  layers, 
however  it  is  not 
sufficiently  dense  and 
continuous.  Therefore,  it 
cannot  be  a  protective 
layer.  It  is  prerequisite  to 
form  an  AI2O3  scale  for 
obtaining  sufficient 


oxidation  resistance  for 
TiAl-base  materials, 
because  the  diffusion  of 
oxygen  and  cations 
through  Ti02  is  much 
faster  than  through  AI2O3. 

It  was  found  [12]  that  a 
very  thin  AI2O3  layer  is 
formed  during  heating  to 
high  temperature  or  in 
short  oxidation  period  at 
temperature  and  an 
Al-depleted  layer  or 
Z-phase  layer  beneath  it. 
However,  Ti02  grains  start 
to  grow  at  the  interface  of 
the  two  with  the  progress 
of  oxidation  and  break  the 
AI2O3  scale.  Then  Ti02 
grains  overgrew  it. 

The  present  study, 

however,  showed  that  the  implantation  of  Nb  formed  very  protective  AI2O3  scales  and  they 
are  maintained  during  the  subsequent  oxidation.  The  significant  points  of  the  Nb  implantation 
are  (a)  formation  of  -Ti  layer  and  (b)  grain  refining  of  AI2O3.  The  formation  of  P  -phase 
can  contribute  the  enrichment  of  AI2O3  during  the  initial  oxidation  period,  since  the  diffusion 
of  A1  is  faster  than  in  r  -TiAl.  The  initial  enrichment  of  AI2O3  in  the  scale  slows  the 
diffusion  of  oxygen  toward  the  substrate  and  this  enables  the  accumulation  of  AI2O3  near  the 
substrate.  Thus,  AI2O3  is  enriched  in  the  initial  scales.  If  oxygen  diffuses  fast,  Ti  will  also  be 
oxidised  simultaneously,  leading  to  mixture  of  the  both  oxides. 

The  enrichment  of  Nb  in  the  initial  scales  is  also  important,  since  Nb  is  dissolved  in  Ti02 
lattice  and  decreases  its  oxygen  vacancy  concentration  according  to  the  valence-control  rule. 
The  fine  AI2O3  grains  composing  the  scale  implies  that  the  nucleation  of  AI2O3  is  enhanced 
during  the  initial  oxidation  period,  although  the  mechanism  for  it  is  unclear  now. 


Fig.  6  Bright  field  image  of  the  specimen  oxidised 
at  1200  K  for  3.6  ks  in  O2. 


4  CONCLUSIONS 

The  initial  oxidation  stages  of  Nb  implanted  (50  kV,  10^^  ions  •  m'^)  TiAl  have  been  studied 
mainly  by  TEM  observations  and  the  following  main  conclusions  are  derived. 

(1)  The  implanted  layer  consists  of  two  parts;  outer  layer  of  about  30  nm  thickness  consists  of 
P  -Ti  and  inner  amorphous  layer  of  about  45  nm  thickness. 

(2)  During  heating  to  900  K  crystallisation  of  the  amorphous  layer  starts  at  the  interface  to  the 
substrate. 

(3)  The  oxidation  at  1200  K  for  3.6  ks  results  in  scales  consisting  of  AI2O3,  virtually 
AI2O3  scales  consisting  of  very  fine  grains  such  as  80  nm.  So-called  Z-phase  is  well 
developed  beneath  the  scale. 
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ABSTRACT 

AlsTi  alloys  have  received  a  lot  of  attention  as  potential  lightweight  materials  because  of 
their  low  density  and  high  strength  at  elevated  temperatures.  Induction  melting  method 
followed  by  the  thermomechanical  treatment  was  used  for  preparation  of  LU-typed  AlsTi-Cr 
alloys,  i.e.  Al67Ti25Cr8,  Al66Ti24Crio  and  Al59Ti26Cri5.  The  corrosion  behavior  of  AlaTi-Cr 
alloys  in  deaerated  3.5  wt.%  NaCl  solution  was  investigated  by  electrochemical  corrosion 
tests  and  surface  analysis.  Particular  attention  was  paid  to  the  effects  of  Cr  addition  on  the 
surface  film  composition  and  its  breakdown  related  to  the  corrosion  behavior.  The  result  of 
cyclic  potentiod)mamic  polarization  test  showed  that  Epit  and  Eprot  increased  with  increasing  Cr 
content.  This  indicates  that  AlaTi-Cr  alloys  with  higher  Cr  content  are  effective  in  improving 
relative  resistance  to  pit  initiation  and  propagation.  In  EIS,  an  increase  of  Cr  content  increased 
polarization  resistance(Rp)  and  decreased  the  depressed  angle  which  is  strongly  related  to 
pitting  resistance.  AES  analyses  were  performed  in  order  to  characterize  in-depth  distribution 
of  constituents  in  the  passive  film  and  EDS  techniques  were  used  to  examine  the  effect  of 
alloying  elements  inside  pit. 


1.  Introduction 


The  ordered  intermetallic  compounds  of  AlsTi  are  attractive  as  a  potential  lightweight 
materials  for  aircraft.  Some  of  the  positive  characteristics  of  these  compounds  are  their  good 
oxidation  resistance,  high  strength  and  low  density[l-3].  However,  Applications  are  limited 
because  it  exhibits  brittle  behavior  at  ambient  temperature.  This  behavior  can  be  due  to  the 
low  symmetry  DO22  structure  which  has  few  slip  systems.  Therefore,  successful  development 
of  aluminide  alloys  depends  on  overcoming  their  brittleness  at  ambient  temperature.  One 
possible  approach  to  improve  the  ductility  of  A^Ti  is  to  transform  its  structure  to  cubic 
ordered  structure  with  higher  symmetry  by  adding  a  ternary  element  to  the  Al3Ti.  In  fact,  by 
the  substitution  of  several  fourth  to  sixth  period  transition  elements  such  as  Cr,  Mn,  Fe,  Co,  Ni, 
Cu,  Ag  and  Au  preferentially  for  some  A1  atoms,  the  cubic  LI2  phases  can  be  formed.  In 
recent  years,  many  studies[4-7]  have  been  made  on  the  microstructures  and  mechanical 
properties,  e.g.,  microhardness,  bend  ductility,  tensile  strength  at  ambient  temperature,  in  a 
number  of  ternary  LI2  compound  alloys  on  the  Al-Ti-Cr  system.  However,  very  little  works 
have  been  done  on  the  corrosion  behavior  of  these  modified  Al3Ti  intermetallic  alloys.  Hence, 
the  purpose  of  this  paper  is  to  investigate  corrosion  characteristics  of  Al3Ti-Cr  alloys  in 
deaerated  3.5  wt.%  NaCl  solution  by  electrochemical  techniques(electrochemical  impedance 
spectroscopy,  cyclic  potentiodynamic  polarization  test).  Surface  analysis  techniques(auger 
electron  spectroscopy,  electron  probe  microanalysis)  were  used  to  provide  information  on  the 
passive  film  and  inside  pits  of  Al3Ti-Cr  alloys. 


2.  Expermental  procedures 
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The  preparation  of  the  specimens  was  described  previously[8].  Table  1  lists  the  chemical 
compositions  of  the  prepared  samples  that  are  designated  as  Al67Ti25Cr8,  Al66Ti24Crio  and 
Al59Ti26Cri5.  All  specimens  were  mounted  in  a  cured  epoxy  resin  and  polished  to  600  grit 
prior  to  immersion.  All  solutions  were  made  from  reagent  grade  NaCl  with  distilled  water  and 
were  thoroughly  deaerated  by  bubbling  high  purity  nitrogen.  For  most  the  specimens,  a  paint 
adequate  for  saline  environments  was  used  to  mask  the  specimens  perimeter  in  order  to 
prevent  any  crevice  formation.  The  cyclic  pontentiodynamic  polarization  test[9]  was  carried 
out  at  room  temperature  in  a  typical  three-electrode  with  the  specimen  as  the  working 
electrode,  a  saturated  calomel  reference  electrode(SCE),  and  a  pure  graphite  counter  electrode. 
The  specimen  was  scanned  potentiodvnamically  at  a  rate  of  0.166mV/s  to  a  potential 
corresponding  to  a  current  density  of  10'’^A/cml  At  this  point,  the  scan  direction  was  reversed. 
The  downscan  was  continued  until  the  protection  potential  was  identified.  EIS  measurements 
were  carried  out  in  the  passive  region  and  in  the  pitting  region,  respectively.  EIS  method  was 
used  in  the  frequency  range  from  lOOkHz  to  5mHz  using  a  logarithmic  sweeping  frequency  of 
5  steps/decade.  EIS  involved  the  imposition  of  a  lOmV  amplitude  sine-wave.  The  EIS  results 
were  analysed  with  analysis  software  Z-view.  The  nature  of  passive  film  formed  on  the 
surface  was  studied  by  auger  electron  spcctroscopy(AES).  The  pits  were  examined  in  a 
scanning  electron  microscope(SEM)  equipped  with  an  energy  dispersive  X-ray 
spectroscopy(EDS). 


3.  Results  and  discussion 

Cyclic  anodic  polarization  curves  are  presented  in  Fig.  1  for  three  kinds  of  Al3Ti-Cr  alloys. 
From  these  data,  Ecorr,  Epu,  Eprot  and  the  difference  (Eprot-Ecorr)  are  given  in  table  2.  All  alloys 
lead  to  spontaneous  passivation.  The  addition  of  Cr  decreased  the  anodic  current  density  with 
polarization  potential,  and  therefore  open-circuit  potentials  of  these  alloys  were  shifted  in  the 
noble  direction  with  increase  in  the  Cr  content.  Ecom  Epu  and  (Eprot-Ecorr)  increased  with 
increasing  Cr  content,  indicating  increased  relative  resistance  to  localized,  Cf  induced, 
aqueous  corrosion.  However,  it  has  been  reported  that  the  sputtered-deposited  Al-Cr  alloys 
with  10-35at.%  Cr  exhibit  no  appreciable  change  in  the  pitting  potential  and  the  sputtered- 
deposited  Al-Ti  alloys  with  10-20at.%  Ti  are  independent  of  pitting  potential  with  Ti 
content[10].  Accordingly,  it  can  be  said  that  the  simultaneous  addition  of  Cr  and  Ti  is  more 
effective  in  improving  the  corrosion  resistance  rather  than  the  single  addition  of  Cr  or  Ti  to 
Al[ll].  For  a  better  understanding  of  the  effect  of  alloying  elements  on  the  passivity  and 
pitting,  EIS  measurements  were  performed  for  AlsTi-Cr  alloys.  Fig.  2  shows  Nyquist  plots  of 
AisTi-Cr  alloys  after  immersion  for  6h  in  deaerated  3.5wt.%  NaCl  solution  at  room 
temperature.  The  impedance  spectra  obtained  at  the  passive  states  represent  a  single  and 
perfect  semicircle.  This  behavior  can  be  interpreted  according  to  the  Randles  circuit  for  a 
simple  electrochemical  cell[12-13].  Here,  the  diameter  of  arc  represents  polarization 
resistance(Rp)  or  charge  transfer  resistance  at  the  electrode/solution  interface  and  the  low 
intercept  at  real-axis  shows  solution  resistance{RcO  between  the  working  and  reference 
electrodes.  Solution  resistance  measured  from  Fig.  2  was  almost  close  to  zero  and 
Polarization  resistance  increased  with  increasing  Cr  content.  The  increasing  values  of  Rp 
suggest  that  the  corrosion  resistance  of  A^Ti-Cr  alloys  increase  with  Cr  content  and  should  be 
also  consistent  with  the  results  of  cyclic  anodic  polarization  curves(Fig.  1)  in  which  passive 
current  density  decreases  with  increasing  Cr  content.  Fig.  3  shows  Nyquist  plot  at  the 
transpassive  states.  All  specimens  were  polarized  anodically  from  equilibrium  potential(Ecorr) 
until  60mV  in  the  pitting  region.  This  applied  potential  was  based  on  the  pitting  potential  of 
Al59Ti26Cr)5.  The  impedance  diagram  spectra  obtained  at  the  transpassvie  states  still  represent 
a  single  semicircle  but  are  not  perfect  semicircle.  Some  authors  have  demonstrated 
experimentally  that  the  semicircle  depression  and  deformation  originate  from  the 
microsocopic  roughness  of  the  surface [14- 16].  From  such  a  conclusion,  it  was  normal  to 
extrapolate  that  the  surface  modifications,  introduced  by  the  formation  and  propagation  of 
localized  pits,  should  be  somewhat  related  to  the  calculated  depression  angle.  Table  3 
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represents  an  attempt  that  was  made  to  correlate  both  Rp  and  depression  angle  with  pitting 
resistance  as  a  function  of  Cr  content.  Rp  values  obtained  from  the  analysis  of  experimental 
results  in  Fig.  3  increased  with  increasing  Cr  content  and  depression  angles  increased  with 
decreasing  Cr  content.  In  particular,  Al67Ti25Cr8  represented  the  highest  depression  angle 
(-25.4°),  indicates  decreased  relative  resistance  to  pitting  corrosion.  Fig  4(a)-(c)  shows  the 
results  of  an  AES  analyses  at  the  passive  states.  All  alloys  formed  A1  and  Ti  oxide  on  the 
surface,  which  act  as  a  protective  film.  In  a  previous  paper[8],  these  protective  films  were 
known  as  A^Osand  Ti02.  In  addition,  AES  analyses  revealed  that  Cr  was  detected  earlier 
from  the  outer  surface  as  Cr  content  increases.  This  behavior  increased  the  possibility  of 
formation  of  Cr  oxide  on  the  outer  surface.  In  other  words,  Cr  can  act  as  a  protective  barrier 
on  pit  initiation.  Fig.  5(a)-(c)  shows  three  micrographs  obtained  using  SEM  for  polarized 
specimens  in  the  pitting  region.  Pit  morphology  exhibits  larger  and  deeper  pit  with  decreasing 
Cr  content.  Table  4  shows  the  results  of  EDS  analysis  obtained  inside  pit  of  Fig.  5(a)-(c)  The 
presence  of  Al,  Cr  and  Ti  was  observed.  Compared  to  the  bulk  compositions  of  AlsTi-Cr 
alloys,  the  chemical  compositions  inside  pit  seem  to  be  lower  concentration  in  Al,  while 
higher  concentration  in  Ti  with  increasing  Cr  content.  These  results  support  that  the  Ti 
enrichment  inside  pit  on  alloys  with  higher  Cr  contents  contributes  to  an  increased  resistance 
to  pit  propagation. 


4.  Conclusions 

1)  Cyclic  potentiodynamic  polarization  curves  showed  that  all  A^Ti-Cr  alloys  lead  to 
spontaneous  passivation  after  immersion  in  deaerated  3.5  wt.%  NaCl  solution  at  room 
temperature  and  Ecorr,  Epit  and  (Eprot-Ecorr)  increased  with  increasing  Cr  content, 
indicating  increased  relative  resistance  to  localized  corrosion. 

2)  Nyquist  plot  showed  a  single  and  perfect  semicircle  at  the  passive  states.  Here,  the 
high  Rp  values  were  due  to  a  protective  passive  film  formed  on  the  surface  of  AETi- 
Cr  alloys. 

3)  The  shape  of  Nyquist  plot  exhibited  a  depressed  semicircle  at  the  transpassive  states. 
The  Rp  parameter  increased  and  the  depression  angle,  which  is  strongly  related  to 
microscopic  roughness  of  the  interface,  decreased  with  increasing  Cr  content.  It 
means  increased  relative  resistance  to  pitting  corrosion  as  Cr  content  increased. 

4)  From  AES  and  EDS  analyses,  it  was  evident  that  Cr  in  AETi-Cr  alloys  inhibited  pit 
initiation  and  Ti  in  AETi-Cr  alloys  also  prevented  pit  propagation.  That  is,  it  can  be 
said  that  the  simultaneous  Cr  and  Ti  addition  of  AETi-Cr  alloys  exhibits  synergistic 
effect  on  improving  pitting  resistance. 
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Table  1 .  Chemical  compositions  of  the  prepared  AbTi-Cr  alloys 


Designation 

Al(at.%) 

Ti(at.%) 

Cr(at.%) 

Al67Ti25Cr8 

66.8 

25,5 

7.7 

Al66Ti24Crio 

65.5 

24.4 

10.1 

Al59Ti26Cri5 

59.0 

25.9 

15.1 

Table  2.  Electrochemical  corrosion  characteristics  in  deaerated  3.5wt.%  NaCl  solution 


Material 

EcoirCmV) 

Eprot(mV) 

Epi.(mV) 

Eprot"E'corr(mV) 

Al67Ti25Cr8 

-599.00 

-504.00 

-186.00 

95.00 

Al66Ti24Crio 

-468.00 

-52.01 

119.00 

Al59Ti26Cri5 

-556.00 

-177,00 

53.99 

379.00 

Table  3,  Results  of  the  analysis  of  impedance  diagrams  at  the  transpassive  states 


Material 

Rp(kQcm^) 

Depression  angle(degree) 

Al67Ti25Cr8 

638 

-25.4 

Al66Ti24Crio 

940 

-11.9 

Al59Ti26Cri5 

1431 

-7.0 

Table  4.  Results  of  EDS  analysis  inside  pits 


Material 

Al(at.%) 

Ti(at.%) 

Cr(at.%) 

Al67Ti25Cr8 

67.82 

25.85 

6.33 

Al66Ti24Crio 

57.93 

30.10 

11.97 

Al59Ti26Cr]5 

44.33 

40.17 

15.50 
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Current  Density(A/cm^) 


Fig.  1. 


Cyclic  anodic  polarization  curves  of  A^Ti-Cr  alloys  in  deaerated  3.5  wt.%  NaCl 

solution. 


Fig.  2.  Nyquist  plots  for  AlaTi-Cr  alloys  at  the  passive  states. 


Fig.  3,  Nyquist  plots  for  AlsTi-Cr  alloys  at  the  transpassive  states. 


(b)  (c) 

Fig.  4.  Depth  profile  of  elements  of  Af^iTi-Cr  alloys  at  the  passive  states  (a)  Al67Ti25Cr8 

(b)  Al66Ti24Cr]o  (c)  Al59Ti26Cri5. 


(a) 


(b)  (c) 

Fig.  5.  SEM  micrographs  of  AETi-Cr  alloys  in  the  pitting  region  (a)  Al67Ti25Cr8  (b) 

Al66Ti24Crio  (c)  Al59Ti26Cri5. 
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ABSTRACT 

The  sulfidation  and  oxidation  behavior  of  an  amorphous  58Nb-38Al-4Si(at.%)  coating 
sputter-deposited  by  a  d.  c.  magnetron  sputtering  has  been  studied  over  the  range  of  700- 
900°C  under  0. 1  atm  of  pure  S2(g)  and  1  atm  of  air,  respectively.  The  coating  approximately 
followed  the  parabolic  sulfidation  and  oxidation  rate  law,  and  displayed  superior  resistance  to 
sulfidation  and  oxidation.  The  coating  sulfidized  to  AI2S3  and  NbS2  which  protects  the 
substrate.  The  coating  oxidized  to  Ti02,  AlNb04  and  K-AI2O3  which  acts  as  an  oxidation 
barrier. 

1.  INTRODUCTION 

In  many  branches  of  modem  technologies  such  as  high-temperature  gas  turbines, 
petrochemical  units,  and  coal  gasfication  systems,  structural  components  are  exposed  to  gases 
containing  both  sulfiir  and  oxygen.  Thus,  it  is  of  considerable  industrial  interest  to  develop 
new  sulfidation-  and  oxidation-resistant  alloys  or  coating.  Conventional  oxidation-resistant 
metallic  materials  have  poor  sulfidation  resistance  [1,2].  Interestingly,  niobium  has 
exceptionally  high  resistance  to  sulfidation,  because  its  sulfide,  NbS2,  has  surprisingly  low 
growth  rate  owing  to  the  very  low  defect  mobility  in  spite  of  its  large  defect  concentrations 
[3].  However,  niobium  unfortunately  oxidizes  very  fast  even  from  moderate  temperatures, 
because  of  high  volatility  of  Nb-oxides  [4]. 

Based  upon  the  previous  works  on  the  sputter-deposited  amorphous  Al-Nb(-Si)  alloys  [5-9], 
we  have  recently  reported  sulfidation  and  oxidation  behavior  of  sputter-deposited  amorphous 
Nb-Al-Si  coatings  [10,11].  It  would  therefore  be  of  interest  to  compare  and  discuss  the 
similarities  and  differences  in  sufidation  and  oxidation  behavior  of  amorphous  Nb-Al-Si 
coating.  The  characteristics  of  the  scales,  and  the  mutual  interaction  between  the  coating  and 
the  substrate  materials  during  sufidation  and  oxidation  will  be  discussed. 

2.  EXPERIMENTAL 

A  ternary  amorphous  coating,  the  composition  of  which  being  58Nb-38Al-4Si(at%),  was 
applied  on  both  sides  of  substrates  by  using  a  d.  c.  magnetron  sputter  under  a  purified  Ar 
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atmosphere  of  about  10'^  ton*.  The  substrate  used  for  sulfidation  tests  was  austenitic  stainless 
steel  (SUS  304;  Fe  70.9%,  Cr  20,3%,  Ni  7.5%,  Mn  0.9%,  Si  0.4%),  whereas  that  used  for 
sulfidation  tests  was  titanium  (Ti  balance,  H<0.013%,  O<0.20%,  N<0.05%,  Fe<0.25%).  The 
sputtering  targets  were  composed  of  pure  aluminum,  niobium,  and  silicon  plates.  The 
substrate  size  was  about  lOxlOxO.lmm^. 

Sulfidation  tests  were  performed  over  a  range  of  700-900°C  under  0. 1  atm  of  pure  S2(g)  for 
up  to  30  hr  [10].  Oxidation  tests  were  performed  at  the  same  temperatures  in  atmospheric  air 
for  up  to  240  hr  [11].  The  weight  changes  during  tests  were  continuously  monitored  using 
thermogravimetric  analyzer  (TGA).  The  chemical  composition  and  morphology  of  tested 
specimens  were  examined  by  X-ray  diffraction  (XRD),  and  scanning  electron  microscopy 
(SEM)  equipped  with  an  energy  dispersive  X-ray  spectroscopy  (EDS). 

3.  RESULTS  AND  DISCUSSION 

Fig.  la  shows  the  sulfidation  kinetics,  and  Fig.  lb  shows  the  oxidation  kinetics  of  Nb-38A1- 
4Si  coating  in  the  temperature  range  of  700-900°C.  For  comparison,  the  kinetics  of  uncoated 
specimens  is  also  included.  Decrease  in  sulfidation/oxidation  resistance  of  both  uncoated  and 
coated  specimens  with  an  increase  in  temperature  is  clearly  seen.  The  kinetics  of  the  coated 
specimens,  except  the  sulfidized  one  at  900°C  (Fig.  la),  approximately  follows  the  parabolic 
rate  law,  indicating  that  the  kinetics  is  controlled  by  a  diffusion  process.  It  is  evident  that  the 
coated  specimens  display  excellent  resistance  compared  with  uncoated  specimens  which  show 
almost  no  sign  of  protective  scale  formation  at  high  temperatures.  This  suggests  that  the 
coating  enables  broad  utilizations  in  hostile  environments  containing  both  oxygen  and  sulfur. 


Time  (h)  Time  (h) 

Fig.  1.  (a)  Sulfidation  kinetics  of  a  stainless  steel  with  and  without  Nb-Al-Si  coating, 

(b)  oxidation  kinetics  of  a  Ti  substrate  with  and  without  Nb-Al-Si  coating. 

X-ray  diffraction  tests  revealed  that  the  sulfide  scale  consisted  primarily  of  3s-NbS2,  AI2S3 
and  FeCr2S4  (FeS*Cr2S3),  whereas  the  oxide  scale  was  composed  of  Ti02and  some  K-AI2O3 
and  AlNb04.  Though  silicon  ions  within  the  oxide  scale  were  detected  by  EDS  analyses, 
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neither  Si-oxides  nor  silicates  were  detected,  probably  due  to  their  amorphous  nature. 


Fig.  2.  Cross-sectional  scale.  SEM  image  of  Nb-Al-4Si  coating  sputter-deposited  on  a 
stainless  substrate  after  sulfidaion  at  900°C  for  1  h. 

Fig.  2  shows  a  typical  cross-sectional  scale  after  sulfidation  at  900°C  for  1  h.  The  etched 
micostucture  was  divided  into  areas  of  A-E.  The  corresponding  EDS  analyses  revealed  an 
outer  scale  of  less-adherent  AI2S3  (area  A),  and  an  inner  scale  of  protective  NbSi  (area  B). 
Beneath  these  sulfide  scales,  a  retained  Nb-Al-Si  coating  existed  (area  C).  All  these  three 
layers  had  some  of  dissolved  Fe,  Cr  and  Ni,  which  evidently  came  from  the  substrate.  Below 
the  area  C,  a  distinct  depleted  zone  of  substrate  elements  was  seen  (area  D),  which  have  arisen 
due  to  the  preferential  outward  diffusion  of  substrate  elements. 


Fig.  3.  Cross-sectional  scale.  SEM  image  of  Nb-Al-4Si  coating  sputter-deposited  on  a  Ti 
substrate  after  oxidation  at  900°C  for  30  h. 

Fig.  3  shows  a  typical  cross-sectional  microstructure  after  oxidation  at  900°C  for  30  h.  The 
microstructure  can  be  divided  into  an  oxide  layer,  a  retained  coating,  Nb-Al-Ti  reaction  zone, 
and  a  Ti  substrate.  The  reaction  zone  exists  at  the  interface  of  the  coating  and  substrate. 


975 


Unlike  the  bilayered  sulfide  scale,  the  oxide  scale  is  rather  single-layered,  consisting  of 
mixtures  of  Ti02,  AlNb04  and  K-AI2O3. 


4.  CONCLUSIONS 

A  ternary  amorphous  coating  of  58Nb-38Al-4Si  (at%)  was  sulfidized  and  oxidized  between 
700  and  POO'^C  in  air.  The  coating  displayed  significant  increase  in  sulfidation  and  oxidation 
resistance.  The  sulfide  scale  was  bilayered,  consisting  of  an  outer  nonprotective  AI2S3  layer, 
and  an  inner  protective  NbS2  layer.  The  oxide  scale  was  single-layered,  consisting  of  mixed 
oxides  of  Ti02,  AlNb04  and  K-AI2O3.  The  activity,  growth  rate,  and  availability  of  Nb  and  A1 
from  the  coating  seem  to  be  responsible  for  the  observed  scale  structure.  Silicon  inside  the 
coating  was  not  detected  in  the  sulfide  scale,  but  was  found  in  the  oxide  scale. 
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ABSTRACT 

Aqueous  corrosion  characteristics  of  iron  aluminides  in  thiosulfate-chloride  solution  were 
studied  as  a  function  of  Mo  addition.  Four  kinds  of  iron  aluminides,  namely,  FA-72(Fe-28Al- 
4Cr),  FA-138(Fe-28Al-4Cr-0.5Mo),  FA-139(Fe-28Al-4Cr-lMo)  and  FA-140(Fe-28Al-4Cr- 
2Mo),  were  prepared  by  arc  melting  followed  by  thermomechanical  treatment.  An  aerated 
thiosulfate-chloride  solution  was  used  to  simulate  a  sulfur-bearing  environment.  The 
corrosion  behavior  in  thiosulfate-chloride  solution  for  the  prepared  alloys  was  investigated  by 
electrochemical  corrosion  tests(cyclic  polarization  test,  potentiostatic  test  and  electrochemical 
impedance  spectroscopy(EIS)  measurement)  and  surface  analysis(AES).  The  results  of  the 
cyclic  polarization  test  indicated  that  the  breakdown  potential  and  the  protection  potential 
increased  with  increasing  Mo  content.  EIS  measurements  showed  that  Mo  addition  to  iron 
aluminides  creates  dramatic  increase  in  impedance  values  by  a  repassivation  process.  The 
SEM  observations  of  surface  morphology  after  corrosion  tests  showed  that  the  iron 
aluminides  containing  Cr  and  Mo  had  far  fewer  pits  than  that  only  containing  Cr.  The  AES 
results  gave  evidence  that  the  thiosulfate  ions  are  reduced  on  the  metallic  surface,  which 
inhibits  the  repassivation  process. 


1.  INTRODUCTION 

Intermetallic  alloys  are  one  of  the  most  interesting  new  classes  of  metallic  materials  by 
virtue  of  their  superior  characteristics.  For  example,  the  ordered  intermetallic  iron  aluminides 
represent  attractive  candidates  for  high  temperature  applications  because  they  have  excellent 
oxidation  and  sulfidation  resistances  at  high  temperatures  due  to  protective  aluminum 
oxide(Al203)  scales[l].  Another  strong  point  of  iron  aluminides  is  their  low  density  (p  =  6.6 
g/cm^)  compared  to  steels(p  =  7.8  g/cm^)  and  nickel-based  alloys(p  =  8.5  g/cm^).  However, 
the  major  limitations  of  these  materials  are  their  low  ductility  at  room  temperatures  and  a 
shai^  drop  in  mechanical  strength  above  600 °C  [2].  These  properties  can  be  improved  by 
adding  ternary  elements  such  as  Cr,  Mo,  and  Mn[3-5].  Iron  aluminides  have  a  wide  range  of 
uses  where  more  expensive  stainless  steels  and  nickel-based  alloys  are  being  used(e.g., 
automobile  exhaust  system,  gas  clean-up  system,  and  fossil  energy  production  area  in  sulfur¬ 
bearing  environments).  In  these  environments,  thiosulfate  anions  may  be  present  with 
chloride  ions.  It  was  proved  that  these  species  exert  a  detrimental  influence  on  the  pitting 
behavior  of  Fe-Cr-Ni  alloys[6].  Furthermore,  in  sodium  chloride  solution  with  the  addition  of 
sodium  thiosulfate,  enhanced  pitting  corrosion  as  compared  with  that  found  in  pure  sodium 
chloride  solution  was  reported[7].  Although  thiosulfate  anions  alone  have  not  been  found 
aggressive  enough  to  cause  damage  to  stainless  steel,  they  have  been  shown  to  act  in  synergy 
with  other  common  ions,  such  as  chlorides  to  cause  severe  localized  corrosion[8].  In  order  to 
increase  the  application  of  iron  aluminides,  it  is  important  to  evaluate  their  aqueous  corrosion 
properties  in  a  sulfur-bearing  environment.  The  purpose  of  this  research  is  to  investigate  the 
effect  of  molybdenum  on  the  corrosion  characteristics  of  the  iron  aluminides  in  thiosulfate- 
chloride  solution.  Electrochemical  methods  and  surface  analysis  techniques  were  used  to 
determine  the  pitting  resistance  of  iron  aluminides. 
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2.  EXPERIMENTS 


2.1  Materials  and  preparation 

Alloy  specimens  of  500g  were  prepared  by  arc-melting  the  constituent  elements  in  a  water- 
cooled  copper  crucible  in  a  chamber  backfilled  with  argon.  The  specimens  were  remelted  six 
times  for  homogeneity  and  then  were  drop  cast  into  a  copper  mold  to  form  ingots.  The  ingots 
were  hot-forged  50%  at  1,000°C,  hot-rolled  50%  at  800  u,  and  warm-rolled  70%  at  650  °C  to 
a  final  thickness  of  0.75mm.  Chemical  compositions  of  the  iron  aluminides  (at.%)  used  for 
experiments  are  given  in  Table  1.  Heat  treatment  was  stress  relieving  at  750“C  for  Ihour, 
followed  by  an  oil  quench,  which  produced  the  B2-ordered  structure. 

2.2  Electrolytes 

It  was  suggested  earlier  that  the  ratio  of  chloride  to  thiosulfate  concentration  would  control 
the  occurrence  of  pitting  as  the  overall  ionic  strength  is  valid[9,10].  In  the  present  study,  an 
aerated  thiosulfate-chloride  solution  was  used  to  simulate  a  sulfur-bearing  environment.  The 
chloride-thiosulfate  ratio  was  5  (Chloride  50ppm  /  thiosulfate  lOppm).  Solution  was  aerated 
with  pure  air  at  a  flow  rate  of  lOcc/min. 

2.3  Investigation  methods 

Each  specimen  was  mounted  in  a  cured  epoxy  resin  and  polished  to  600-grit  silicon  carbide 
paper.  To  prevent  the  initiation  of  crevice  corrosion  between  the  epoxy  and  the  specimen,  the 
epoxy-specimen  interface  was  painted,  leaving  an  exposed  area  of  Icm^  on  the  material 
surface.  For  each  material  and  electrolyte  combination,  the  corrosion  sample  was  allowed  to 
stabilize  in  the  electrolyte,  until  the  potential  change  was  <  ImV/min.  This  potential  then  was 
taken  as  the  open-circuit  potential(OCP).  To  insure  reproducibility,  at  least  three  replicates 
were  run  for  each  specimen.  The  cyclic  potentiodynamic  polarization  test  was  carried  out  at 
room  temperature  in  a  typical  three-electrode  with  the  specimen  as  the  working  electrode,  a 
saturated  calomel  reference  electrode(SCE),  and  pure  graphite  counter  electrodes.  The 
specimen  was  scanned  potentiodynamically  at  a  rate  of  0.166mV/s  to  a  potential 
corresponding  to  a  current  density  of  lO'^A/cm^.  At  this  point,  the  scan  direction  was  reversed. 
The  downscan  was  continued  until  the  protection  potential  was  identified.  The  potentiostatic 
tests  were  performed  to  examine  the  tendency  of  breakdown(pit  propagation)  as  a  function  of 
Mo  content.  After  potentiostatic  test,  electrochemical  impedance  spectroscopy(EIS) 
measurements  were  investigated  to  compare  the  impedance  behavior.  EIS  measurements  were 
performed  in  the  frequency  range  between  lOkHz  and  lOmHz.  Sinusoidal  voltage  of  ±  5mV 
was  supplied  and  DC  potential  was  set  to  corrosion  potential.  To  investigate  the  relationship 
between  the  repassivation  behavior  and  surface  morphology  of  pitting,  the  surfaces  were 
examined  by  scanning  electron  microscopy (SEM)  after  EIS  measurement.  Elemental 
concentration  profiles  through  the  repassivated  pits  were  obtained  using  Auger  electron 
spectroscopy(AES)  in  conjunction  with  argon  ion  sputtering.  A  Perkin-Elmer  Physical 
Electronics  Model  PHI  680  was  used  for  AES  analyses.  The  sputter  rate  was  calibrated  to  33 
A/min  on  Si02. 

3.  RESULTS  AND  DISCUSSION 

The  cyclic  anodic  polarization  curves  of  the  four  iron  aluminides  are  presented  in  Fig.  1. 
From  these  data,  Ecorr,  Epit,  Eprot  are  given  in  Table  2.  All  the  alloys  passivated  in  these 
thiosulfate-chloride  solutions.  However,  polarization  above  the  breakdown  potential  resulted 
in  a  marked  increase  in  current  density  as  the  result  of  the  initiation  of  pitting.  The  passive 
current  densities  are  shown  to  be  decreased  by  increasing  Mo  content,  which  was  a  result  of 
more  stable  passive  film  on  the  surface.  Ecorr  and  Ep^t  increased  with  increasing  Mo  content, 
indicating  increased  relative  resistance  to  pitting  corrosion.  While  little  difference  in  Epjt  is 
seen  between  FA-72,  FA-138  and  FA-139,  Mo  clearly  prevents  pitting  entirely  in  the  passive 
range  of  potential.  For  a  better  understanding  of  the  effect  of  Mo  on  the  pitting  corrosion, 
potentiostatic  tests  and  EIS  measurements  were  performed.  Fig.  2  shows  the  result  of 
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potentiostatic  tests  performed  at  an  applied  potential  of  592mVscE.  The  applied  potential  was 
based  on  the  data  from  polarization  curves  in  Fig.  1,  corresponding  to  the  breakdown  potential 
of  FA- 140.  The  current  density  increased  and  then  it  remained  almost  constant  through  the 
experiment.  The  current  density  reveled  that  the  addition  of  Mo  to  iron  aluminides  increased 
the  resistance  to  pitting  corrosion.  The  increased  current  density  would  be  directly  related  to 
the  pit  initiation  and  propagation.  The  current  density  in  the  steady  state  decreases  with  an 
increase  in  Mo  content  and  the  values  are  9,  3,  1.5  and  1.3  niA/cnf  for  FA-72,  FA-138,  FA-139 
and  FA- 140,  respectively.  EIS  measurements  were  first  performed  just  after  potentiostatic  test 
and  then  accomplished  every  24hours  for  2days  to  investigate  the  repassivation  process.  Fig. 
3(a)  shows  Nyquist  plots  of  iron  aluminides  just  after  potentiostatic  test.  The  diameter  of  arc 
increased  with  Mo  content.  The  increase  in  diameter  of  the  arc  indicated  an  increase  in  the  Rp 
value.  Such  an  increase  in  Rp  is  attributed  to  a  improved  pitting  resistance.  Fig.  3(b)  and  (c) 
show  Nyquist  plots,  measured  after  24  hours  and  48  hours.  And  Fig.  3(d)  represents  the  Rp 
values  as  a  function  of  exposure  times.  These  results  indicated  that  the  addition  of  Mo  creates 
dramatic  increase  in  Rp  by  a  repassivation  process.  In  the  absence  of  Mo,  the  barrier  layer  was 
not  formed  so  efficiently  following  repassivation.  Fig.  4  shows  the  scanning  electron 
micrographs  of  pitting  after  the  EIS  measurements.  Some  pits,  caused  by  S203^‘  and  Cf  were 
formed  on  FA-72,  and  the  number  of  pits  was  reduced  for  FA- 13 8,  and  few  pits  on  FA- 139 
and  FA- 140.  The  size  and  the  number  of  pits  decreased  with  increasing  Mo  content.  Fig.  5 
presents  the  results  of  an  AES  analysis  of  the  repassivated  surfaces  and  shows  their  in-depth 
profiles  of  Cr  and  Mo  contents.  Repassivation  for  Mo  bearing  alloys  did  not  indicate  evidence 
of  Mo  enrichment  in  the  film  or  metal  interface.  Instead,  it  appears  that  only  Cr  is  enriched. 
This  is  because  passive  film  formation  subsequent  to  the  repassivation  stage  leads  to  retention 
of  Cr  in  the  oxide  phase  and  loss  of  Mo,  thus  reducing  the  total  Mo  concentration  near  the 
oxide  surface[ll,12].  Mo  promotes  the  enrichment  of  Cr  inside  the  pit  and  passive  film  on 
alloys,  which  contributes  to  an  increased  resistance  to  pit  propagation.  AES  analyses  also 
detected  sulfur  species  on  the  surfaces  of  specimens(Fig.  6).  The  results  gave  the  evidence 
that  the  thiosulfates  are  reduced  to  absorbed  sulfur,  which  inhibits  the  repassivation  process 
once^itting  has  initiated.  The  sequence  of  reaction  is  explained  as  following[13,14].  At  first, 
S2O3  '  was  oxidized  to  form  S  by  the  following  reaction. 

S203''+H^=>S  +  HS03“ 

S  was  further  oxidized  and  incorporated  with  according  to  the  following  reaction. 

S  +  2H‘^+2e=>H2S 

It  was  possible  that  the  pre-existing  metal  oxide  reacted  with  H2S  to  form  sulfide  in 
accordance  with  the  following  reaction. 

M0  +  H2S=>MS  +  H20 

After  sputtering,  sulfur  species  decreased  in  the  case  of  Mo  bearing  iron  aluminides.  This 
means  that  the  enriched  Cr  interrupted  the  absorbed  sulfur  species  to  diffusion  into  the  oxide 
or  metal.  Thus,  the  absorbed  depth  of  sulfur  species  was  different  as  a  function  of  Mo  content. 
Consequently,  the  benefit  of  alloying  with  Mo  appears  to  be  in  segregating  the  Cr  to  the  oxide, 
preventing  pitting  corrosion  caused  by  8203^'  and  Cf  . 

4.  CONCLUSIONS 

1)  The  pitting  corrosion  resistance  was  improved  by  adding  Mo,  which  increased  the 
pitting  and  repassivation  potential  compared  with  the  case  not  containing  Mo. 

2)  The  addition  of  Mo  to  iron  aluminides  containing  Cr  had  a  synergistic  effect  on  the 
pitting  resistance  of  iron  aluminides. 

3)  EIS  measurements  showed  that  Mo  additions  to  iron  aluminides  creates  dramatic 
increase  in  impedance(Rp)  by  a  repassivation  process. 

4)  The  presence  of  sulfur  species  on  the  corroded  surface  indicated  that  the  thiosulfates 
are  reduced  to  absorbed  sulfur,  which  inhibits  the  repassivation  process.  However,  the 
penetration  depth  of  the  absorbed  sulfur  species  decreased  with  Mo  addition. 

5)  By  enhancing  the  Cr  in  oxides.  Mo  additions  aid  in  the  development  and  stability  of  a 
repassivated  layer  which  further  provided  resistance  against  Cf  and  8203^"  ions  attack 
and,  therefore,  subsequent  pitting  corrosion. 


979 


REFERENCES 


1.  C.G.  Mckamey,  J.H.  Devan,  Mater.  Sci.  Eng.  A153  (1992)  573. 

2.  C.G.  Mckamey,  J.H.  Devan,  P.F.  Tortorelli  and  V.K.  sikka,/  Mater.  Res.  6  (1991)  1779. 

3.  C.G.  Mckamey,  J.A.  Houston  and  C.T.  Liu,  J.  Mater  Res.  4  (1989)  1156. 

4.  C.G.  Mckamey,  C.T.  Liu,  Scripta  Metall.  Mater  24  (1990)  2119. 

5.  D.G.  Morris,  M.M.  Dadras  and  M.A.  Morris,  Acta  Metall.  Mater  4\  (1993)  97. 

6.  J.  Gutzeit,  in  “Process  Industries  Corrosion”,  Edited  by  B.J.  Moniz,  W.l.  Pollock  (NACE, 
Houston,  TX.  1987)  p.  171. 

7.  R.  Roberge,  Corrosion  44  (1988)  274. 

8.  R.C.  Newman,  Corrosion  41  (1985)  450. 

9.  A.  Gamer,  Corrosion  41  (1985)  587. 

10.  J.O.  Park,  M.  Verhoff  and  R.  Alkire,  Electrochimica  Acta  42  (1997)  3281. 

11.  C.R.  Clayton  and  Y.C.  Lu,  J.  Electrochem.  Soc.,  133  (1986)  2465. 

12.  A.R.  Brooks,  C.R.  Clayton,  K.Doss  and  Y.C.  Lu,  J.  Electrochem.  Soc.,  133  (1986)  2459. 

13.  C.  Duret-thual,  D.  Costa,  W.P.  Yang  and  P.  Marcus,  Corrosion  Sci.  39  (1997)  913. 

14.  H.S.  Kuo,  H.  Chang  and  W.T.  Tsai,  Corrosion  Sci.  41  (1999)  669. 

Table  1 .  Chemical  compositions  of  iron  aluminides  (at.%) 


Fe 

A1 

Cr 

Mo 

FA-72 

68 

28 

4 

- 

FA-138 

67.5 

28 

4 

0.5 

FA- 139 

67 

28 

4 

1 

FA- 140 

66 

28 

4 

2 

Table  2.  Electrochemical  corrosion  characteristics  in  thiosulfate-chloride  solution 


Current  density  (A/cm*)  (sec) 

Fig.  1 .  Cyclic  polarization  curves  of  iron  Fig.  2.  Current  variation  with  time  at 
Aluminides  in  thiosulfate-chloride  solution  a  breakdown  potential  of  592mVscE. 
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Fig,  4,  Surface  morphologies  of  pitting:  (a)  FA-72,  (b)  FA-138,  (c)  FA-139  and  (d)  FA-140 


(a)  Cr 


(b)  Mo 


Fig.  5.  Depth  profiling  of  Cr  and  Mo  on  iron  aluminides  after  corrosion  tests. 


Fig.  6.  Depth  profiling  of  S  on  iron  aluminides  after  corrosion  tests. 
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ABSTRACT 

TiAl  alloys  are  coated  by  two  different  processes  with  a  simple  aluminide  coating  and  a 
Cr+Al-type  composite  coating  for  the  improvement  of  oxidation  resistance  of  TiAl  alloy.  The 
simple  aluminizing  is  applied  to  TiAl-XNb(X=l,2,4,6at%)  alloys.  The  Cr+Al-type  composite 
coating  is  performed  by  Cr  evaporation  on  the  TiAl  alloys  substrate  followed  by  pack 
aluminizing.  The  simple  aluminide  coating  applied  to  the  Nb-added  TiAl  alloys  shows 
considerable  improvement  of  ductility  and  oxidation  resistance.  This  is  mainly  due  to  grain 
refinement  of  Nb-added  coating  layer.  The  Cr+Al-type  composite  coating  forms  two  layers  of 
the  inner  TiAb  and  the  outer  AUCr.  However,  after  200h  isothermal  oxidation,  these  coating 
layers  are  changed  to  LU-type  Ti(Al,Cr)3  layer.  This  layer  shows  much  better  ductility  out  of 
other  coating  layers  and  excellent  oxidation  resistance  through  cyclic  oxidation  test.  Also,  the 
amount  of  imperfections  such  as  crack  in  the  coating  layer  was  reduced  considerably 


1.  INTRODUCTION 

The  poor  oxidation  resistance  of  TiAl  alloys  may  be  improved  to  a  certain  extent  by  addition 
of  alloying  elements  such  as  Nb,  Mo,  and  W.  However,  improvement  of  oxidation  resistance 
by  addition  of  these  elements  is  not  enough  for  practical  applications  and  these  elements  may 
have  a  deleterious  effect  on  the  mechanical  properties  of  TiAl  alloys.  Therefore,  surface 
coating  is  considered  as  more  attractive  method  to  improve  the  oxidation  resistance  of  TiAl 
alloys.  Out  of  various  surface  coating  technologies  available  commercially,  pack  aluminizing 
is  widely  used  as  a  coating  method  for  high  temperature  alloys  because  of  its  practical 
advantages  over  other  coating  methods.  The  pack  aluminizing  of  TiAl  forms  TiAls  coating 
layer.  Due  to  the  sufficient  amount  of  A1  in  the  TiAb  coating  layer,  stable  AI2O3  is  formed  as 
exposed  to  high  temperature  oxidation  atmosphere\  But  TiAl3,  coating  layer  formed  on  the 
TiAl  alloy,  is  quite  brittle  and  has  poor  cracking  resistance  under  mechanical  and  thermal 
stress  during  pack  process,  which  limits  the  oxidation  resistance  of  TiAl  alloy  by  pack 
cementation^'^. 

In  fact,  much  work  has  been  conducted  on  the  transformation  of  the  crystal  structure  through 
addition  of  ternary  alloying  elements  to  improve  ductility  of  TiAb.  Ternary  alloying  elements 
such  as  Ni,  Fe,  Cu,  Mn,  Ag,  and  Nb  and  Cr  were  confirmed  to  change  crystal  structure  of 
TiAb  from  low  symmetry  D022to  high  symmetry  LI 2^'^.  Especially,  TiAb  alloys  modified 
with  Cr  addition  were  reported  to  have  better  oxidation  resistance  and  compressive  ductility 
than  those  alloyed  with  other  ternary  elements^'^®.  Furthermore,  this  LI2  type  Ti(Al,Cr)3  and 
Llo  type  TiAl  alloys  resemble  each  other  very  closely  in  crystal  structure  and  lattice 
parameter  '  .  Therefore,  the  formation  of  LI2  Ti(Al,Cr)3  on  TiAl  substrate  can  be  considered 
as  quite  desirable  structure  for  minimizing  defects  formation  in  the  coating  layer  during  pack 
process. 

In  this  study,  to  improve  the  oxidation  resistance  of  TiAl  alloy  by  increasing  ductility  of  TiAb, 
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TiAl  alloys  were  coated  by  two  different  processes  with  simple  aluminide  coating  and  a 
Cr+Al-type  composite  coating.  Simple  aluminizing  was  applied  to  TiAl-XNb(X=l,2,4,6at%) 
alloys.  The  Cr+Al-type  composite  coating  was  performed  by  Cr  evaporation  on  the  TiAl 
alloys  substrate  followed  by  pack  aluminizing. 

2.  EXPERIMENTAL  PROCEDURE 

The  button  ingots  were  prepared  by  vacuum-arc  melting.  The  arc  melted  ingots  were 
homogenized  at  1150°C  for  72h  in  a  vacuum  quartz  tube  and  then  furnace  cooled  to  room 
temperature.  Each  ingot  was  sliced  to  obtain  lOx  13x  2mm  in  size  by  EDM  (electrical 
discharge  machining)  and  all  sliced  specimens  were  polished  to  No.  1500  with  SiC  paper  and 
ultrasonically  cleaned  in  acetone.  The  specimens  in  this  study  were  TiAl  and  Nb-added  TiAl 
alloys.  The  content  of  Nb  was  controlled  as  1,  2, 4  and  6  atomic  percent  (a/o). 

2.1.  simple  aluminide  coating 

Pack  aluminizing  was  done  by  a  high  activity  process.  In  the  pack  cementation,  NH4CI 
powder  was  used  as  an  activator, AI2O3  powders  as  a  filler  material,  and  Ar  gas  as  a  cairier  gas. 
Pack  composition  was  composed  of  15%Al+3%NH4Cl+82%Al203  and  pack  aluminizing  was 
performed  at  900°C  for  6hrs. 

2.2.  Cr+Al-type  composite  coating 

This  Cr+Al  composite  coating  was  applied  to  TiAl  alloys  with  no  Nb.  For  Cr  evaporation.  Cr 
source  (purity  99.9%)  was  placed  in  a  copper  crucible  and  vaporized  by  heating  with  an 
electron-beam  source.  The  initial  vacuum  level  of  the  chamber  and  the  substrate  temperature 
were  set  at  10'^  ton*  and  360°C,  respectively.  The  acceleration  voltage  of  the  electron  beam 
was  lOKV  and  emission  current  was  80mA.  The  10~15pm  thickness  of  Cr  layer  was  obtained 
by  depositing  for  Ihr,  After  Cr  evaporation  on  TiAl  alloy,  the  specimens  were  pack 
aluminized  as  the  same  eondition  as  the  simple  aluminizing. 

For  the  analysis  of  microstructure  and  compositional  distribution  of  coating  layer,  OM 
(optical  microscopy)  and  SEM  (scanning  electron  microscopy)  were  used,  respectively. 
Sometimes,  for  analysis  of  small  precipitates  in  the  coating  layer,  FESEM  (field  emission 
SEM)  was  used.  Toughness  of  the  coating  layer  was  determined  by  using  a  microhardness 
tester.  Evaluation  of  the  oxidation  resistance  of  the  specimen  was  carried  out  by  isothermal 
and  cyclic  oxidation  tests  at  1000°C.  Cyclic  oxidation  was  performed  in  a  tube  furnace 
equipped  with  a  program  controller.  For  each  cycle,  the  specimens  were  exposed  at  1000°C 
for  2h  and  cooled  to  140°  for  Ih. 

3.  RESULTS  &  DISSCUSION 
3.1.  Simple  aluminide  coating 

As  shown  in  Figure  1,  the  Nb  addition  to  TiAl  affects  microstructure  of  the  coating  layer.  As 
the  content  of  Nb  is  inereased,  the  number  of  cracks  in  the  coating  layer  becomes  reduced,  the 
grain  size  of  coating  layer  becomes  finer  and  the  coating  thickness  becomes  thicker.  As 
shown  in  Table  1,  the  microhardness  test  reveals  that  addition  of  Nb  in  TiAl  alloys  improves 
the  ductility  of  the  coating  layer  and  eracking  resistance.  To  understand  the  effect  of  Nb 
addition  on  the  improvement  of  coating  ductility,  all  the  specimens  were  analyzed  using  X-ray 
diffractometry  and  Unit  Cell  program  (Tim  Holland  and  Simon  Redfem,  Cambridge 
University, UK)  for  calculation  of  lattice  parameter.  Table  2  lists  lattice  parameters  of  the 
coating  layer  formed  on  each  specimen.  The  value  of  c/a  ratio  must  be  less  than  2  or  more 
than  2.4  for  the  transformation  from  DO22  to  Lb  structure’ ^  As  shown  in  Table  2,  however, 
c/a  ratios  of  coating  layers  do  not  meet  the  condition  for  the  transformation  from  DO22  to  Lb 
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structure.  Therefore,  it  is  clear  that  the  Nb  addition  didn’t  have  any  effect  on  the 
transformation  from  DO22  to  LI2  structure  of  the  coating  layer.  Improvement  of  ductility  and 
cracking  resistance  of  coating  layer  through  Nb  addition  seems  to  be  due  the  fact  that  Nb  in 
TiAls  refines  grain  size  of  the  TiAb  coating  layer. 


Figure  1.  Microstructures  of  aluminide  coating  on  TiAl  alloys 
(a)  TiAl,  (b)  TiAl-lNb,  (c)  TiAl-2Nb,  (d)  TiAl-4Nb,  (e)  TiAl-6Nb 


Table  1.  Vickers  microhardness  readings  of  aluminized  coating  layer 


TiAl  alloy 

Hv 

Crack  load 

TiAl 

540  (20g) 

50 

TiAl-lNb 

427  (lOOg) 

150  . 

TiAl-2Nb 

401  (lOOg) 

200 

TiAl-4Nb 

397(100g) 

200 

TiAl-6Nb 

384  (lOOg) 

300 

Table  2.  The  c/a  ratio  of  TiAl;^  structure 


TiAl-alloys 

Lattice  Parameter 

c/a  ratio 

TiAl 

a:  3.844±0.00I 

c:8.598  ±0.001 

2.237 

TiAl-lNb 

a:3.852±0.002 

c:8.617  ±0.002 

2.237 

riAl-2Nb 

a:3.^14±0.002 

c:a602  ±0.004 

2.237 

TiA14Nb 

a:  3.853±0.02 

c:a598±0.01 

2.235 

TiAl-6Nb 

a:3.856t0.007 

c:a618  ±0.004 

2.235 

Cyclic  oxidation  test  was  performed  to  evaluate  the  stability  of  the  coating  layer.  Figure  2 
shows  a  plot  of  the  weight  change  per  unit  area  of  the  specimen  vs.  the  number  of  cycles  after 
test  performed  at  1000°C.  As  shown  in  Figure  2,  in  general,  the  Nb  addition  to  TiAl  alloys 
improves  oxidation  resistance.  As  the  content  of  Nb  is  increased,  the  weight  gain  of  TiAl 
alloys  tends  to  be  reduced.  Especially,  the  TiAl  alloys  with  Nb  content  of  4-6at%  show 
excellent  thermal  stability  of  coating  layer  even  after  IbOOcycles.  On  the  other  hand,  TiAl 
without  Nb  addition  is  degraded  less  than  100  cycles.  Figure  3  shows  a  typical  surface 
morphology  and  cross-sectional  analysis  on  the  coating  layer  with  protrusion  of  Ti02  which 
forms  on  TiAl  alloys.  Cracks  were  observed  in  the  immediate  vicinity  of  Ti02  beneath  which 
AI2O3  and  Al203+Ti02  layers  were  formed.  It  is  clearly  seen  that  the  TiAl  substrate  was 
oxidized  directly  by  oxygen  penetration  through  the  crack.  Ti02  formation  by  direct  oxidation 
of  the  TiAl  substrate  causes  volume  expansion  in  the  coating  layer,  and  this  leads  to  spallation 
of  the  TiAl3  coating  layer  and  consequently,  a  faster  degradation  of  the  coated  TiAl  alloy  with 
no  Nb.  On  the  other  hand,  in  case  of  the  Nb-added  TiAl  alloys,  no  protrusion  of  Ti02  was 
observed. 
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Figure  2.  Cyclic  oxidation  test  result  of  aluminized  TiAl  alloys  at  1000°C 
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Figure  3.  Surface  image  and  cross  sectional  analysis  on  the  coating  layer 
with  protrusions  of  Ti02 

3.2.  Cr+ A1  type  composite  coating 

Figure  4  shows  the  cross-sectional  microstructures  of  the  composite  coating  layer  after  the 
isothermal  oxidation  test  at  1000°C.  The  identification  of  phases  in  the  coating  layer  was 
confirmed  by  EDS  data  and  ternary  phase  diagrams  of  Ti-Al-Cr  system  in  the  literatures 
Initial  coating  layer  was  composed  of  two  layers;  the  inner  layer  of  TiAla  and  the  outer  layer 
of  AUCr.  As  shown  in  Figure  4,  the  desirable  coating  layer  of  Ll2-type  Ti(AhCr)3  not 
obtained  after  two-step  coating,  but  it  was  obtained  during  isothermal  oxidation.  The  LI  2-type 
Ti(Al,Cr)3  was  formed  in  the  coating  layer  by  interdiffusion  among  all  the  elements  in  the 
composite  coating  layer.  After  50h  oxidation,  TiAl2  layer  between  substrate  TiAl  and  TiAls 
was  formed  by  the  inward  diffusion  of  A1  and  the  outward  diffusion  of  Ti.  Also,  the  outer 
AUCr  layer  formed  after  two-step  coating  was  found  to  be  changed  to  Ali7Cr9  through  EDS 
analysis.  This  is  considered  to  be  mainly  due  to  the  inward  diffusion  of  A1  from  A^Cr  layer. 
The  inward  diffusion  of  Cr  was  not  significant.  The  compositional  distribution  and 
microstructure  after  50h  oxidation  were  similar  to  those  after  lOOh  oxidation  except  small 
decrease  in  thickness  of  Ali7Cr9  layer  and  small  increase  in  thickness  of  inner  two  layers.  But 
after  200hr  oxidation,  inward  diffusion  of  both  A1  and  Cr  from  the  outer  Ali7Cr9  layer 
changed  effectively  the  outer  layer  to  LI  2-type  Ti(Al,Cr)3,  but  with  higher  rate  of  A1  diffusion. 
This  coating  layer  is  desirable  for  improvement  of  ductility  of  coating  layer. 

To  evaluate  mechanical  property  of  coating  layers,  Vickers  microhardness  test  was  performed. 
The  measured  hardness  values  of  coating  layers  were  roughly  consistent  to  those  in  the 
literatures^’ Especially,  in  case  of  LI  2-type  Ti(Al,Cr)3  coating  layer,  this  showed  the 
lowest  value  (about  170)  and  the  best  ductile  structure  among  others.  Comparing  with  the 
hardness  reading  of  bulk  L^-type  Ti25Al67Cr8  reported  in  the  literature,  the  difference  was 
about  20.  Considering  experimental  error  and  difference  in  specimen  preparation,  this 
difference  was  thought  to  be  comparable.  This  result  strongly  suggests  that  formation  of  LI 2- 
type  Ti(Al,Cr)3  layer  on  TiAl  is  the  most  desirable  structure  for  improvement  of  ductility  of 
coating  layer,  and  consequently  for  improvement  of  oxidation  resistance  of  coated  TiAl  alloy. 


Figure  4.  Cross-sectional  microstructure  of  TiAl  alloy  with  Cr+Al  composite  coating, 
(a)  after  composite  coating  (b)  after  50h  oxidation 
(c)  after  lOOh  oxidation  (d)  after  200h  oxidation 
®  AUCr,  (2)  TiAl3,  ®  TiAF,  ®  A\nCU),  ®  Cr.Al,  ®  Ll.-TiCAfCr)^ 


Figure  5  shows  cyclic  oxidation  test  result.  It  was  found  that  composite-coated  TiAl  alloy 
shows  5  times  better  oxidation  resistance  than  that  of  simple  pack  aluminized  TiAl  alloy. 


Figure  6.  shows  elemental  maps  of  surface  oxide  formed  on  the  coating  layer  after  cyclic 
oxidation  test.  Most  outer  layer  is  dense  and  stable  AI2O3  which  acts  as  an  effective  diffusion 
barrier  against  the  ingress  of  oxygen.  Compared  to  the  result  shown  in  Figure  3,  neither 
microcracks  nor  Ti02  protrusions  were  observed.  It  demonstrates  clearly  that  formation  of 
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Ti(Al,Cr)3  layer  with  LI 2  structure  can  suppress  development  of  crack  formation  under  cyclic 
thermal  stress,  and  thus  can  improve  the  oxidation  resistance  of  TiAl  alloys. 


Figure  6.  Elemental  maps  of  surface  oxide  formed  on  the  coating  layer  after  cyclic  oxidation 
test:  (1)  AI2O3,  (2)  Ll2-type  Ti(Al,Cr)3+Cr2Al+TiAl,  (3)TiAl2 


4,  SUMMARY 

1 .  Simple  aluminide  TiAE  coating  layer  becomes  thicker  and  microstructure  becomes  finer  as 
the  content  of  Nb  is  increased. 

2.  The  microhardness  test  of  simple  aluminide  TiAE  coating  layer  reveals  that  the  Nb  addition 
to  TiAl  alloy  improves  the  ductility  of  the  coating  layer  and  cracking  resistance  by  refining 
grain  size  of  TiAE  coating  layer  forming  on  TiAl  substrate  during  pack  aluminizing. 

3.  Composite  coating  (Cr  evaporation+  aluminizing)  on  TiAl  forms  two  layers;  the  outer 
AUCr  layer  and  the  inner  TiAE  layer.  However,  during  oxidation,  the  microstructure  of 
composite  coating  layer  was  changed  to  ductile  L^-type  Ti(Al,Cr)3  mainly  due  to  inward 
diffusion  of  aluminium  &  chromium  from  outer  layer. 

4.  Formation  of  ductile  LI  2-type  Ti(Al,Cr)3  layer  in  the  composite  coating  reduced 
considerably  crack  formation  in  the  coated  layer  during  oxidation  and  showed  significant 
improvement  of  oxidation  resistance  TiAl  alloy. 
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ABSTRACT 

This  paper  presents  Supersonic  Free-Jet  PVD  (SFJ-PVD)  as  a  new  coating  technology  for 
structural  materials.  In  SFJ-PVD,  coating  film  is  formed  by  high  velocity  impact  of  solid 
ultra-fine  particles  to  base  materials.  This  method  composed  of  evaporation  and  deposition 
processes.  In  the  evaporation  process,  the  source  material  is  evaporated  to  form  ultra-fine 
particles  in  an  inert  gas  atmosphere.  In  the  deposition  process,  ultra-fine  particles  are 
deposited  on  base  materials  to  form  a  film  with  supersonic  gas  flow.  The  gas  flow  is  caused 
by  pressure  difference  between  each  evaporation  chamber  and  the  deposition  chamber.  The 
flow  of  the  gas  is  accelerated  through  a  specially  designed  supersonic  nozzle  at  the  supersonic 
flow  of  3.6  Mach  number. 

Ti  and  A1  films  obtained  through  SFJ-PVD  showed  a  metallic  luster  as  grown  and  no  voids 
were  observed  in  the  coating  films  with  SEM.  And,  the  effects  of  control  parameters  of 
SFJ-PVD  on  film  condition  were  elucidated. 


1.  INTRODUCTION 

Improvement  of  the  properties  of  structural  materials  is  important  for  the  development  of 
industrial  technology.  Many  experimental  investigations  have  been  conducted  on  overlay 
coating  for  structural  materials.  However,  it  is  very  difficult  that  the  formation  of  a 
high-density  film  at  low  temperature  is  made  to  be  compatible  with  high  deposition  rate. 

Thin  film  using  ultra-fine  particles  and  ultra-fine  particle  itself  have  been  studied  as 
functional  materials until  now.  However,  studies  that  apply  ultra-fine  particles  to  structural 
material  are  very  little.  Because,  it  is  due  to  the  difficulties  that  the  grain  boundaries  of 
individual  ultra-fine  particles  do  not  disappear  and  ultra-fine  particles  do  not  bond  each  other 
easily.  Thus,  synthesized  solid  ultra-fine  particles  do  not  behave  as  conventional  bulk 
materials,  i.e.,  they  do  not  have  enough  strength  and  properties  comparing  to  those  of 
conventional  bulk  structure  materials^^ 

We  have  investigated  Ultra-fine  Particle  Deposition  method^^  in  order  to  solve  the  defects  of 
other  overlay  coating  methods  for  structural  materials.  This  study  aimed  to  develop 
Supersonic  Free-Jet  PVD  (SFJ-PVD)  method  that  accelerates  the  depositing  velocity  of 
ultra-fine  particles  in  the  Ultra-fine  Particle  Deposition  method  to  solve  the  defects  and  the 
difficulties  mentioned  above  through  a  specially  designed  supersonic  nozzle. 
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This  paper  focuses  on  the  properties  of  titanium  and  aluminum  coatings  with  the  SFJ-PVD 
and  the  evaluation  of  control  parameters  of  the  method. 


2.  EXPERIMENT 

2.1  Supersonic  Free-Jet  PVD  (SFJ-PVD) 

The  schematic  diagram  of  Supersonic  Free-Jet  PVD  (SFJ-PVD)  is  shown  in  Fig.  1. 
SFJ-PVD  apparatus  is  composed  of  two  evaporation  chambers  and  one  deposition  chamber. 
Two  evaporation  chambers  are  equipped  with  a  rotary  pump,  and  the  deposition  chamber  has 
a  mechanical  booster  pump  with  a  rotary  pump.  Each  evaporation  chamber  and  deposition 
chamber  have  been  connected  by  two  transfer  pipes.  There  are  two  physical  stages  in 
SFJ-PVD:  gas  evaporation  and  vacuum  deposition.  In  the  gas  evaporation,  source  material  is 
evaporated  to  form  ultra-fine  particles  in  an  inert  gas  atmosphere.  Then,  ultra-fine  particles 
are  carried  with  the  inert  gas  through  transfer  pipe  where  gas  flow  is  caused  by  pressure 
difference  between  the  evaporation  and  deposition  chambers.  In  the  deposition  stage,  the 
particles  are  deposited  on  the  substrate  in  the  deposition  chamber  with  gas  flow  that  is 
accelerated  to  the  supersonic  velocity  by  a  specially  designed  supersonic  nozzle  joined  the 
transfer  pipe  tip.  In  the  evaporation  chambers,  evacuation  tubes  with  needle  valves  are 
equipped  to  evacuate  the  excess  gas  that  is  not  suctioned  through  transfer  pipes  and  to 
suppress  gas  stagnancy  caused  by  the  excess  gas. 

A  nozzle  for  producing  supersonic  gas  flow  is  designed  on  the  assumption  of 
one-dimensional  isentropic  flow.  Actually,  it  is  designed  based  on  the  evacuation  ability  of 
vacuum  pumps  and  pressure  ratio  between  the  evaporation  and  deposition  chambers  of  66  to 
attain  the  velocity  of  the  gas  flow  of  3.6  Mach  number  at  the  outlet  of  the  nozzle. 

Evaporation  chamber  1  holds  an  electric  resistance  heating  system  where  a  material  in  a 
graphite  crucible  is  heated  in  surrounding  tantalum  band  heater.  Evaporation  chamber  2  holds 
an  electric  arc  plasma  heating  system  where  a  material  in  a  water-cooled  copper  crucible  is 
heated  by  arc  plasma  using  non-consumable  tungsten  electrode.  The  maximum  electric 
powers  for  heating  are  1.8kW  for  the  evaporation  chamber  1  and  9kW  for  the  evaporation 
chamber  2  respectively.  A  substrate  in  deposition  chamber  is  mounted  in  a  X-Y  movable  stage. 
A  substrate  holds  an  electric  resistance  heating  system  of  tantalum  heater  and  a  nozzle  also 
holds  an  electric  resistance  heating  system  of  coil  heater. 

It  is  useful  to  list  the  key  features  of  the  SFJ-PVD. 

1.  High  deposition  rate  and  high-density  thick  film  at  low  temperature. 

2.  Controllability  of  the  growth  rate  of  a  film  by  evaporation  rate  and  depositing  time. 

3.  Many  combinations  of  depositing  materials  (metals,  ceramics  and  inter-metallic 
compounds). 

4.  Graded  coating  by  varying  the  composition  of  evaporating  materials  continuously 

5.  Efficiency  of  evaporated  materials  to  a  deposited  film. 

6.  Coating  without  crack  and  columnar  boundaries. 
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Fig.  1  Schematic  diagram  of  Supersonic  Free-Jet  PVD  apparatus. 


2,2  Experimental  Procedure 

All  chambers  are  evacuated  at  0.4Pa  or  less  and  filled  with  helium  gas.  The  pressure  ratio 
between  the  evaporation  chamber  where  the  helium  gas  is  fed  continuously  and  the  deposition 
chamber  evacuated  continuously  is  fixedly  kept  in  order  to  keep  the  flow  with  supersonic 
velocity.  Differential  pumping  is  achieved  during  experiments  and  pressure  range  was 
50-80kPa  for  the  evaporation  chamber  and  0.3-lkPa  for  the  deposition  chamber. 

In  this  experiment,  the  evaporation  chamberl  is  for  the  evaporation  of  aluminum,  the 
evaporation  chamber2  is  for  that  of  titanium  and  a  substrate  is  aluminum  or  titanium.  The 
chemical  fineness  of  source  aluminum  and  titanium  for  evaporation  are  over  99.999  mass%. 
Size  of  the  substrate  is  53  mm  length,  27  mm  width.  Non-consumable  tungsten  electrode 
including  the  thoria  of  2  mass%(YWTlir2)  was  used  for  arc  plasma  heating.  Stage  was 
designed  to  move  in  X-Y  directions  with  0.2  mm  interval  and  coated  area  is  2mm .  Mam 
control-parameters  of  the  SFJ-PVD  are  electric  power  for  heating,  pressure  difference 
between  evaporation  chamber  and  deposition  chamber  and  substrate  temperature. 


Table  1  Preparation  conditions  of  titanium  and  aluminum  films. 


Evaporation  Chamber  1 

Evaporation  Chamber  2 

Source  materials 

Pure  A1  (>99.999) 

Pure  Ti  (>99.999) 

Heat  power  source  (A) 

300,  330,  360 

30,  40,  50 

Pressure  difference 

50^ 

-80 

between  chambers.  (kPa) 
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In  the  SFJ-PVD,  we  should  especially  pay  attention  to  oxygen.  Ultra-fine  particles  are  easily 
oxidized  because  the  particles  have  very  large  surface  area  to  volume.  Especially,  both  A1  and 
Ti  are  the  metals  that  react  with  oxygen  very  actively.  One  of  the  aims  of  this  study  is  to 
qualify  the  method  using  these  aluminum  and  titanium  as  source  materials  to  overcome  the 
difficulties  and  to  extend  the  usage  of  the  method. 

As  an  inert  gas,  helium  gas  is  chosen  because  the  sonic  flow  of  helium  gas  is  the  fastest 
among  those  of  other  inert  gases  (Velocity  of  sound  in  helium  is  about  970m/s:  latm,  273K) 
and  size  of  the  ultra-fine  particles  generated  in  helium  gas  atmosphere  is  smaller  than  in  other 
inert  gases. 

Surface  of  films  was  observed  with  a  scanning  electron  microscope  (SEM)  and  film 
thickness  was  measured  with  an  optical  microscope  (OM). 

3.  RESULTS  and  DISCUSSION 

3.1  Experimental  condition  and  film  properties 

Without  adequate  evacuation  of  excess  gas  in  the  evaporation  chamber,  films  contained 
cracks  and  coarse  particles  that  were  produced  by  agglomeration  of  the  ultra  fine  particles. 
The  excess  gas  that  was  not  suctioned  through  transfer  pipes  caused  the  agglomeration.  Thus, 
it  is  necessary  to  evacuate  excess  gas  adequately  and  to  suppress  gas  stagnancy  caused  by  the 
excess  gas  for  getting  the  uniform  metallic  films  of  aluminum  and  titanium. 

Figure  2(a)  and  (b)  show  the  photographs  of  the  surface  of  aluminum  and  titanium  films 
formed  on  substrates.  EPMA  line  analysis  indicated  that  the  oxygen  content  of  a  Ti  film  on 
the  substrate  was  from  2  to  2.5mass%.  No  cracks  were  formed  by  indenting  the  diamond 
indenter  of  micro  Vickers  hardness  tester  at  the  interface  between  substrate  and  coated  film 
with  the  force  of  4.9N,  which  indicates  strong  adhesion  between  them. 


Fig.  2  Photograph  of  surface  of  A1  film  (a)  and  Ti  film  (b). 


994 


3.2  Growth  rate 


The  growth  rate  of  film  increases  with  increase  in  electric  power  for  heating  that  is  the  one 
of  control  parameters  for  the  SFJ-PVD. 

Figure  3(a)  and  (b)  show  the  dependence  of  film  growth  rate  on  electric  power  for 
evaporation  and  pressure  difference  between  chambers  from  50  to  80kPa.  The  growth  rate  of 
film  increases  with  increase  in  electric  power  for  heating  as  shown  in  both  Figure  3(a)  and  (b). 
In  case  of  titanium  films,  the  growth  rate  of  film  increases  with  increase  in  pressure  difference 
[Fig.  3(b)],  on  the  other  hand,  in  case  of  aluminum  films,  the  growth  rate  of  film  decreases 
with  increase  in  pressure  difference  [Fig.  3(a)].  It  is  probably  because  the  flow  rate  of  cold 
helium  gas  around  heating  unit  (crucible  and  band  heater)  increases  by  the  increase  of 
pressure  difference  between  the  evaporation  chamber  1  and  the  deposition  chamber  and  the 
evaporation  rate  decreases  with  cooling  of  the  heating  unit.  On  the  other  hand,  the  arc  plasma 
heats  directly  titanium  ingot  in  the  evaporation  chamber2.  Thus,  the  evaporation  rate  did  not 
affected  so  much  by  the  increase  in  the  flow  rate  of  helium  gas  with  the  increase  of  the 
pressure  difference.  The  growth  rate  of  titanium  film  increases  with  the  increase  in  the 
pressure  difference  because  the  increase  of  the  flow  rate  causes  the  increase  of  the  particles 
carried  into  the  deposition  chamber. 
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Electric  power  of  Ti  source,  /  (A) 


Fig.  3  -Dependence  of  growth  rate  on  electric  power  for  the  evaporation  and  the  pressure 
difference  between  chambers  from  50  to  80kPa.  (a)Al,  (b)Ti. 
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4.  CONCLUSIONS 


The  results  obtained  in  this  experiment  are  as  follows: 

(1)  Reduction  of  coarse  particles  by  suppressing  the  stagnancy  and  secondary  agglomeration 
of  particles  is  necessary  for  producing  metallic  films  of  titanium  and  aluminum. 

(2)  Growth  rate  of  film  increases  in  proportion  to  electric  power  to  evaporate  source  metal. 

(3)  No  cracks  were  formed  by  indenting  the  diamond  indenter  of  micro  Vickers  hardness 
tester  at  the  interface  between  substrate  and  coated  film  with  the  force  of  4.9N,  which 
indicates  strong  adhesion  between  them. 
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ABSTRACT 

As  a  new  approach,  an  excellent  functionally  graded  thermal  barrier  coating  (FGM  TBC) 
has  been  fabricated  by  the  detonation  gun  spray  process  with  a  newly  proposed  ‘shot-control 
method’  in  the  present  study.  FGM  TBCs  were  sprayed  as  multi-layered  coatings  having  the 
compositional  gradient  along  the  thickness  direction  from  100%  NiCrAlY  metal  on  the 
substrate  to  100%  Zr02“8wt.%Y203  ceramic  for  the  topcoat,  and  exhibited  a  finely  mixed 
microstructure  of  metal  and  ceramic  without  any  certain  interfaces  between  the  layers. 
Various  thermo-mechanical  properties  of  FGM  TBCs  were  also  investigated  and  compared 
with  those  of  traditional  duplex  TBCs. 


L  INTRODUCTION 

Thermal  barrier  coatings  (TBCs)  have  been  applied  to  high  temperature  components  of  gas 
turbine  engines  for  improved  performance,  efficiency  and  extended  component  life.  The 
major  limitation  to  expanding  application  range  of  TBCs  lies  in  their  premature  failure  and 
consequently  in  their  poor  reliability.  It  has  been  reported  that  the  failure  of  TBCs  is  mainly 
caused  by  the  thermal  expansion  mismatch  between  the  ceramic  and  metal  coating  layers  of 
the  ‘duplex  TBC’  systems  [1-3]. 

One  way  to  overcome  this  problem  is  to  introduce  the  concept  of  functionally  gradient 
material  (FGM)  into  TBCs,  which  are  so-called  ‘FGM  TBCs’.  FGM  TBCs  are  sprayed  as 
multi-layered  coatings  with  the  composition  varying  in  the  thickness  direction  from  100% 
metal  applied  directly  to  the  substrate  to  100%  ceramic  for  the  topcoat.  While  the  concept  of 
FGM  TBC  itself  is  rather  intuitive  and  simple,  it  is  quite  difficult  to  fabricate  a  fine  mixture  of 
ceramic  and  metals  with  a  compositional  gradient.  Several  processing  techniques  have  been 
explored,  e.g,,  plasma  spraying,  powder  metallurgy,  in  situ  synthesis,  etc.,  but  the  optimum 
process  for  the  fabrication  of  FGM  TBCs  is  still  a  challenging  task  [2-5]. 

In  the  present  study,  detonation  gun  (d-gun)  spray  technique  was  applied  to  the  fabrication 
of  FGM  TBCs.  Since  d-gun  sprayed  coatings  have  inherently  higher  adhesive/cohesive 
strength  than  the  other  thermal-sprayed  coatings  due  to  the  higher  kinetic  energy  of  the 
powder  particles  [6],  d-gun  spraying  can  be  a  promising  thermal  spray  technique  for  high 
quality  coatings.  A  new  approach  of  ‘shot  control  method’  to  make  an  excellent  FGM  TBC 
was  also  proposed  in  this  study.  For  characterization  of  the  d-gun  sprayed  FGM  TBCs,  X-ray 
diffractometer  (XRD),  optical  and  scanning  electron  microscope  (SEM)  and  were  utilized. 
Thermal  barrier  property  and  thermal  shock  resistance  of  the  FGM  TBCs  were  also  evaluated 
by  using  a  burner  rig  tester,  and  compared  with  those  of  duplex  TBCs. 
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2.  SHOT  CONTROL  METHOD 


In  d-gun  spraying,  coatings  are  deposited  in  a  discrete  way;  that  is,  by  each  shot  (or  each 
explosion),  molten  particles  spread  out  and  splatter  as  they  strike  the  surface  to  form  about 
10pm  thick  coating  deposit  with  diameter  of  20-25mm,  as  shown  in  Fig,  1,  The  nominal 
working  rate  of  the  machine  is  4  shots  per  second,  and  for  spraying  wide  areas,  the  substrate 
is  moved  using  a  specimen  manipulator  as  shown  in  this  figure.  The  ‘shot  control  method’ 
proposed  in  the  present  study  utilizes  this  unique  feature  of  d-gun  spraying,  and  cannot  be 
applied  to  the  plasma  spray  techniques,  in  which  cases  the  spray  process  is  continuous. 

The  basic  concept  of  the  method  is  that:  the  ceramic  and  metal  powders  are  sprayed 
alternately  in  each  shot  by  using  two  powder  feeders  to  deposit  a  half  and  half  mixture  of 
ceramic  and  metal,  as  shown  in  Fig.  1.  In  the  area  overlapped  by  the  successive  shots,  an 
excellent  mixture  of  ceramic  and  metal  could  be  produced  on  the  level  of  each  particle  splat 
with  this  method.  The  area  overlapped  by  each  shot  can  be  controlled  by  the  moving  speed  of 
the  manipulator,  and  the  optimum  speed  of  the  manipulator  for  a  fine  mixture  of  ceramic  and 
metal  was  set  as  2cm/sec  by  several  pre-experiments. 

Various  spraying  parameters  of  the  d-gun  machine  used  in  the  present  study  can  be 
precisely  controlled  for  each  shot.  Therefore,  the  ‘shot  control  method’  has  an  excellent  merit 
of  spraying  both  ceramic  and  metal  powders  with  their  optimum  spraying  parameters,  because 
with  this  method  basically  only  one  kind  of  powder  is  deposited  per  each  shot  to  produce  a 
coating  mixture  of  ceramic  and  metal.  In  other  fabrication  methods  of  FGM  TBCs  such  as 
mixed  powder  method,  it  is  difficult  to  optimize  spraying  parameters  for  a  mixture  coating  of 
ceramic  and  metal  due  to  the  large  difference  in  their  material  properties,  e.g.,  melting 
temperature  [3]. 

By  changing  the  ratio  of  the  ceramic  powder  shot  to  the  metal  powder  shot,  it  is  possible  to 
control  the  volume  ratio  of  the  coating  mixtures  of  ceramic  and  metal.  For  instance,  spraying 
with  the  shot  ratio  of  1:3,  which  means  the  spraying  sequence  consisting  of  three  shots  of 
metal  powder  followed  by  one  shot  of  ceramic  powder,  produced  a  mixture  of  ceramic  and 
metal  with  the  ceramic  to  metal  volume  ratio  of  approximately  25:75.  Therefore,  the  FGM 
coating  having  the  compositional  gradient  in  the  thickness  direction  could  be  produced  in  the 
manner  of  spraying  several  coating  layers  with  increasing  the  ratio  of  metal  to  ceramic  shots 
in  sequence  as  shown  in  Fig.  2. 


Powder  feeders 

Ceramic  powder  Metal  powder  Specimen 


Fig.  1.  Schematic  illustration  showing  the  basic  concept  of  the  ‘shot  control  method’. 
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3.  EXPERIMENTAL  DETAILS 


TBC  specimens  were  produced  with  a  Russian  OB  d-gun  machine  [5]  using  an  explosive 
gas  mixture  of  acetylene  and  oxygen.  The  yttria-stabilized  zirconia  (YSZ)  power  (Zr02-8wt.% 
Y2O3)  was  used  for  ceramic  coating  and  NiCrAlY  powder  (Ni-22Cr-10AMY)  was  used  for 
metal  coating. 

In  order  to  evaluate  and  compare  the  thermal  shock  resistance  of  both  FGM  and  duplex 
TBCs,  thermal  shock  tests  were  conducted  using  the  burner  rig  test  system.  The  surfaces  of 
the  coated  specimens  were  heated  by  acetylene-oxygen  combustion  flame,  and  a  cycle  of 
lOmin.  of  heating  followed  by  a  forced  air  cooling  to  room  temperature  was  repeated  with  the 
thermal  load  step-likely  raised  for  each  cycle  from  1000°C  to  1600°C, 

The  thickness  of  the  YSZ  and  the  NiCrAlY  coating  layers  was  the  same  for  both  FGM  and 
duplex  TBC  specimens  as  about  bOOjum  and  200|im,  respectively.  In  the  FGM  TBC  specimen, 
a  functionally  graded  coating  of  a  YSZ/NiCrAlY  mixture  (called  FGM  layer)  with  the 
thickness  of  about  SOOpm  was  added  between  YSZ  and  NiCrAlY  layers.  The  FGM  layer  was 
produced  by  spraying  five  coating  layers  with  the  metal  to  ceramic  shot  ratios  of  3 : 1 ,  2 : 1 ,  1 : 1 , 
1 :2  and  1 :3  in  sequence,  as  shown  in  Fig,  2. 


4.  RESULTS  AND  DISCUSSION 
4.1.  Microstructure 


Figure  3  shows  the  cross-sectional  microstmcture  of  the  FGM  layer  of  d-gun  sprayed  FGM 
TBCs  using  the  ‘shot  control  method’.  The  NiCrAlY  deposits  have  a  light  contrast  while  the 
YSZ  deposits  have  a  dark  contrast  under  an  optical  microscope.  As  clearly  shown  in  this 
figure,  the  FGM  layer  had  finely  mixed  micro  structure  and  the  volume  ratio  of  YSZ  to 
NiCrAlY  was  increased  gradually  in  the  thickness  direction  inside  the  FGM  layer.  In  addition, 
despite  that  the  FGM  layer  was  produced  by  spraying  five  coating  layers  different  in  their 
volume  ratios  of  metal  to  ceramic,  no  specific  interface  was  observed  inside  the  FGM  layer. 
These  results  indicated  that  the  fabrication  of  the  d-gun  sprayed  FGM  TBCs  using  the  ‘shot 
control  method’  proposed  in  the  present  study  was  successful. 

The  FGM  layer  of  the  d-gun  sprayed  FGM  TBCs  exhibits  a  lamellar  structure  of  NiCrAlY 
and  YSZ  deposits.  The  lamellar  structure  is  one  of  the  typical  features  of  thermal  sprayed 
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Fig.  2.  Schematic  illustration  showing  the  deposition  scheme  to  produce  a  7-layer  FGM  TBC 
by  applying  the  ‘shot  control  method’. 
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Fig.  3.  Optical  micrographs  showing  the  FGM  coating  layer  of  the  d-gun  sprayed  FGM  TBC 
fabricated  by  using  the  ‘shot  control  method’. 


coatings  and  the  plasma  sprayed  FGM  TBCs  were  also  reported  to  exhibit  the  same  structure 
as  this  case  [2-4].  The  ceramic-rich  area  of  the  FGM  layer  seems  to  be  a  poor  mixture  of  YSZ 
and  NiCrAlY  with  stripes  of  NiCrAlY  deposits  due  to  this  lamellar  characteristic  of  d-gun 
sprayed  coatings.  However,  the  enlarged  micrographs  of  both  areas  taken  from  cross-sectional 
and  planar  viewpoints  show  that  both  ceramic-rich  and  metal-rich  areas  of  the  FGM  layer  also 
finely  mixed  on  the  level  of  each  particle  splat,  as  shown  in  Fig.  3  (b)-(e). 

Figure  4  shows  the  results  of  XRD  analysis  from  the  d-gun  sprayed  FGM  TBC  specimens. 
The  intensity  of  both  YSZ  and  NiCrAlY  peaks  was  changed  proportionally  with  their  volume 
fractions,  but  no  other  peaks  were  detected,  which  implied  that  no  phase  transformation  nor 
severe  oxidation  occurred  during  the  d-gun  spraying  process.  In  case  of  the  plasma  sprayed 
FGM  TBCs,  it  was  sometimes  reported  that  the  severe  oxidation  and  even  phase 
transformation  of  metallic  phases  occurred  due  to  the  high  processing  temperature  []. 


20  (deg) 

Fig.  4.  The  variation  of  the  intensity  of  XRD  peaks  as  a  function  of  the  YSZ  and  NiCrAlY 
volume  fractions. 
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4.2.  Thermal  shock  resistance 


In  order  to  evaluate  and  compare  the  thermal  shock  resistance  of  both  FGM  and  duplex 
TBCs,  thermal  shock  tests  were  conducted  using  the  burner  rig  test  system.  During  the  tests, 
both  the  input  flame  temperature  at  the  front  surface  and  the  back  surface  temperature  of  the 
coating  were  measured  in  real  time,  and  the  difference  between  these  two  temperatures  when 
the  steady  state  was  achieved  (after  heating  for  about  10  min.)  was  defined  to  be  AT  of  the 
coated  specimen  at  that  input  flame  temperature,  as  shown  in  Fig.  5(a).  With  a  600pm  thick 
YSZ  top  coating  layer,  d-gun  sprayed  FGM  TBC  specimens  showed  an  excellent  thermal 
barrier  property  with  AT  values  reaching  as  high  as  about  800°C. 

The  results  of  the  thermal  shock  tests  for  both  the  FGM  and  duplex  TBCs  were  compared 
with  regards  to  the  measured  values  of  AT  in  Fig.  5(b).  At  all  the  input  flame  temperatures, 
FGM  TBCs  exhibited  a  larger  value  of  the  AT  than  duplex  TBCs  due  to  the  thermal  barrier 
effect  of  YSZ  ceramic  in  the  FGM  layer.  No  visible  delamination  occurred  in  both  FGM  and 
duplex  TBC  specimens  till  the  input  temperature  reached  as  high  as  1600°C,  but  the  thermal 
barrier  property  (or  AT  values)  of  duplex  TBC  specimens  was  drastically  degraded  as  the 
input  temperature  was  raised  above  1 300°C. 

Figure  6  shows  the  microstructure  of  both  FGM  and  duplex  TBC  specimens  after  the 
thermal  shock  tests.  FGM  TBC  specimens  were  apparently  stable  up  to  the  high  input  flame 
temperature  of  1600°C;  on  the  contrary,  a  lot  of  defects  and  even  partial  spalling  of  coating 
were  observed  in  the  YSZ  layer  of  duplex  TBC  specimens  after  the  thermal  shock  test.  These 
severe  defects  in  duplex  TBC  specimens  were  caused  by  the  repeated  and  raised  thermal  loads 
of  the  thermal  shock  tests,  resulting  in  the  degradation  of  thermal  barrier  property  as  shown  in 
Fig.  5.  These  results  demonstrate  that  FGM  TBCs  have  higher  thermal  shock  resistance  than 
duplex  TBCs, 

In  addition,  the  degradation  behavior  of  duplex  and  FGM  TBCs  were  also  different.  In  case 
of  duplex  TBC,  the  horizontal  cracks,  which  could  cause  the  delamination  of  the  coatings, 
were  formed  near  the  interface  between  the  YSZ  and  NiCrAlY  layers  while  the  horizontal 
cracks  inside  the  FGM  TBCs  were  mainly  observed  inside  the  FGM  layer  near  the  interface 
between  the  YSZ  and  FGM  layers,  as  shown  in  Fig.  6  (indicated  by  arrows).  In  case  of  the 
FGM  TBCs,  therefore,  it  seems  that  the  ceramic-rich  area  of  the  FGM  layer  is  a  weak  point 


Fig.  5.  (a)  Temperature  profiles  of  the  d-gun  sprayed  FGM  TBC  specimens  measured  by 
using  the  burner  rig  test  system,  (b)  Comparison  of  the  thermal  shock  resistance  between 
FGM  and  duplex  TBCs  with  regards  to  the  AT  values  measured  during  the  thermal 
shock  tests. 
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Fig.  6.  SEM  micrographs  showing  the  degradation  behavior  of  (a)  FGM  TBC  and  (b)  duplex 
TBC  specimens  after  the  thermal  shock  tests. 


against  the  thermal  shock.  It  could  be  explained  by  the  fact  that  this  area  lacks  of  metal 
deposits,  which  accommodate  the  thermal  strain  developed  by  a  thermal  load  even  though  the 
thermal  expansion  mismatch  between  the  YSZ  and  FGM  layers  is  relatively  small. 


5.  SUMMARY 

In  the  present  study,  FGM  TBCs  were  fabricated  using  the  d-gun  spray  technique.  As  a  new 
approach  to  make  an  excellent  FGM  TBC,  the  ‘shot-control  method’  was  proposed  and  found 
to  be  successful;  The  FGM  layer  of  d-gun  sprayed  FGM  TBCs  exhibited  finely  mixed 
microstructure  of  metal  and  ceramic  with  the  compositional  gradient  in  the  thickness  direction, 
and  XRD  analysis  results  revealed  that  the  ceramic  and  metal  mixed  in  the  FGM  layer  kept 
their  own  properties  and  no  phase  transformation  occurred  during  the  spraying  process.The 
expected  improvement  of  the  thermal  shock  resistance  due  to  the  realization  of  a  functionally 
graded  layer  between  the  ceramic  coat  and  the  metal  coat  in  TBC  systems  was  also  proven  by 
the  thermal  shock  tests  using  a  burner  rig  tester. 
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Abstract 

For  the  improvement  of  wear  performance  of  Ti  alloy,  vacuum  carburizing  technique  was 
applied  using  propane  atmosphere.  Like  in  the  plasma  carburizing  carbide  was  also  formed  at 
the  surface  and  carbon  transfer  from  the  carbide  to  the  matrix  was  influenced  by  the 
temperature.  The  obtained  surface  hardness  is  increased  with  the  reduction  of  operating 
pressure  and  time.  Optimum  hardness  distribution  could  be  obtained  with  proper  choice  of 
temperature  and  carbon  flux  control.  Case  depth  was  largely  influenced  by  not  the  times  about 
temperature.  For  the  thick  case  depth  and  high  surface  hardness,  two  steps  process  was 
recommended. 


1.  INTRODUCTION 

Titanium  and  titanium  alloys  possess  the  high  specific  strength,  fracture  toughness,  corrosion 
resistance,  biocompatibility,  and  low  density  of  4.51g/cml  Therefore,  they  are  widely  used  as 
light  material  components  in  the  field  of  aerospace,  military,  transportation,  and  nuclear 
industries.  But,  poor  wear  characteristics,  such  as  seizure  problem  due  to  high  reactive  surface 
properties  limits  the  use  of  titanium  alloys  for  the  mechanical  parts  such  as  automobile  valve, 
etc.  So  many  efforts  have  been  done  to  improve  the  surface  properties  using  plating,  oxidation, 
boronizing,  nitriding,  and  carburizing.  But,  none  of  them  could  satisfy  customers. 

Recently,  there  was  an  interesting  report  in  which  plasma  carburizing  process  could  be 
successfully  applied  to  the  titanium  alloy  for  the  tribological  use.  But,  plasma  carburizing  has 
still  some  disadvantages  such  as  high  initial  investments  and  intrinsic  difficulties  to  get  the 
uniform  plasma  density,  and  to  set  up  the  charge  efficiently.  Low  pressure  carburizing  was 
invented  as  an  innovative  process  in  the  1970’s,  but  it  has  not  been  widely  adopted,  in 
contrary  to  the  expectation,  due  to  maintenance  problem  by  the  sooting  and  difficulty  to  get 
high  speed  quenching. 

Recent  technical  progress  of  vacuum  carburizing  and  logical  design  of  equipment  have 
renewed  the  low  pressure  carburizing  as  one  of  the  promising,  next  generation  technologies 
for  the  production  of  automobile  parts  in  Japan  and  Europe.  The  advantage  of  low  pressure 
carburizing  is  that  it  is  possible  to  do  high  speed  carburizing  with  uniform  gas  distribution  in 
vacuum,  and  that  it  is  to  get  internal  oxidation  free  structure.  The  important  thing  is  that  low 
pressure  carburizing  is  done  through  high  flux  of  carbon  by  the  instaneous  formation  of  thin 
layer  carbide  at  the  interface  of  Fe  alloy  in  oxygen  free  atmosphere. 

The  purpose  of  this  work  is  to  provide  the  basic  information  of  low  pressure  carburizing  of 
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the  titanium  alloy  for  the  tribological  applications  such  as  effects  of  process  variable  on  the 
characteristics  of  carburized  layer  of  titanium  alloy. 

2.  EXPERIMENT 

Carburizing  treatment  was  done  at  less  than  lOOOPa  with  mass  flow  control  of  gases  using 
propane  and  acetylene  in  the  vacuum  furnace  in  Fig.l.  Pure  titanium  and  Ti-6A1-4V  samples 
with  10mm  lengthxl5mm  diameter  were  prepared  and  polished  to  the  03 im  alumina  powder 
before  treatment.  As  experimental  variables,  temperature,  time,  and  operating  pressure  using 
different  flux  had  been  taken  as  shown  Fig.  2.  The  results  were  examined  by  scanning 
electron  microscope  and  X-ray  diffraction. 

3.  RESULTS 

3.1  Hardness  distribution 

In  order  to  see  the  effects  of  gas  species  and  operating  pressure  on  the  carburizing 
characteristics  of  Ti-6A1-4V,  carburizing  treatment  was  carried  out  for  Ti-6A1-4V  at  900  C 
for  Ihour  holding  with  different  dosage  of  propane  and  acetylene(different  operating  pressure). 
Fig.3  shows  the  distribution  of  Microvickers  hardness  in  carburized  titanium.  As  the  operating 
pressure  is  lowered  (decrease  the  flux),  the  surface  hardness  is  increased.  Acetylene  and 
propane  show  the  similar  tendency  in  hardness  distribution.  But,  acetylene  provoke  the  soot 
and  non-uniformity  of  colors  on  the  surface  of  specimen.  Fig.  4  shows  the  hardness 
distribution  with  different  operating  pressure  and  time  for  the  carburized  titanium  at  800  °C 
and  900  °C.  As  the  carburizing  pressure  is  lowered  and  the  holding  time  is  increased,  the 
surface  hardness  is  increased  in  general  but  at  900 1  with  time  the  surface  hardness  is 
decreased,  and  the  diffusion  depth  is  increased.  These  tendencies  are  the  same  for  the  Ti-6A1- 
4V.  That  is,  at  800  ”0,  the  surface  hardness  of  carburized  specimen  is  increased  with  lowering 
of  operating  pressure  and  holding  time  and  for  900  °C  the  surface  hardness  of  alloy  is 
decreased,  and  diffusion  depth  is  increased  with  carburizing  time. 

3.2  Microstructure  evolution 

Microstructure  examination  of  specimen  before  and  after  carburization  shows  no  grain 
growth  even  Thours  carburization  treatment  at  900  "C.  Fig.  5  shows  one  example  of  the 
evolution  of  carburized  layer  for  the  Ti-6A1-4V  under  SEM.  The  thickness  of  layer  gradually 
increases  as  carburizing  time  goes  by.  And,  this  tendency  is  equal  to  pure  titanium. 

3.3  X-ray  diffraction(XRD)  analysis 

According  to  the  XRD  analysis  in  Fig.  6,  the  surface  white  layer  could  be  identified  as 
titanium  carbide  for  the  carburized  titanium  and  titanium  alloy.  The  intensity  of  titanium 
carbide  peak  is  sharpened  with  carburized  time. 

3.4  Thickness  ofTiC  layer 

Fig.  7  shows  the  evolution  of  carbide  layer  thickness  which  is  measured  under  scanning 
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electron  microscope(SEM)  with  10,000  times  magnification  versus  square  root  times.  The 
thickness  of  carbide  layer  linearly  increases  in  general.  And,  at  higher  temperature,  the  rate  of 
increment  of  carbide  layer  is  higher  than  that  at  lower  temperature.  Therefore,  the  growth  of 
carbide  layer  is  thought  as  the  thermally  activated  process. 

3.5  Summary 

In  terms  of  carburized  case  depth  and  hardness  distribution,  there  were  no  differences 
between  propane  and  acetylene  gas,  but  apparently  there  were  some  problems  of  sooting  and 
non-uniformity  of  colors  for  the  acetylene  usage.  So,  in  this  work,  low  pressure  carburizing 
has  been  mainly  done  with  propane  gases.  Concerning  effect  of  operating  pressure  and 
treating  time  on  the  surface  hardness,  surface  hardness  of  carburized  layer  is  increased  with 
lowering  of  pressure  and  holding  time  at  800  C  for  pure  titanium  and  Ti-6A1-4V.  But,  on  the 
contrary,  the  surface  hardness  of  carburized  layer  pure  titanium  and  Ti-6A1-4V  is  decreased 
with  time  at  900  °C. 

Contrary  to  the  cases  of  carburization  of  steel  for  the  care  of  the  carburizing  of  Ti-6A1-4V, 
the  titanium  carbide  layers  were  always  formed  and  grown  on  the  carburized  surface. 

4.  DISCUSSION 

To  understand  the  dependence  of  surface  hardness  upon  the  operating  pressure  and 
temperature,  two-steps  carburizing  with  pressure  change  or  temperature  change  during 
process  were  made  as  in  Fig.  8.  This  experiment  shows  again  that  final  surface  hardness  value 
of  carburizing  of  titanium  alloys  is  influenced  largely  by  the  second  step. 

From  Fig.  9  of  the  wavelength  dispersive  spectroscopy(WDS)  analysis  of  elements  variation 
on  the  carburized  layers,  it  seems  that  carbon  is  almost  segregated  in  the  carbide  layer  for  the 
800  C  carburized  case,  and,  from  surface  carbide  layer,  carbon  is  penetrated  to  the  substrate 
of  titanium  alloy  for  the  900  °C  carburized  specimen. 

According  to  the  phase  diagram  of  TiC  in  Fig.  10,  it  can  be  seen  that  TiC  at  900  °C  has  a 
wide  gradient  of  carbon  composition  than  TiC  at  800^0.  And  the  diffusion  of  carbon  in 
beta(f3)  phase  is  much  faster  than  that  in  alpha(a)  phase  due  to  lattice  structure  even  though 
the  solubility  of  carbon  in  titanium  is  somewhat  higher  in  alpha  phase  compared  to  that  of 
beta  phase. 

Therefore,  the  evolution  of  surface  hardness  of  carburized  layer  with  time,  and  temperature 
could  be  understood  qualkively  as  follows.  During  carburization,  the  carbide  is  first  formed  at 
the  surface  of  sample  and  grown  with  composition  gradient  mainly  in  carbon.  For  the 
carburization  of  Ti-6A1-4V  at  900  °C,  diffusion  of  carbon  is  expected  from  the  carbide  to  the 
matrix.  It  will  have  less  gradient  of  carbon  in  the  carbide  layer  with  time. 

So,  the  surface  hardness  of  carbide  layer  will  decrease  with  time,  and  case  depth  of  hardened 
layer  will  be  thick.  But,  for  the  carburization  of  Ti-6A1-4V  at  800  °C,  carbon  is  blocked  in  the 
carbide  layer  by  the  difficulty  of  diffusion  in  alpha  phase.  So,  carbon  gradient  in  the  surface 
layer  is  sharpened.  Then  surface  hardness  is  increased  with  time.  As  the  decomposition  of 
hydrocarbon  occurs  more  rapidly,  with  reduction  of  operating  pressure,  carbon  flux  will  be 
higher.  Therefore,  the  hardness  of  carbide  layer  is  increased  with  reduction  of  operating 
pressure  for  the  800  °C  carburization. 

Fig.  11  shows  the  dependence  of  surface  hardness  on  the  operating  pressure.  According  to 
the  works  of  C.HAYAUD,  et.  al.,  the  dissociation  of  propane  increases  with  pressure  to  form 
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more  stable  hydrocarbon(C2H2)  and  hydrogen[l].  So  it  is  thought  that  higher  flux  carbon 
increases  the  hardness  of  carbon  layer. 

Comparing  with  the  results  of  plasma  vacuum  carburizing  in  Japan,  the  following  remarks 
can  be  made  from  Fig.  12 [3].  In  the  plasma  vacuum  carburizing,  surface  carbide  is  first 
formed  by  the  recombination  of  ions  of  carbon  and  titanium  under  glow  discharge  and 
deposition.  But,  in  this  work,  surface  carbide  is  also  formed  without  plasma  in  the  low 
pressure  carburizing,  and  the  thickness  of  carbide  layer  is  increased  with  time  and  temperature. 
The  growing  behavior  of  carbide  layer  in  both  carburizing  is  similar,  but,  for  the  carburizing 
at  900  °C,  it  is  shown  that  plasma  carburizing  make  much  thicker  carbide  layer  compared  to 
the  low  pressure  carburizing.  And  the  hardness  values  obtained  in  both  carburizing  is  about 
Hvl200.  Have  compared  with  hardness  on  the  PVD  or  CVD  coated  sample,  it  seems  these 
values  are  half  of  hardness  of  coated  sample.  Further  studies  are  needed  to  understand  this 
discrepancy. 

5.  CONCLUSION 

From  the  above  studies,  we  obtained  the  following  conclusions.  By  low  pressure  carburizing 
of  Ti-6A1-4V,  we  can  obtain  the  same  result  as  plasma  carburizing.  The  different  evolution  of 
surface  hardness  of  carburized  Ti-6A1-4V  with  temperature,  time,  and  operating  pressure 
could  be  understood  by  the  gradient  of  carbon  in  the  carbide  and  diffusion  difficulty.  For  the 
practical  use  two  steps  heat  treatment,  for  example,  short  time  pre-carburizing  at  900^0  and 
final  low  temperature  carburizing  at  800  °C  could  be  used  to  get  deep  hardening  and  high 
surface  hardness  for  the  wear  and  load  bearing  capacity.  Here,  we  obtained  only  qualitative 
results.  For  the  more  understanding  of  carbon  evolution  during  low  pressure  carburizing, 
more  works  such  as  TEM(Transmission  Electron  microscope)  studies  are  needed. 
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Fig.  1  Schematic  of  carburizing  furnace 
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Fig.  2  Experimental  variables 
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Fig.  3  Hardness  distribution  of  carburized  Ti-6Al-4v  with  different  operating 

pressure  and  gases 
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Fig.  4  Hardness  distribution  of  carburized  layer  of  Ti  with  furnace 
pressure,  time,  and  temperature 
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Fig.  5  Evolution  of  carburized  layer  (Ti-6A1-4V  alloy,  900  "C ,  670Pa,  x  10,000) 
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Fig.  8  The  step  carburizing  process 
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Fig.  9  WDS  line  mapping  carbon  analysis  of  carburized  Ti-6A1-4V 


Fig.  10  Phase  diagram  of  Ti'C[2] 
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Fig.l  1  The  dependence  of  surface  hardness  with  the  operating  pressure 
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Fig.  12  The  evolution  TiC  layer  thickness  with  time  in  plasma  carburization 
and  low  pressure  carburization  versus  plasma  carburized  timc[3] 
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TITANIUM  ALLOYS  AND  EVALUATION  OF  SURFACE 
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Faculty  of  Engineering,  Hiroshima  University,  1-4-1  Kagamiyama 
Higashi-Hiroshima  739-8527,  Japan 


ABSTRACT 

Pure  titanium,  Ti-6A1-4V,  Ti-15V-3Cr-3Al-3Sn  and  Ti-13V-llCr-3Al  alloys,  were  nitrided 
using  N2  gas  or  borozed  in  molten  Na2B407  salt.  The  microstructures,  hardness,  strength  of  the 
titanium  nitrides  or  titanium  borides  layers  as  well  as  wear  and  hydride  formation  resistance  were 
examined.  The  thickness  of  boride  layer  increased  with  increasing  boronizing  temperature  and 
time,  and  increased  with  increasing  charging  current  density  to  take  a  maximum  at  a  certain 
current  density.  The  thickness  of  boride  layer  and  the  hardness  were  larger  for  pure  titanium  than 
other  titanium  alloys.  The  bending  strength  of  the  boronized  layers  measured  by  using  a 
crack-interval  extrapolation  method  was  much  larger  than  that  of  nitrided  layer  for  pure  titanium. 
The  application  of  nitriding  to  pure  titanium  increased  the  wear  resistance  and  the  hydride 
formation  resistance. 


1.  INTRODUCTION 

Titanium  and  titanium  alloys  are  often  used  for  many  transportation  vehicles  because  of  high 
specific  strength  and  corrosion  resistance.  However,  titanium  is  one  of  the  most  active  metals,  and 
once  the  protective  oxide  film  is  destroyed  under  frictional  load  the  sticking  to  counter  metal  can 
occur.  In  addition,  the  small  heat  conductivity  of  titanium  accelerates  the  fretting  and  wear. 
Moreover,  the  hydride  is  formed  under  the  hydrogen  environment,  and  the  heat  resistance  is  low 
compared  with  stainless  steels  and  super  alloys  because  of  the  rapid  oxidation  at  high  temperature. 
These  demerits  prevent  the  titanium  alloys  from  the  application  to  important  parts,  such  as  landing 
gears  and  jet  engine  parts. 

In  order  to  solve  these  problems,  various  kinds  of  surface  modification  processes,  such  as 
diffusion-permeation  process,  PVD,  CVD,  thermal  spray  coating  and  ion  implantation,  have  been 
carried  out  [1-5].  Among  them,  the  surface  modification  using  gas  or  molten  salt  is  more  effective 
especially  for  the  machine  parts  with  large  size  and  complex  shape  than  PVD  and  thermal 
spraying  methods.  Moreover,  because  the  elastic  modulus  of  titanium  is  low  compared  with  steels 
while  that  of  hard  coating  materials  is  generally  larger,  the  modification  layer  receives  high  stress 
under  the  applied  load.  Thus,  the  diffusion  method  using  gas  or  melting  salt  is  superior  to  CVD 
and  ion  implantation  because  both  methods  provide  thicker  modification  layer.  Although  the 
methods  are  rather  classical,  the  process  does  not  need  complex  and  expensive  apparatus. 

In  the  present  research,  the  boronizing  and  nitriding  are  applied  to  titanium  and  titanium  alloys  to 
obtain  the  surface  with  high  hardness,  and  the  effect  of  the  modifications  on  the  wear  and  hydride 
formation  characteristics  were  examined  comparing  with  other  surface  modification  methods. 


2.  EXPERIMENTAL  METHOD 

The  materials  used  are  as-received  pure  titanium(  a  -phase),  Ti-6A1-4V(  a  +  j5  phase), 
Ti-15V-3Cr-3Al-3Sn,  Ti-13V-llCr-3Al  (/8 -phase)  alloys.  After  machining  the  alloys  to  the 
specimens  with  60mm  length  x  10mm  width  x  3mm  thickness,  the  surface  was  polished  using 
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emery  papers  to  #800.  The  apparatus  used  for  boronizing  is  sown  in  Fig.l.  The  specimens  were 
immersed  into  melted  Na2B407  salt  kept  at  a  temperature  of  T=  1073-1 273K  for  t=0-36ks.  The 
electric  current  of  ic=0-5.4kA/m^  was  applied  between  specimen  and  platinum  electrode.  The 
apparatus  for  gas  nitriding  is  shown  in  Fig. 2.  The  specimens  were  kept  at  a  temperature  of 
T=1153K  or  1223K  in  vacuum  of  4x  lO'Ta,  and  the  nitrogen  gas  of  99.999  %  purity  was 
introduced  with  flow  rate  of  Q=0.017L/s.  After  holding  for  t=3.6-86.4ks,  the  specimen  was  cooled 
in  the  chamber. 


N2  gas  outlet  Specimen 


Fig.l  Apparatus  for  boronizing. 


Fig.2  Apparatus  for  gas  nitriding. 


3.  RESULTS  AND  DISCUSSION 

3.1  Surface  hardness  and  microstructure  of  boronized  or  nitrided  layers 

Figure  3  shows  the  structures  of  cross  section  of  specimens  after  boronizing.  The  optical 
microstructure  of  pure  titanium  (Fig.3(a))  reveals  the  white  continuous  layer  of  TiB2  and 
discontinuously  distributed  granular  TiB  which  corresponds  to  the  X-ray  diffraction  analysis 
shown  in  Fig.4.  The  optical  structures  of  Ti-6A1-4V  alloy  is  shown  in  Fig.  3(b).  The  boride  layers 
becomes  irregular  at  higher  charging  current  density  than  1200A/m^. 


Fig.3  Micro  structure  of  titanium  and  titanium  alloys  after  boronizing. 
(a)  Pure  titanium  (charging  current  density  ic=230A/m^),  (b)  Ti-6A1-4V 
alloy  (ic=421 1  A/m\  (c)  Ti-15V-3Cr-3Al-3Sn  alloy  (ic=230A/m^), 

(d)  Ti-15V-l  lCr-3Al  alloy  (ic=1068A/m^) 
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Figure  3(c)  is  the  structure  of  Ti-15V~3Al-3Sn  alloy  observed  by  SEM,  where  the  plate-like  phase 
appears  in  substrate  under  the  TiB2  and  TiB  layers.  From  the  X-ray  analysis  of  the  surface  after 
removing  the  boride  layers,  the  structure  was  identified  as  a  phase.  Fig.  5  shows  the  line  analysis 
of  the  structure  using  EPMA.  Boron  exists  only  in  the  boride  layer  and  does  not  diffuse  into 
titanium,  which  corresponds  that  boron  does  not  dissolve  into  a  and  yS  phases  of  titanium 
according  to  binary  equilibrium  phase  diagram.  In  boride  layers,  there  exist  Gr  and  V  from 
substrate  while  A1  and  Sn  are  extruded  near  the  boundary  between  layer  and  substrate.  In  the 
plate-like  aphase,  the  concentration  of  V,  Cr  and  A1  is  low  while  that  of  Ti  and  O  are  high.  These 
distribution  of  elements  means  that  the  formation  of  boride  layer  occurs  taking  following  process; 
Boron  diffuses  into  the  alloy  to  form  borides,  which  partly  dissolve  V  and  Cr,  and  at  the  same  time 
extrude  Sn  and  Al,  which  are  a  phase  stabilizing  element,  to  substrate.  On  the  other  hand,  the 
oxygen  atoms,  which  is  also  or  phase  stabilizing  element  and  have  large  binding  energy  with 
titanium,  diffuse  form  surface  into  substrate  and  extrude  V  and  Cr,  which  are  yS  phase  stabilizing 
elements,  to  form  a  phase  during  bonding  process.  Fig.3(d)  shows  the  optical  structure  of 
Ti-13V-llCr-3Al  alloy.  The  string-like  a  phase  seems  to  exist  in  the  substrate  near  boundary. 
Fig.  6  shows  the  X-ray  diffraction  patterns  of  the  specimen.  The  peaks  from  VB2  or  CrB2  appears 
with  TiB2  peaks  when  the  current  density  is  ic=1.9kA/m^  where  the  thickness  of  boride  layer  is 
maximum. 


30  40  50  60  70  80 

Diffraction  angle  20,  degree 


Fig.4  X-ray  diffraction  patterns  of 
boronized  pure  titanium. 


Distance  from  surface  X .  um 

Fig.5  Line  analysis  Ti-15V-3Cr-3Al-3Sn 
alloy  by  EPMA 


Diffraction  angle  2  6 ,  degree  Current  density  i^ ,  kA/m2 


Fig.6  X-ray  diffraction  patterns  of  Fig.7  Effect  of  charging  current  density 

boronized  Ti- 1 3 V- 1 1  Cr-3 Al  alloy.  on  the  boronized  layer  thickness. 
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Figure  7  shows  the  relationship  between  current  density  and  boride  layer  thickness  for  all  the 
alloys.  The  thickness  is  the  largest  for  pure  titanium  and  the  peak  of  current  density  taking 
maximum  thickness  is  smaller  for  the  alloy  with  larger  boride  layer  thickness.  Figure  8  shows  the 
relationship  between  current  density  and  micro  Vickers  hardness  measured  at  an  indentation  load 
of  1,  2  and  5N  for  titanium  specimen  boronized  at  1223K  for  lO.Sks.  The  hardness  takes  a 
maximum  of  40GPa  at  a  certain  current.  The  similar  tendency  was  observed  for  titanium  alloys 
and  the  maximum  hardness  of  the  boride  layers  (O.IN  indent  force),  are  about  37GPa  for 
Ti-6A1-4V  alloy  and  about  24GPa  for  Ti-15V-3Al-3Sn  and  Ti-13V-l  lCr-3Al  alloys.  Although  the 
hardness  of  boride  layer  of  /?  type  alloys  are  not  large  perhaps  Cr  or  V  dissolves  in  borides 
substituting  for  Ti,  they  are  still  larger  than  that  of  Fe2B  of  boronized  steels  (20GPa).  Moreover, 
the  boronizing  temperature  of  about  1 223K  is  so  high  for  pure  titanium  or  near  a  type  alloys 
that  grain  growth  occurs,  while  the  temperature  corresponds  to  the  solution  treatment  temperature 

for  a  +  jS  and  ^  type  alloys.  Thus,  the  boronizing  treatment  is  rather  suitable  for  a  +  ^  and 

^  type  alloys.  ,  .  ,  •  j  -  • 

Gas  nitriding  was  carried  out  for  pure  titanium.  Fig.9  shows  the  relation  between  nitriding  tirne 
and  the  thickness  of  nitride  layers.  The  microstructure  in  Fig.  10  and  X-ray  diffraction  pattern  in 
Fig.l  1  shows  that  TiN  and  Ti2N  layers  are  fonned  on  the  substrate. 


..I  .  .  .I.imJ _ I - ■  I  1  ..IXlJ - 

10’  10^  10’ 


Nitriding  time  t ,  sec 


Fig.8  Effect  of  electric  current  density  on 
the  micro- Vickers  hardness  of  boronized 
pure  titanium. 


Fig.9  Effect  of  nitriding  time  and 
temperature  on  the  thickness  of 
nitride  layers. 


Fig.  10  Optical  micro-structure  of  nitrided 
layers  (T='1223K.t"28.8ks) . 


Fig.l  1  X-ray  diffraction  patterns  of 
nitrided  pure  titanium. 
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3.2  Strength  of  boride  and  nitride  layers 


Four-point  bending  tests  were  carried  out  on  the  boronized  or  nitrided  pure  titanium  specimens. 
The  tme  bending  strength  Cc  was  calculated  by  using  the  equation:  cr,  =E|I  cr/(2(EiIi-i-E2l2)+E3l3 ). 
Here,(Tis  nominal  bending  stress, <Tt  is  true  stress,  Ei,  E2  and  E3 ,  and  h,  I2, 13,  are  the  elastic 
moduli  and  second  moment  of  area  of  surface  layer,  middle  layer  and  substrate.  Bi,  B2  and  B3  are 
the  thickness  of  each  layer  and  substrate.  During  the  bending  tests,  the  average  interval  between 
cracks,  L,  were  measured  and  plotted  as  a  relation  between  a  and  inverse  of  L.  Fig.  12  shows  the 
results  for  TiN  layer.  Although  the  true  stress  is  not  exact  after  the  cracking  has  occurs  in  the  layer, 
the  true  stress  just  when  the  first  cracking  occurred,  or  the  stress  at  1/L=0,  corresponds  to  theo-e. 
According  to  the  estimation,  thecTc  of  TiN  is  about  630MPa.  Fig.  13  shows  the  relationship 
between  thickness  of  titanium-boride  layer  and  tme  bending  strength  o-c,  nominal  bending  stress 
cr  and  residual  stress ctr  obtained  from  X-ray  measurement.  Theo-cOf  TiB2  layer  is  almost 
constant  irrespective  of  layer  thickness.  The  existence  of  residual  compressive  stress  seems  to 
increase  the  strength  of  TiB2  layer.  The  a  ^  of  TiB2  layer  is  much  larger  than  that  of  TiN  layer  and 
the  harness  of  TiB2  (HV4000)  is  also  larger  than  that  of  TiN  (HV2400),  so  that  the  boronizing  has 
a  merit  to  improve  surface  properties  of  titanium. 
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Fig.  12  Relationship  between  inverse  of 
crack  interval  and  nominal  tensile  stress. 


Fig.  13  Relationship  between  boride  layer 
thickness  and  nominal,  tme  bending 
strength  and  residual  stress. 


3.3  Wear  and  hydride  formation  resistance  of  nitrided  titanium 

Pin-on-disk  type  wear  tests  were  carried  out  for  the  nitrided  pure  titanium.  The  loading  pin  was 
SiC  ball.  The  example  of  the  results  is  shown  in  Fig.  14  with  the  results  for  sputtered  TiN  film.  The 
wear  property  is  largely  improved  by  nitriding.  Although  the  delamination  of  TiN  layer  occurred 
at  a  certain  wear  cycles,  the  Ti2N  layer  does  not  delaminate  from  substrate  and  prevent  wear  of 
titanium.  On  the  other  hand,  the  sputtered  TiN  film  delaminates  within  a  shorter  period  and  the 
wear  of  substrate  increases  largely. 

The  hydrogen  charging  test  was  carried  out  for  pure  titanium  in  40mass%  sulfuric  acid  aqueous 
solution  under  the  charging  current  density  of  500A/m^.  Fig.  15  shows  the  relationship  between 
thickness  of  nitride  layer  or  film  and  delamination  time,  where  the  data  obtained  for  sputtered  TiN 
film,  N2  ion  implanted  titanium,  Ti02  film  coated  by  sol-gel  method  and  by  anodic  oxidation  are 
also  shown.  The  nitriding  prevents  delamination  of  nitride  layers  as  well  as  hydride  formation  on 
titanium,  while  the  coated  films  are  easily  delaminated  and  hydride  was  formed  in  the  N2'^ 
ion-implanted  titanium  after  the  charging  of  Iks.  Thus,  gas  nitriding  is  more  effective  than  the 
coating  methods  when  the  titanium  is  used  for  hydrogen  environment. 
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Fig.  14  Relationship  between  number  of 
rotation  cycles  and  wear  area  for 
nitrided  or  sputtered  pure  titanium. 


Coating  thickness  or  layer  thickness 
B  or  BjiN  ,  /i  m 


Fig.  15  Relationship  between  layer  or  film 
thickness  and  delamination  time  under 
hydrogen  charging. 


It  is  concluded  that  the  boronizing  and  nitriding  are  applicable  for  titanium  alloys  to  forrn  thicker 
hard  layers.  This  is  important  for  the  material  with  small  elastic  modulus  like  titanium  and 
aluminum  alloys,  because  the  thin  modification  layer  can  not  bear  the  large  contact  load,  and  the 
layer  or  film  is  easily  cracked  and  delaminated  due  to  the  large  difference  in  elastic  modulus 
between  film  and  substrate. 


4.  CONCLUSION 

Pure  titanium,  Ti-6A1-4V,  Ti-15V-3Cr-3Al-3Sn  and  Ti-13V-llCr-3Al  alloys  are  boronized  using 
Na2B407  melted  salt  and  nitrided  using  N2  gas,  and  the  micro-structures,  micro-hardness,  strength 
of  the  layers  as  well  as  wear  and  hydride  formation  resistance  are  examined.  Titanium  borides, 
TiB2  and  TiB,  are  formed  by  the  boronizing.  The  thickness  of  boride  layer  increases  with 
increasing  boronizing  temperature  and  time,  and  takes  a  maximum  at  a  certain  charging  current 
density.  The  thickness  of  boride  layer  and  the  hardness  are  larger  for  pure  titanium  than  other 
titanium  alloys.  Titanium  nitrides,  TiN  and  Ti2N,  are  formed  by  N2  gas  nitriding.  The  bending 
strength  of  the  boronized  layers  measured  by  using  a  crack-interval  extrapolation  method  is  much 
larger  than  that  of  nitrided  layer  for  pure  titanium.  The  application  of  nitriding  to  pure  titanium 
increases  the  wear  resistance  and  the  hydride  formation  resistance. 
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ABSTRACT 

Intensified  Plasma- Assisted  Processing  (IPAP)  is  a  surface  engineering  method  developed  in  our 
laboratory  that  has  been  utilized  for  low-temperature,  low-pressure  nitrogen  diffusion  treatments 
and  coating  deposition.  Plasma  intensification  and  energetic  flux  bombardment  of  the  work  piece 
is  accomplished  by  using  a  triode  glow  discharge.  IPAP  utilizes  high  cathode  current  densities  at 
low  pressures,  allowing  enhanced  flow  and  controlled  energies  of  the  particles  bombarding  the 
work  piece  leading  to  formation  of  desired  nanostructured  nitrides  and  deep  diffusion  zones. 

Recent  studies  show  that  IPAP  can  achieve  enhanced  plasma  nitriding  kinetics  at  relatively  low 
temperatures  even  in  materials  that  are  difficult  to  nitride  by  conventional  means  such  as  Ti-based 
and  Al-based  alloys.  A  brief  summary  of  the  fundamentals  behind  this  method  is  presented  along 
with  experimental  results  on  IPAP-treated  pure  Ti  and  Ti-6A1-4V  alloy.  IPAP  treatment  was  found 
to  achieve  a  marked  increase  in  hardness  (3.5  and  4.5  times  higher  for  Ti  and  T-6A1-4V, 
respectively)  and  tribological  experiments  have  shown  significantly  greater  wear  resistance  and 
lower  friction  coefficients.  Anodic  polarization  and  fatigue  experiments  revealed  that  corrosion 
and  fatigue  resistance  of  IPAP-treated  specimens  is  also  slightly  increased.  The  present  results 
suggest  that  IPAP  is  a  high  potential  surface  treatment  for  Ti-based  alloys. 


1.  INTRODUCTION 

During  the  last  three  decades,  there  have  been  tremendous  advancements  in  the  area  of  surface 
engineering  by  developing  novel  diffusion,  coating  (composite,  multilayered,  functionally  gradient) 
and  duplex  treatments.  Intensified  plasma-assisted  processing  (IPAP)  is  a  patented  surface 
modification  technique  that  has  been  developed  in  our  laboratory  [1,2].  The  IPAP  technique  allows 
a  combination  of  plasma  diffusion  treatments  with  plasma-assisted  vapor  deposition  and  chemical- 
reaction  synthesis.  Plasma  intensification  is  accomplished  by  using  a  triode  glow  discharge 
allowing  low-pressure,  low-temperature  treatments  (typically  <500‘’C).  Figure  1  presents  the 
experimental  set-up  and  the  principle  behind  the  technique.  The  system  involves  an  ion  gun  and 
two  magnetron  sputter  sources  and  is  capable  of  conducting  several  treatment  combinations. 

A  major  portion  of  our  work  has  been  concerned  with  intensified  plasma  nitriding  utilizing  the 
IPAP  technique.  Considering  energy  levels  during  plasma  or  ion  beam  treatments,  it  is  evident  that 
previous  studies  have  concentrated  on  either  end  of  the  energy  spectrum  of  participating  particles. 
For  example,  ion  implantation  is  at  the  high-energy  spectrum  (5-500  keV)  and  conventional  plasma 
nitriding  at  the  low  energy  end  of  the  spectrum  (particle  energy  <~200  eV).  Energetic  particle 
bombardment  during  IPAP  takes  place  at  an  intermediate  energy  level  (200-2000  eV).  In  the  past, 
beneficial  effects  by  energetic  bombardment  have  been  realized  in  processes  such  as  ion  plating 
(triode  ion  plating)  [3]  and  ion  beam  enhanced  deposition  [4]  and  these  developments  motivated 
research  in  the  area  of  intensified  plasma  nitriding  [5]. 
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Fig.l  Experimental  set  up  of  IPAP  and  dominating  mechanism  of  charge 
exchange  collisions  [(+)  represent  ions  and  (o)  represent  neutrals]. 


Plasma  intensification  during  IPAP  provides  several  fundamental  advantages  compared  to  the  diode 
process.  These  advantages  include  (i)  higher  ionization  efficiency;  (ii)  lower  operating  gas 
pressures;  (iii)  highly  energetic  flux  of  ions  and  neutrals;  and  (iv)  flux  bombardment  can  provide 
the  activation  energy  for  chemical  reaction  and  compound  synthesis.  These  advantages  result  in:  (i) 
less  contamination  and  cleaner  surfaces;  (ii)  highly  desirable  nitrides  and  microstructural  control; 
(iii)  treatment  at  relatively  low  temperatures;  (iv)  significantly  enhanced  diffusion  kinetics;  and  (v) 
diffusion  zones  can  be  produced  to  serve  as  a  precursor  to  subsequent  coating  treatments  (duplex 
treatments  or  functionally-graded  coating  treatments)  that  can  be  performed  in  the  same  system. 
The  majority  of  our  work  has  been  focused  on  applying  IPAP  to  nitride  systems  that  are  difficult  to 
be  processed  by  the  conventional  plasma  nitriding  (i.e.  Al-  and  Ni-based  alloys,  stainless  steels, 
etc.)  [5,6].  This  paper  provides  a  summary  of  the  theoretical  background  behind  IPAP  and 
achievements  obtained  for  the  Ti  system. 


2.  THEORETICAL  BACKGROUND  AND  MECHANISM 


IPAP  operates  in  the  cathode  dark  space  of  the  abnormal  regime  of  the  glow  discharge.  In  the  dark 
space,  energetic  ions  and  neutrals  bombarding  the  work  piece  are  generated  through  collisions, 
Figure  1.  This  results  in  three  types  of  energetic  particles:  ions  that  escape  collisions  and  arrive  at 
the  cathode  with  their  full  energy,  and  ions  and  neutrals  produced  from  collisions  within  the  dark 
space  having  a  distribution  of  energy  that  has  been  previously  described  [7].  An  approximate 
estimate  of  the  average  ion  {Ei‘)  energy  is  given  by  [8]: 

where  Vc  is  the  cathode  voltage,  A  is  the  mean  free  path  for  charge  exchange  collisions  and  L  is  the 
dark  space  length.  The  neutrals  bombarding  the  cathode  can  be  either  energetic  or  low-energy 
thermal  neutrals  (1-2  eV).  The  average  energy  (E/)  of  energetic  neutrals  is  expressed  as: 


(2) 
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The  above  equations  show  that  the  ratio  L/X  has  a  controlling  effect  on  the  flux  energies  as  has  been 
previously  suggested  [9,10].  IPAP  is  characterized  by  low  L/X  ratios  (Z/i<10)  whereas  high  L/X 
values  {L/X>\0)  prevail  in  the  conventional  process.  A  decrease  in  L/X  causes  an  increase  in  the 
average  ion  and  neutral  energies.  Low  L/X  ratios  are  obtained  under  low  pressure  and  discharge 
intensification  conditions  that  reduce  the  number  of  collisions  and  increase  average  energy  of  ions 
and  neutrals.  Decreasing  L/X  increases  the  total  ion  energy  but  reduces  the  number  of  energetic 
neutrals  and  their  total  energy.  A  balance  of  these  counter  acting  factors  produces  an  optimum 
energy  distribution  that  occurs  at  a  critical  value  of  L/X  =  2  [8,11].  Figure  2  presents  surface 
microhardness  values  of  pure  Ti  IPAP-nitrided  at  various  L/X  ratios.  These  experiments  were 
conducted  at  the  same  cathode  current  density  (/  =  3.5  mA.cm‘^),  temperature  (440°  C)  and  bias 
voltage  (F  =  2,000  V).  Varying  the  chamber  pressure  varied  the  L/X  ratio.  The  results  show  a 
hardness  increase  over  that  of  pure  Ti  (-400  Hy)  by  3.5  times  and  that  the  highest  hardness  is 
obtained  for  the  critical  value  of  L/X  =  2. 

As  noted  earlier  significantly  higher  average  ion  and  neutral  energies  exist  in  IPAP  compared  to  the 
diode  process.  Also,  in  spite  of  the  higher  dose  pertaining  in  the  diode  process  (due  to  higher 
neutral  dose),  IPAP-treated  specimens  exhibit  higher  surface  hardness.  Considering  the  various 
energy-dependent  physical  processes  that  take  place  during  bombarding  particle/material  surface 
interaction  (sputtering,  implantation,  defect  generation,  diffusion,  etc.),  it  is  evident  that  a  beneficial 
effect  is  expected  from  the  energetic  flux  pertaining  in  IPAP  compared  to  the  conventional  low 
energy  process.  Similar  beneficial  effects  by  ionic  bombardment  on  film  deposition  have  been 
previously  recognized  [3,4].  The  above  observations  clearly  suggest  that  beneficial  surface 
conditions  (vacancies  and  surface  defects)  develop  during  the  higher  energy  bombardment  of  the 
surface.  Recent  theoretical  predictions  using  TRIM  show  that  energetic  particle  bombardment 
beyond  a  threshold  energy  level  of  -200  eV  (upper  limit  of  conventional  plasma  nitriding)  would 
be  required  for  significant  vacancy  generation  in  the  outer  surface  layer  [12].  Previous  experimental 
results  however,  on  a  large  number  of  metals  show  a  reduction  of  point  defects  produced  in 
cascades  when  the  bombarding  particle  energy  is  beyond  a  certain  level  (a  few  keV)  [13].  Thermal 
spikes  can  cause  localized  melting  in  cascades  where  all  of  the  vacancies  lie,  causing  vacancy 
annihilation.  Thus,  energetic  particle  bombardment  at  the  intermediate  energy  levels  pertaining 
during  IPAP  may  be  causing  significant  vacancy  formation  whereas  lower  or  higher  energies  are 
either  not  sufficient  or  cause  annihilation.  It  has  been  proposed  [14]  that  vacancies  generated  in  the 
near-surface  region  by  particle  bombardment,  can  couple  with  N  atoms  and  undergo  long-range 
migration.  Our  results  are  consistent  with  this  N  diffusion  mechanism  and  recent  modeling  work  in 
our  laboratory  [12]  provides  good  predictions  with  experimental  nitrogen  diffusion  profiles. 


L/X 


Fig.  2  Surface  hardness  of  pure  Ti  specimens  nitrided  in  pure 
nitrogen  discharge  at  different  chamber  pressures. 


1017 


3.  IPAP  NITRTDING  OF  Ti-6AF4V  ALLOY 


Titanium  and  Ti-based  alloys  exhibit  an  attractive  combination  of  properties  (excellent  strength-to- 
weight  ratio,  fracture  toughness,  corrosion  resistance,  etc.)  but  suffer  in  terms  of  wear  performance. 
Thus,  surface-hardening  treatments  for  Ti-based  alloys  are  of  significant  importance.  Recent  high- 
resolution  transmission  electron  microscopy  (TEM)  studies  have  shown  that  IPAP  nitriding  of  Ti- 
based  alloys  produces  a  three-layer  structure  at  the  surface  region.  A  thin  outer  TiNx  compound 
layer  followed  by  a  TisN  layer  and  a  diffusion  zone  exhibiting  a  hardness  gradient.  The  TisN 
structure  has  been  found  to  be  a  superstructure  and  the  diffusion  zone  to  be  a  Ti-matrix/Ti^N 
composite  with  the  volume  fraction  of  the  Ti3N  phase  gradually  decreasing  with  depth.  Such 
microstructure  results  in  a  significantly  higher  hardness  (Knoop  hardness,  Hk,  ~4.5  times  higher) 
and  a  hardness  gradient  that  can  alleviate  problems  expected  at  hard  coating/soft  substrate 
interfaces.  It  should  also  be  noted  that  conventional  plasma  nitriding  is  conducted  at  high 
temperatures  (usually  above  the  a/p  transition  temperature)  that  may  result  in  distortion  and 
prevents  treatment  of  temperature  sensitive  microstructures.  IPAP  treatments  of  Ti-based  alloys 
can  be  performed  at  significantly  lower  temperatures  (<450^  C)  offering  a  significant  advantage. 


Table  1  Hardness  (Hk)  and  wear  results  of  PMMA  pin  on  Ti-6A1-4V  in  0.1  M  NaCl  solution. 


Test 

Material 

(processing  time) 

S _ _ _ _ _ li-, 

Hk 

/ 

m) 

Wd 

(xlO'^  mm^  N'^m"’) 

Wp 

(xlO'^  mm^  N‘‘m‘‘) 

1 

Ti-6A1-4V 

(unprocessed) 

600 

0.5 

0.44 

10.5 

2 

IPAP-Nitrided 
Ti-6A1-4V  (1  h) 

1700 

0.33/0.3 

0.0015 

9.1 

3 

IPAP-Nitrided 
Ti-6A1-4V  (2  h) 

2250 

0.36/0.24 

0.0201 

16.7 

4 

IPAP-Nitrided 
Ti-6A1-4V  (4  h) 

2800 

0.34/0.24 

0.018 

14.6 

fVp:  Wear  rate  of  pin;  PMMA  pin  diameter  =  12.5  mm: 


Table  1  presents  results  from  pin-on-disc  experiments  that  were  conducted  on  IPAP-nitrided  Ti- 
6A1-4V  alloy  processed  for  a  time  period  of  1,  2,  and  4  hours.  Table  1  shows  that  significant 
improvements  in  the  wear  resistance  of  Ti-6A1-4V  can  be  achieved  by  IPAP  nitriding.  Wear  rates 
can  be  reduced  by  more  than  one  order  of  magnitude  (20  times  lower)  but  equally  important  is  the 
significant  reduction  (~50%  reduction)  in  the  value  of  the  final  coefficient  of  friction  (fi).  SEM 
examination  of  the  wear  track  region  of  the  IPAP-treated  specimens  revealed  no  signs  of  gross  wear 
damage  but  rather  the  initiation  of  a  surface  polishing  effect  (roughness  reduction)  in  the  wear-track 
region.  It  is  believed  that  the  slightly  higher / values  observed  initially  are  due  more  than  likely,  to 
the  wear-in  behavior  of  the  as-processed  surface.  After  that  initial  break-in  period  and  as  polishing 
of  the  asperity  contacts  occurs  a  smoother  surface  is  produced  resulting  in  a  lower/value. 


Further  more,  it  is  important  to  note  that  the  above  surface  treatment  can  serve  as  a  precursor  to 
deposition  of  hard  wear-resistant  coatings  providing  a  functionally  graded  interface  (FGI).  This 
duplex  system  can  provide  a  solution  to  the  problem  of  abrupt  strain  change  at  the  coating/substrate 
interface,  which  is  one  of  the  major  sources  of  coating  failure  in  systems  involving  hard  coatings  on 
soft  metallic  substrates.  Experiments  have  been  conducted  recently  in  such  a  system  in  our 
laboratory.  Diamondlike  carbon  coatings  (DLC)  deposited  on  Ti-6A1-4V  substrates  with  FGI  were 
found  to  exhibit  significant  improvements  in  wear  resistance  (2-3  times  longer  lifetime)  especially 
at  high-applied  loads  due  to  the  better  substrate  support.  At  the  same  time  these  systems  enjoy  a 
very  low  coefficient  of  friction  (/<0.05)  resulting  from  the  presence  of  the  DLC  coating. 
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Fig.3  High  cycle  fatigue  behavior  of  IPAP-treated  and  unprocessed  Ti-6A1-4V  alloy. 

Surface  modification  methods  have  been  used  extensively  in  the  past  as  a  surface  strengthening 
method  to  delay  onset  of  cracking  during  cyclic  loading.  In  the  present  study,  fatigue  tests  were 
carried  out  on  "hourglass"  specimens  in  tension  and  full  compression  (R=  -1),  at  50  Hz  frequency. 
The  particular  type  of  specimen  used  is  very  sensitive  to  fatigue  crack  initiation  (failure  occurs 
immediately  upon  crack  initiation),  which  is  the  stage  that  can  potentially  be  affected  by  the  surface 
treatment.  The  results  of  the  fatigue  experiments  are  shown  in  Figure  3  and  suggest  that  IPAP 
treatment  has  a  beneficial  effect  on  the  fatigue  behavior  of  Ti-6A1-4V.  The  fatigue  life  of  the 
IPAP-treated  specimens  was  longer  for  all  levels  of  stress  amplitude,  with  probably  a  larger 
improvement  at  lower  stress  amplitudes.  These  effects  are  attributed  to  improvement  in  surface 
strengthening,  homogeneity  of  slip  and  development  of  residual  stresses  at  the  surface  region. 


Fig.4  Anodic  polarization  behavior  of  IPAP-treated,  TiN-coated  and 
unprocessed  Ti-6A1-4V  alloy  in  0.  IM  NaCl  solution  (36°C). 
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Figure  4  presents  results  from  anodic  polarization  experiments  conducted  in  O.IM  NaCl  solution 
(pH=6.8)  at  36°  C.  In  addition  to  unprocessed  and  IPAP-nitrided  Ti-6A1-4V  alloy,  TiN-coated 
samples  were  also  tested.  The  results  show  that  the  presence  of  TiN  either  as  a  discrete  coating  or 
formed  by  IPAP  within  the  original  substrate,  raises  the  corrosion  potential  by  about  100  mV  (SCE). 
The  unprocessed  alloy  exhibited  an  initial  activation  polarization  stage  followed  by  passivation  at 
higher  current  densities.  Both  IPAP-treated  and  TiN-coated  alloys  exhibited  passivation  with  the 
TiN-coated  alloy  showing  somewhat  lower  corrosion  current  densities.  However  all  three  corrosion 
rates  are  considered  very  low.  Similar  low  corrosion  rates  have  been  determined  previously  in 
NaCl  solution  [15],  The  present  results  also  show  that  the  surfaces  where  TiN  was  present  (either 
TiN  coating  or  TiN  produced  by  IPAP)  in  general  exhibited  lower  passive  current  densities.  These 
results  are  in  general  agreement  with  previous  reports  on  corrosion  behavior  of  TiN  coatings  and 
have  been  attributed  to  inhibition  caused  by  the  presence  of  N  in  the  outer  surface  layer. 
Nevertheless,  the  present  results  demonstrate  that  the  corrosion  resistance  of  the  material  is 
maintained  after  IPAP  treatment  while  tribological  perfomiance  is  significantly  improved. 


4.  CONCLUDING  REMARKS 

IPAP  is  an  emerging  surface  engineering  technique  that  can  provide  effective  surface  treatments  at 
relatively  low-temperatures.  IPAP  treatment  of  Ti  and  Ti-6A1-4V  alloy  at  temperatures  <450°C 
was  found  to  achieve  a  marked  increase  in  surface  hardness.  IPAP  treatment  was  also  found  to 
cause  significant  improvements  in  tribological  perfonnance  while  maintaining  or  even  slightly 
improving  fatigue  and  corrosion  resistance.  The  present  results  demonstrate  that  IPAP  is  a  high 
potential  surface  treatment  process  for  Ti-based  alloys. 
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ABSTRACT 

The  goal  of  this  work  is  to  develop  a  multi-sensor  nondestructive  evaluation  (NDE)  approach 
to  characterize  aluminum  alloy  airframe  structures  under  polymeric  corrosion  protective 
coatings.  Two  main  efforts  are  highly  relevant:  (i)  studying  different  degradation  processes  in 
the  polymers  to  estimate  the  coating  performance  in  service;  and  (ii)  detecting  and  quantifying 
early  stages  of  corrosion  beneath  an  intact  coating.  To  address  these  tasks  we  employed 
acoustic  and  thermographic  NDE  techniques,  including  Scanning  Acoustic  Microscopy 
(SAM)  and  Fan  Thermography.  SAM  can  be  utilized  to  map  either  coating  or  interface 
properties  (C-scans).  The  method  revealed  potential  to  determine  the  curing  quality  of  the 
coatings.  It  was  also  possible  to  detect  small  corrosion  pits  under  delaminated  areas. 
Furthermore,  we  evaluated  the  reflections  of  surface  waves,  which  are  generated  and  detected 
by  the  same  probe.  This  enabled  us  to  examine  the  substrate/coating  interface  and  to  detect 
sites  of  weak  adhesion  or  corrosion  pitting  underneath  an  intact  coating.  Fan  Thermography 
(hot  air  heating)  was  applied  to  detect  corrosion  under  the  coatings  and  sites  of  delamination. 


1.  INTRODUCTION 

Nondestructive  characterization  of  corrosion  protective  coatings  is  of  exceptional  importance 
to  enhance  usability  of  coating  systems  and  thus,  to  reduce  the  costs  of  aircraft  maintenance 
and  to  avoid  extensive  environmental  pollution.  The  possible  failure  of  the  coating  leads  to 
insufficient  corrosion  protection  and  finally  to  the  failure  of  the  A1  alloy.  Determination  of 
mechanical  and  physical  properties  of  the  coating  and  the  condition  of  the  interface  are 
required,  both  under  different  types  of  load  and  environmental  exposure.  Furthermore,  it  is 
necessary  to  detect  corrosion  damage  in  the  aluminum  alloy  below  the  coating!.  To  achieve 
this,  the  employment  of  high-resolution  nondestructive  evaluation  (NDE)  is  necessary. 

Military  aircraft  coatings  have  to  be  multi-functional.  Only  a  multi-layer  coating-system  can 
satisfy  all  requirements.  Currently  used  coating-systems  consist  of  surface  pretreatment 
(chromate  conversion  coatings),  primer  (mainly  epoxies)  and  topcoat  (e.g.  polyurethane 
elastomers)  [1,  2,  3].  We  examined  a  series  of  epoxy  primer-coatings  applied  on  A1  2024-T3 
plates.  A1  2024-T3  is  currently  one  of  the  most  popular  aluminum-alloy,  especially  due  to  its 
good  specific  strength  and  stiffness  [1,2].  Insufficient  curing  is  essentially  non-uniform 
distribution  of  crosslinking  agents  leading  to  density  variations  in  the  coating;  high  density 
regions  are  brittle  and  susceptible  to  cracking  while  low  density  regions  may  allow  migration 
of  environmental  particles  (e.g.  hydrogen)  to  the  metal  substrate.  Ultraviolet  (UV)  radiation. 
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present  in  sunlight,  eauses  photooxidation  processes  in  the  coating  that  destroy  the  polymer 
chains.  This  leads  to  embrittlement  and  fracture.  Another  problem  for  coating  applications  is 
weak  bonding  or  even  delamination  at  the  interface,  as  a  result  of  improper  metal  surface 
treatment  or  insufficient  adhesion  capability  of  the  polymer  chains. 

Eventually,  these  mechanisms  lead  to  an  environmentally  exposed  metal  surface  where 
corrosion  pits  can  occur.  Under  mechanical  load  the  pits  act  as  initiation  sites  for  metal 
fracture. 


2.  EXPERIMENTS 

2. 1.  Scanning  Acoustic  Microscopy 

The  characterization  of  multi-layered  structures  using  SAM  is  classically  performed  by  time- 
of-flight  spectroscopy  in  the  pulsed  regime.  An  ultrasonic  wave  generated  by  a  piezoelectric 
transducer  is  sent  into  the  test  material;  the  same  probe  detects  the  reflected  waves  [4,5].  The 
coupling  between  transducer  and  sample  is  achieved  by  submerging  both  in  a  water  bath 
(figure  1).  Since  probe  and  sample  are  not  in  contact,  the  transducer  can  be  moved  with  a  x-y- 
z-manipulator. 


Fig.  1.  a)  scheme  of  SAM  Pulse/Echo  measurements  b)  A-scan  of  longitudinal  bulk  wave 
reflections  at  the  interfaces;  focal  point  on  coating/substrate-interfacc 


Alternatively,  A-,  B-,  or  C-scans  can  be  obtained.  In  our  experiments  we  employed  a 
broadband  10-200  MHz  transducer  with  a  spherical  focusing  lens.  Focusing  and  high 
frequency  of  the  excited  wave  provide  two  important  advantages:  high  lateral  resolution 
measurements  (order  of  wavelength  in  water:  down  to  approx.  10  pm)  and  time  resolving  of 
the  different  interface  reflections  (figure  1).  These  interface  reflections  arc  due  to  longitudinal 
bulk  waves.  Most  reflection  is  achieved,  when  the  probe  lens  is  focused  on  the 
coating/substrate  interface,  because  all  normal  and  oblique  incident  waves  add  up  to  one 
reflection  amplitude. 
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2.2.  Fan  Thermography 


An  alternative  application  is  the  use  of  thermal  techniques.  Due  to  high-energy  radiation  (e.g. 
laser  radiation,  hot  air)  the  specimen  heats  up.  Certain  properties  or  imperfections  of  the 
material  influence  the  spatial  patterns  of  temperature  values.  The  measuring  parameters  can 
be  correlated  to  material  properties  like  thermal  conductivity  or  thermal  diffusivity.  The 
thermal  techniques  are  based  on  the  thermal  diffusion  equation  allowing  quantified 
measurements. 

A  well-established  method  is  flash  thermography  that  provides  a  quantitative  characterization 
of  defects  under  coatings.  Using  this  technique  a  high-energy  (approx.  12  kJ)  light  pulse  is 
deposited  on  the  surface  of  examination.  A  part  of  the  light  is  absorbed  and  converted  into 
heat.  An  infrared  (IR)  camera  with  up  to  1  kHz  frame  rate  observes  the  cooling  process  of  the 
material.  The  material  properties  of  coatings  as  well  as  possible  interface  or  substrate  defects 
influence  heat  diffusion  and  thus  cause  changes  in  the  surface  temperature  with  time  [6]. 

In  our  approach,  we  replaced  the  flash  lamps  with  a  hot  air  gun  or  fan.  The  IR-camera 
observes  the  heating  process  of  the  material.  In  comparison  to  the  flash  lamps  this  heating 
method  deposits  considerably  less  energy  per  time  on  the  surface  of  examination.  The  sample 
heats  up  much  slower,  which  allows  observing  the  material  response  over  longer  periods  of 
time.  The  lower  heat  deposition  energy  reduces  the  risk  of  destroying  the  coating.  An 
additional  advantage  is  the  very  simple  and  inexpensive  set-up. 

2.3.  Scanning  Vibrating  Electrode  Technique 

Scanning  Vibrating  Electrode  Technique  (SVET)  is  used  to  investigate  corrosion  events  under 
coatings  at  the  metal/coating  interface  with  adequate  spatial  resolution.  The  technique  detects 
the  minute  variations  in  d.c.-corrosion  currents  that  are  associated  with  localized  anodic  or 
cathodic  corrosion  activity.  The  corrosion  may  be  related  to  coating  defects  or  galvanic 
coupled  regions  of  the  metal  surface.  SVET  allows  identification  of  defects  and  conductive 
pathways  through  the  coating  and  can  detect  initiation  and  progress  of  corrosion  activity  in- 
situ  [7],  Other  advantages  include  the  ability  to  quantify  corrosion  progression  with  time  and 
the  high  resolution  in  current  measurements  on  the  order  of  0.5  A/cm^. 


3.  RESULTS 

3.1.  Acoustic  mapping  of  Interface  Imperfections 

SAM  was  employed  to  obtain  C-scans  on  samples  with  different  thickness  or  interface  defects. 
The  possibility  of  gating  certain  signals  enabled  us  to  measure  amplitude  variations  over  the 
scanning  area  for  different  reflections.  Thus,  we  obtained  several  C-scans  per  measurement 
improving  the  correspondence  between  the  measurement  and  the  material  property  of  interest. 
Since  corrosion  pits  can  be  detected  with  SAM,  we  tried  to  correlate  the  acoustic  C-scans  with 
electrochemical  mapping  obtained  by  SVET.  Some  resulting  C-scans  and  corresponding 
electrochemical  scans  for  38  pm  thick  Epoxy  JJ  coatings  (90  hours  exposure  to  corrosive 
environment)  are  presented  in  figures  2  and  3.  The  difference  between  the  two  samples  is  the 
application  of  a  newly  developed  thin  sol-gel  interface  layer  prior  to  coating  the  epoxy  primer. 
The  sol-gel  layer  includes  pre-formed,  self-assembled  nano-phase  silane  particles  (SNAP). 
These  SNAP  coatings  are  considered  to  enhance  corrosion  resistance  and  adhesion  to  the 
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primer  [8].  Our  results  indicate  that  the  SNAP-coatings  basically  improve  adhesion.  As  shown 
in  figure  2a,  several  spots  of  delamination  can  be  observed,  which  eventually  lead  to  some 
severe  accumulated  corrosion  activity.  However,  the  measured  current  density  docs  not  show 
high  peaks  (maximum  approx.  100  pA/cm^)  and  is  rather  homogeneously  distributed  (fig.  2b). 
Due  to  micro-scale  delamination  all  over  the  sample,  the  corrosion  activity  can  be  equalized 
over  large  areas. 


Fig.2.  38  pm  thick  epoxy  JJ  coating,  no  SNAP  layer 

a)  SAM  C-scan  scan  area:  6x6  mm^,  stepwidth:  50  pm,  substrate  reflection 

full  line  circles:  hidden  corrosion  -  -  dashed  circles:  hidden  delamination 
large  visible  delamination  in  upper  right  comer 

b)  SVET  scan:  5x5  mm^,  20x20  steps 


Fig.3.  38  pm  thick  epoxy  JJ  coating,  with  SNAP  layer 

a)  SAM  C-scan  scan  area:  6x6  mm^,  stepwidth:  50  pm,  substrate  reflection 

white  circles:  hidden  corrosion 

b)  SVET  scan:  5x5  mm^,  20x20  steps 
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In  comparison,  the  SVET  scan  for  the  sample  with  additional  SNAP  layer  shows  no 
signifieant  current  density  over  almost  the  complete  scan-area,  except  one  negative  (cathodic) 
peak  (approx.  —500  pA/cm^)  and  one  positive  (anodic)  peak  (approx.  400  pA/cm^).  The  SAM 
C-scan  also  detects  these  spots,  but  also  several  additional  positions.  This  is  because  of  much 
higher  lateral  resolution. 

The  sample  without  SNAP  pretreatment  shown  in  figure  2  is  more  severely  damaged;  the 
good  adhesion  capability  for  the  SNAP  sample  causes  high  local  current  density.  This 
corrosion  activity,  however,  may  not  be  as  severe  as  indicated.  A  lot  of  image  processing 
needed  to  be  done,  to  visualize  the  minute  detection  in  figure  3a.  These  results  indicate  that 
SNAP  pretreatment  definitely  improves  adhesion  capability  and  generally  the  corrosion 
resistance.  However,  if  the  primer  coating  fails,  high  localized  corrosion  activity  can  lead  to 
its  failure. 

3.2.  Comparison  of  Acoustic  and  Thermographic  Mapping 

Measuring  a  similar  sample  (Epoxy  JJ,  50  pm  thick,  125  hours  exposure  to  corrosive 
environment,  no  SNAP  layer)  figure  4  shows  SVET,  Fan  Thermography  and  SAM  images  of 
the  same  sample  area.  First  SVET  measurements  are  carried  out.  Figure  4a  presents  a  vector 
overlay  mapping  of  electrochemical  current  density  superimposed  over  a  video  image. 
Delamination  can  be  observed  in  the  video  image.  The  longer  vectors  indicate  corrosion 
activity  underneath  these  delaminated  regions. 

Coating  delamination  or  sites  of  corrosion  are  thermal  barriers.  If  the  test  object  surface  is 
heated  the  heat  diffusion  into  the  aluminum  plate  is  inhibited  in  the  delaminated  or  corroded 
region.  A  thermal  response  appears.  The  time  for  the  maximum  contrast  at  the  surface  is 
called  response  time.  This  time  depends  upon  the  thermal  properties  of  coating  and  substrate 
and  the  coating  thickness.  Figure  4b  shows  a  thermal  contrast  for  corrosion  below  a  polymeric 
coating.  The  spatial  resolution  was  improved  with  a  microscopie  optic  used  in  combination 
with  the  camera.  The  bright  spots  (higher  surface  temperature)  indicate  regions  of  reduced 
heat  diffusion  and  correlate  well  with  the  SVET  image.  Furthermore,  the  actual  grid  structure 
of  the  substrate  surface  is  visible  providing  the  possibility  to  detect  sites  of  eorrosion  as 
disturbances  in  a  well-defined  surface  topography. 


Fig.  3.  NDE  imaging  of  same  sample:  50  pm  thick  artificially  damaged  epoxy  JJ  coating 

a)  SVET  video  image  +  current  density  vector  overlay  (vector  area:  4x4  mm^) 

b)  Fan  Thermography  image  (image  area:  6x6  mm^) 

c)  SAM  substrate  reflection  C-scan  (scan  area:  6x6  mm^,  stepwidth:  50  pm) 
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The  sample  was  then  measured  with  SAM.  In  figure  4c  the  substrate  reflection  C-scan  is 
presented.  The  same  delamination  as  in  4a  and  4b  can  be  observed  as  well  as  newly  created 
delaminated  sites.  This  is  due  to  the  rather  poor  performance  of  this  coating  and  the  fact  that 
repeated  heating  and  additional  exposure  in  a  water  bath  has  a  deteriorating  effect  on  the 
sample.  However,  this  shows  that  the  different  methods  can  detect  similar  effects.  The  results 
can  be  compared  and  verified. 


SUMMARY 

We  employed  successfully  thermal  and  acoustic  techniques  to  measure  polymeric  coating 
properties,  sites  of  delamination  and  small  size  corrosion  of  aluminum  alloy  substrate  under 
the  coating.  Scanning  Acoustic  Microscopy  (SAM)  has  proven  to  be  an  excellent  laboratory 
technique.  However,  it  reveals  two  major  disadvantages:  (i)  highly  resolved  C-scans  are  only 
possible  due  to  the  accurate  scanning  system  and  (ii)  a  couple  medium  (e.g.  water,  oil) 
between  sensor  and  sample  is  needed.  These  facts  reduce  the  changes  to  develop  an  in-field 
technique.  Fan  Thermography,  on  the  other  hand,  is  an  easy  to  apply  non-contact  technique 
with  high  in-field  capability.  In  the  process  of  developing  this  technique,  SAM  and  SVET  are 
useful  reference  methods.  Ongoing  work  is  concentrated  to  distinguish  corroded  and 
delaminated  regions. 
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ABSTRACT 

The  present  study  is  concerned  with  fabrication  and  microstructural  analysis  of  Ti-6A1-4V 
alloy  surface-alloyed  materials  using  irradiation  of  high-energy  electron  beam.  Mixtures  of 
TiB2  or  MoB  boride  powders  and  CaF2  flux  were  placed  on  a  Ti-6A1-4V  alloy  substrate,  and 
then  electron  beam  was  irradiated  on  these  mixtures  using  an  electron  beam  accelerator.  In 
the  specimens  processed  with  a  flux  mixing  ratio  of  40wt.%,  the  melted  region  of  1.1-1. 5  mm 
in  thickness  was  homogeneously  formed  without  defects,  and  contained  a  large  amount  of  TiB 
borides.  The  formation  of  TiB  borides  in  the  melted  region  greatly  improved  hardness,  high- 
temperature  hardness,  and  wear  resistance,  two  or  three  times  higher  than  the  Ti  alloy 
substrate.  Besides,  the  addition  of  MoB  powders  into  the  powder  mixtures  made  the 
fabrication  of  the  surface-alloyed  materials  having  various  properties  possible  through 
controlling  the  kind,  size,  and  volume  fraction  of  TiB  borides  and  the  characteristics  of  the 
matrix. 


1.  INTRODUCTION 

Titanium  alloys  have  many  attractive  properties  such  as  high  specific  strength  and  stiffness, 
but  their  poor  resistance  to  wear  and  oxidation  at  high  temperatures  has  required  surface 
treatments.  Conventional  thermochemical  processes  such  as  nitriding  and  deposition 
techniques  such  as  plasma  spraying,  sputtering,  and  plating  have  been  used  in  order  to 
improve  surface  properties  of  titanium  alloys  [1,2].  In  the  former  processes,  a  substrate  may 
be  distorted  or  surface  properties  may  deteriorate  because  of  the  high  fabrication  temperatures. 
The  latter  processes  are  disregarded  under  repeated  loading  conditions  because  of  weak 
interfacial  bonding.  To  overcome  these  shortcomings,  researches  on  surface-alloying  have 
been  conducted  by  depositing  ceramic  powders  such  as  TiN,  TiC,  and  TiB2  powders  on  a 
titanium  alloy  substrate  and  by  irradiating  high-energy  heat  sources  such  as  laser  or  electron 
beam  [3-5].  Upon  irradiation  of  the  material  surface  on  which  ceramic  powders  are  evenly 
deposited,  the  material  surface  and  ceramic  powders  are  either  partially  or  completely  melted, 
and  then  ceramic  elements  are  precipitated  again  during  solidification,  thereby  fabricating  a 
surface-alloyed  material.  This  study  is  concerned  with  the  fabrication  of  boride/Ti-6Al-4V 
surface-alloyed  materials  by  high-energy  electron  beam  irradiation.  Borides  added  for  the 
surface-alloying  are  TiB2  and  MoB  powders,  and  flux  has  to  be  used  to  protect  these  powders 
from  air  and  to  promote  homogeneous  melting. 


1027 


2.  EXPERIMENTAL 


A  substrate  material  used  in  this  study  is  a  Ti-6A1-4V  titanium  alloy,  and  its  chemical 
composition  is  Ti-6.19Al-4.05V-0.02C-0.19Fe-0.120-0.01N-0.0035H  (wt.%).  Borides  used 
for  the  surface-alloying  are  TiB2  and  MoB  powders  having  high  hardness,  excellent  resistance 
to  heat  and  abrasion,  high  thermal  conductivity,  and  high  melting  point  [6].  CaF2  powders 
(density;  3.18  g/cm^,  melting  temperature;  1423  ^C)  were  used  as  flux  [7],  and  were  mixed 
with  TiB2  or  MoB  powders  at  a  flux  mixing  ratio  of  40wt.%.  These  boride/flux  mixtures 
were  evenly  deposited  on  the  titanium  alloy  substrate  of  70x50x25  mm,  and  then  pressed  with 
a  300  N  load.  For  convenience,  specimens  containing  TiB2  or  MoB  powders  mixed  with 
40%  flux  are  referred  to  as  T'  and  'M’,  respectively,  while  a  specimen  containing  TiB2  and 
MoB  powders  (1:1)  mixed  with  40%  flux,  i.e.,  30TiB2-30MoB-40CaF2,  as  TM'.  A  high- 
voltage  electron  accelerator  of  Budker  Institute  of  Nuclear  Physics,  Novosibirsk,  Russia,  was 
used  for  high-energy  electron  beam  irradiation.  Irradiation  was  conducted  under  conditions 
of  beam  energy  of  1.4  MeV,  beam  traveling  speed  of  2,45  cm/s,  scanning  width  of  5  cm,  beam 
size  of  1 . 1 5  cm,  and  beam  current  of  26  mA. 

The  micro  structure  of  the  melted  region  was  observed  by  an  optical  microscope.  Hardness 
was  measured  from  the  surfaee  down  to  the  substrate  by  a  Vickers  hardness  tester  under  a 
load  of  500  g.  High-temperature  hardness  was  also  measured  by  a  high-temperature  Vickers 
hardness  tester  in  the  temperature  range  from  room  temperature  to  750  ""C.  Abrasive  wear 
resistance  test  was  eonducted  using  a  ring-on-disc  type  wear  tester  in  accordance  with  DIN 
50320  [8].  The  disc  specimen  was  worn  in  contact  with  the  ring  (SUS  420  J2  stainless  steel) 
under  a  testing  load  of  25  kgf  Wear  testing  was  performed  at  room  temperature  for  30 
minutes  without  using  a  lubricant,  and  revolution  speed  was  100  rpm.  Wear  amount  was 
evaluated  from  the  weight  measurement  of  the  disc  specimen. 


3.  RESULTS  AND  DISCUSSION 
3.1.  Microstructure 

Figures  1(a)  through  (c)  are  low-magnifieation  optical  micrographs  of  boride/Ti-6Al-4V 
surface-alloyed  specimens.  Boride  powders  and  the  substrate  surface  were  melted,  showing 
a  clear  interface  between  the  melted  and  the  unmelted  regions.  The  specimens  show  evenly 
thick  melted  regions  without  pores  sinee  melting  occurs  homogeneously  by  the  addition  of 
flux.  Beneath  the  interface  lies  the  heat  affected  zone  (HAZ)  of  about  2  mm  in  thickness  due 
to  heat  transfer  from  the  melted  region.  Average  thickness  of  the  melted  region  is  measured 
to  be  1.1-1. 5  mm,  and  slightly  decreases  in  the  order  of  the  M-,  T-,  TM-specimens,  as  shown 
in  Table  1 . 

Optical  micrographs  of  the  melted  region  are  shown  in  Figures  2(a)  through  (c).  The  melted 
region  was  formed  as  boride  powders  and  the  surface  of  substrate  were  completely  melted  and 
then  solidified.  A  considerable  amount  of  large  hexagonal-pillar-shaped  primary  borides 
with  diameters  of  10-20  pm  and  lengths  of  50-300  pm  and  fine  needle-shaped  eutectic 
borides  with  lengths  of  5-30  pm  are  observed  in  the  T-  and  TM-specimens,  whereas  only 
euteetic  borides  are  found  in  the  M-specimen  (Figure  2(c)).  The  primary  borides  are 
reported  to  be  TiB  phases  [9],  which  are  formed  inside  the  melted  metal  and  grown  in  a 
hexagonal  pillar  shape.  Volume  fraction  and  size  of  primary  TiB  of  the  T-specimen  are 
measured  to  be  21.2%  and  9.3  pm,  respectively,  and  are  considerably  larger  than  those  of  the 
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TM-specimen  (9.9%  and  5.0  pm,  respectively)  as  shown  in  Table  1.  The  HAZ  is  mainly 
composed  of  martensite  because  of  rapid  heat  transfer  into  the  substrate  (Figure  2(d)). 


Fig.l  Low-magnification  optical  micrographs  of  boride/Ti-6Al-4V  surface-alloyed  materials 
irradiated  with  high-energy  electron  beam:  (a)  T-,  (b)  TM-,  and  (c)  M-specimens. 


Table  1 .  Average  thickness  of  the  melted  region,  volume  fraction  and  size  of  primary  TiB 
particles,  and  approximate  concentration  of  boron  in  the  melted  region. _ 


^ - ,  ^ 

Specimen 

Thickness  of 
Melted  Region 
(mm) 

Primary  TiB 

Concentration  of 

Vol.  Fraction  (%) 

Size  (pm) 

Boron  in  Melted 
Region  (wt.%) 

T 

1.25±0.18 

21.2 

9.3 

4,7 

TM 

1.14±0.14 

9.9 

5.0 

3.0 

M 

1.46±0.18 

- 

- 

1.0 

Fig.  2.  Optical  micrographs  of  the  melted  region  of  the  (a)  T-,  (b)  TM-,  and  (c)  M-specimens. 
(d)  is  an  optical  micrographs  of  the  heat  affected  zone  of  the  T-specimen. 
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The  concentration  of  boron  present  in  the  melted  region  was  approximately  calculated  by 
measuring  the  weight  change  of  specimen  before  and  after  irradiation,  and  is  shown  in  Table  1 . 
The  boron  concentration  is  measured  to  be  4.7%  in  the  T-specimen,  and  decreases  in  the  order 
of  the  T-,  TM-,  and  M-specimens.  A  Ti-B  phase  diagram  is  shown  in  Figure  3,  and  a 
eutectic  reaction  occurs  at  the  temperature  of  1540±10  and  the  boron  content  of  1.7%  [10]. 
The  solubility  of  boron  in  Ti  is  nearly  zero,  and  thus  TiB  phases  are  always  formed  during 
solidification.  Since  the  boron  contents  in  the  T-  and  TM-specimens  are  4.7%  and  3%, 
respectively,  which  exceed  the  eutectic  concentration,  primary  TiB  borides  are  formed  first, 
and  then  eutectic  TiB  borides  are  formed  by  the  eutectic  reaction.  However,  only  eutectic 
TiB  borides  are  formed  in  the  M-specimen  because  of  the  low  boron  content  (1%). 

Pcrcrr.l  Boron 


Fig.  3.  Ti-B  Phase  diagram,  showing  the  approximate  concentration  of  boron  in  the  melted 
region  [10]. 


3.2.  Hardness 

Table  2  shows  the  microhardness  data  of  primary  TiB  borides  and  matrix  in  the  melted  region. 
The  hardness  of  the  primary  TiB  is  very  high  (about  1680  VHN).  The  hardness  of  the 
matrix  increases  in  the  order  of  the  T-,  TM-,  and  M-specimens,  and  is  about  50%  higher  than 
that  of  the  Ti  substrate  (about  300  VHN)  beeause  the  matrix  consists  of  martensite  or  P-Ti. 
Microhardness  was  measured  from  the  surface  down  to  the  substrate,  and  the  results  are 
shown  in  Figures  4(a)  through  (e).  Maximum  hardness  of  the  T-specimen  is  about  760  VHN 
because  of  the  high  volume  fraction  (21  vol.%)  of  primary  TiB,  showing  an  increase  of  two  or 
three  times  over  that  of  the  substrate  (Figure  4(a)).  The  hardness  stays  steady  at  700  VHN 
down  to  the  interfacial  region,  where  the  hardness  drops  to  370  VHN.  The  HAZ  composed 
of  martensite  shows  slightly  higher  hardness  than  that  of  the  substrate.  The  hardness  of  the 
melted  region  of  the  TM-  and  M-specimens  is  somewhat  lower  (570~610  VHN)  than  that  of 
the  T-specimen  (Figures  4(b)  and  (c)). 


Table  2.  Vickers  microhardness  of  primary  TiB  particles  and  matrix,  wear  resistance,  and 
surface  roughness  in  the  melted  region,  (load  ;  lOg) 

Vickers  Hardness  (VHN) 

Weight  Loss 

Surface 

Specimen 

Primary  TiB 

Matrix 

(mg) 

Roughness 

T 

1689 

421 

32.5 

3.02 

TM 

1676 

474 

84.7 

0.69 

M 

- 

489 

91.5 

0.87 
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Since  primary  TiB  borides  have  very  high  hardness,  they  directly  affect  on  hardness, 
depending  on  their  shape,  volume  fraction,  and  distribution.  It  is  interesting  to  note  that  only 
TiB  borides  are  precipitated  in  the  melted  region  of  the  TM-  and  M-specimens,  although  MoB 
powders  were  added  into  powder  mixtures  before  electron  beam  irradiation.  B  atoms 
interact  with  Ti  atoms,  which  exist  in  TiB2  powders  or  the  Ti-6A1-4V  alloy  substrate,  to  form 
TiB  borides  because  Ti  has  larger  chemical  affinity  for  boron  atoms  than  Mo  [6].  Mo  atoms 
are  solved  in  the  matrix  without  forming  MoB  borides,  and  contributes  the  p-Ti 
transformation  since  Mo  is  a  strong  P-Ti  stabilizer  [11],  This  P-Ti  is  harder  than  a-Ti  or  a'- 
Ti  (martensite)  [12],  and  thus  the  matrix  hardness  of  the  TM-  and  M-specimens  is  higher  than 
that  of  the  T-specimen  as  shown  in  Table  2,  thereby  affecting  the  overall  hardness. 
Particularly  in  the  M-specimen  which  contains  only  eutectic  TiB  borides,  its  hardness  reaches 
about  600  VHN  due  to  the  P-Ti  matrix,  somewhat  comparable  to  that  of  the  TM-specimen 
(Figures  4(b)  and  (c)). 


Fig.  4.  Vickers  hardness  vs  depth  from  the  irradiated  surface  of  the  (a)  T-,  (b)  TM-,  and  (c)  M- 
specimens. 


Figure  5  shows  the  high-temperature  hardness  results  of  the  melted  region  and  the  Ti  substrate. 
The  high-temperature  hardness  of  the  melted  region  of  the  three  specimens  gradually 
decreases  with  increasing  the  test  temperature  since  the  hardness  of  the  matrix  significantly 
decreases,  but  is  considerably  high  (over  400  VHN)  up  to  450  “C.  At  600  °C,  the  hardness  is 
about  300  VHN,  maintaining  the  hardness  two  or  three  times  that  of  the  substrate.  TiB 
borides  play  a  role  in  improving  high-temperature  properties  because  they  are  insoluble  and 
chemically  stable  even  at  high  temperatures  over  1000  “C. 


Fig.  5.  Vickers  hardness  of  the  melted  region  and  the  Ti  alloy  substrate  of  the  three  specimens 
VS'  test  temperature. 
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3.3.  Wear  Properties 

Table  2  provides  the  wear  resistance  and  surface  roughness  of  the  melted  region.  The  T- 
specimen  shows  the  best  wear  resistance,  deteriorating  in  the  order  of  the  TM-  and  M- 
specimens.  These  data  indicate  that  the  wear  resistance  improves  as  the  TiB  volume  fraction 
or  hardness  in  the  melted  region  increases.  However,  the  TM-specimen  shows  the  best 
surface  roughness  of  the  three  specimens. 

Figures  6(a)  through  (d)  are  SEM  micrographs  of  the  worn  surface  and  the  cross-section  of 
the  T-  and  TM-specimens.  Scratches  are  deeper  in  the  T-spccimen  than  in  the  TM-specimen 
(Figure  6(a)),  revealing  the  worse  surface  roughness  (Table  2).  This  might  be  associated 
with  the  cracking  and  falling-off  of  primary  TiB  borides  from  the  matrix  as  indicated  by 
arrows  in  Figure  6(b).  In  the  TM-specimen,  however,  homogeneously  worn  scratches  are 
observed  on  the  overall  surface  (Figure  6(c)).  Almost  flat  surface  is  maintained,  and  the 
cracking  or  falling  off  of  primary  TiB  borides  is  hardly  found  (Figure  6(d)). 


cross-section  of  the  (b)  T-  and  (d)  TM-specimens  after  the  wear  test. 

In  order  to  improve  the  wear  resistance,  it  is  desirable  to  homogeneously  form  hard  primary 
TiB  borides  in  the  matrix.  In  this  respect,  it  is  quite  obvious  that  the  T-specimen  has  the 
better  wear  resistance  than  the  other  specimens  (Table  2).  However,  the  surface  roughness 
of  the  T-specimen  is  worse  than  those  of  the  TM-  and  M-specimens.  This  requires 
comparative  analyses  on  the  wear  mechanisms  of  the  T-  and  TM-specimens.  In  the  wear 
process  of  the  T-specimen,  scratching  wear  predominates,  and  its  surface  becomes  rougher  as 
wear  proceeds.  The  comparatively  soft  matrix  is  first  worn  because  of  a  large  hardness 
difference  between  borides  and  matrix  (Table  2),  and  creates  surface  prominences  around  hard 
borides.  Primary  TiB  borides  can  be  easily  cracked  and  fallen  off  from  the  matrix  (Figure 
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6(b)).  The  fallen  borides  work  as  wear  debris,  and  cause  abrasive  wear  in  addition  to 
scratching  wear,  thereby  resulting  in  the  poor  surface  roughness.  In  the  TM-specimen  where 
both  the  size  and  volume  fraction  of  primary  TiB  borides  are  smaller  than  those  of  the  T- 
specimen,  very  few  TiB  borides  are  cracked  or  fallen  off  (Figure  6(d)).  This  is  associated 
with  a  relatively  small  hardness  difference  between  borides  and  matrix,  and  thus  its  surface 
roughness  is  much  improved  (Table  2).  In  terms  of  a  wear  application,  the  importance  of  the 
surface  roughness  sometimes  overrides  that  of  the  wear  resistance.  Despite  the  T-specimen's 
excellent  wear  resistance  over  the  TM-specimen  due  to  the  large  fraction  of  primary  TiB 
borides,  the  TM-specimen  can  be  more  desirable  than  the  T-specimen,  when  the  wear 
resistance  and  surface  roughness  are  both  taken  into  consideration.  In  addition,  the  TM- 
specimen  can  be  improved  by  properly  controlling  the  mixing  ratio  of  TiB2  and  MoB  powders 
because  the  size  and  volume  fraction  of  primary  TiB  borides  and  the  characteristics  of  the 
matrix  phase  are  easily  changed,  although  the  fixed  powder  mixing  ratio  of  50:50  was  used  in 
the  present  study. 


4.  SUMMARY 

When  electron  beam  was  irradiated  on  the  boride  powder  mixtures  containing  40%  flux, 
melting  occurred  evenly  without  defects,  and  the  resulting  melted  region  was  homogeneous  in 
its  thickness  (1.1-1. 5  mm).  The  melted  region  was  composed  of  large  hexagonal-pillar¬ 
shaped  primary  TiB  borides  and  fine  needle-shaped  eutectic  TiB  borides.  These  borides 
improved  the  room-temperature  hardness  of  the  melted  region  two  or  three  times  higher  than 
that  of  the  substrate.  High  hardness  above  400  VHN  maintained  up  to  450  ""C  because  TiB 
borides  were  chemically  stable  and  insoluble  without  being  melted  at  high  temperatures  over 
1000  ®C. 

The  surface-alloyed  material  fabricated  by  the  deposition  of  TiB2  powders  had  a  larger 
fraction  of  primary  TiB  borides,  and  showed  the  better  hardness  and  wear  resistance  than  the 
other  materials.  In  the  surface-alloyed  material  fabricated  by  the  deposition  of  both  TiB2  and 
MoB  powders  had  the  better  surface  roughness  than  the  surface-alloyed  material  fabricated 
with  TiB2  powders,  because  very  few  TiB  borides  were  cracked  or  fallen  off  during  the  wear 
process.  Thus,  the  appropriate  addition  of  MoB  powders  could  improve  the  overall 
properties  of  the  boride/Ti-6Al-4V  surface-alloyed  materials  because  of  the  thicker  melted 
region,  the  transformation  of  the  matrix  to  P-Ti,  and  the  formation  of  relatively  small  primary 
TiB  borides  in  the  melted  region. 
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MELTING /CASTING 


The  Expanding  Family  of  Aluminium  Grain  Refiners  for  the 
Wrought  and  Foundry  Industries 

D.  A.  Boot  and  P.  Fisher 

London  &  Scandinavian  Metallurgical  Co  Limited 
Rotherham,  England 

ABSTRACT 

There  are  several  grain  refiners  available  today  based  on  the  Al-Ti-B  system.  The  traditional 
grain  refiners  contain  a  Ti:B  ratio  above  the  stoichiometric  requirement  to  form  TiB2  particles 
of  2.2:1.  These  were  developed  for  the  wrought  alloy  systems.  Stoichiometric  grain  refiners 
are  now  available  and  for  casting  alloys  in  the  Al-Si  system,  substoichiometric  refiners  have 
been  shown  to  perform  well  and  are  now  a  commercial  reality.  Non  Ti  based  refiners  are  also 
discussed. 

A  review  of  all  these  refiners  is  presented  here,  with  particular  emphasis  in  the  casting  of  Al- 
Si  alloys. 


INTRODUCTION 

During  cooling  of  a  melt  of  aluminium,  solidification  occurs  as  aluminium  grains  are 
nucleated  on  suitable  nucleant  particles,  such  as  TiB2,  then  growth  is  retarded  by  elements  in 
solution,  particularly  titanium\  In  the  wrought  industry  both  the  nucleant  particles  and  the 
titanium  are  usually  introduced  as  a  grain  refiner  [titanium  may  be  a  separate  addition].  In  the 
foundry  industry  occasionally  the  melt  may  have  impurities  sufficient  for  grain  refinement  but 
because  this  cannot  be  guaranteed  in  every  melt,  a  grain  refiner  is  usually  employed. 


Fig.  la  Unrefined  Aluminium 


Fig.  lb  Refined  Aluminium 
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A  fine,  equiaxed  grain  structure  is  preferred  [Fig.  la  &  b],  to  give  benefits  such  as: 

improved  feeding  characteristics  and  increased  casting  speed 
a  uniform  distribution  of  elements  and  improved  homogeneity 
reduced  porosity  and  the  elimination  of  hot  tearing 
enhanced  response  to  subsequent  heat  treatment 
superior  mechanical  properties  and  increased  machinability. 

This  paper  sets  out  the  different  grain  refiners  that  are  available,  the  theories  of  grain  refining 
and  gives  particular  reference  to  the  Al-Si  alloys  used  in  foundries. 

Commercial  Grain  Refiners 

Grain  refining  is  achieved  using  various  commercial  additions.  The  most  common  grain 
refiners  are  Al-Ti  alloys  and  Al-Ti-B  alloys,  though  an  increasingly  popular  grain  refiner  for 
the  wrought  special  alloys  is  Al-Ti-C  alloy.  Grain  refining  may  also  be  achieved  using  Al-B 
alloys  or  Al-Sr-B  alloys,  but  their  use  is  dependant  on  the  application  of  the  final  product. 

The  most  commonly  used  Al-Ti  grain  refiners  contain  between  5  and  10wt%  Ti. 

Al-Ti-B  alloys  have  various  ratios  of  Ti  to  B  greater  than  stoichiometry.  The  most  common 
are  Al-5%Ti-l%B,  Al-3%Ti-l%B,  Al-5%Ti-0.2%B.  However,  stoichiometric  alloys  such  as 
Hydloy  [Al-1.2%Ti-0.5%B]  have  been  found  to  give  useful  grain  refinement.  In  the  foundry 
industry  substoichiometric  alloys,  such  as  TiBloy  [AI-1.6%Ti-1.4%B],  are  becoming 
increasingly  popular. 

Based  on  several  years  experience  of  use  in  the  foundry  and  also  collaborative  work  with 
universities,  TiBloy  has  been  proven  to  provide  many  benefits  to  the  foundry.  In  particular, 
lower  porosity  levels  have  enabled  significantly  lower  cost  to  be  achieved  through  reduced 
reject  levels.  Mix  borides,  having  low  density,  provide  benefits  for  long  holding  times  and 
also  for  remelt  ingot  such  as  reduced  boride  settling.  Users  have  found  that  TiBloy  gives 
improved  mould  filling  and  fewer  shrinkage  defects. 

Al-Ti-C  has  been  recognised  as  a  wrought  aluminium  grain  refiner  for  many  years  but  has 
only  been  commercially  available  recently.  Benefits  of  Al-Ti-C  over  other  grain  refiners 
include: 

less  interaction  with  filter  systems 

less  agglomeration  of  grain  refiner  particles 

better  ingot  surface 

more  uniform  grain  size  in  billet  sections 
resistance  to  poisoning  by  Zr. 

Al-Ti-C  is  not  recommended  for  grain  refining  Al-Si  alloys  as  Tronche's^  work  shows. 

Other  grain  refiners,  such  as  Al-B  and  AI-Sr-B  alloys  are  not  as  common  as  Al-Ti,  Al-Ti-B 
and  Al-Ti-C  alloys  and  are  used  for  special  applications. 
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Theory  of  Grain  Refining  and  Grain  Growth  Restriction 

Academics  and  grain  refiner  producers,  such  as  London  &  Scandinavian  Metallurgical  Co 
Limited,  have  studied  the  behaviour  of  grain  refiners  in  order  to  achieve  better,  more  efficient 
products.  A  number  of  theories  as  to  the  mechanisms  by  which  inoculant  additions  of  Ti 
and/or  B  refine  have  been  postulated. 

The  most  widely  accepted  theory  is  that  by  Backerud'^.  He  suggests  that  at  solidification,  the 
TiB2  particle  reacts  with  liquid  aluminium  to  form  a  mixed  boride,  around  which  a  shell  of 
TiAls  forms.  Nucleation  of  primary  aluminium  then  occurs  by  a  peritectic  reaction.  More 
recently,  Schumacher  and  Greer^  have  established  the  probable  presence  of  a  TiAls  layer  on 
TiBa  [Fig.  2].  There  is  good  crystal  lattice  matching  between  TiAla  and  a  -  Al.  The 
stretching  of  the  TiAL  lattice  would  match  that  of  the  mixed  boride.  This  theory  is  supported 
by  the  need  to  have  Ti  in  solution  in  excess  of  stoichiometry  to  achieve  good  grain  refinement. 
The  stoichiometric  alloy  Hydloy  and  substochiometric  alloy  TiBloy  require  additions  of  Ti  for 
efficient  grain  refinement.  The  matching  of  TiBa  and  TiAls  lattices  may  well  explain  why 
there  is  a  fade  in  performance  of  Al-Ti-B  grain  refiners  when  holding  inoculated  melts  over  a 
long  period  [in  excess  of  6  hours].  It  is  thought  that  boride  particles  are  'glued'  together  by  the 
TiAls,  thereby  reducing  the  number  of  effective  nucleation  sites. 


Fig.  2  t.e.m  photo  showing  TiB2  particle  end  on 
with  thin  TiAL  layer,  and  Al  nucleation 


Grain  growth  is  restricted  by  the  constitutional  supercooling  effect  of  Ti.  Tiller^  arrived  at  a 
quantitative  theory  of  constitutional  supercooling  for  the  freezing  of  a  solid  solution. 
Assuming  a  planar  solid  solution  interface  and  the  only  transport  mechanism  is  solute 
diffusion  in  the  liquid,  an  enriched  solute  layer  is  formed  ahead  of  the  solid/liquid  interface  as 
the  solid  grows.  This  enriched  layer  has  a  lower  liquidus  temperature  than  the  bulk  of  the 
liquid  and  further  nucleation  may  be  more  favoured  than  growth. 

Tiller  developed  a  calculation  of  the  effects  of  various  solute  elements  in  aluminium,  the 
Growth  Restriction  Factor,  based  on  the  binary  phase  diagrams.  Of  the  common  solute 
elements  in  aluminium,  titanium  is  by  far  the  most  effective  for  this  supercooling  effect  and 
this  explains  grain  refining  by  Al-Ti  alone  [table  1]. 
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Table  1  Growth  Restriction  Factor  [m] 


Element 

m 

B 

17 

Cu 

2.8 

Fc 

2.9 

Mg 

3.0 

Mil 

0.1 

Si 

6.1 

Ti 

246 

V 

30 

Zr 

6.8 

The  Effect  of  Silicon  on  Grain  Refining 

Grain  refiners  are  added  to  Al-Si  casting  alloys  to  aid  castability,  improve  porosity 
distribution  and  reduce  hot  tearing  susceptibility  as  well  as  optimise  mechanical  properties. 

Al-Si  alloys  appear  to  be  different  to  other  alloy  systems  in  terms  of  grain  refinement. 
Spittle^  found  that  between  0  and  approximately  3%  Si  they  show  the  expected  behaviour,  in 
that  as  Si  increases  they  become  easier  to  grain  refine.  However,  above  3%  Si  they  become 
more  difficult  [Fig.  3]. 

[Note  that  increased  Si  means  less  a  -  A1  and  therefore  less  grain  refiner  is  required]. 


Fig.  3  Schematic  Curve  showing  increased  grain  size  over  3%  Si 

Various  theories  have  been  postulated  to  explain  this  phenomenon  but  in  essence  there 
appears  to  be  a  poisoning  of  the  TiAls  by  Si,  thereby  rendering  the  nucleating  TiAl3  layer  less 
effective.  It  has  also  been  suggested  by  Mohanty  and  Gruzleski^  that  the  solubility  of 
titanium  decreases  with  increasing  Si  addition  such  that  the  Ti  is  more  likely  to  exist  as  an 
aluminide  that  has  not  contributed  to  grain  refining  or  growth  restriction.  It  may  be  for  this 
reason  that  substoichiometric  Al-Ti-B  grain  refiners  are  proving  useful  in  foundry  alloys. 
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Grain  Refiner  Effects  on  Castability 


Improvements  in  castability  of  Al-Si  alloys  in  the  foundry  industry  can  be  achieved  using 
grain  refiners. 


Without  grain  refiners  large  dendritic  grains  may  form  and  grow.  During  solidification  these 
dendritic  grains  interlock  reducing  the  flow  of  the  melt  causing  blockages  in  thin  moulds.  As 
solidification  progresses  there  is  some  volumetric  shrinkage  which  is  usually  counteracted  by 
the  feed  of  liquid  metal.  Again,  large  dendritic  grains  of  alurpinium  can  restrict  this  feed, 
leading  to  shrinkage  porosity.  With  a  finer  dendritic  network,  mass  feeding  can  occur  for 
longer.  Grain  refiners  are  used  to  ensure  only  fine  grains  are  nucleated. 


Fig.  4a  Schematic  of  Coarse 
Dendritic  Network 


4b  Schematic  of  Fine 
Dendritic  Network 


Gas  porosity  will  also  be  affected  in  the  same  way  as  shrinkage  porosity,  resulting  in  fine  and 
uniform  porosity  dispersion  throughout  a  casting. 


It  should  be  noted  that  in  hypoeutectic  Al-Si  alloys  the  final  solidification  of  the  melt  is  the 
eutectic  phase.  Flaws  in  any  casting  will  usually  be  a  result  of  this  final  solidification.  Grain 
refining  of  the  primary  aluminium  phase  is  essential  to  allow  good  distribution  of  the  eutectic 
phase.  Modifiers,  such  as  Al-Sr  alloys,  improve  the  properties  of  the  eutectic  phase. 


SUMMARY 


A  casthouse  or  foundry  manager  is  looking  to  make  a  product  that  is  homogeneous  with  a 
good  distribution  of  elements.  Cost  must  be  minimised,  as  well  as  reduction  of  scrap  and 
waste.  Superior  mechanical  properties  and  finish  have  to  be  achieved.  Grain  refiners  assist  in 
producing  aluminium  alloys  with  required  properties. 

There  are  several  grain  refiners  available  commercially.  Each  has  its  benefits  from  cost  to 
quality.  The  most  common  grain  refiners  used  in  both  wrought  and  foundry  industry  are  Al- 
5%Ti-l%B  or  Al-3%Ti-l%B.  However,  there  has  been  an  increased  usage  in  recent  years  of 
TiBloy  [Al-1.6%Ti-1.4%B]  in  foundry  applications  such  as  wheel  manufacturer  and  Al- 
3%Ti-0.15%C  in  wrought  applications. 
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ABSTRACT 

To  obtain  high  quality  component  with  semi-solid  forging  process,  it  is  important  to  obtain 
the  homogeneous  distribution  of  solid  particles  without  liquid  segregation.  In  closed-die  semi- 
solid  forging  process,  liquid  segregation  is  strongly  affected  by  injection  velocity  than  process 
parameters  such  as  pressure  and  solid  fraction  because  the  material  has  to  travel  relatively 
long  distance  to  fill  the  cavity  through  a  narrow  gate  before  solidification  begins.  The 
mechanical  properties  for  forged  semi-solid  component  with  good  filling  situation  were  tested 
with  the  specimen  before  and  after  heat  treatment.  The  mechanical  properties  of  semi-solid 
die  castings  for  varying  die  temperatures,  injection  velocity  and  applied  pressure  were 
investigated,  and  the  relationship  between  applied  pressure  and  stroke  to  assess  the  semi-solid 
die  castabihty  was  proposed.  In  this  study,  the  possibility  of  their  use  for  compressor  parts 
was  verified. 


1.  INTRODUCTION 

The  products  fabricated  by  casting  and  forging  process  need  much  machining,  therefore  it  is 
one  of  reasons  in  cost-rise.  But,  if  compressor  parts  with  wear-resistance  by  semi-solid 
forming  are  developed,  they  can  he  obtained  with  low  porosity,  and  machining  process  can  be 
shorten.  In  the  semi-solid  forging  process  that  produces  complicated  shape,  it  is  known  that 
semi-sohd  material  with  globular  microstructure  (the  size  of  grain:  60-^80pm)  can  be  filled 
completely  into  a  die.  Viscosity  of  slug  in  semi-solid  temperature  is  higher  than  that  of  liquid 
phase,  therefore  flow  type  will  not  develop  into  turbulence  and  velocity  field  and  filling  will 
be  found,  and  gas  defect  by  flow  of  pouring  is  lower.  Semi-solid  forging  which  produces 
component  with  alloys  in  the  semi-solid  state  is  gaining  attention  as  a  new  manufacturing 
technolo^  because  of  fewer  defects  such  as  porosity  and  low  deformation  resistance[l]-[3] . 
Semi-solid  die  casting  is  a  net  shape  manufacturing  method  using  a  material  co-existing  in  the 
solid  and  the  liquid  state.  This  process  is  capable  of  fabricating  complex-shaped  components 
m  one  process.  Due  to  the  high  viscosity  (i.e.  greater  than  that  of  liquid),  the  material  flow 
pattern  will  not  become  turbulent  flow  during  die  filling.  Thus,  gas  defects  such  as  porosity 
are  diminished,  and  only  small  shrinkage  defects  for  on-going  solidification.  As  mentioned 
above,  having  various  advantages  compared  with  conventional  metal  semi-solid  die  casting 
processes,  semi-solid  die  casting  process  has  been  studied  around  the  world  [4]-[9]. 

In  this  study,  A3 57  material  was  used  and  mechanical  properties  were  investigated  with 
tensile,  wear  resistance  and  hardness  test  to  the  semi-solid  forging  and  the  semi-solid  die 
casting  to  evaluate  the  suitability  of  semi-solid  formed  component. 
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2.  FORMABILITY  OF  SEMI-SOLID  ALLOYS 

Gating  system  and  A1  frame  for  semi-solid  forging  and  semi-solid  die  casting  are  shown  Fig. 
1.  In  the  semi-solid  forging,  the  sleeve  was  tapered  and  the  diameter  of  gate  was  widened  so 
that  pressure  should  be  transmitted  sufficiently.  In  the  semi-solid  die  casting,  one  of  the  most 
deleterious  defects  is  the  oxide  skin  either  formed  during  die  filling  or  dragged  into  the 
component  from  the  skin  of  the  billet.  So,  the  runner  system  and  overflow  were  designed  to 
prevent  the  oxide  skin  from  entering  the  product. 


j  core  ■■■  '  . . 

(a)  Semi-solid  forging  (b)  Semi-solid  die  casting 

Fig.l  Gating  system  for  semi-solid  forging  and  part  of  semi-solid  die  casting 


As  shown  in  Table  1,  the  higher  is  temperature  of  initial  billet,  the  more  lic^uid  segregation  is 
investigated  at  the  end  portion  of  fabricated  part.  In  the  case  of  over  580  C  of  billet  initial 
temperature,  the  flow  phenomena  of  semi-solid  alloy  is  improved  because  the  liquid  fraction 
is  remarkably  increased.  Therefore,  the  unfilling  defects  were  found  at  the  final  filling 
position  and  also  investigated  the  liquid  segregation  at  the  final  filling  step.  Consequently  it 
IS  proper  to  be  formed  under  SSOC.  In  the  case  of  Tp=577  C,  V=300mm/s  and  Ta- 
250-300  C,  there  was  no  wide  difference  of  the  quality  of  forged  part.  But,  the  problems  such 
as  failure  to  eject  pin  occurred  during  semi-solid  forging  process.  For  that  reason,  under 
300  °C  of  die  temperature  is  most  suitable. 


Table  1  Experimental  conditions  for  serni-solid  forging 
(pressing  pressure  :80MPa,  pressing  holding  time:20sec) 


Exp. 

No. 

Die  Temp. 
Td(t:) 

Material 

Temp. 

Injection 

Velocity 

V(mm/s) 

Filling 

Defects  phenomena 

1 

200 

577 

160 

U.F. 

2 

200 

582 

160 

U.F. 

3 

200 

577 

300 

D.F. 

Liquid  segregation 

4 

250 

577 

160 

U.F. 

5 

250 

577 

300 

C.F. 

6 

250 

580 

300 

D.F. 

Liquid  segregation 

7 

250 

582 

300 

D.F. 

Liquid  segregation 

8 

280 

577 

160 

D.F. 

Liquid  segregation 

9 

280 

580 

160 

D.F. 

Liquid  segregation 

10 

300 

577 

160 

D.F. 

Crack 

11 

300 

580 

160 

D.F 

Liquid  segregation 

12 

300 

577 

300 

CR 

13 

300 

580 

300 

D.F. 

Liquid  segregation 

14 

350 

580 

160 

U.F. 

15 

350 

580 

300 

D.F. 

*  U.F.:unfilling,  D.F.:defectivc  filling,  C.F.ifilling  complete 
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Fig  2  (a)  shows  the  load  variation  for  production  of  the  aluminum  frame  part  on  the  condition 
of  billet  temperature  577  C,  die  temperature  250 'C,  injection  velocity  370mm/s.  Region  0 
IS  the  billet  prehe^ng  stage.  In  this  stage,  the  punch  is  inserted  into  the  sleeve  to  preheat  the 
punch.  I^egion  (2),  the  punch  is  lifted  up  to  the  upper  dead  point  to  insert  the  reheated  billet. 
Region  (3)  is  tme  that  billet  is  inserted  into  the  sleeve.  Region  ©  is  semi-solid  forging 
stage.  Region  ©  is  holding  stage  after  semi-solid  material  completely  filled.  The  holding 
time  takes  20  second  in  region  ®. 


A357(Vp=370mm/s) 


b::;— , 


®  Billet  reheating  stage 
!(D  Plunger  up 
d)  Insert  billet 
®  Plunger  down 
®  Pressure  holding  stage 


0  5  10 

Time{sec) 

(a)  Semi-solid  forging 


20 


^  ^  ^  «  (b)  Semi-solid  die  casting 

Fig.2  Load  variation  for  semi-solid  forging  and  injection  curve  for  semi-  solid  die  casting 


?  n  die  casting,  the  die  was  heated  up  to  the  set  temperature  between  180°C  and 

190  C  by  using  an  easily-handled  cartridge  heater.  A  horizontal  type  induction  heating 
system  was  used  for  the  reheating  of  the  billet.  This  induction  heating  system  is  equipped  with 
a  digital  control  system  that  provides  real-time  data.  The  user  can  control  a  number  of  process 
parameters  as  a  function  of  heating-holding  time  and  temperature  for  its  application.  A  real 
time  controlled  Buhler  42N  die  casting  machine  was  used  for  the  semi-solid  die  casting 
experiment.  ^ 

The  experiments  of  semi-solid  die  casting  were  performed  by  varying  the  process  parameters 
such  as  the  velocity  profile  (v)  and  displacement  (s)  of  the  plunger  during  the  billet  injection 
into  the  die  cavity,  the  temperature  (Td)  of  the  fixed  and  moving  dies,  the  applied  load  (p\  the 
billet  temperature  (Tm)  and  the  time  duration  (t)  of  its  application  (see  Table  2).  Fig.2  (b) 
shows  the  relationship  between  displacement-velocity  and  injection  velocity-pressure  for  the 
semi-solid  die  casting  conditions  of  experiment  2  in  Table  2. 


Table  2  Experimental  conditions  for  semi-solid  casting  of  A1  frame  with  A357 


Exp. 

No. 

Td(L) 

Fixed  Moving 

CO 

s(mm) 

v(m/s) 

Injection  Conditions 
t(s) 

P(bar) 

1 

no  110 

581 

200 

320 

1.0 

1.0 

0.0 

0.010 

550  550 

350 

390 

0.3 

0.3 

0.015 

1100 

450 

0.3 

2 

128  138 

581 

200 

320 

1.0 

1.0 

0.0 

0.010 

550  550 

350 

390 

0.3 

0.3 

0.015 

1100 

450 

0.5 

3.  MECHANICAL  PROPERTIES 

The  specimen  for  tensile  test  is  machined  as  shown  in  Fig. 3.  Fig. 4  (a)  shows  the  ultimate 
strength  for  variation  of  injection  conditions  and  heat  treatment.  Products  for  injection  Exp 
u  ultimate  tensile  strength  of  285MPa.  The  ultimate  strength  has  increased 

by  13  /o  with  T5  heat  treatment  and  38%  with  T6  heat  treatment.  Fig.4  (b)  shows  the  results  of 
the  tensile  test  for  semi-solid  die  casting  conditions  (Table  2).  On  a  tensile  test  it  was 
observed  that  the  ultimate  strength  of  the  T6  heat-treated  A357  (experiment  2)  was  highest 
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It: 


:-'0' 

A  ?5¥:  _ !■*’':  "  '. 

i^-'  If/: 


-Tensile  test  specimen 

|4mm  +6mm 

20mm 

-Wear  test  specimen 

(()7.9mm 


•  Wear  surface 

AAA 


Fig.3  Specimen  for  tensile  atid  wear  test  and  the  measured  points  of  hardness  test 

The  specimen  for  wear  resistance  test  is  machined  as  shown  in  Fig.3  (b).  The  disk  is  made  of 
SKD61.  The  both  specimens  and  disks  were  grinded  to  the  6-S  surface  toughness  degree.  The 
compressor  force  of  disk  and  specimens  is  lOON.  The  quantity  of  wear  is  measured  for  30 
minutes. 


500 


Q-  400 
£ 

B  300 
0 

“200 
I  100 

ID 


6  7  12  12(T5)  12{T6)  13  15  ...  i  ox 

(a)  Semi-solid  forging(Table  1)  (b)  Semi-solid  die  casting(Table  2) 

Fig.4  Ultimate  tensile  strength  of  A1  frame  with  various  conditions 

Fig  5  shows  the  result  of  wear  resistance  test.  The  wear  quantities  of  products  of  Exp.  No.  7 
and  15  of  Table  1  were  similar  or  higher  than  that  of  raw  material.  As  shown  in  Fig.4  (a), 
products  of  Exp.  No.  7  and  15  showed  the  lowest  ultimate  tensile  strength  and  also  have  the 
most  wear  quantities.  From  the  results  of  these  experiments,  it  is  considered  that  the  desired 
formability  and  mechanical  properties  can  be  obtained,  as  the  die  temperature  and  billet  initial 
temperature  is  lower  than  of  300  C  and  580  C ,  respectively. 


a  :Exp.  No.  7 
b  :  Exp.  No.  6 
c  :  Exp.  No.  13 
d  :  Exp.  No.  15 
e  :  Exp.  No.  12 
f:  Exp.  No.  12(T5) 
g:  Exp.  No.  12(T6) 
h  :  raw  mat. 


a  b  c  d  e  f  a  h 


25 


1*20 

'o 

c  15 

CO 

4-* 

CO 

*co  10 
(D 
OC 


CO 

o 


F=  100N 
r  =  60rpm 
t  =  30min 
Disk  mat :  SKD  61 


I 


I 


(a)  Semi-solid  forging 

Fig.5  Wear  resistance  of  A1  frame  parts 


(b)  Semi-  solid  casting 
for  various  conditions 
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F»|-3  (b)  shows  the  position  for  the  hardness  tests.  The  hardness  test  was  performed  with 
A357  billets  at  the  Exp.  No.  7  and  12  of  Table  1.  Fig.6  (a)  shows  the  result  of  hardness  test.  It 
shows  comparatively  uniform  hardness  in  spite  of  variation  of  measuring  position  The 
harness  of  the  forged  parts  at  Exp.  No.  7  and  12  of  Table  1  is  about  65-70.  The  average 
hardness  with  T5  and  T6  heat  treatment  is  81  and  105,  respectively.  The  hardness  for  T5  and 
T6  has  mcreased  about  15%  and  45%  compared  with  and  without  heat  treatment,  respectively. 
Fig.6  (b)  shows  the  results  of  the  hardness  test  for  various  semi-solid  die  casting  conditions 
and  heat-treatment  conditions.  The  hardness  tests  showed  that  the  hardness  of  the  T6  heat- 
treated  aluminum  frame  components  fabricated  at  the  semi-solid  die  casting  conditions  of 
experiment  2  was  approximately  50  Hv  higher  than  the  T6  heat-treated  components  produced 
at  the  conditions  of  experiment  1 . 


abcde  ABCD 


(a)  Semi-solid  forging  (b)  Semi-solid  die  casting 

Fig.6  The  hardness  of  A1  frame  products  for  the  various  conditions 


4.  MICROSTRUCTURE  OF  DEVELOPED  PRODUCTS 

Fig.7  (a)  shows  the  comparison  of  globular  and  eutectic  microstructure  after  the  semi-solid 
forging.  Exp.  No.  12  shows  totally  uniform  solid  distribution  and  fine  eutectic  structure. 
Porosity  was  observed  at  point  C,  D,  and  E  of  Exp.  No.  7.  The  injection  velocity  in  semi-solid 
forging  process  is  very  important  parameter  that  is  affected  with  liquid  segregation  in  cross 
section  area  of  parts  as  well  as  filling  phenomena. 


Fig.7  Comparison  of  spherodization  and  eutectic  structure  after  semi-solid  forming 
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Fig.7  (b)  shows  a  fine  globular  microstructure  and  the  micrograph  magnified  to  the  scale  of 
500  to  observe  the  eutectic  microstructure  obtained  at  the  conditions  of  experiments  1  and  2 
prescribed  in  Table  3.  A  uniform  distribution  of  both  the  solid  and  liquid  phase  was  obtained. 
However,  much  porosity  was  observed  at  the  conditions  of  experiment  1.  The  reason  >s  that 
the  final  solidification  pattern  corresponding  to  the  plunger  velocity  for  completing  tilling 
affects  the  mechanical  properties.  Furthermore,  it  is  considered  that  due  to  the  rajDid 
solidification  at  the  conditions  of  experiment  1  the  product  shows  pronounced  susceptibility 
to  formation  of  porosity.  Internal  defects  such  as  this  porosity  may  have  a  highly  deleterious 
effect  on  the  mechanical  properties.  As  shown  in  Fig.4  through  6,  the  mechanical  properties 
of  the  product  fabricated  at  the  conditions  of  experiment  1  prescribed  in  Table  2  are  lowest. 
This  phenomenon  is  explained  by  the  formation  of  porosity,  as  shown  in  Fig.7  (b). 


5.  CONCLUSIONS 

To  eliminate  air  inside  the  overflow  after  the  semi-solid  billet  had  been  fully  filled  the 
pressing  velocity  at  the  final  stage  should  be  increased  to  guarantee  better  surface  of  the 
fabricated  products.  In  semi-solid  forging,  uniform  solid  distribution  and  compkte  tilling 
phenomena  were  found  at  billet  temperature  577 'C,  die  temperature  250  and  injection 
velocity  370mm/s.  In  semi-solid  die  casting,  experiment  was  carried  out  under  tlie  conditions 
of  the  die  temperatures  of  the  fixed  and  moving  dies  at  128  C  and  }38C  and  billet 
temperature  at  58  TC.  The  final  velocity  of  the  plunger  tip  at  the  stage  to  eliminate  air  inside 
the  overflow  out  of  the  die  cavity  was  changed  up  to  0.5  m/s.  From  the  relationship  between 
pressing  force  and  time,  the  aluminum  frame  part  with  better  surface  was  manufactured  The 
mechanical  properties  of  semi-solid  forming  for  varying  die  temperatures,  injection  velocity 
and  applied  pressure  were  investigated,  and  the  relationship  between  applied  pressure  and 
stroke  to  assess  the  semi-solid  formability  was  also  proposed. 
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ABSTRACT 

In  this  work,  the  fabrication  processes  of  particulate  metal  matrix  composites  (PMMCs)  with 
a  homogeneous  distribution  of  reinforcement  and  their  reheating  for  thixoforming  have  been 
studied.  Electromagnetic  stirring  was  used  to  fabricate  particulate  reinforced  metal  matrix 
composites  (PMMCs)  for  the  variation  of  particle  size.  The  compocasting  conditions  for 
fabricating  the  PMMCs  are  also  suggested.  For  the  thixoforming  of  PMMCs,  fabricated  billets 
are  reheated  by  using  the  optimal  coil  designed  as  a  function  of  the  length  between  PMMC 
billet  and  coil,  and  coil  diameter  and  billet  diameter.  The  effects  of  the  dispersion  state  of  the 
reinforcements  on  the  reheating  temperature  and  microstructural  morphology  were 
investigated. 


1.  INTRODUCTION 

Recently,  it  is  an  important  subject  to  improve  fuel  efficiency  in  the  transportation  fields  such 
as  automobile,  vessel,  and  aircraft  because  of  an  environmental  point  of  view.  From  this  point 
manufacturing  process  of  lightweight  products  coinciding  with  the  requirements 
of  the  parts  must  be  developed.  [1-7]  For  such  objectives,  the  outstanding  necessity  for 
transportation  weight  reduction  has  led  to  a  major  increase  in  MMC  production  of  engine 
parts  for  automobile  applications.  Particulate  reinforced  MMCs  (PMMCs)  combine  metallic 
properties  such  as  toughness  and  ductility  with  ceramic  properties  such  as  high  strength,  wear 
resistance  and  high  modulus,  leading  to  superior  strength  in  shear  and  compression.  A  50  pet 
increase  in  modulus,  achieved  by  substituting  a  discontinuous  silicon  carbide  reinforced 
aluminum  matrix  composite  for  an  unreinforced  wrought  aluminum  alloy,  resulted  in  a  10  pet 
reduction  in  weight.  [8]  The  fabrication  method  of  MMCs  by  squeeze  casting  process  has 
some  problems,  including  the  homogeneous  dispersion  of  the  particulates,  extensive 
interfacial  reactions,  and  particulate  fracture  during  mechanical  stirring,  while  powder 
metallurgy  makes  easy  the  homogeneous  dispersion  of  the  reinforcements  and  the  control  of 
mterfacial  reaction.  However,  squeeze  casting  process  has  lower  cost  and  is  nearer  net  shape 
manufacturing  than  powder  metallurgy.  [9]  As  a  solution  to  improve  the  mechanical 
properties  and  to  reduce  manufacturing  costs,  particulate  reinforced  MMCs  (PMMCs)  provide 
an  opportunity  for  thixoforming,  which  is  one  of  the  processes  manufacturing  net-shaped 
components.  So,  in  this  present  study,  the  compocasting  conditions  for  fabricating  the 
PMMCs  are  suggested  for  the  variation  of  particle  size.  For  the  thixoforming  of  PMMCs, 
fabricated  billets  are  reheated.  The  present  work  focuses  mainly  on  the  effects  of  the 
dispersion  state  of  the  SiCp  particles  on  the  reheating  temperature  and  microstructural 
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morphology. 


2.  EXPERIMENTS 

2.1  The  Fabrication  Process  of  PMMCs 

The  matrix  material  used  for  the  fabrication  of  PMMCs  was  an  aluminum  alloy,  A357, 
fabricated  by  the  electromagnetic  stirring  process  and  made  by  Pechiney  (Voreppe,  France). 
The  chemical  composition  of  the  A357  is  shown  in  Table  1.  The  silicon  carbide  particles  used 
in  these  experiments  were  provided  by  Showa  Denko  Company  (Japan)  and  the  chemical 
composition  and  PH  are  shown  in  Table  2.  Fig.  1  shows  a  schematic  diagram  of  the  composite 
stirrer  designed  and  manufactured  to  obtain  the  homogeneous  stirring.  Mixing  of  SiC  particles 
with  the  molten  aluminum  alloy,  A357  was  performed  in  a  clay  graphite  crucible  placed 
inside  a  high  frequency  furnace.  The  particles  had  an  average  size  of  14  pm  and  25  pm  and 
were  mixed  into  the  melt  with  an  impeller,  manufactured  from  graphite,  dnv^^  by  a  variable 
DC  motor.  The  matrix  was  heated  up  to  the  molten  metal  state  (over  630  C).  After  oxide 
films  generated  by  the  contact  with  atmosphere  were  removed,  the  cover  fixing  motor  was 
driven  for  making  the  cover  contact  with  the  crucible.  After  driving  the  stirring  impeller,  the 
melted  matrix  was  held  and  stirred  at  595  °C  for  1  min.  The  SiC  particles  of  10  g  per  unit 
minute  were  added  uniformly  for  approximately  15  mins.  The  stirring  impeller  was  coated 
with  a  fiberfrax  coating  cement  made  by  Carborundum  Company  in  the  United  States  and 
preheated  up  to  500  C  to  prevent  a  rapid  decrease  in  temperature  by  the  contact  with  the 
matrix.  After  the  particle  addition,  the  impeller  was  driven  for  15  mins,  and  the  melted 
PMMCs  were  poured  in  the  preheated  graphite  mold.  The  poured  melt  was  cooled  in  the  mold 
for  1  min  and  then  was  water-quenched.  The  fabricated  PMMC  billets  are  40  mm  in  diameter 
and  180  to  200  mm  in  height.  The  billets  for  reheating  are  machined  to  dXl=40X50  mm. 

2.2  Inductive  Coil  Design  for  Uniform  Reheating  of  PMMCs 

In  the  case  of  heating  the  PMMC  billet  by  using  an  induction  heater,  because  the  reheating 
conditions  are  different  for  the  variation  of  PMMC  and  billet  size,  the  inductive  coil  design 
and  construction  of  a  quantitative  reheating  data  base  for  the  thixoformmg  of  the  PMMC  are 
very  important.  [10,  11]  In  commercial  induction  heating  systems  including  the  induction 
heating  of  aluminum  billets,  the  induced  heat  is  normally  not  equally  distributed  over  the 
length  of  the  PMMC  billet.  Non-uniformity  of  the  heating  profile  at  the  coil  and  billets  ends  is 
related  to  the  distortion  of  the  electromagnetic  field  in  those  areas.  This  distortion  is  called  the 
electromagnetic  end  effect.  In  general,  electromagnetic  end  effect  is  one  of  the  most 
complicated  problems  in  induction  heating.  This  effeet  can  result  in  either  overheating  or 
underheating  of  the  billet  ends.  So,  the  desired  temperature  distribution  may  be  obtained  only 
with  a  particular  coil  dimension.  For  uniform  reheating  of  PMMCs  (for  minimizing 
electromagnetic  end  effect)  in  this  present  work,  the  effective  coil  length  H  pd  coil  inner 
diameter  Dj  of  the  induction  heating  device  were  designed  by  using  a  new  optimal  inductive 
coil  design  method  suggested  by  Jung  and  Kang.  [1,  10,  1 1] 

2.3  Reheating  of  PMMCs 

The  reheating  experiments  were  carried  out  by  using  an  induction  heating  system  with  a 
capacity  of  20  kW.  As  shown  in  Fig.  2,  to  achieve  uniform  heating,  the  heating  coil  of  the 
induction  heating  system  was  made  by  machining  to  DoXH=80X100  mm.  Thermocouple 
holes  to  measure  the  temperature  accurately  are  machined  to  2  mm  diameter  at  the  position  ot 
10  mm  from  the  surface  of  the  billet  and  2  mm  diameter  at  the  position  of  25  mm  from  me 
lateral  of  the  billet.  To  accurately  control  the  temperature  of  the  PMMCs,  K'type  CA 
thermocouples  of  (p\.6  mm  are  inserted  into  the  billet.  A  data  logger  TDS-302  (Tokyo  Sokki 
Kenkyuio  Co.,  Ltd.,  Tokyo)  was  used  to  receive  the  data,  and  the  heating  temperature  was  set 
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to  the  data  as  a  thermocouple  position  “main”  in  Fig.  2.  The  reheating  experiments  were 
carried  out  for  the  conditions  in  Tables  3  and  4.  The  meanings  of  the  symbols  used  in  Tables  3 
and  4  are  the  same  as  those  shown  in  Fig.  3. 


3.  EXPERIMENTAL  RESULTS  AND  DISCUSSION 

3.1  Fabrication  Experiments  of  PMMCs 

The  most  important  point  in  the  fabrication  process  of  PMMCs  is  the  uniform  dispersion  of 
the  reinforcements.  The  interaction  parameters  between  SiCp  and  a  growing  solid/liquid 
interface  are  the  alloying  elements  and  the  cooling  rate.  Particle  capture  or  rejection  is 
governed  mainly  by  the  Si  content  in  the  matrix.  [12]  In  these  experiments,  the  temperature  of 
the  matrix-particulate  mixture  was  maintained  at  595  C .  The  fabricating  conditions  were  set 
to  obtain  uniform  dispersion  for  various  stirring  speeds.  Agglomerated  SiCp  particles  were 
observed  at  a  stirring  speed  of  600  rpm  with  SiCp  (15  vol.  pet).  At  low  stirring  speeds,  the 
semisolid  stirring  process  had  no  influence  on  the  uniformity  of  dispersion  of  the 
reinforcements.  Figs.  4  and  5  present  micrographs  showing  the  dispersion  state  for  an 
increased  stirring  speed  of  1200  rpm.  As  shown  in  Fig.  4,  in  the  case  of  the  particle  size  of  25 
pm,  reasonably  uniform  dispersion  was  obtained,  independent  of  volume  fractions.  In  the  case 
of  the  particle  size  of  14  pm,  the  dispersion  state  of  the  reinforcements  was  not  more  uniform 
than  that  of  the  particle  size  of  25  pm.  This  may  be  explained  by  the  particles  rejected  by  the 
solid/liquid  interface.  As  a  result  of  this  phenomenon,  the  particles  segregated  to  the  inter- 
dendritic  region. 

3.2  SEM  Fractograph 

Fig.  6  shows  the  SEM  ffactographs  of  A357/SiCp  tensile  specimen  for  two  different  particle 
sizes  of  25  pm  and  14  pm.  The  preceding  results  show  the  weakness  of  the  bonding  force  at 
the  interface  between  the  matrix  and  the  SiCp  particles  in  the  region  of  clusters  (position  “A” 
in  Fig.  6).  This  may  be  explained  by  many  porosities  (position  “C”  in  Fig.  6)  generated  by  air 
entrance  in  pouring  the  melt.  Therefore,  through  the  use  of  air  vent,  the  interfacial  bonding 
force  was  considered  to  be  improved. 

3.3  Results  of  Reheating  Experiments 

The  microstructure  of  PMMCs  after  reheating  must  be  a  globular  one.  Furthermore,  when  the 
PMMCs  are  fed  from  the  reheating  device  to  the  die,  the  shape  of  the  PMMCs  must  be 
maintained.  So,  the  volume  fraction  of  the  reinforcement  and  SiCp  particle  size  were 
considered  as  parameters  of  the  reheating  experiment  to  obtain  the  globular  microstructure 
and  a  small  temperature  gradient.  The  unreinforced  A3  5  7  billets  reach  the  set  temperature 
with  a  small  temperature  difference  (about  2  “C).  In  the  case  of  A357  with  15  vol.  pet  (a 
particle  size  of  14  ^im),  the  reheating  temperature  of  PMMCs  was  approximately  13  °C 
higher  than  unreinforced  A3 57.  The  effects  of  dispersion  state  of  the  reinforcements  were 
observed  remarkably  during  the  reheating  process  of  PMMCs.  Moreover,  in  the  case  that  the 
SiCp  particle  dispersed  uniformly,  the  total  reheating  time  of  the  PMMCs  was  reduced  and  the 
reheating  temperature  of  the  final  step  was  low.  Fig.  7  presents  the  reheating  conditions  of 
PMMCs  according  to  the  dispersion  state.  In  the  case  that  the  reinforcement  dispersed 
uniformly,  the  set  temperature  of  the  final  reheating  step  was  approximately  11  °C  lower 
than  that  of  the  non-uniformly  dispersed  reinforcements  and  the  total  reheating  temperature  of 
the  final  step  was  also  approximately  3  minutes  shorter  than  that  of  the  non-uniformly 
dispersed  state.  Figs.  8  and  9  show  the  microstructures  after  the  reheating  process  of  metal 
matrix  composites  fabricated  by  the  semisolid  stirring  process.  Uniform  globular 
microstructures  with  a  grain  size  of  100  pm  as  well  as  uniformly  dispersed  reinforcements 
were  observed  at  all  positions.  From  the  preceding  results,  it  was  found  that  the  most 
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important  factor  regarding  the  reheating  process  of  PMMCs  is  the  dispersion  state  of  the 
reinforcements  during  stirring  process.  At  the  present  time,  research  to  obtain  more  uniform 
dispersion  state  of  the  particles  by  the  control  of  solid  fractions  is  being  performed. 


4.  CONCLUSIONS 

The  particular  conclusions  are  summarized  as  follows.  In  the  case  of  the  particle  size  of  25 
pm,  reasonably  uniform  dispersion  was  obtained,  independent  of  volume  fractions.  In  the  case 
of  the  particle  size  of  14  pm,  the  dispersion  state  of  the  reinforcements  was  not  more  uniform 
than  that  of  the  particle  size  of  25  pm.  The  SEM  fractographs  of  A357/SiCp  tensile  specimen 
show  the  weakness  of  the  bonding  force  at  the  interface  between  the  matrix  and  the  SiCp 
particles.  This  may  be  explained  by  many  porosities  generated  by  air  entrance  in  pouring  the 
melt.  In  the  case  that  the  reinforcement  dispersed  uniformly,  the  set  temperature  of  the  final 
reheating  step  was  approximately  11  C  lower  than  that  of  the  non-uniformly  dispersed 
reinforcements  and  the  total  reheating  temperature  of  the  final  step  was  also  approximately  3 
minutes  shorter  than  that  of  the  non-unifonnly  dispersed  state.  Through  the  microstructure 
observation  after  the  reheating  process  of  metal  matrix  composites  fabricated  by  the  semisolid 
stirring  process,  uniform  globular  microstructures  with  a  grain  size  of  100  pm  as  well  as 
uniformly  dispersed  reinforcements  were  observed  at  all  positions.  It  was  found  that  the  most 
important  factor  regarding  the  reheating  process  of  PMMCs  is  the  dispersion  state  of  the 
reinforcements  during  stirring  process. 
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Table  1  Chemical  composition  of  A357 


Content 

Si 

Fe 

Cu 

Mn 

■iSM 

Ni 

Zn 

Ti  1 

Pb 

Sn 

wt  pet 

7.5 

0.15 

0.03 

0.03 

0.60 

0.03 

0.05 

0.20  1 

0.03 

... 

Table  2  Chemical  composition  of  silicon  carbide  particle 


Content 

SiC 

FC 

FSiO, 

TFc 

PH 

wt  pet 

99.0 

0.55 

0.07 

5.0  to  7.0 
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Table  3  Reheating  conditions  of  metal  matrix  composites  for  thixoforming  (SiCp  25  ju  m) 


Vol 

Tpst 

Holding  time 

pet 

specimen  (mm) 

mBSSSSS^M 

wmm 

_ I 

/.  (mm) _ 

■in 

K? 

ran 

ran 

ran 

ran 

nra 

1 

3 

2 

1 

451 

576 

582 

1 

1 

2 

5 

dxl=  40x50 

3 

1 

1 

501 

575 

1 

1 

2 

1 

10 

3 

1 

1 

501 

575 

1 

mt 

1 

2 

1 

15 

3 

1 

1 

501 

575 

1 

ma 

1 

2 

2 

Table  4  Reheating  conditions  of  metal  matrix  composites  for  thixoforming  (SiCp  14  //  m) 


Vol. 

pet 

Test 

specimen  (mm) 

HDnSiH 

mmlm 

Holding  time 
_ (mm) _ 

T 

a\ 

^a2 

T,„ 

T.3 

^h2 

^/i3 

3 

2 

1 

451 

576 

582 

1 

1 

2 

5 

dxl=  40x50 

3 

1 

1 

501 

575 

1 

1 

2 

1 

10 

3 

1 

1 

501 

575 

1 

Wil 

1 

2 

1 

15 

3 

1 

1 

501 

575 

1 

W 

1 

2 

2 

Fig.  1  Schematic  diagram  to  fabricate 
metal  matrix  composites  (MMCs)  by 
using  the  electromagnetic  stirring  process 


Fig.  2  Thermocouple  positions  to  measure  the 
temperature  during  the  reheating  process  of 
metal  matrix  composites 


Fig.  3  Schematic  illustration  of  reheating  Fig.  6  SEM  fractograph  of  A357/SiCp  tensile 
conditions  to  obtain  the  semisolid  material  specimen  (a)  SiCp  25  pm  (b)  SiCp  14  pm 
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Fig.  4  Microstructure  of  metal  matrix 
composites  fabricated  by  the  semisolid  stirring 
process  (matrix  temperature  595  °C ,  a  particle 
size  of  25  pm  and  stirring  speed  1200  rpm) 


Fig.  5  Microstructure  of  MMCs  fabricated 
by  the  semisolid  stirring  process  (matrix 
temperature  595  °C ,  a  particle  size  of  14 
pm  and  stirring  speed  1200  rpm) 


Edg* 

*  '.A  ■:?  '  ■& 

ifl  V  ;■  ' — 

10% 

16% 

Fig.  7  Temperature  profile  during  the 
reheating  process  and  micro  structure  of 
PMMCs  after  reheating  process  (a) 

inhomogeneously  dispersed  state  of 

reinforcements  (b)  homogeneously  dispersed 
state  of  reinforcements 


Fig.  9  Microstructure  after  the  reheating  process  of 
metal  matrix  composites  fabricated  by  the  semisolid 
stirring  process  (a  particle  size  of  14  pm) 


Fig.  8  Microstructure  after  the  reheating  process  of  metal  matrix  composites  fabricated  by  the 
semisolid  stirring  process  (a  particle  size  of  25  pm) 
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ABSTRACT 

AA  2014  aluminium  alloys  were  produced  by  different  manufacturing  processes  such  as 
wrought,  as  spray  formed,  spray  formed  &  consolidated,  spray  formed  &  extruded, 
continuous  cast  &  extruded  and  squeeze  cast  in  order  to  obtain  the  various  initial 
microstructures.  The  wrought,  as  spray  formed,  spray  formed  &  consolidated  materials 
possessed  non-dendritic  equiaxed  grains  of  around  18pm  while  the  spray  formed  &  extruded 
and  continuous  cast  &  extruded  materials  exhibited  deformed  and  elongated  grains,  and 
squeeze  cast  materials  consisted  of  approximately  equiaxed  dendrites.  The  dendrite  arm 
spacing  and  grain  size  were  around  30pm  and  115pm  respectively.  Cylindrical  specimens  of 
the  materials  were  compressed  under  the  constant  load  at  560  (fs=0.90),  580  (fs=0.86),  600 
(fs=0.78)  and  610®C(fs=0.70),  respectively,  to  obtain  strain  versus  time  curves.  The  as  spray 
formed  or  spray  formed  &  consolidated  material  showed  much  higher  strain  rates  in  the  initial 
stage  and  greater  strain  at  all  temperatures  compared  to  the  other  materials.  A  semi-empirical 
constitutive  model  has  been  proposed  for  the  steady  state  strain  rate  developed  during  semi¬ 
solid  deformation  under  the  present  study.  The  model  incorporates  a  stress  component,  a 
component  based  on  the  inter-relationship  of  grain  size,  solid  fraction  and  grain  boundary 
liquid  film  thickness,  and  a  thermally  activated  diffusion.  The  thermally  activated  diffusion 
component  yields  an  activation  energy  of  approximately  150KJ/mol  for  all  the  materials, 
which  is  similar  to  the  value  for  self-diffusion  in  solid  aluminium. 


1.  INTRODUCTION 

Recent  legislative  and  environmental  pressures  on  the  automotive  industry  to  produce  light¬ 
weight  fuel  efficient  vehicles  with  lower  emissions  have  led  to  a  requirement  for  traditional 
steel  components  to  be  replaced  by  aluminium  alloy  alternatives.  This  has  led  to  a  complete 
re-analysis  of  the  design  and  manufacturing  routes,  with  the  emergence  of  semi-solid  forming 
as  a  viable  process  for  the  production  of  high  volume,  low  cost,  high  integrity  automotive 
components  [1].  Semi-solid  forming  is  an  attractive  process  because  it  combines  the  low  costs 
of  die-  casting  and  the  enhanced  mechanical  properties  and  shape  replication  associated  with 
forging,  and  has  the  added  benefits  of  enhanced  die  life,  energy  efficiency,  and  low  scrap  rates 
[2,3].  The  present  research  was  carried  out  to  understand  fundamental  effects  of  variations  in 
initial  microstructure,  such  as  grain  size,  grain  morphology  and  second  phase  particles  etc.. 
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temperature,  solid  fraction  and  applied  stress  on  the  ability  to  deform  semi-solid  A1  alloys,  to 
understand  the  mechanisms  of  semi-solid  deformation  in  the  solid  fraction  range  (fs=0.70- 
0.90),  and  to  develop  a  constitutive  model  for  the  deformation  behaviour.  The  study  of  the 
variation  in  initial  microstructure  is  achieved  by  deformation  testing  of  alloys  of  the  same 
composition  which  have  been  made  in  different  ways. 


2.  EXPERIMENTAL 

The  semi-solid  deformation  behaviour  and  microstructural  evolution  were  investigated  using 
a  thennomechanical  analyser  as  described  in  literatures  [1,4,5]  for  AA2014  A1  alloys.  Small 
cylindrical  samples  of  the  alloys  were  compressed  between  top  and  bottom  compression 
plates  which  were  flat  machined  from  Macor  machinable  ceramic,  with  the  whole  assembly 
located  in  a  60mm  long,  40mm  outer  diameter  and  20mm  inner  diameter  tube  furnace,  and 
with  an  external  LVDT  to  monitor  sample  dimension  changes  and  the  strain  variation  with 
time  was  measured  using  a  linear  voltage  displacement  transducer.  Deformation  tests  were 
carried  out  on  equiaxed  non-dendritic  alloys,  dendritic  alloys  and  elongated  extruded  alloys  to 
investigate  the  effects  of  initial  microstructure.  Compressive  deformation  tests  were  carried  at 
560,  580,  600  and  610°C  which  is  correspondent  to  solid  fraction  of  0.90,  0.86,  0.78,  0.70 
respectively. 


3.RESULTS  and  DISCUSSION 
3.1.  Deformation  Behaviour 

Fig.l  shows  a  true  strain  versus  time  curves  for  2014  A1  alloys  with  different  initial 
microstructures.  The  strain  varied  significantly  with  the  initial  microstructure.  Specimens  with 
initially  elongated  or  dendritic  structure  deformed  less  than  specimens  with  initially  non- 
dendritic  microstructures.  This  is  likely  to  be  due  to  the  increased  mechanical  interlocking 


Fig.l  True  strain  versus  time  curves  for  2014  A1  alloys  under  the 
constant  load  of  lOOg  at  blO^’C  (fs=0.70). 
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of  elongated  and  dendritic  grains,  larger  grain  size  and  a  greater  portion  of  intragranular  liquid 
droplets. 

The  alloy  with  initially  equiaxed  non-denritic  micro  structures  all  had  similar  grain  sizes,  but 
their  deformation  behaviour  varied.  The  strain  of  as  spray  formed  alloy  was  higher  than 
wrought  alloy.  There  are  three  possible  reasons  for  this.  They  are  presence  of  3.5%  porosity, 
less  intragranular  liquid  and  more  grain  boundary  liquid  in  as  spray  formed  alloy.  The 
dominant  effect  is  probably  the  3.5%  of  porosity  present  in  the  as  spray  formed  alloy.  The 
alloy  yield  stress  <7r  can  be  given  by  the  following  equation  [6]: 


cyR=ao(p-pc/l-Pc)  (1) 

where  cjo  is  the  yield  stress  of  the  folly  consolidated  alloy,  p  =  density  of  the  porous  alloy 
relative  to  the  folly  consolidated  alloy,  pc  =  critical  density  at  which  the  yield  stress  of  a 
porous  material  becomes  zero.  Assuming  that  pc  is  0.7  for  as  spray  formed  2014  A1  alloy  [6], 
according  to  eqn  (1)  gr=  O.SSgo*  Reduction  of  yield  stress  can  make  a  large  contribution  to 
semi-solid  deformation  in  the  as  spray  formed  2014  A1  alloy.  In  addition,  the  porosity  may 
also  provide  short  circuit  paths  to  enhance  diffosion  rates  in  the  grain  boundary  liquid  and  the 
solid  grains.  There  were  more  intragranular  liquid  in  the  wrought  alloy.  This  may  be 
associated  with  the  following  microstructural  observation.  Second  phase  particles  in  wrought 
alloy  were  distributed  along  the  grain  boundaries  and  through  the  grains.  On  the  other  hand, 
most  of  second  phase  particles  in  as  spray  formed  alloy  were  concentrated  as  a  semi- 
continuous  network  along  the  grain  boundaries.  In  the  case  of  wrought  alloy,  on  partial 
remelting  second  phase  particles  melted  at  the  grain  boundaries  and  interior  grains  while  the 
second  phase  particles  of  as  spray  formed  alloy  were  melted  to  form  a  grain  boundary  liquid 
film.  The  intragranular  liquid  droplets  may  have  been  left  behind  from  the  rapidly  moving 
grain  boundary  liquid  films  as  proposed  by  Annavarapu  et  al  [7].  However,  another  possible 
explanation  in  the  case  of  wrought  2014  is  that  the  presence  of  second  phases  in  the  interior 
grains  could  have  melted  in  the  semi-solid  regime  to  form  the  intragranular  droplets. 

As  shown  in  Fig.l,  the  strain  of  spray  formed  &  consolidated  alloy  was  higher  than  wrought 
alloy.  There  are  two  possible  reasons  for  this.  Firstly,  the  effective  grain  boundary  liquid  of 
spray  formed  &  consolidated  alloy  is  larger  than  wrought  alloy.  This  could  be  associated  with 
the  microstructural  observation  that  almost  second  phase  particles  concentrated  at  the  grain 
boundaries  as  a  semi-continuous  network,  which  melted  in  the  semi-solid  regime  for  spray 
formed  &  consolidated  alloy  unlike  the  wrought  alloy.  Second  effect  is  the  grain  boundary 
structure.  The  fraction  of  low  angle  boundaries  in  wrought  alloy  increased  from  5%  to  10%  in 
annealed  state.  The  average  misorientation  angle  in  wrought  alloy  decreased  slightly  from  40  ° 
to  35  °  in  the  annealed  state.  This  suggests  that  a  slight  preferred  orientation  developed  during 
isothermal  holding  and  this  may  have  enhanced  the  grain  boundary  strength.  On  the  other 
hand,  the  area  fraction  of  low  angle  boundaries  in  spray  formed  &  consolidated  alloy 
decreased  from  17%  to  3%  in  the  annealed  state.  The  average  misorientation  angle  in  spray 
formed  &  consolidated  alloy  increased  slightly  from  34%  to  40%  in  the  annealed  state.  This 
suggests  that  no  preferred  orientation  developed  during  isothermal  holding  and  this  may  have 
enhanced  grain  boundary  wetting. 

3.2.  Semi-empirical  constitutive  model 

The  rate  controlling  mechanisms  for  deformation  behaviour  can  be  investigated  by  using 
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strain  rate  relationship  such  as  strain  rate-temperature,  strain  rate-solid  fraction  and  strain 
rate-stress  etc.  Steady  state  strain  rate  increases  with  roughly  exponentially  with  absolute 
temperature  which  suggests  plotting  In  versus  1/T  in  order  to  obtain  the  activation 

energy  associated  with  the  deformation  mechanisms.  The  activation  energy  for  semi-solid 
deformation  was  determined  from  the  following  Arrhenius  type  equation: 

4  =4exp(-e,/^r)  (2) 

where  Ao  is  applied  stress  and  micro  structure  dependent,  Qo  is  the  apparent  activation  energy 
and  R  is  the  universal  gas  constant.  In  each  case,  the  Arrhenius  plot  revealed  a  straight  line 
relationship  following  this  equation.  The  activation  energy  for  the  different  alloys  were  quite 
similar,  and  were  approximately  300KJ/mol.  This  activation  energy  is  much  higher  than  the 
reported  value  of  A1  self-diffusion,  144KJ/mol.  It  should  be  noted  that  the  activation  energy  in 
this  equation  is  a  just  apparent  activation  energy  which  is  a  combination  of  activation  energy 
for  self-diffusion  adjusted  by  other  temperature  dependent  parameters  such  as  grain  boundary 
film  thickness  and  solid  fraction.  For  the  stress-strain  rate  relationship,  a  power-law  equation 
has  usually  been  used  in  the  interpretation  of  the  deformation  mechanisms.  The  stress 
exponent  was  determined  from  the  power-law  equation.  In  each  case,  the  plot  revealed  a 
straight  line  relationship.  The  values  of  stress  exponent  for  2014  alloys  were  similar  and 
approximately  unity  for  all  the  alloys  in  the  temperature  range  560-6 10°C  (fs=0. 90-0.70). 
Grain  boundary  sliding  is  characterized  by  low  stress  exponent  typically  1  or  2  and  their 
values  were  quite  consistent  with  values  observed  in  the  present  work  (n«l).  The  grain  size  is 
clearly  very  important  in  determining  the  extent  of  deformation.  The  grain  size  exponent  was 


Fig.2  ln{4, /cr(/^  -1)}  versus  1/T  curves  for  2014  A1  alloys. 

determined  from  a  power-raw  equation.  The  grain  size  exponent  was  1 .7  which  is  close  to  2 
associated  with  diffusion  controlled  deformation  mechanisms.  Semi-solid  deformation  in  the 
2014  alloys  used  in  the  present  study  occurs  by  grain  boundary  sliding  accompanied  by 
diffusion  with  a  stress  exponent  close  to  unity  and  grain  size  exponent  close  to  2. 

The  plots  that  were  described  before  gave  indications  of  the  individual  effects  of  temperature, 
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stress  and  initial  grain  size  on  independently  each  other.  A  through  description  of 

requires  accounting  for  the  combination  and  inter-relation  of  these  individual  parameters,  plus 
the  incorporation  of  other  inter-dependent  parameters  such  as  solid  fraction  and  liquid  film 
thickness.  The  constitutive  equation  should  therefore  contain  an  initial  applied  stress 
Table  1  Calculated  parameters  from  eqn  (4)  and  Fig.2 


Alloy 

In  A 

Q  (KJ/mol) 

Q/R 

wrought 

21.2 

111 

21498 

as  spray  formed 

16.8 

133 

16915 

spray  formed  &  consolidated 

18.9 

151 

18971 

spray  formed  &  extruded 

15.1 

141 

17772 

squeeze  cast 

16.4 

152 

19110 

contribution  and  an  Arrhenius  contribution.  The  activation  energy  obtained  from  eqn  (1)  was 
higher  than  the  expected  value  for  A1  lattice  self-diffusion,  but  it  should  be  noted  that  this 
high  activation  energy  was  only  an  apparent  value  which  compensated  for  the  effects  of  other 
temperature  dependent  parameters,  namely,  solid  fraction,  liquid  film  thickness,  and  in-situ 
diameter  of  the  solid  grains.  These  parameters  are  inter-related  as  following  equation  [8]: 


i.e.  the  ratio  of  the  liquid  film  to  the  in-situ  solid  grain  diameter  is  constant  for  a  given  solid 
fraction.  The  equation  is  based  on  an  average  spherical  grain  of  average  diameter,  di , 
surrounded  by  a  continuous  film  of  liquid  of  average  thickness  [8].  3  and  di  are  not 
convenient  to  use  as  input  parameters  for  the  constitutive  equation  because  they  are  not 
readily  known.  The  constitutive  equation  should  therefore  include  the  ~  1  )  term.  So, 

the  proposed  constitutive  equation  for  semi-solid  deformation  under  the  conditions  of  the 
present  study  is  therefore  as  follows: 

4  =  -  l)exp(-e//?r)  (4) 

Fig.2  shows  ln[^^^  / {cr(/^  —  1)}]  versus  (1/T)  for  wrought,  as  spray  formed,  spray  formed 

&  consolidated,  spray  formed  and  extruded,  and  squeeze  cast  2014  A1  alloys.  As  shown  in 
Fig.2  and  Table  1,  results  for  all  the  alloys  give  good  agreement  with  eqn  (4).  The  activation 
energy  for  semi-solid  deformation  is  in  the  range  133-172  KJ/mol,  i.e.  close  to  the  expected 
value  for  self-diffusion  of  A1  (144KJ/mol).  As  shown  in  Fig.2,  the  straight  lines  are  parallel, 
indicating  that  the  activation  energy  is  not  dependent  on  prior  processing  or  initial 
microstructures,  but  they  are  shifted  slightly.  This  shift  is  associated  with  the  initial 
microstructural  parameters  such  as  aspect  ratio  or  smoothness  of  the  grains  etc,  affecting  A 
values  as  shown  in  Table  1 .  These  are  non-temperature  dependent  parameters  and  thus  do  not 
affect  the  activation  energy  value,  i.e.,  ^  is  a  function  of  micro  structure  (equiaxed,  elongated 
and  intragranular  liquid  droplets  etc.). 
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4.  SUMMARY 


A  given  alloy  was  more  defomiable  when  it  consisted  of  equiaxed,  non-dendritic 
microstructures.  The  alloy  was  least  deformable  when  the  initial  microstructure  was  highly 
elongated.  When  a  large  proportion  of  the  liquid  was  present  as  intragranular  droplets  then  the 
alloy  became  harder  to  deform  because  the  effective  liquid  fraction  between  solid  grains 
decreased.  A  larger  deformation  was  achieved  with  higher  grain  boundary  misorientations 
because  of  enhanced  wetting  of  grain  boundaries  with  liquid.  A  semi-empirical  constitutive 
model  has  been  proposed  for  the  steady  state  strain  rate  developed  during  semi-solid 
deformation  under  the  conditions  of  the  present  study.  The  model  incorporates  a  stress 
component,  a  component  based  on  the  inter-relationship  of  grain  size,  solid  fraction  and  grain 
boundary  liquid  film  thickness,  and  a  thermally  activated  diffusion  component: 
^  z=^cr(/,"'^^-l)exp(-0//?r)  ,  where  4  is  steady  state  deformation  rate,  A  is 

microstructure  dependent,  a  is  initial  applied  stress,  fs  is  the  solid  fraction,  Q  is  the  activation 
energy,  R  is  the  universal  gas  constant  and  T  is  defonnation  temperature.  The  stress 
component  comprises  of  the  initial  stress  raised  to  a  power  n==l .  This  is  similar  in  nature  to  the 
relationship  between  stress  and  strain  rate  for  solid  state  creep  dominated  by  grain  boundary 
sliding  and  solute  diffusion,  or  self-diffusion.  The  thermally  activated  diffusion  component 
yields  an  activation  energy  of  approximately  150KJ/mol,  which  is  similar  to  the  value  for  self- 
diffusion  in  solid  aluminium. 
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ABSTRACT 

Semisolid  forming  process  is  getting  established  as  a  technology  for  fabricating  the 
lightweight  parts  for  transportation  system.  Thixoforming  processes  are  being  used  for 
producing  parts  of  A1  and  Mg  alloys.  These  processes  need  a  special  billet  of  a  microstructure 
having  globular  solid  particles  in  the  solid-liquid  state  to  get  the  thixotropic  property. 

Thixotropic  A1  alloy  billet  with  non-dendritic  structure  was  fabricated  by  using  horizontal 
continuous  casting  process  where  melt  was  electromagnetically  stirred  during  solidification. 
Microstructures  of  billet  were  examined  as  a  function  of  stirring  strength  and  casting  speed. 
The  morphology,  size,  and  distribution  of  primary  crystal  to  be  influenced  on  the  thixotropic 
behavior  of  the  billet  were  measured  using  image  analyzer.  Behavior  of  primary  crystal  on 
solidification  with  electromagnetic  stirring  was  analyzed  in  order  to  predict  the  morphology, 
size,  and  distribution  of  primary  crystal. 


1.  INTRODUCTION 

The  fuel  consumption  and  environmental  compatibility  will  continue  to  need  for  significant 
weight  reduction  in  the  design  of  transportation  systems.  Among  the  range  of  low-weight 
design  approaches,  the  use  of  light  alloys  has  come  to  play  an  increasingly  important  role 
despite  higher  materials  costs.  The  target  of  a  50%  weight  reduction  using  aluminum  as  a 
substitute  for  classical  steel  forged  or  nodular  cast  iron  parts  only  can  be  achieved,  if  the 
design  of  the  parts  can  be  optimized  according  to  the  loading  conditions.  This  implies  that 
there  may  not  be  too  many  design  restrictions  related  to  the  manufacturing  process.  This  often 
results  in  part  geometries  with  complex  shape.  With  conventional  forging  processes  these 
complex  geometries  cannot  be  produced  at  competitive  cost.  On  the  other  hand,  conventional 
casting  processes  cannot  be  guarantee  the  required  mechanical  properties. 

In  this  context,  thixoforming  is  gaining  growing  importance  as  an  alternative  to  classic 
manufacturing  routes.  Thixotropic  behavior  of  semisolid  metals  was  discovered  30  years  ago 
at  MIT.  [1-3]  It  is  characterized  by  a  high  viscosity  at  rest  and  by  a  remarkably  low  viscosity 
upon  shearing  in  a  semisolid  state.  This  drastic  drop  in  viscosity  permits  shaping  at  relatively 
low  pressure  in  a  diecasting  process.  Furthermore,  the  semi-solid  metal  shows  good  flow 
behavior,  comparable  rather  to  plastic  injection  molding  than  to  pressure  diecasting.  Laminar 
mold  filling  and  little  solidification  contraction  lead  to  low  gas  porosity  and  shrink  holes.  This 
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process  certainly  is  very  competitive  with  gravity  diecasting  and  forging.  [4-6]  Combined  with 
using  high  quality  casting  alloys  (with  low  iron  content)  or  wrought  alloys,  thixoformed  parts 
combine  high  strength  with  appropriate  elongation.  First  series  productions  have  been 
concentrated  on  pressure  tight  parts  but  current  developments  are  extending  the  technology  to 
safety  parts,  thin  walled  parts  for  body  structure  components  and  tailored  alloys  like  metal 
matrix  composites  for  wear  resistant  components. [7, 8] 

The  preconditions  for  the  realization  of  thixoforming  are  a  suitable  alloy  and  an  appropriate 
structural  state  in  the  feedstock,  producing  a  slurry  or  solid-liquid  matrix  during  the  forming 
process.  A  number  of  different  process  variant  have  been  developed  to  achieve  the  desired 
structure. [9]  In  the  casting  processes  introduced  for  aluminum  alloys,  the  melts  is  stirred 
intensively  during  solidification  to  obtain  a  suitably  fine-grained  globular  dendritic  structure, 
which  then  forms  the  desired  structure  on  reheating.  One  alternative  process  is  the  modified 
chemical  grain  refinement  with  the  use  of  a  higher  amount  of  grain  refiner  during  continuous 
casting,  which  leads  after  a  short  period  of  time  in  the  solid-liquid  region  to  the  necessary 
microstructure  of  the  perform.  An  other  variant  of  feedstock  material  manufacturing  is  the 
thermomechanical  treatment  for  the  use  of  conventional  perform,  which  allows  formation  of  a 
suspension  of  spherical  solid  particles  and  matrix  melt  during  reheating  into  the  solid-liquid 
region  after  appropriate  plastic  deformation.  This  feedstock  route  is  suitable  for  all 
sufficiently  formable  materials,  i.e.  also  for  steel. 

In  this  study  the  thixotropic  aluminum  alloy  billet  were  produced  in  the  horizontal 
continuous  casting  process  utilizing  the  electromagnetic  stirrer,  which  imparts  the  necessary 
motion  to  the  melt  in  mold  during  solidification.  In  order  to  establish  the  quantitative 
relationships  between  micro  structure  and  the  process  parameters,  the  morphology  and  grain 
size  of  billet  were  observed  according  to  the  withdrawal  speed  and  electromagnetic  force. 


2.  HORIZONTAL  CONTINUOUS  CASTING  SYSTEM 

A  horizontal  continuous  casting  process  has  been  developed  to  produce  the  thixotropic 
aluminum  alloy  billet.  The  advantages  of  horizontal  continuous  casting  system  lie  mainly  in 
its  superior  economic  efficiency  under  continuous  manufacturing  conditions.  This  asymmetry 
inherent  in  horizontal  continuous  casting  due  to  the  difference  between  the  direction  of 
gravity  and  the  casting  direction  must  be  offset  by  a  suitable  design  of  the  mold  and  the  hot 
top  system.  Fig.  1  shows  the  pilot  plant  at  Technical  Research  Institute  of  the  Dooray  Air 
Metal  Co.  Ltd  for  industrial  scale  production.  Building  on  established  continuous  casting 
technology  as  developed  by  Dooray  Air  Metal,  electromagnetie  stirring  in  combination  with 
special  mold  design  facilitates  the  production  of  the  fine  grained  billets  necessary  for 
thixoforming.  In  the  first  step  casting  of  A1  alloy(A356)  billet  of  3  in.  in  diameter  has  been 
evaluated  and  the  work  will  be  continued  on  other  diameters  and  alloys.  Fig.  2  shows  the 
commercially  mass-produced  billets.  The  horizontal  continuous  casting  system  consists  of  the 
following  elements:  inductive  melting  furnace,  runner,  tundish,  ceramic  foam  filter,  die 
assembly  (graphite  or  metal  mold  with  electromagnetic  stirring  device),  strand  withdrawal 
machine  for  continuous  or  pull-back-stop  mode,  billet  cutting  station,  billet  collector. 

The  degassed  and  cleaned  molten  metal  of  melting  furnace  is  transferred  through  a  ceramic 
filter  to  a  tundish  where  the  temperature  is  stabilized  and  controlled  before  being  passed  into 
the  casting  mold.  When  the  strand  has  formed  within  the  mold,  it  passes  through  the  zone  of 
seeondary  cooling,  where  the  strand  is  cooled  by  direct  water  spray  to  room  temperature.  The 
cold  strand  is  withdrawn  from  the  mold  through  the  two  pinch  roll  sets  driven  by  an  electric 
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withdrawal  machine.  In  the  first  step  of  casting  the  cold  strand  is  withdrawn  by  a  dummy  bar, 
which  has  the  same  diameter  of  the  strand.  The  exact  motion  can  be  programmed  to  pull  in 
continuous  manner  or  do  individual  combination  of  pulling,  pushing  and  stops  with  different 
speeds  and  for  different  duration  times. 


Fig.  2.  The  mass-produced 
A1  alloy  billets 


Fig.  1.  The  pilot  plant  at  Dooray  Air  Metal  Co.  Ltd  for 
industrial  scale  production 

Cutting  is  done  using  a  flying  saw.  Length  of  the  billets  is  chosen  individually  or  depending 
on  the  needed  shot  weight.  At  high  casting  speed  only  long  billet  may  be  cut  since  the  cutting 
time  is  too  long  to  allow  individual  slug  length.  At  the  billet  collector  all  billets  can  be  stored 
or  feed  to  the  induction  heating  system  to  be  prepared  for  casting  in  the  thixoforming  machine. 


3.  CASTING  MOLD  AND  ELECTROMAGNETIC  STIRRER 

A  horizontal  continuous  casting  system  in  combination  with  special  mold  design  and 
electromagnetic  stirring  was  established.  Both  water-cooled  graphite  and  metal  mold  have 
been  designed  and  evaluated.  In  the  graphite  mold  the  liquid  metal  is  solidified  in  a  graphite 
tube,  surrounded  by  a  water-cooled  copper  tube.  The  graphite  mold  has  less  effective  primary 
cooling  and  is  suitable  for  casting  speed  between  100  and  200  mm/min.  Advantages  are  its 
easy  use  during  start  or  stop  of  the  casting  and  is  safety  during  casting.  The  metal  mold  has 
direct  water-cooled  walls  and  requires  continuous  oil  lubrication.  This  is  a  so-called  D.C. 
(Direct  Chill)  mold.  The  metal  mold  is  designed  for  high  casting  speeds,  400  to  600  mm/min, 
and  achieves  a  high  cost  effectiveness  of  the  casting  process.  Start  and  stop  have  to  be  done 
carefully.  The  cooling  affectivity  is  about  three  times  higher  than  that  of  the  graphite  mold. 

The  mold  comprises  a  structure  having  a  low  heat  conductivity  inlet  portion  defined  by  the 
hot  top  and  a  high  heat  conductivity  portion  by  the  exposed  portion  of  the  mold  wall.  A  hot 
top  made  from  alumina  board  conforms  to  the  internal  shape  of  the  mold  and  is  held  to  the 
mold  wall.  The  low  heat  extraction  rate  associated  with  the  hot  top  generally  prevents 
solidification  in  that  portion  of  the  mold.  The  cooling  manifold  is  arranged  circumferentially 
around  the  mold  wall.  The  cooling  water  serves  to  carry  heat  away  from  the  molten  metal  via 
the  inner  wall  of  mold  and  exits  through  slot  discharging  directly  against  the  solidifying  ingot. 
A  valve  system  is  provided  to  control  the  flow  rate  of  the  water  in  order  to  control  the  rate  at 
which  the  slurry  solidifies. 

An  electromagnetic(EM)  stirrer  was  designed  and  developed  for  horizontal  continuous 
casting  process  as  shown  in  Fig.  3.  In  order  to  get  a  non-zero  field  across  the  entire  cross 
section  of  the  mold  a  two-pole  three-phase  inductor  was  utilized.  The  magnetic  stirring  force 
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vector  is  normal  to  the  heat  extraction  direction  and  is  therefore  normal  to  the  direction  of 
dendrite  growth  from  the  mold  wall.  By  obtaining  a  desired  average  shear  rate  over  the 
solidification  range,  i.e.  from  the  center  of  the  slurry  to  inside  of  the  mold  wall,  improved 
shearing  of  the  dendrites  as  they  grow  may  be  obtained.  A  rotating  magnetic  field  generated 
by  the  EM  stirrer  is  used  to  achieve  the  required  high  shear  rates  for  producing  thixotropic 
semi-solid  alloy  slurries.  In  particular,  the  stirring  force  field  associated  with  the  EM  stirrer 
should  preferably  extend  over  the  full  length  and  cross  section  of  the  solidification  zone  with 
a  sufficient  magnitude  to  generate  the  desired  shear  rate.  The  stirring  of  the  molten  metal  and 
the  shear  rates  are  functions  of  the  magnetic  induction  at  the  periphery  of  the  molten  metal. 
Fig.  4  shows  the  magnetic  flux  density  measured  at  the  mold  wall  and  medium  position  of 
EM  stirrer.  The  cooling  of  the  coils  is  done  by  water. 


Fig.  3.  An  electromagnetic(EM)  stirrer 
for  horizontal  continuous  casting. 


Output  current  ,  A 


Fig.  4.  The  measured  magnetic  flux  density 
of  electromagnetic  stirrer. 


4.  MICROSTRUCTURAL  CONTROL  THROUGH  THE  PROCESS 

To  forni  a  thixotropic  billet  utilizing  the  horizontal  continuous  casting  apparatus,  molten  metal 
is  poured  into  mold  cavity  vi'hile  EM  stirrer  is  energized  by  a  suitable  three  phase  AC  current 
of  a  desired  magnitude  and  frequency.  The  molten  metal  is  stirred  continuously  by  the  rotating 
magnetic  field  produced  by  EM  stirrer.  Solidification  begins  from  the  mold  wall.  The  highest 
shear  rates  are  generated  at  the  stationary  mold  wall  or  at  the  advancing  solidification  front. 
By  properly  controlling  the  rate  of  solidification,  desired  thixotropic  slurry  is  formed  in  the 
mold  cavity.  As  a  solidifying  shell  is  formed  on  the  casting,  the  withdrawal  mechanism  is 
operated  to  withdraw  casting  at  a  desired  casting  speed.  Fig.  5  shows  the  macrostructures 
from  the  cross  sections  of  billet  produced  at  a  magnetic  flux  density  of  SOOGauss  and  a 
different  casting  speed.  A  thickness  of  the  solidifying  shell  was  decreased  with  increasing  the 
casting  speed,  but  a  breakout  may  be  occurred  when  the  solidifying  shell  is  too  thin. 

The  prerequisites  for  the  thixotropic  behavior  are  a  special  microstructurc  and  a  certain 
quality  of  the  EM  stirred  billets.  Fig.  6  shows  the  microstructures  of  the  billet  produced  at  a 
casting  speed  of  500mm/min  and  a  different  electromagnetic  force.  Conventionally  solidified 
alloys  have  branched  dendrites,  which  develop  interconnected  networks  as  the  temperature  is 
reduced  and  the  solid  fraction  increases,  as  shown  in  Fig.  6  (a).  In  contrast,  thixotropic  metal 
slurries  consist  of  discrete  primary  degenerate  dendrite  particles  separated  from  each  other  by 
a  liquid  metal  matrix.  Because  of  the  circulation  of  the  melt  in  the  stirring  zone,  the  nuclei 
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formed  during  solidification  are  unable  to  grow  in  the  normal  way  to  coarse  heavily  branched 
dendrites.  On  the  contrary,  the  nuclei  are  tom  away  from  the  solidification  front  and  partially 
remelted  in  contact  with  the  hotter  metal  entering  the  center  of  the  mold.  The  primary  solid 
particles  are  degenerate  dendrites  approaching  an  spheroidal  configuration  as  shown  in  Fig.  6 
(b).  Strong  electromagnetic  forces  come  to  bear  during  solidification,  fragmenting  the 
crystalline  growth  of  the  dendritic  network  into  fine  globular  shaped  particles  bedded  within 
the  eutectic. 


200mm/min 


400mm/min 


500mm/min 


grained  equiaxed  dendritic  microstructure  was  appeared  at  higher  casting  speed.  The  desired 
spheroidal  morphology  in  the  solid  phase  would  be  obtained  only  after  reheating  the  billet 
into  the  solid-liquid  region  just  before  the  thixoforming  process. 


300mm/min  400mm/min  500mm/min 

Fig.  7.  Microstructures  of  the  billets  obtained  at  a  different  casting  speed. 
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Fig.  8.  The  size  and  shape  factor  of 
primary  crystal  as  a  function  of  the 
casting  speed. 


5.  CONCLUSIONS 

A  horizontal  continuous  casting  process  in  combination  with  special  mold  design  and 
electromagnetic  stirring  has  been  developed  and  evaluated  to  produce  the  thixotropic  A1  alloy 
billet  of  3  in.  in  diameter  and  the  billets  were  examined.  A  thickness  of  the  solidifying  shell 
was  decreased  with  increasing  the  casting  speed.  By  the  stirring  influence  the  primary  crystal 
became  to  the  degenerate  dendrites  approaching  an  spheroidal  configuration.  The  established 
fine  grained  equiaxed  dendritic  microstructure  was  appeared  at  higher  casting  speed. 
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ABSTRACT 

The  effects  of  mold  materials  and  preheat  temperature  during  casting  of  titanium  aluminide 
on  metal-mold  interfacial  reaction  were  investigated.  The  extent  of  the  interfacial  reaction  of 
titanium  castings  was  determined  by  optical  micrography,  SEM,  EPMA  and  hardness  profiles. 
The  mold  materials  being  examined  included  Zr02,  ZrSi04,  AI2O3,  and  calcia  partially 
Stabilized  ZrOz. 

When  the  extent  of  metal-mold  reaction  was  compared  with  conventional  titanium  alloy, 
the  high  aluminum  content  of  Ti-47A1  alloys  helps  to  lower  their  reactivity  in  the  molten  state 
against  alumina.  Alumina  mold  is  a  promising  mold  material  for  investment  casting  of 
titanium  aluminide  in  considering  the  thermal  stability  at  high  temperature,  formability  and 
cost  of  oxide. 


1.  INTRUCTIONS 


Titanium  aluminide  have  the  potential  for  high  temperature  applications  because  of  their 
high  specific  strength,  excellent  creep  and  oxidation  resistance[l].  Despite  of  their  many 
advantages,  potential  exploitation  has  been  hindered  by  the  low  ductility  at  ambient 
temperature  and  poor  workability.  One  mean  of  avoiding  these  difficulties  is  through  the  use 
of  investment  casting. 

Investment  casting[2-3]  is  regarded  as  an  economic  processing  technology  for 
manufacturing  net  shape  of  titanium  aluminide.  However,  the  most  serious  barrier  to  use 
investment  casting  is  the  high  reactivity  of  TiAl  alloys  in  the  molten  state[4-5].  They  are 
extremely  reactive  to  mold  materials  at  high  temperature,  resulting  in  a  chemical  reaction 
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affected-surfaces.  The  interstitial  elements  from  the  ceramics  have  a  great  tendency  to  enter 
into  the  titanium  aluminide  and  cause  the  deterioration  of  mechanical  properties  of  castings 
such  as  ductility,  hardness  and  toughness[6].  However,  there  is  little  information  with  the 
interfacial  reaction  of  metal-mold  during  casting  of  titanium  aluminide. 

In  this  study,  we  carried  investigation  into  the  effect  of  the  interfacial  reactions  between 
mold  materials  and  molten  titanium  aluminide  on  the  mold  materials  during  casting  of 
titanium  aluminde.  Also,  attempts  have  been  made  to  evaluate  the  relative  stability  of  alumina 
and  zircon  mold  casting  with  mold  preheat  temperature. 


2.  EXPERIMENTAL  PROCEDURES 

2.1  Mold  production 

The  oxides  examined  included  ZrO:,  ATO3,  calcia  partially  stabilized  ZrOjand  ZrSi04.  The 
molds  were  built  up  a  wax  pattern  with  an  opening  diameter  of  15  mm  and  a  height  of  30  mm. 
Buildup  was  achieved  by  dipping  the  pattern  in  the  appropriate  slurry,  sprinkling  with  a  stucco, 
and  allowing  it  to  dry  in  a  controlled  humidity  chamber,  as  is  typical  in  an  investment  casting 
process.  The  shell  were  dried  at  controlled  temperature  (23+2 “C)  and  relative  humidity 
(50+10%)  for  least  4  hours.  This  was  followed  by  dewaxing  in  an  autoclave  at  about  1 50  C  at 
a  pressure  of  about  0.5  MPa  and  then  firing  at  950  °C  for  1  hour. 

2.2  Melting  and  casting  experiment 


Titanium  aluminde  material  of  nominal  composition  Ti-47Al(at.%)  specimen  has  been 
prepared  by  plasma  arc  meting  furnace  under  argon  atmosphere  as  mentioned  earher[7]. 
Casting  experiment  was  carried  out  using  35  kHz  and  30  kW  vacuum  induction  melting 
furnace.  The  pressure  of  the  furnace  atmosphere  can  be  controlled  in  the  range  1.33X10  Pa 
by  vacuum  pump,  and  then  subsequent  backfilled  with  high  purity  argon  at  a  pressure  of  4.9X 
10^  Pa.  This  cycle  of  evacuation  and  flushing  with  argon  was  repeated  at  least  two  times.  The 
furnace  was  switched  on  and  the  temperature  was  gradually  increased  until  the  charge  was 
melted.  The  power  was  turned  off  60  s  after  complete  melting  as  judged  by  the  visual 
inspection  and  the  melt  was  poured  into  the  mold  by  tilting  the  crucible. 


3.  RESULTS  AND  DISSCUSIONS 
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3.1  Metal/mold  reaction 


It  has  been  suggested  earlier[8]  that  the  relative  difference  of  metal-mold  reaction  in 
microhardness  and  optical  microscopy  provide  a  good  index  of  evaluating  the  relative 
stability  of  the  molds.  The  molds  for  evaluating  their  thermal  stability  against  Ti-47A1  alloy 
melts  were  commercially  used  conventional  colloidal  silica  bonded  ZrOSi4,  Zr02,  calcia 
partially  stabilized  Zr02  and  AI2O3  molds. 

Fig.  1  illustrated  the  as-cast  microstructure  of  the  regions  below  the  surfaces  of  the  castings 
with  different  mold  materials  at  room  temperature.  The  hardness  profiles  of  Ti-47A1  alloy  rod 
cast  into  investment  mold  with  different  mold  materials  are  given  in  Fig.  1(e).  The  titanium 
aluminide  castings  into  Zr02  mold  show  a  little  reaction  layer,  howev'er  little  reaction  with 
that  occurred  into  ZrOSU,  calcia  partially  stabilized  Zr02  and  AI2O3  molds.  Those  results  of 
hardness  profiles  correspond  well  with  the  metallographical  observations  as  shown  in  Fig.  1 . 


Fig.l.  Photographs  showing  the  microstructures  of  regions  below  the  surface  of  the  as-cast  of 
Ti-47A1  alloys;  (a)  AI2O3,  (b)  ZrSi04,  (c)  Zr02and  (d)  CaO  stabilized  Zr02mold,  and  their’s 
hardness  profiles  near  the  surface  of  castings. 


In  the  similar  study  of  R.L.  Saha  et  al.[9],  they  showed  the  increase  of  bulk  hardness  is 
affected  not  only  the  stability  of  mold  material  itself  but  also  the  effect  of  the  binder  as 
colloidal  silica.  However,  there  is  no  evidence  that  the  difference  of  thermal  stability  is 
influenced  by  the  effect  of  binder,  as  mentioned  by  R.L.  Saha  et  al.[9]. 

Especially,  it  is  worth  to  note  that  the  castings  produced  in  AI2O3  mold  have  no  reaction 
layer,  as  shown  in  Fig.  1(b).  But,  M.G.  Kim[7]  and  T.  Yoneda  et  al.[10]  showed  that  the 
interaction  of  the  AI2O3  molds  for  pure  titanium  and  Ti64  alloy  had  clear  reaction  layer  in  the 
castings.  This  result  could  be  explained  by  the  work  of  A.K.  Misra[ll].  It  shows  that  AI2O3 
would  be  chemically  stable  in  TiAl-based  alloys  with  about  50  atomic  percent  Al.  The  high 
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aluminum  content  of  Ti-Al  alloys  helps  to  lower  their  reactivity  in  the  molten  state  against 
alumina. 


Distance  of  the  surface,  m  Distance  of  the  surface,  iht 

Fig.  2.  Hardness  profiles  of  Ti-47A1  alloy  castings  produced  into  (a)  AI2O3  and  (b)  ZrSi04 
mold  with  preheat  temperature. 

From  the  these  results,  we  chose  AI2O3  and  ZrSi04  mold  as  a  candidate  for  mold  material 
of  titanium  aluminide  investment  casting  except  for  calcia  partially  stabilized  Zr02  due  to 
high  cost  of  oxide.  Fig.  2  show  microhamess  profiles  of  the  Ti-47A1  castings  made  into 
colloidal  silica  bonded  alumina  and  zircon  mold.  Castings  were  produced  in  molds  at  room 
temperature  and  in  molds  preheated  to  400,  600  and  800 As  the  mold  preheat  temperature 
rises,  it  cannot  be  observed  the  increase  of  internal  hardness  into  alumina  mold(Fig.  2(a)).  In 
Fig.  2(b),  on  the  other  hand,  it  can  be  observed  that  as  the  mold  preheat  temperature  rises, 
there  is  a  considerable  increase  in  the  internal  hardness  of  Ti-47A1  castings  into  zircon  mold. 
This  could  be  explained  by  the  effect  of  mold  material  itself,  as  well  as  the  binder  with  high 
preheat  temperature. 

Fig.  3  represent  the  EPMA  elemental  profiles  of  Ti-47A1  castings  made  into  alumina  mold 
with  the  preheat  temperature.  In  the  case  of  800  C  preheat  temperature,  silicon  fluctuate  in 
the  internal  of  Ti-47A1  castings  due  to  an  indication  of  silicon  contamination  in  colloidal 
silica  which,  is  used  as  a  binder.  This  could  be  related  to  the  hardness  profiles,  as  shown  in 
Fig.  2(a).  On  the  other  hand,  Fig.  4  shows  the  EPMA  elemental  profiles  of  castings  made  into 
zircon  mold  with  preheat  temperature.  As  the  preheat  temperature  of  mold  rises,  the  peaks  of 
zirconium  and  silicon  were  obviously  detected.  Detection  of  this  element  in  the  internal 
castings  strongly  suggests  that  the  constituents  of  mold  materials  and  binder,  zirconium  and 
silicon  diffuse  through  the  surface  of  castings  at  high  temperature.  The  increase  of  internal 
hardness  supports  the  EPMA  elemental  profiles. 
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Fig.  3.  EPMA  elemental  profiles  of  Ti-47A1  alloy  castings  produced  in  zircon  mold  with 
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The  selected  Ti-47A1  alloys  in  this  study,  but  has  low  fluidity  in  pouring  into  investment  mold. 
Therefore,  it  is  necessary  to  consider  the  centrifugal  casting  and  alloy  design  to  improve  the 
castability  of  titanium  aluminde. 


4.  CONCLUSIONS 

The  major  points  that  this  paper  attempts  to  show  are  the  followings: 


1.  When  compared  with  conventional  titanium  alloy,  Ti-47A1  alloys  could  be  chemically 
stable  with  alumina  mold. 

2.  Alumina  mold  is  regarded  as  a  promising  mold  material  for  titanium  aluminidc  investment 
casting  because  of  the  thermal  stability,  cost  of  oxide  and  sufficient  handling  strength. 

3.  As  higher  temperature  of  mold  preheat,  the  interfacial  reaction  between  titanium 
aluminide  and  zircon  mold  is  strongly  affected  by  the  zirconium  and  silicon  of  mold  material 
itself  as  well  as  binder. 
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ABSTRACT 

Effect  of  silicon  on  microstructure  and  mechanical  properties  of  Ti52Al48  base  alloys  was 
studied  in  a  silicon  range  of  0.5~3at%.  Distribution  and  formation  behavior  of  silicide  were 
characterized  using  electron  microscopy.  X-ray  diffraction,  differential  thermal  analysis 
technique.  Addition  of  Si  to  the  Ti52Al48  alloy  yielded  Ti5Si3  type  silicide  phase.  Coarse 
primary  and  eutectic  silicides  formed  during  solidification.  Fine  secondary  silicides  formed  at 
lamellar  boundaries  after  heat  treatment.  Volume  fraction  of  the  a2  phase  was  decreased  and 
that  of  the  TisSis  phase  was  increased  with  Si  content.  In  order  to  clarify  the  relationship 
between  microstructure  and  mechanical  properties,  tensile  tests  at  room  and  elevated 
temperature  were  carried  out.  In  addition,  creep  rupture  tests  were  also  conducted  at  800°C, 
240MPa  condition.  The  alloy  having  0.5%  Si  exhibited  prominent  peak  in  creep  strength  as 
well  as  in  tensile  strength.  It  is  believed  that  the  peaks  are  related  to  the  optimum  combination 
in  volume  fraction  of  the  a2  and  TisSia  as  well  as  the  solubility  limit  of  silicon  in  TiAl. 


1.  INTRODUCTION 

Gamma  TiAl  base  alloys  are  prespective  materials  for  high  temperature  structural 
applications  in  the  future.  The  fascinating  advantages  of  these  alloys  are  high  specific  strength, 
high  specific  creep  strength,  excellent  stiffiiess  retention  up  to  high  temperature  and  fire' 
resistance,  compared  with  heat  resistant  steels  and  nickel  base  superalloys.  Unlikely  this 
attraction,  poor  ductility  at  low  temperature  range,  low  fracture  toughness  and  oxidation 
resistance  drop  at  high  teinperature  over  800°C  have  been  major  roadblocks  to 
implementations  [1-3].  Mechanical  properties  of  the  TiAl  alloys  can  be  improved  either  by 
alloying  or  by  microstructure  modification  [4,5].  Recently,  the  advantage  of  Si  in  TiAl  alloys 
has  been  paid  attention,  which  is  to  enhance  oxidation  resistance  and  creep  property  of  the 
TiAl  alloy  [6-8].  Some  studies  have  been  done  to  examine  the  microstructure  and  elevated 
temperature  tensile  deformation  of  the  1.4~2.7at%  Si  bearing  TiAl  alloys  by  powder 
processing  [9,10],  and  to  investigate  cast  microstructure  and  compressive  behavior  of  the 
3.0-10.0  at%  Si-bearing  TiAl  alloys  [11].  The  alloying  with  less  0.5  at%  Si  to  Ti-Al-Cr-Si,  Ti- 
Al-Nb-Si,  and  Ti-Al-Nb-Mn-W-Mo-Si  alloys  have  also  been  determined  to  improve  the  creep 
resistance  [12-14]. 

However,  the  effect  of  Si  itself  as  the  third  element  on  microstructure  and  mechanical 
properties  in  Ti52Al48  base  alloys  has  been  never  investigated  systematically  yet.  In  the  present 
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study,  the  influence  of  Si  on  characteristics  of  silicide  formation,  a:  phase  volurnc  fraction, 
tensile  and  creep  rupture  properties  in  Ti52Al48-xSi  alloys  was  intensively  investigated.  The 
aim  of  this  study  is  eventually  to  characterize  the  microstructural  change  by  silicon  addition, 
and  to  clarify  the  relationship  between  microstructurc  and  mechanical  properties. 


2.  EXPERIMENTAL  PROCEDURE 

Ternary  alloys  with  the  composition  of  Ti52Al48-xSi  (x=  0,  0.5,  1,  2,  3at%)  were  produced 
by  arc  melting  under  argon  atmosphere.  High-purity  Ti  (99.9%wt.),  A1  (99.9%  wt)  and  Al-Si 
master  alloy  were  used.  The  ingots  were  hot-isostatic-pressed  (HIPed)  at  1200  C  under  an 
argon  pressure  of  200MPa  for  3  hours,  and  subsequently  heat-treated  at  1200°C  for  12  hours 
followed  by  air  cooling.  The  tensile  and  creep  specimens,  with  a  size  of  5  mm  in  diameter  and 
25mm  in  gauge  length,  were  machined  from  the  ingots.  Tensile  tests  were  carried  out  at  both 
room  temperature  and  900  °C  using  an  Instron  machine.  Creep  tests  were  conducted  under  a 
condition  of  800°C/240MPa. 

Metallographic  samples  were  prepared  by  mechanical  grinding  and  polishing. 
Microstructural  examination  was  performed  using  SEM  and  TEM.  For  the  phase 
identification.  X-ray  diffraction  technique  was  employed  with  a  Cu  radiation  and  a  scan 
rate  of  0.2  degree  per  minute.  The  volume  fraction  of  constituent  phases  was  measured  in  a 
LECO  300  image  analyzer.  Differential  thermal  analysis  (DTA)  was  conducted  to  characterize 
the  silicide  formation.  The  sample  size  for  DTA  experiment  was  5  mm  in  diameter  and  5  mm 
in  height.  Measurement  was  done  during  heating  at  a  rate  of  1 0  °C/  min  to  1 500°C. 


3.  RESULTS 
3.1.  Microstructures 

Optical  microstructures  of  Ti52Al48-xSi  (x=0,  0.5,  1, 3at%)  alloys  after  heat  treatment  were 
shown  in  Fig.  1.  The  heat  treatment  at  1200°C  for  12  hours  resulted  in  a  duplex 
microstructure  of  the  binary  Ti52Al48  alloy,  consisting  of  equiaxed  y  and  (X2+y  lamellar 
microstructure.  With  the  addition  of  Si,  lamellar  microstructure  was  maintained  and  amount 
of  the  coarse  silicides  was  increased.  The  coarse  silicides  can  be  distinguished  into  two 
different  morphologies  as  shown  in  Fig.  2a.  One  is  a  big  isolated  rod  shape  (P)  and  the  other 
is  a  eutectic  whisker  shape  (E).  Besides  the  coarse  silicides,  fine  silicides  (S)  were  also  found 
at  the  lamellar  boundaries  as  shown  in  Fig.  2b.  All  silicides  were  identified  to  be  Ti5Si3type 
regardless  of  morphology  and  size. 


Fig.  1.  Optical  micrographs  of  Ti52Al48"XSi.  (a)  OSi,  (b)  0.5Si,  (c)  ISi,  and  (d)  3Si. 


X-ray  diffraction  analysis  was  performed  at  the  20  range  of  40-42°  so  as  to  show  up  the 
strongest  (121)  and  (030)  peaks  of  TisSis  phase  in  contrast  to  a2  peaks.  As  shown  in  Fig.  3 
only  (201)  peak  of  a2  was  seen  in  the  Ti52Al48  binary  alloy.  With  the  addition  of  Si  up  to  2at/^, 
the  two  peaks  of  TisSis  were  presented,  while  the  (201)  peak  of  a2  was  weakened.  With 
further  addition  of  Si  up  to  3at%,  no  (201)  peak  of  a2  was  found.  This  indicates  that  the 
addition  of  Si  shifts  the  alloy  composition  to  Al-rich  side. 
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Fig.  2.  Morphology  and  distribution  of 
(a)  coarse  and  (b)  fine  silicides. 


40  41  42 

20 

Fig.  3.  Major  peaks  of  a2  and  TisSis 
in  the  X-ray  diffraction  traces 
for  the  Ti52Al48-xSi  alloy. 


Table  1  represents  the  variation  in  volume  fraction  for  constituent  phases  of  the  Ti52Al48- 
xSi  alloys.  The  volume  fraction  of  TisSia  phase  is  increased  and  that  of  a2  phase  is  decreased, 
respectively,  with  increasing  Si  content.  Note  that  amount  of  the  a2  phase  approached  zero  in 
the  Ti52Al48-3Si  alloy. 


Table  1.  Variation  in  volume  fraction  for  constituent  phases  of  the  Ti52Al48-xSi  alloys. 


Si  content  (at%) 

0 

0.5 

1 

2 

,  - — ^ 

3 

TisSis  (vol%) 

0 

2.14 

3.64 

6.36 

9.28 

a2  (vol%) 

14.5 

14.0 

8.6 

5.2 

0 

3.2.  Tensile  and  creep  rupture  properties 

The  tensile  properties  at  both  room  temperature  and  900°C  were  determined  as  a  function 
of  Si  content  in  Ti52Al48-xSi  ternary  alloy  as  shown  in  Fig.  4a  and  4b.  The  yield  and  ultimate 
tensile  strengths  at  room  temperature  were  remarkably  increased  up  to  550  and  560  MPa 
respectively  with  the  addition  of  0.5  at%  Si,  which  is  about  120  and  150  MPa  improvement 
compared  with  binary  Ti52Al48  alloy.  With  further  addition  of  Si,  the  strengths  were  gradually 
reduced.  The  Ti52Al48-3Si  alloy  has  the  lowest  strengths.  The  ductility  was  a  little  decreased 
with  the  addition  of  Si  at  room  temperature.  Note  that  Ti52Al48-0.5Si  shows  virtually  excellent 
enhancement  in  yield  and  ultimate  tensile  strengths  at  900  °C,  which  maintains  almost  430 
and  530  MPa  respectively.  Strength  drop  with  increasing  Si  over  1%  was  observed  at  900°C 
also.  Nevertheless,  the  Ti52Al48-(l"^2)Si  alloys  exhibit  better  strengths  than  the  binary  alloy 
and  the  Ti52Al48-3Si  alloy  keeps  almost  same  strengths  as  the  binary  alloy  at  900°C.  Fig.  5 
shows  creep  rupture  life  and  deformation  curve  against  Si  under  a  condition  of  800°C/240 
MPa.  Excellent  creep  rupture  strength  was  obtained  in  the  Ti52Al48-0.5Si  alloy.  Its  creep 
rupture  life  is  more  than  450  hours,  compared  with  25.5  hours  for  the  binary  Ti52Al48  alloy  in 
a  same  creep  condition.  A  remarkable  drop  in  the  creep  rupture  life  occurred  with  further 
addition  of  Si.  The  Ti52Al48-lSi  alloy  has  better  creep  rupture  strength  than  the  binary  Ti52Al48 
alloy,  while  the  Ti52Al48-(2--3)Si  alloys  have  the  almost  same  strength  level  as  the  binary  alloy. 
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(a)  (b) 

Fig.  4.  Tensile  properties  of  the  Ti52Al48-xSi  alloys  at  room  and  elevated  temperature. 


100 


a. 

o 

20  £ 
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Fig.  5.  Creep  rupture  properties  of  the  Ti52Al48-xSi  alloys  at  800°C/240MPa  condition. 


4.  DISCUSSION 

It  was  recognized  that  the  addition  of  Si  influences  the  microstructure  of  Si-bearing  alloys 
either  in  silicide  morphology  and  phase  constituent.  Owing  to  the  solubility  limit  of  Si  in  y 
phase,  addition  of  Si  to  TiAl  alloys  results  in  silicide  phase.  The  silicide  can  be  classified  into 
three  types  based  on  morphology  and  distribution.  The  first  one  is  a  big  isolated  rod  shape  in 
matrix  and  the  second  one  is  a  eutectic  whisker  shape  at  interdendritic  region.  The  final  one  is 
a  fine  silicide  at  y/y  boundaries.  The  former  two  types  of  coarse  silicides  are  formed  from 
liquid.  It  can  be  recognized  from  the  DTA  curves  as  shown  in  Fig.  6  that  the  primary  rod 
shape  of  silicide  is  formed  at  higher  temperature  than  the  liquidus  (L^TisSis),  pd  the  whisker 
shape  of  silicide  is  formed  by  eutectic  reaction  (Li=a+Ti5Si3).  The  solidification  sequence  of 
Si  bearing  TiAl  alloy  can  be  interpreted  from  the  DTA  curve  for  the  Ti52Al48-2Si  alloy  on 
behalf  of  other  alloys.  Before  the  matrix  solidification,  the  primary  silicide  formation  takes 
place  at  1468°C  (P),  and  then  the  primary  a  phase  begins  to  solidify  at  1453°C  (Tl).  Eutectic 
silicide  is  formed  at  1432°C  (E)  before  the  solidification  of  the  primary  phase  is  finished  at 

1411°C(Ts).  .  1 

The  similar  solidification  behavior  happened  in  the  Ti52Al48-lSi  and  Ti52Al48-3Si. 
However,  the  two  different  peaks  related  to  silicide  formation  in  the  Ti52Al48-0.5Si  alloy  were 
hardly  detected.  Unlike  coarse  silicides,  fine  silicides  at  lamellar  boundary  are  formed  during 
heat  treatment  as  well  as  solidification,  and  those  are  found  in  all  Si  bearing  alloys.  The  fine 
silicides  play  a  role  of  effective  barrier  to  hinder  the  lamellar  or  grain  boundary  migration 
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during  heat  treatment.  Therefore,  after  heat  treatment  at  1200  °C  for  12  hours,  the  Si  bearing 
alloys  do  not  undergo  recrystallization  and  maintain  lamellar  microstructure,  while  the  Si  free 
binary  alloy  is  recrystallized  and  have  a  typical  duplex  microstructure,  as  shown  in  Fig.  1 . 

In  this  study,  the  volume  fraction  of  ai  phase  was  decreased  with  Si  content  and 
eventually  approached  zero  in  the  Ti52Al48-3Si  alloy,  as  depicted  in  Table  1.  This  is  interpreted 
as  follows.  Ti  combines  with  Si  to  make  silicide  and  thus  actual  matrix  composition  moves 
toward  A1  rich  side  with  Si  addition,  although  the  average  alloy  composition  maintains 
Ti52Al48.  For  this  reason,  it  is  obvious  that  the  actual  matrix  composition  of  Ti52Al48-3Si  alloy 
is  very  close  to  single  y  phase. 


Exothermic 


Fig.  7.  Interaction  between  silicide 
and  dislocations  at  (a)  20°C 
tension  and  (b)  800°C  creep. 


The  significant  improvement  of  yield  and  ultimate  strengths  at  room  and  elevated 
temperature  by  addition  of  0.5at%  Si  can  be  attributed  by  two  factors.  Firstly,  the  precipitation 
strengthening  of  fine  TisSis  particles  plays  the  most  important  role  in  enhancing  the  strengths. 
Fig.  7a  demonstrated  the  interaction  of  TisSis  particles  and  dislocations  in  the  Ti52Al48-0.5Si 
alloy  after  room  temperature  deformation.  The  twining  and  mostly  the  a/2[110]  dislocation 
are  dominant.  Occasionally  can  be  seen  the  a/6[112]  partial  dislocations  and  [111]  stacking 
fault.  Plenty  of  fine  Ti5Si3  particles  impede  dislocation  slip,  which  benefits  the  improvement 
of  strengths.  Secondly,  the  optimum  volume  fraction  of  ai  phase  in  the  Ti52Al48-0.5Si,  which 
IS  comparable  to  that  in  the  binary  Ti52Al48  alloy,  may  give  rise  to  good  strengths.  Therefore 
the  prominent  jump  in  strength  at  0.5%Si  must  be  related  to  a  synergy  effect  of  the  two  factors, 
that  IS,  precipitation  hardening  and  y/ai  lamellar  boundary  strengthening.  The  present  study’ 
showed  that  the  addition  of  Si  causes  the  decrease  of  a2  volume  fraction  with  increasing  Si 
over  1%.  The  evident  decrease  of  strengths  with  further  Si  addition  up  to  1.0'-3.0  at%  at  both 
room  and  elevated  temperature  can  be  mainly  elucidated  by  the  reduction  of  ai  volume 
fraction.  Meanwhile,  the  coarse  silicides  abundant  at  higher  Si  content  over  1%  are  presumed 
not  to  decrease  the  strengths,  but  to  decrease  the  elongation. 

.  excellent  creep  resistance  of  Ti52Al48-0.5Si  alloy  results  from  the  precipitation  of 
T15S13  particles  in  y  phase.  From  the  creep  mechanism,  diffusion,  dislocation  climb  and 
dislocation  slip  would  affect  the  creep  rupture  life  of  the  TiAl  alloys.  The  Ti5Si3  particles 
provide  effective  barrier  to  hinder  the  dislocation  slip.  The  dislocation  pinning  by  Ti5Si3 
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particles  is  the  most  important  factor  to  enhance  the  creep  rupture  life 
dislocation  slip  is  the  main  creep  mechanism  at  900  °C  under  a  high  stress  level  of 
Figure  7b  shows  the  micrograph  of  the  pinning  of  dislocation  by  Ti5Si3  particles  in  0.5 /o  Si 
bearing  alloy  during  creep.  Most  of  the  dislocations  have  the  burgers  vector  of  1/2*^  1  lOJ,  with 
a  few  of  1/2<101]  dislocations.  In  addition  to  the  dislocation  pinning  by  TisSb,  some  cuiwed 
dislocation  lines  were  observed.  It  was  most  possibly  hindered  by  Si-rich  region.  The 
impeding  of  TisSis  particles  to  the  movement  of  creep  dislocation  also  be  found  in  other  TiAl 
alloys  [141.  Furthermore,  the  stabilized  lamellar  microstructure  by  silicide  particle  would 
benefit  the  creep  resistance.  With  further  increase  of  Si  content,  the  reduction  of  0.2  volume 
fraction  is  responsible  for  the  decrease  of  creep  rupture  life. 


5.  CONCLUSIONS 

Effect  of  silicon  on  microstructure  and  mechanical  properties  of  TiAl  base  alloys  can  be 

summarized  as  follows.  ^  .  j 

1)  The  addition  of  Si  to  Ti52Al4R  alloy  results  in  TisSb  type  sihcide  phase.  Coarse  primary  and 
eutectic  silicides  are  formed  during  solidification.  Fine  secondary  silicides  are  forrned  at 
lamellar  boundaries  after  heat  treatment.  The  volume  fraction  of  aj  phase  is  decreased  with 
increasing  Si.  The  TisSia  particles  effectively  stabilize  the  lamellar  microstructure  during  heat 

treatment  even  at  a+y  two  phase  region.  .  ^  1  .  -i 

2) The  addition  of  0.5%  Si  to  Ti52Al48  alloy  enhances  not  only  creep  resistance  but  also  tensile 
strengths  at  room  and  elevated  temperature.  This  must  be  related  to  the  optimum  combination 
in  volume  fraction  of  the  02  and  TijSij.  The  decrease  of  tensile  strengths  and  creep  rupture 
life  with  further  addition  of  Si  over  1%  results  from  the  decrease  of  a2  phase. 
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ABSTRACT 

Refinement  of  primary  silicon  particles  of  hypereutectic  Al-Si  alloy,  B.390  alloy,  was 
examined. 

This  work  focused  on  the  modification  processes  of  B.390  alloy  for  the  refinement  of 
primary  silicon  particles,  and  its  effects  on  tensile  properties  and  impact  property. 

In  the  present  investigation,  a  very  effective  and  new  method,  that  is,  a  control  of  calcium 
content  in  the  melt  was  developed.  Control  of  calcium  content  by  addition  of  Ti2Cl6  degassing 
agent  in  the  melt  was  successful  in  the  refinement  of  primary  silicon  particles  of  the  alloy. 
Minimum  size  of  primary  silicon  particles  obtained  in  this  study  was  about  20  jm  when 
residual  amount  of  Ca  element  in  the  alloy  was  4  ppm.  Application  of  this  method  gave  a 
satisfactoiy  result  to  refine  the  particles;  the  microstructure  composed  of  very  fine  20  //m 
primary  silicon  particles  as  compared  to  that  of  40  im  primary  silicon  particles  by  AlCuP 
method  which  is  known  as  the  most  effective  method  at  present. 

Refinement  of  primary  silicon  particles  led  to  the  improvement  of  mechanical  properties  of 
the  alloy,  especially  in  elongation. 


1.  INTRODUCTION 

Hypereutectic  Al-Si  alloys  are  widely  studied  in  detail  because  of  their  excellent  properties, 
such  as  favorable  tribological  behaviors,  high  temperature  strength,  low  coefficient  of  thermal 
expansion  and  high  strength  to  weight  ratio.  The  hypereutectic  Al-Si  alloys,  therefore,  are 
recognized  to  be  potential  candidates  material  for  automotive  applications  such  as  engine 
block,  piston  and  cylinder  block,  etc[  1  ]. 

In  order  to  ensure  their  reliable  application  in  such  a  service  condition  and  develop  the 
alloy  as  a  candidate  for  new  composite  material,  in  which  inexpensive  and  simple  processing 
is  required,  a  research  is  indispensable  on  a  micro  structure  with  an  uniformly  distributed  very 
fine  primary  silicon  particles  in  modified  eutectic  matrix  of  Al-Si  alloy. 

Various  methods  to  refine  the  primary  silicon  particles  have  been  utilized  up  to  the  current 
point  such  as  a  rapid  cooling,  a  low  temperature  casting  or  a  high  pressure  casting.  However, 
because  of  the  problems  such  as  the  rapid  cooling  method  becoming  difficult  to  control  its 
cooling  speed  uniformly  in  a  material  and  the  rest  of  the  methods  processes  being  complicated, 
the  microstructure  control  with  a  minor-element  addition  is  being  popularly  utilized. 
Phosphorus  has  been  mostly  used  as  a  refinement  of  primary  silicon  for  hyper- eutectic  Al-Si 
alloy  that  provides  nucleation  sites  for  silicon  crystals  by  forming  AlP  in  the  melts.  The 
AlCuP  refiner  in  which  AlP  was  already  formed  by  sintering  CuP  with  A1  powder  is  now 
being  widely  utilized. 

It  is  still  a  fact  that  the  study  falls  short  in  applying  the  realistic  operation. 

With  attention  to  the  availability  of  this  alloy,  consistent  researches  have  been  performed  by 
this  researcher  specially  aimed  at  enhancing  the  degree  of  a  refinement  of  the  particles  and 
tribological  behaviors.  In  company  with  a  study  of  calcium  effect  on  the  modification  of 
eutectic  Al-Si  alloy[2]  recently,  attention  has  been  directed  to  the  effect  of  calcium  which  is 
already  contained  in  metallic  silicon  as  impurity.  In  process  of  the  study  of  refining  treatment 
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in  hypereutectic  Al-Si  alloy,  a  very  effective  and  new  method  to  control  calcium  content  in 
the  melt  was  developed. 

This  work  focused  on  the  new  modification  processes  in  B.390  alloy  for  the  refinement  of 
primary  silicon  particles,  that  is,  control  of  calcium  content  only  by  the  addition  of  Ti2cl6 
degassing  agent  in  the  melts.  Refining  effect  was  also  reviewed  from  the  results  of  tensile  and 
impact  tests  besides  microstructural  observation. 


2.  EXPERIMENTAL  PROCEDURES 

The  material  used  in  this  study  was  B.390  alloy,  whose  chemical  composition  in  wt.%  is 
18.7Si,  4.0Cu,  0.56Mg,  0.68Zn,  0.13Mn,  l.OFe  and  balance  of  Al.  The  temperature  was  held 
at  750°C  after  melting,  and  degassing  treatment  was  subsequently  carried  out  by  adding 
titanium  chloride  (Ti2Cl6)  to  be  equal  to  1.5%  of  the  molten  metal  per  each  degassing 
treatment.  Then,  the  molten  metal  maintained  at  750  °C  for  30  min.  was  poured  into  a  metal 
mold  for  tensile  specimen  preheated  at  100°C  with  dimensions  of  260  (wide)  X  300  (height) 
X  35mm  (thick). 

To  investigate  the  effect  of  calcium  content  on  the  refinement  of  primary  silicon,  calcium 
content  in  each  casting  alloy  was  changed  to  be  contained  45  ppm,  140  ppm  or  190  ppm  in 
the  melts,  along  with  reducing  calcium  content  through  the  numerous  treatments  of  the 
chloride  agent  within  the  melts. 

Refining  treatment  of  primary  silicon  and  degassing  treatment  of  the  melt  were  done  at  the 
same  time  as  one  process  in  this  study.  The  number  of  adding  times  of  degassing  agent, 
titanium  chloride  in  each  casting  alloy  was  changed  as  shown  in  table  1. 

Optical  microscope  equipped  with  a  computer  image  analyzer  was  employed  to  observe  the 
microstructure  of  specimen.  Every  data  of  primary  silicon  size  was  measured  from  the  image 
of  5  pieces  photographs  taken  100  magnifications  by  a  computer  image  analyzer.^  ^ 

Tensile  tests  were  performed  at  room  temperature  at  a  strain  rate  of  2.7  X  10  s  using  an 
Instron  type  machine.  The  ultimate  tensile  strength  and  elongation  were  measured  from  the 
tensile  test  results. 

Charpy  impact  tests  were  conducted  on  a  standard  size  specimen  using  a  Computer  Aided 
Instrumented  tester[3],  and  Ej  (crack  initiation  energy)  and  Ep  (crack  propagation  energy) 
energy  were  characterized  from  the  test  result.  Fracture  surfaces  of  the  specimens  were  also 
characterized  using  SEM. 


Table  1  Modification  procedure  and  Retained  Ca  amount. 


Modification  procedure 

Retained  Ca  content* 

4  times  degassing 

4  times  of  degassing  treatment 

4ppm  Ca 

1  time  degassing 

1  time  of  degassing  treatment 

11  ppm  Ca 

Ca  addition 

Addition  of  Al-Ca 

45ppm  Ca 

Ca  addition 

Addition  of  Al-Ca 

HOppm  Ca 

Ca  addition 

Addition  of  Al-Ca 

190ppm  Ca 

Measured  by  ICP  method  from  test  specimen 


3.  EXPERIMENTAL  RESULTS  AND  DISCUSSION 
3.1  Refinement  of  primary  silicon 

The  microstructure  of  this  B.390  alloy  was  composed  of  a  dendrite,  eutectic  silicon,  a 
compound  with  Chinese  script  form  and  p  intermetallic  compound  (Al8Fe2Si)  as  well  as 
primary  silicon  with  the  shape  of  polygon. 

To  observe  the  effect  of  calcium  content  on  refining  primary  silicon,  calcium  content  was 
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changed  as  shown  in  Table  1.  Typical  microstmctures  of  B.390  alloy  containing  various 
amounts  of  calcium  are  shown  in  Fig.l.  Fig. 2  indicates  the  effect  of  number  of  times  of 
degassing  treatment  on  the  refining  primary  silicon. 

These  fibres  show  that  control  of  calcium  in  the  melts  refines  the  primary  silicon  particles. 
The  particles  become  more  fine  and  uniformly  distributed  as  the  calcium  content  decreases. 
On  the  other  side,  it  is  found  that  the  shape  of  eutectic  silicon  changes  to  needle  type  and  the 
eutectic  portion  is  uniformly  distributed  with  decreasing  calcium  content. 


1  7?.  ^  i  i^lOOpB 

(b)  140ppin  Ca  (c)  190ppm  Ca 

Fig.l  Effect  of  Ca  content  on  primary  Si  size  in  steel  mold  cast  B.390  alloys. 

^  .  ■ '  w  ^  r, 

!%  ,  ; .  a,  it  .  !«>/“ 

(a)  4  times  of  degassing  treatment  (b)  1  time  of  degassing  treatment 
(4ppm  Ca)  (llppm  Ca) 

Fig.2  Effect  of  number  of  times  of  degassing  treatment  on  primary  Si  size  in  steel  mold  cast 
alloys. 

Figure  3  shows  the  effects  of  calcium  on  the  refining  primary  silicon  particles.  When 
calcium  was  intentionally  added  as  in  case  of  the  specimen  being  calcium  content  of  1 90  ppm, 
diameter  of  the  particles  appeared  to  be  54.7  pm.  Whereas,  for  the  specimen  being  calcium 
content  of  4  ppm  that  was  degassing  treated  for  4  times  with  chloride  degassing  agent. 
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diameter  of  the  particles  was  20.3  pm,  and  it  was  the  most  fine  in  this  study. 

As  can  be  seen  from  this  figure,  notable  refinement  of  primary  silicon  particles  was 
accomplished  with  decreasing  calcium  content. 

It  is  generally  known  that  a  small  addition  of  calcium  is  effective  in  the  modification  of 
eutectic  silicon  shape,  as  well  as  sodium[2,  4].  The  experinaental  results  of  S.  Z.  Lu  et  al 
showed  that  this  modification  effect  is  due  to  a  decrease  in  the  eutectic  tempcraturc[5]. 
According  to  the  results  of  thermal  analysis  in  the  present  work  as  shown  in  Table  2,  a  slight 
decrease  in  the  eutectic  temperature  was  also  found  as  the  calcium  content  increased. 

Reducing  calcium  content  in  the  melts  that  was  accomplished  through  the  numerous 
treatments  of  the  chloride  degassing  agent  within  the  melts  caused  to  the  refinement  of 
primary  silicon  particles  in  B.390  alloy.  Under  the  influence  of  chloride  reacting  with  calcium 
during  degassing  treatment[6],  it  is  assumed  that  the  calcium  content  decreases  in  the  melt. 
Chloride  is  known  to  have  a  strong  affinity  with  calcium  and  sodium. 

However,  phosphorus  is  effective  element  as  a  refiner  for  the  primary  silicon  particles,  and 
phosphorus  combines  with  calcium  to  form  Ca3P2  and  slag-off  when  calcium  content  is  high 
in  the  melt. 

Sodium  also  acts  as  harmful  element  in  refining  the  primary  silicon  particles  because  ot  the 
consumption  of  phosphorus  by  the  formation  of  NaP  during  refining  treatment. 

From  the  viewpoint  of  phosphorus  conservation,  control  of  sodium  and  calcium  content  in 
the  melts  by  the  chloride  degassing  agent  can  be  considered  as  to  be  beneficial  for  the 
refinement  of  primary  silicon  particles. 

Examination  of  the  exact  correlation  between  the  refinement  of  prirnary  silicon  particles  and 
calcium  content  in  hypereutectic  Al-Si  alloy  is  left  unsolved  yet.  This  new  method  is,  for  all 
that,  a  very  effective  and  convenient  in  refining  primary  silicon  particles  of  hypereutectic  Al- 
Si  alloys. 


Fig.3  Effect  of  Ca  amount  on  primary  Si  size  in  steel  mold  cast  B.390  alloys. 

3.2  Mechanical  properties 

Figure  4  and  Fig.5  show  the  effect  of  calcium  content  on  tensile  strength  and  elongation, 
respectively.  The  tensile  strength  increases  a  little,  while  the  elongation,  although  very  small, 
increases  remarkably  as  the  calcium  content  decreases.  Depending  on  the  results  of  previous 
work  about  hypereutectic  Al-Si  alloy,  improvement  of  tensile  properties  was  accomplished 
mainly  by  the  modification  of  eutectic  silicon  rather  than  the  refinement  of  primary  silicon 
particles[7].  Despite  of  general  trend  toward  the  degradation  of  properties  by  needle  shape  of 
eutectic  silicon,  these  improvements  could  be  considered  to  attribute  the  prominent 
refinement  of  primary  silicon  particles  by  the  control  of  calcium  content.  And  the  refinement 
effect  of  large  hard  phases  such  as  primary  silicons  that  occur  stress  concentration  in  the 
matrix  was  reflected  sensitively  in  the  increase  of  elongation  rather  than  tensile  strength[7]. 
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4  11  45  140  190  4  45  140  190 


Amount  of  Ca  (Ppm)  Amount  of  Ca  (ppm) 

Fig.4  Effect  of  primary  Si  size  on  tensile  Fig.5  Effect  of  primary  Si  size  on 
strength  in  steel  mold  cast  B.390  elongation  in  steel  mold  cast 

alloys.  B.390  alloys. 

Impact  absorbed  energy  obtained  from  standard  V  notch  specimens  is  shown  in  Fig.  6  as  a 
function  of  calcium  content.  The  energy  increases  as  the  calcium  content  decreases.  The 
refinement  of  primary  silicon  particles  due  to  the  decrease  in  calcium  content  increases  the 
absorbed  energy.  While  the  total  absorbed  energy  increases  as  the  calcium  content  decreases, 
the  value  of  absorbed  energy  for  crack  propagation  is  nearly  the  same.  Even  though  the 
particles  are  refined  relatively,  the  hypereutectic  Al-Si  alloy  has  still  the  characteristic  of 
brittleness.  Once  crack  initiates,  it  easily  connect  to  a  catastrophic  fracture  of  overall 
specimen.  It  means  that  the  energy  for  crack  propagation  is  almost  constant  in  this  study. 
Therefore,  the  refinement  of  primary  silicon  contributes  to  the  increase  in  the  absorbed  energy 
for  crack  initiation. 


4  11  45  140  190 


Amount  of  Ca  (ppm) 

Fig.6  Effect  of  primary  Si  size  on  Charpy  energy  in  steel  mold  cast  B.390  alloys. 

Figure  7  exhibits  the  effect  of  the  particles  size  on  the  appearance  of  fracture  surface  in 
Charpy  impact  test. 

Fracture  occurs  by  the  decohesion  of  the  interface  between  the  particles  and  the  eutectic 
matrix  being  the  weakest  link[8].  As  the  mean  free  path  between  the  particles  decreases  with 
decreasing  the  particle  size,  absorbed  energy  increases,  and  the  fracture  surface  looks  fine. 
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Refinement  of  primary  silicon  particles  led  to  the  improvement  of  mechanical  properties  of 
the  alloy,  especially  in  elongation. 


(a)  4ppm  Ca  (b)  190ppiii  Ca 

Fig. 7  SEM  fractographies  of  the  Charpy  test  specimens  with  different  Ca  content. 


4.  CONCLUSION 

From  an  experiment  about  the  primary  silicon  refinement  in  purpose  of  improving  the 
mechanical  properties  of  hypereutectic  Al-Si  alloy,  the  following  results  were  obtained. 

1.  Control  of  calcium  content  in  the  melt  was  successful  in  the  refinement  of  primary 
silicon  particles  of  B. 390  aluminum  casting  alloy. 

2.  The  refinement  of  primary  silicon  particles  of  the  alloy  by  lowering  calcium  content 
was  accomplished  only  through  the  numerous  treatments  of  the  chloride  degassing 
agent  within  the  melts. 

3.  The  minimum  size  of  primary  silicon  particle  obtained  in  this  study  was  about  20  pm 
when  residual  amount  of  calcium  in  the  alloy  was  4  ppm. 

4.  Refinement  of  primary  silicon  particles  led  to  the  improvement  of  mechanical 
properties  of  the  alloy:  tensile  strength,  elongation  and  Charpy  absorption  energy 
increased  as  the  size  of  primary  silicon  particles  decreased. 

5.  This  method  for  the  refinement  of  primary  silicon  particles  has  the  characteristics  of 
inexpensiveness  and  convenience. 
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ABSTRACT 

The  purpose  of  this  study  is  to  investigate  the  effect  of  plasma  nitriding  on  TiAl  by 
fabricated  hot-pressing.  This  work  was  to  analysis  surface  characteristics  of  the  sintered  Ti- 
aluminide  intermetallic  compounds  by  hot-pressing  and  surface  hardening  by  plasma  nitriding 
treatment. 

The  composite  powders  were  pressed  at  4500psi  in  room  temperature  and  then  sintered  by 
hot-pressing.  Hot-pressing  were  carry  out  at  temperature  ranges  from  1200“C  to  1250“C 
under  pressure  of  45MPa  for  Ihour  in  vacuum  condition(10'^  torr).  Plasma  nitriding  was 
performed  for  TiAl  at  temperature  ranges  from  800  U  to  900  °C,  for  1  and  4hours,  in  case  of 
atmosphere  of  N2/H2  ratio  is  25%,  50%,  75%  and  then  gas  pressure  is  3torr. 

Surface  hardening  of  TiAl  Intermetallic  Compounds  improved  by  plasma  nitriding  and 
increasing  plasma  treatment  time.  Diffusion  layer  increased  with  increasing  plasma  nitriding 
time. 


1.  INTRODUCTION 

TiAl  is  an  intermetallic  compound  with  Llo  structure  which  exists  over  a  wide  range  of  Ti-Al 
composition.  It  is  very  difficult  to  work  this  material  plastically,  even  at  temperatures  > 
1273K  when  conventional  methods  such  as  hot  forging,  hot  rolling  and  hot  extrusion  can  used. 
A  futher  method  of  overcoming  the  poor  workability  is  fabrication  of  near  net  shaped  bulk 
components  using  powder  metallurgy  techniques.  These  techniques  also  have  the  advantage 
of  microstructural  control.  Nitriding  techniqures  are  commonly  used  to  improve  the  fatigue 
and  wear  resistance  of  metals  and  alloys[l].  In  particular,  plasma  nitirding  has  a  number  of 
advantages  over  conventional  nitriding  including  faster  growth  rates  of  nitirding  layers,  easier 
control  over  the  crystal  structure  of  nitrided  layers  and  fewer  environmental  problems[2]. 
Several  investigations  on  plasma  nitriding  have  been  done  for  titanium  and  titanium  alloys[3- 
4],  but  so  far  there  have  been  few  investigations  on  titanium  aluminides. 

In  the  present  work,  the  plasma  nitirding  of  titanium  aluminides  fabricated  by  hot-pressing  is 
investigated.  The  sintering,  nitriding  parameters  and  characteristics  of  the  nitrided  layers  are 
discussed[5-10]. 
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2.  EXPERIMENTAL  PROCEDURES 

Titanium  (  purity  :  99.7%,  -325mesh  )  and  aluminium  (  purity  :  99.9%,  -200mesh  ),  totaling 
40g,  were  mixed  with  ratio  of  52  at%  to  48  at%.  These  powders  were  mixed  at  least  during  48 
hr  by  mixer  and  the  composite  powders  were  pressed  at  4500psi  in  room  temperature. 

2.1.  Sintering 

Pouring  the  specimen  into  graphite  mold,  heating  the  graphite  mold  in  approximately  1  hr  to 
temperature  of  1523K  in  a  vacuum  of  3x10'^  Torr,  holding  for  Ihr  at  this  temperature, 
pressing  for  at  pressures  of  45Mpa  during  holding  and  finally  cooling  in  the  furnace. 

The  densities  of  hot-pressing  sintered  specimens  were  determined  via  the  Archimedes 
method  by  weighing  in  alcohol  and  air.  Metallographic  cross-sections  were  examined  in 
optical  and  scanning  electron  microscopes  (SEM).  X-ray  diffraction  patterns  were  obtained 
from  polished  specimens  in  the  Bragg-Brcntano  geometry  using  a  Cu.  A  hardness  were 
examined  in  Vickers  hardness  (  lOOg  load,  10s  dwell  time  )[1 1-12] 

2.2.  Plasma  nitriding 

Specimens  with  dimensions  of  20mmx30mmxl0mm  were  then  cut  from  sintered  TiAl  using 
a  low  speed  diamond  saw.  This  specimen  surface  was  then  polished  with  ISOOgrit  emery 
paper.  Before  plasma  nitriding,  all  specimens  were  cleaned  ultrasonically  in  acetone  to 
remove  surface  grease. 

Plasma  nitriding  was  carried  out  in  self-production  furnace.  Before  nitriding,  the  specimens 
were  sputtered  with  Ar  gas  (  1.5xl0'‘  Torr  )  to  remove  compound  of  oxygen.  After  nitriding, 
the  specimens  were  cooled  in  a  vacuum.  In  order  to  investigate  the  relation  between  treatment 
parameters  and  surface  properties,  three  treatment  parameters  were  considered  :  nitriding 
temperature,  nitriding  time,  and  nitrogen-to-hydrogen  (  N2/H2  ratio  ). 

The  microstructures  of  the  nitrided  layers  were  studied  by  X-ray  diffraction  ,  optical 
microscopy  (  OM  ),  scanning  electron  microscopy  (  SEM  ),  and  micro-vickers  tester[  13-14]. 


3.  RESULTS 

3.1.  Sintered  TiAl 

Fig.  1.  shows  the  cross-section  of  sintered  TiAl.  This  fig  show  pores,  lamellar  structures  and 
a-TiAl.  The  relative  density  was  measured  using  the  Archimedes  method.  Density  was 
measured  at  98%.  The  microhardness  of  sintered  TiAl  was  about  Hv  287. 

XRD  results  shown  in  Fig.  2.  indicate  that  cross-section  is  mainly  composed  of  TiAl  and 
TisAl. 

3.2,  Plasma  nitrided  TiAl 

The  detailed  reaction  mechanism  in  the  plasma  nitriding  process  has  not  been  clarified  yet. 
Flowever,  to  explain  the  plasma  nitriding  reaction  in  TiAl  and  Ti3Al,  we  propose  the  four-step 
mechanism.  One  step  :  when  the  ions  hit  the  surface  of  workpiece,  metal  atoms  (  Ti  and 
A1 )  are  detached  and  the  workpiece  is  heated,  allowing  ions  to  be  sputtered  onto  the  clean 
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Fig.  1. Cross-section  of  sintered  TiAl. 


2  theta 

Fig,  2.  XRD  patterns  of  sample  sintered  at  1523K  for  Ihr. 


surface.  Two  step  :  Ti  and  A1  atoms  which  are  detached  from  the  surface  can  react  with 
reactive  nitrogen  atoms  in  the  plasma  region  near  the  surface  of  workpiece.  Three  step  :  TiN 
and  AIN  deposited  on  the  workpiece  surface  is  composed  of  a  greater  amount  of  TiN  than 
AIN  ( Because  the  chemical  affinity  of  Ti  and  N  is  stronger  than  that  of  A1  and  N  ).  Four  step  : 
TiN  becomes  the  main  phase  in  the  outer  surface  and  then  N  atom  diffuse  into  workpiece. 


Fig.  3.  The  color  of  nitrided  TiAl  surface  a)  Nitriding  for  1073K,  Ihr,  25%  (  N2/H2  ratio  ) 
b)  Nitriding  for  1073K,  Ihr,  75%  ( N2/H2  ratio  ) 
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Fig.  4.  Cross-section  of  nitrided  TiAl 

(  a)  Nitriding  for  1 173K,  4hr,  75%  (  N2/H2  ratio  ),  b)  Nitriding  for  1 173K,  Ihr,  75%  ( N2/H2 
ratio ),  c)  1 173K,  Ihr,  25%  ( N2/H2  ratio  ),  d)  Nitriding  for  1073K,  Ihr,  75%  ( N2/H2  ratio  ) ) 


Fig.  3.  show  the  color  of  nitrided  surface  which  depend  on  gas  ratio.  The  increase  of 
nitrogen  ratio  change  the  color  of  surface  from  brown  (  Fig.  3.  a) )  to  golden  yellow  (  Fig.  3. 
b) ),  because  of  formed  TiN  increased  in  the  nitrided  surface. 

Fig.  4.  show  the  depth  of  diffusion  layer  according  to  three  process  parameters.  To  compare 
Fig.  4.  b)  with  Fig.  4.  a),  according  as  nitriding  time  increased  ranges  from  Ihr  to  4hr, 
nitriding  rayer  increased  ranges  from  144pm  to  177pm.  To  compare  Fig.  4.  c)  with  Fig.  4.  a), 
according  as  gas  ratio  increased  ranges  from  25%  to  75%,  nitriding  rayer  increased  ranges 
from  118pm  to  177pm.  To  compare  Fig.  4.  d)  with  Fig.  4.  b),  according  as  nitriding 
temperature  increased  ranges  from  1073K  to  1173K,  nitriding  layer  increased  ranges  from 
110pm  to  144  pm. 


Fig.  5.  Hardness  distributions  of  Nitrided  TiAl 
( Nitriding  for  1 173K,  4hr,  75%  ( N2/H2  ratio  ) ) 
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4.  CONCLUSIONS 


The  plasma  nitriding  of  titanium  aluminides  fabricated  by  hot-pressing  with  48at%  A1 
under  N2-H2  atmosphere  has  been  investigated.  The  results  obtained  by  means  micro- Vickers 
hardness  test,  XRD,  OM,  SEM  can  be  summarized  as  follows. 

(1)  When  TiAl  specimens  fabricated  by  hot  pressing  at  1523  K  under  pressure  of  45Mpa, 

from  the  Archimedes  method,  sintered  TiAl  were  measured  at  98%  (  relative  density  ). 
And  at  the  sintering  TiAl  few  small  pores,  laminated  structure  and  a-TiAl  were 
observed.  The  microhardness  of  sintered  TiAl  was  about  Hv  287  by  the  micro-Vickers 
hardness  test. 

(2)  The  three  process  parameters,  namely  nitriding  temperature,  nitriding  time  and  N2/H2 

ratio,  the  plasma  nitriding  parameters  of  TiAl  with  respect  to  depth  of  diffusion  layer 
mainly  depend  on  temperature  and  time.  In  case  of  the  same  temperature,  depth  of 
diffusion  layer  depend  on  N2/H2  ratio.  The  ratio  of  N2  to  H2  increased,  depth  of 
diffusion  layer  was  more  deeper.  In  case  of  the  same  N2/H2  ratio,  according  to  the 
temperature’s  higher,  depth  of  diffusion  layer  was  increased. 

(3)  After  plasma  nitirding,  the  specimens’  surface  shows  different  color,  ranging  from  brown 

to  golden  yellow  which  depends  on  nitriding  parameters. 

(4)  The  surface  hardness  of  nitrided  TiAl  independ  on  condition  of  the  three  process 
parameters,  only  surface  hardness  increase  because  of  plasma  nitriding.  But  the 
hardness  distributions  of  nitrided  TiAl  depend  on  condition  of  the  three  process 
parameters,  temperature,  time,  ratio  increase,  depth  of  hardness  distribution  was 
increased  (  Show  the  Fig.  5.  ). 

(5)  XRD  results  show  TiN,  TisAlN  and  AIN  compound  formed  in  surface  and  diffusion  layer. 
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Abstract 

A  typical  G.P.zone  structure  was  found  to  be  the  well-known  single  layer  of  Cu  atoms  on  (001)  planes.  The  5 
VG.P.zone  complex  precipitate  structure  in  an  Al-Li-Cu-Mg-Zr  alloy  was  studied  by  means  of  high  resolution 
electron  microscopy  and  simulation  with  the  following  results:  (a)The  6  VG.P.zone  complex  precipitate  is 
formed  by  epitaxial  growth  of  the  6 '  phase  on  both  faces  of  the  G.P.I  zone  during  the  aging  at  lOOU.  (b)In  the 
6  VG.P.zone  complex  precipitate,  the  G.P.I  zone  consisted  of  three  layers  containing  a  single  layer  of  Cu 
between  layers  of  two  pure  Al.  (c)An  out  of  phase  or  antiphase  correlation  occurs  between  the  6 '  phase  on 
opposite  faces  of  the  G.P.  zone  because  of  the  attraction  between  Cu  and  Li  atoms  in  the  G.P.  zone  and  6 ' 
phase. 

1.  Introduction 

It  is  well  known  that  the  complex  precipitates  such  as  6  V^ '  and  SVG*  are  formed  in  Al-Li-Cu-Zr  based 
alloys  in  an  aging  process[l,  2].  The  6  VG.P.zone  complex  precipitate  formed  by  the  precipitation  of  the  6  ’  on 
the  faces  of  larger  G.P.zones  is  also  found  in  weldalite  049  alloy[3],  but  the  corresponding  atomic  arrangement  is 
thus  far  unclear. 

The  metastable  6  '(AIbLI)  phase  is  known  to  be  homogeneously  formed  before  the  formation  of  the  stable  6 
(AlLi)  phase  with  a  B32-type(NaCl)  structure  in  Al-Li  binary  alloys.  Si}cock[4]  studied  the  crystal  structure  by 
the  X  ray  diffraction  technique  and  reported  that  the  6'  phase  had  a  Ll2-type  ordered  structure  having 
cube/cube  orientation  relationship  between  the  matrix.  This  cubic  phase  has  a  very  small  misfit  with  the  Al 
matrix[5]  and  forms  with  a  spherical  morphology.  The  atomic  arrangement  in  the  LI  2-type  ordered  structure  is 
illustrated  in  Fig.  1(a). 

The  Guinier-Preston  (G.P.)  zone,  one  of  the  transformation  products  in  Al-Cu  alloy  systems,  is  that  a  sort  of 
atom  clusters  is  formed  at  the  early  stage  of  phase  separation  during  the  decomposition  of  supersaturated  solid 
solutions.  The  first  model  of  a  G.P.  zone  proposed  [6,  7]  consisted  of  single  Cu-rich  plane  coherent  on  the  {100} 
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A1  matrix  planes.  Because  of  the  smaller  size  of  Cu  atoms(YAi  “  0.143nm,  ycu  -  0.128nm)  a  little  closer  to  the 
zone  origin  than  the  normal  spacing.  On  the  contrary,  Gerold[8,  9]  demonstrated  that  the  structure  was  composed 
of  only  one  layer  of  100%  Cu  with  lattice  distortion  from  the  center  to  the  fifteenth  layer  of  the  range  about 
10-0.2%.  Gerold's  model  can  well  explain  the  diffuse  X-ray  scattering  intensities  and  is  widely  accepted  as  a 
G.P.I  zone  model.  His  model  is  referred  to  as  a  single-layer  G.P.  zone  because  it  consisted  of  only  one  Cu  layer. 
Nicholson  and  Nutting[10]  and  Homborgen[l  1]  observed  directly  G.P.  zone  with  a  conventional  electron 
microscope.  They  found  the  characteristic  strain  field  contrast  around  G.P.I  zones  and  concluded  that  the 
observed  image  was  consistent  with  the  structure  proposed  by  Gerold.  Though  many  studies  were  carried  out 
previously,  the  structure  of  G.P.I  zone  is  illustrated  in  Fig.  1(b).  But  Karlik  et  al.[12,  13]  observed  that  Cu 
content  in  the  G.P.  I  zone  is  not  uniform  and  that  G.P.  I  zone  having  composition  in  the  range  from  say  40  to 
100%  Cu  CO  exist.  And  Fontaine  et  al.[14]  presented  a  new  model  with  an  averaged  50%  Cu  composition  of  the 
G.P.  zone  by  EXAFS  method.  But  we  assume  that  the  Cu  content  in  the  G.P.  zone  is  100%  in  this  study.  In 
addition  to  G.P.I  zone,  the  G.P.II  zone  consisting  of  two  Cu  rich  layers  separated  by  three  A1  layers  arc  also 
observed  [8,  10,  15]. 

In  the  present  study,  the  interfacial  structure  of  the  6  '/G.P.  zone  precipitate  in  Al-Li-Cu-Mg-Zr  alloy  has 
been  examined  by  a  high  resolution  transmission  electron  microscopy(HRTEM)  in  order  to  understand  the 
mechanism  responsible  for  the  development  of  the  6  VG.P.zone  complex  precipitate. 


2.  Experimental  Procedure 

The  Al-1.86wt%Li-2.95wt%Cu-0.1  lwt%Mg-0.16wt%Zr  alloy  specimen  was  solution  treated  at  530T:  for  Ih 
and  cold  water  quenched.  The  quenched  specimen  was  aged  at  190  C  for  30min,  Ih  and  12h.  Thin  foil 
specimens  for  TEM  study  were  thinned  by  twin  jet-polishing  using  an  electrolytic  solution  of  70m?,  CH3OH  and 
30m?  HNO3  cooled  to  -40 “C.  High  resolution  observations  were  made  using  transmission  electron  microscopes 
of  JEM-4000EX  and  JEM-200CX  operated  at  400kV  and  200kV,  respectively.  Interpretation  of  the  high 
resolution  images  were  assisted  by  comparing  experimental  images  with  simulated  ones.  The  simulated  images 
were  conducted  by  the  usual  multi-slice  method  using  the  software  package,  MacTempas,  on  a  Power  Macintosh 
personal  computer. 

3.  Results 

Fig.  2  shows  an  electron  diffraction  pattern  with  the  [001]  zone  axis  of  a  specimen  aged  at  190°C  for  30min 
after  quenched  from  530  “C.  The  super  lattice  reflections  originated  in  the  LI  2-type  ordered  structure  appear  at 
100,  110  and  their  equivalent  positions.  In  addition,  continuous  streaks  run  toward  the  [100]  and  [010]  directions 
and  no  intensity  maxima  appear  on  streaks.  The  above  mentioned  streaks  are  similar  to  those  of  the  diffraction 
pattern  for  the  G.P.I  zone  in  the  early  stage  of  aging  in  an  Al-Cu  alloy[16,  17]. 

A  HRTEM  image  corresponding  to  Fig.  2  is  shown  in  Fig.  3,  which  is  taken  using  a  JEM-4000EX  microscope 
operated  at  400kV.  The  bright  dots  with  the  spacing  of  about  0.2nm  corresponding  to  the  {200}  planes  of  the  A1 
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matrix  are  observed  periodically  along  the  [100]  and  [010]  directions.  The  6  ’  particles  having  brighter  dots  with 
twice  period  of  the  {200}  planes  appear  locally  in  the  matrix,  as  marked  A  and  B.  The  arrangement  of  the 
brighter  dots  surrounding  four  bright  dots  in  the  6  ’  phases  seems  to  correspond  to  the  Li  atom  position  in  the 
Lla-type  ordered  structure  with  the  spacing  of  about  0.4nm.  The  isolated  6 '  particle  with  8nm  in  size  is 
observed  at  A  in  the  matrix.  The  6  '/matrix  interface  is  maintained  coherent  across  the  interphase  boundary.  The 
6 '  phase  was  coated  on  the  faces  of  a  12nm  diameter  G.P.zone  on  (010)  plane  it  is  shown  at  B.  The  G.P.zone 
appears  in  darker  contrast  than  the  6  '  phase  surrounding  it,  as  indicated  by  an  arrow. 


b 


n 


Fig.  1  Schematic  illustration  of  a  unit  cell  of  the  LI  2-type 
ordered  structure(a)  the  typical  single-layer  G.P.  I  zone(b). 


Fig.  2  Electron  diffraction  pattern  with  the  [001]  zone  axis 
of  the  specimen  aged  at  190“C  for  Ihr  after  quenched  from 
530 'C,  which  shows  Ll2-type  superlattice  reflections 
associated  with  6  '  and  streaking  associated  with  G.P.zone. 


The  coupled  6  '/G.P.I  zone  precipitate  is  clearly  different  from  the  6  '/9 '  complex  precipitates  observed  in 
an  Al-Cu-Li  alloy[18]  or  an  Al-Li-Cu-Zr  alloy[2].  According  to  the  mechanism  of  the  6 '  growth  in  the  Al-Cu 
alloys[19],  the  smallest  0'  plate  has  two  unit  cells  thick(1.16nm)  along  the  <100>  directions  to  reduce  the 
volume  strain  in  the  f.c.c.  b.c.t.  transformation.  However,  the  width  of  the  G.P.zone  in  the  present  image  is 
thinner  than  the  one  unit  cell  thick  of  the  0 '  plate.  The  6  '/G.P.zone  interface  boundary  appears  atomically 
sharp  and  flat  on  both  faces  of  the  G.P.zone  and  the  shape  of  the  6 '  phase  on  both  sides  of  the  G.P.zone  is 
asymmetrical  in  size.  Especially,  the  arrangement  of  the  brighter  dots  on  the  6  '  phases  on  opposite  faces  of  the 
G.P.zone  is  translated  exactly  by  one-half  of  the  unit  cell  dimension  with  respect  to  each  other.  The  atomic 
arrangement  of  the  interphase  boundaiy  in  the  6 '  and  G.P.zone  is  analyzed  appropriately  with  a  simulation 
image  later. 

The  coupled  6  '/G.P.I  zone  precipitates  grew  with  increasing  aging  time,  A  HRTEM  image  of  the  specimen 
with  the  [001]  zone  axis  aged  at  190 'C  for  Ih  is  shown  in  Fig.  4,  which  was  taken  by  a  JEM-200CX  microscope 
operated  at  200kV.  The  isolated  6  ’  phases  with  a  spherical  shape  were  observed  in  the  matrix,  the  bright  dots 
correspond  to  the  minority  atom(Li)  positions  of  the  L^-type  superstructure.  In  the  coupled  6  '/G.P.  zone 
precipitates,  G.P.zones  appeared  in  dark  contrast  with  a  few  atomic  layers  and  were  not  surrounded  completely 
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Fig.  3  HRTEM  image  corresponding  to  Fig  2.  The  isolated  8  '  particle  and  tlic  (S  ’  (i.P.  I  /one  complex 
precipitate  appear  at  A  and  B,  respectively.  The  G.P.  I  /one  is  indicated  by  an  arrow  at  B. 


Fig.  4  liRTFM  image  ofthe  specimen  aged  at  190  ('  for  llir.  The  G.P.  I  zone  appears  as  dark  contrast  in  the 
6  VG.P.  I  zone  complex  precipitates. 
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by  the  6  ’  phase;  i.e.,  the  6  ’  phase  dose  not  appear  to  grow  around  the  edges  of  the  G.P.zone.  The  6 
VG.P.zone  precipitate  is  considered  to  be  formed  by  the  epitaxial  growth  of  the  6  '  phase  on  both  faces  of  the 
G.P .zone  on  the  (100)  and  (010)  planes.  An  out  of  phase  or  antiphase  correlation  appears  clearly  between  the  6 ' 
phases  with  shape  of  spherical  cap  on  the  opposite  faces  of  the  G.P.zones  each  other. 

With  further  aging  at  190  C,  a  well-defined  6  7G.P.I  zone  complex  precipitates  were  developed  as  observed 
in  Fig.  5,  a  HRTEM  image  of  the  specimen  aged  at  190T'  for  12h. 


Fig.  5  HRTEM  image  of  the  specimen  aged  at  1901:  for  12hr,  showing  the  well  developed 


6  VG.  P.  I  zone  complex  precipitate. 

4.  Discussion 

The  present  result  is  discussed  of  the  image  contrast  of  the  6  '/G.P.zone  interface  compared  with  computer 
simulation  by  the  multi-slice  method.  Figure  6  is  a  magnified  image  of  the  marked  area  in  Fig.  3  and  the 
structure  model  (a)  obtained  from  the  observed  HRTEM  image  and  a  simulated  image  (b)  are  both  insetted.  In  a 
structure  model  (a),  open  circles  represent  Li  atom  positions.  Large  and  small  solid  layer  of  Cu  between  two 
layers  of  pure  Al,  which  correspond  to  n  =  0  and  n  =  ±1  layers  in  Fig.  1(b).  The  spacing  between  the  Cu  atom 
layer  and  Al  atom  layer  in  the  G.P.zone  was  determined  to  be  about  0.1 9nm  from  the  observed  image,  which  is  a 
little  smaller  than  0.202nm  corresponding  to  the  (100)  lattice  spacing  (d,oo)  of  the  Al  matrix,  the  unit  cell  of  the 
LI2  ordered  structure  is  marked  by  solid  lines  on  both  faces  of  the  G.P.zone.  Fig  6(b)  is  the  simulated  image 
based  on  a  structure  model  in  which  the  specimen  thickness  t  =  9nm  and  defocus  value  Af  =  20nm  are  used.  The 
parameters  used  for  the  calculation  are  listed  in  Table  1.  The  unit  cells  of  the  LI2  ordered  structure  are  outlined 
in  Fig  6.  The  Positions  of  Li  atom  raw  in  the  LI2  ordered  structure  are  clearly  seen  as  the  brighter  dots 
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surrounding  four  dots  of  the  A1  atom  sites.  The  contrast  of  a  Cu  atom  layer  in  the  G.P.zone  appears  as  an  array  of 
dots  with  darker  contrast.  The  result  of  the  image  simulation  clearly  shows  that  the  LI2  ordered  structure  on 
opposite  faces  of  the  G.P.zone  is  translated  exactly  by  one-half  of  the  unit  cell  dimension  with  respect  to  each 
other.  This  forms  an  antiphase  boundary  in  the  LI 2  ordered  structure  across  the  G.P.zone.  the  same  feature  is 
observed  of  all  the  6  VG.P.zonc  complex  precipitates.  In  addition,  the  6  '  phase  appears  to  form  in  such  a  way 


that  the  Li  atoms  are  adjacent  to  Cu  atoms  in  the  G.P.zone.  The  reason  for  the  alignment  of  the  Li  and  Cu  atoms 
across  the  6  '/G.P.zone  interface,  can  be  explained  by  considering  the  mechanisms  of  epitaxial  growth  of  the  6 
'  phase  on  a  pre-existing  G.P.  I  zone,  and  comparing  bond  energies  among  the  Al,  Li  and  Cu  atoms,  as  discussed 
in  formation  of  the  6  '/0'  complex  precipitate  in  an  Al-Li-Cu  alloy[l  8]. 

The  atomic  arrangements  projected  in  the  [100]  direction  of  the  6 '  and  the  G.P.zone  structure  arc  shown  in 
Fig.  7(a)  and  (b),  respectively.  In  Fig.  7(b),  the  f.c.c.  unit  cells  arc  enclosed  by  broken  lines,  and  solid  and  broken 
circles  present  Cu  atoms  at  n  =  0  layer  and  Al  atoms  at  n  =  +  I  layers  in  Fig.  1(b),  respectively.  When  the  6  ’ 
phase  grows  on  the  surface  of  G.P.zone,  Li  atoms  in  the  LL  ordered  structure  will  not  lie  at  the  atom  positions  in 
the  n  =  ±1  layers  on  the  G.P.zone,  because  this  is  not  a  favourable  packing  situation.  Therefore  Li  atoms  in  the 
LI 2  ordered  structure  lie  above  Cu  atom  positions  on  the  G.P.zone  even  of  the  atom  positions  have  a  little 
displacement,  and  there  is  either  of  two  positions  over  the  Cu  atoms  indicated  by  A  and  B  in  Fig.  7(b).  If  the  Li 
atoms  reside  over  position  A  on  the  G.P.zone,  Li  atoms  in  the  LI 2  ordered  structure  should  lie  above  all  Cu 
atoms  expect  centered  Cu  atoms  in  the  f.c.c.  unit  cell  on  the  G.P.zone.  While,  if  the  Li  atoms  reside  over  position 
B,  Li  atoms  in  the  LI2  ordered  structure  lie  above  all  centered  Cu  atoms  in  the  f.c.c.  unit  cell.  However,  the  Li 
atoms  do  not  lie  together  at  positions  A  and  B  on  one  side  of  the  G.P.zone  and  reside  not  in  same  position  on 


both 


faces  of  the  G.P.zone,  as  shown  in  HRTEM  images.  The  preferred  formation  of  this  configuration  can  be 


Fig.  6  Magnified  image  of  the  marked  area  in  Fig  4.  The  atomic  arrangement(a)  and 
Its  simulated  image(b)  of  the  5  '/G.  P.  1  zone  interphase  boundary  are  insetted.  A  unit 
cells  of  the  LI  2  -type  ordered  structure  are  outlined. 
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Fig.  7  The  alomic  arrangemcnls  projeclcd  in  the  [100]  direction  of  the  Lb  -type  ordered 
Structure(a)  and  the  G.P.  I  zone  structure(b).  In  (b),  solid  and  broken  circles  represent  Cu 
atoms  at  n  =  0  layer  and  A1  atoms  at  n  =  ±1  layers  in  Fig  1(b),  respectively. 


Table  1.  Parameters  used  in  the  image  calculations 


Accelerating  voltage 

400kV 

Slicing  interval 

0.4nm 

Spherical  aberration  constant(Cs) 

1.0mm 

Defocus  due  to  Chromatic  aberration 

15nm 

Objective  aperture  radius 

7.0nm‘‘ 

explained  by  considering  the  bond  energies  among  Al,  Li  and  Cu  atoms,  or  by  examining  the  electronegativities 
of  those  elements.  First,  reference  to  the  Cu-Li[20]  and  Cu-Al[21]  phase  diagrams,  the  solubility  of  Li  and  Al  in 
Cu  at  190“C  are  about  22  at%  and  8  at%,  respectively.  The  higher  solubility  of  Li  in  Cu  than  of  Al  in  Cu 
indicates  that  the  Cu-Li  bond  energy  is  greater  than  that  of  Cu-Al.  Comparison  of  the  electronegativities  for 
these  elements  give  a  qualitative  indication  of  the  magnitude  of  the  relative  differences  in  bond  energies.  The 
electronegativities  of  Al,  Cu  and  Li  are  1.5,  1.9  and  1.0,  respectively  [22].  Since  an  electronegativity  difference 
of  1.7  is  considered  to  approach  an  ionic  bonding  situation,  there  is  a  strong  attraction  between  Cu  and  Li  atoms 
where  the  electronegativity  difference  is  0.9,  compared  with  Al  and  Cu  or  Al  and  Li  where  the  electronegativity 
differences  are  0.4,  and  0.5,  respectively.  Therefore,  it  appears  that  the  6  '  phase  grows  on  the  G.P.zone  with  Li 
atoms  adjacent  to  Cu  atoms  because  of  the  strong  attraction  between  Cu  and  Li  atoms. 
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5.  Conclusions 

The  atomic  structure  of  the  8  VG.P.zone  complex  precipitate  in  an  Al-1.86vvt%Li-2.95wt%Cu-0.1 1  wt%Mg- 
0.16wt%Zr  alloy  was  investigated  by  high  resolution  transmission  electron  microscopy,  and  the  following  results 
were  obtained; 

(1)  The  6  VG.P.zone  complex  precipitate  is  formed  by  epitaxial  growth  of  the  8  '  phase  on  both  faces  of  the 
G.P.l  zone  during  the  aging  at  l^^C. 

(2)  In  the  8  VG.P.zone  complex  precipitate,  the  G.P.l  zone  consisted  of  three  layers  containing  a  single  layer 
of  Cu  between  layers  of  two  pure  Al. 

(3)  An  out  of  phase  or  antiphase  correlation  occurs  between  the  8  ’  phase  on  opposite  faces  of  the  G.P.zonc 
because  of  the  attraction  between  Cu  and  Li  atoms  in  the  G.P.zone  and  8  '  phase. 
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ABSTRACT 

A1  6061  alloy  has  been  brazed  with  conventional  filler  metal  like  Al-12Si  alloy.  However, 
if  brazing  temperature  is  not  closely  controlled,  erosion  and  bad  wettability  is  appeared  due  to 
little  difference  in  melting  temperature  between  the  base  metal  and  filler  metal. 

In  this  study.  The  eutectic  bonding  characteristics  of  A1  6061  alloy  using  pure  Cu  foil(8/^m  in 
thickness)  has  been  investigated  at  lower  temperature.  The  eutectic  temperature  of  Al-Cu 
alloy  is  548  U.  Differential  temperature  analysis  was  carried  out  with  A1  6061/Cu/Al  6061 
clad  to  investigate  the  starting  temperature  of  eutectic  reaction  between  A1  6061  alloy  and 
pure  Cu. 

The  alloy  melt,  which  has  the  eutectic  composition,  started  to  form  at  510‘’C,  It  seems  to  be 
ternary  or  quaternary  eutectic  reactions  by  Al-Cu-Mg-Si  system.  Therefore,  the  bonding  can 
be  accomplished  above  510°C.  The  investigation  on  the  effect  of  temperature  was  done  at 
the  temperature  range  between  510°C  and  575  U.  The  results  showed  that  the  bonding 
strength  increased  as  the  bonding  temperature  increased.  The  base  materials  of  bonded 
part  ,which  was  bonded  at  575  °C,  was  fractured  at  172MPa,  Therefore,  the  bonding  strength 
could  be  estimated  over  it.  The  bonding  structure  showed  isothermal  solidification  structure  at 
longer  bonding  time  because  it  has  enough  time  for  copper  to  diffuse  into  aluminum  matrix. 
As  a  result  of  interfacial  analysis  of  microstructure  using  TEM,  oxide  layer  through  the 
interface  was  observed  as  amorphous  structures. 


1.  INTRODUCTION 
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Expanded  application  of  A16061  alloy  to  heat  exchanger  is  expected  for  its  excellent 
machinability,  high  specific  strength  and  good  heat  conductivity.  However,  alloy  A16061  just 
like  2xxx  and  7xxx  alloys  is  difficult  to  braze  neither  in  furnace  not  to  mention  in  vacuum, 
because  of  its  low  solvus  temperature  close  to  the  melting  point  of  the  commonly  used  filler 
metal  of  4xxx  (Al-Si  alloy).  [1,2] 

Studies  on  Joining  the  alloys  of  low  solvus  temperature  are  getting  more  and  more  attention 
and  reports  on  the  development  of  filler  metals  of  low  melting  point  are  gradually  increased  in 
recent  years.[2,  3,  8]  Those  newly  proposed  filler  metals  are  mainly  Al-Cu-Ni-Si,  Al-Cu-Si, 
and  Al-Ge-Si-Mg  type.  However,  these  filler  metals  are  ternary  or  quartemery  eutectic 
composition.  Therefore,  they  are  brittle  and  hard  to  form  to  foil  shape  and  the  price  is  higher 
than  those  of  Al-Si  filler  metals.  Eutectic  brazing  or  bonding  using  Cu  interlayer  is  another 
method  of  low  temperature  joining  for  aluminum  brazing.  [4,  5,  6,  7]  In  this  method,  Cu  is 
electroplated  on  one  surface  of  base  metal  or  inserted  between  two  base  metals  as  a  foil  which 
forms  a  filler  melt  by  eutectic  reaction  which  in  turn  diffuses  into  the  base  metals  followed  by 
isothermal  solidification.  In  the  process,  the  formation  of  brittle  CuAE  compound  (eutectic 
crystals)  during  solidification  is  avoided  and  promotes  the  formation  of  a  solid  joint  whose 
mechanical  property  and  composition  are  close  to  those  of  the  base  materials.  Though  it  has 
not  been  used  yet,  the  method  might  be  applicable  for  A16061  base  metal,  in  which  case  the 
joined  part  fabricated  as  such  should  show  a  comparable  increase  in  strength  by  precipitation 
hardening  such  as  T6  treatment. 

Using  Cu  foil,  this  study  investigated  the  applicability  of  low  temperature  eutectic  brazing 
process  for  joining  of  A16061  by  focusing  on  1)  eutectic  melt  formation  by  diffusion  between 
A16061  matrices  and  Cu  filler  via  eutectic  reaction,  and  2)  isothermal  solidification 
accompanied  by  Cu  diffusion. 


2.  EXPERIMENTAL  PROCEDURES 
2.1  Base  and  filler  metals 

Table  1.  shows  the  chemical  composition  of  A16061  used  for  the  base  metals,  which  was 
fabricated  in  Alusulsse  Swiss  Aluminum  Ltd.  The  Cu  foil  used  for  filler  metal  was  about  8  M 
m,100  M  m  thick  and  the  purity  was  higher  than  99.99%. 

For  the  removal  of  the  surface  oxides,  the  surface  of  base  metal  was  ground  by  600  mesh  sand 
paper  and  then  electropolished  at  12V  for  3min.  with  a  solution  of  methyl  alcohol  600fT^, 
glycol  360fTi^  and  perchloric  acid  60it^.  Cu  foil  was  cleaned  with  acetone,  2  min.  submerged 
in  5%  Nital,  and  then  rinsed  in  water.  Fig.l  shows  the  shape  and  dimensions  of  the  tensile 
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specimen  of  the  joined  part. 


2.2  Joining  equipment  and  introduction 

The  joining  equipment  was  composed  of  a  high  frequency  heating  system,  cold  wall  vacuum 
chamber,  and  pressing  system  by  ball  screw  with  an  AC  motor  driver.(Fig.2)  The 
predetermined  load  at  the  indicator  was  applied  by  a  load  cell  attached  on  the  lower  ram, 
which  was  driven  by  the  high  and  low  contact  points.  Precise  joining  temperature  was 
measured  and  controlled  by  an  R-type  thermocouple  of  wire  diameter  of  0.3mm  which  was 
percussion  welded  directly  to  the  specimen.  The  vacuum  was  pumped  by  sequential 
connection  of  rotary  and  diffusion  pumps. 

2.3  Joining  and  characterization 

The  joining  was  performed  with  0.5  MPa,  at  51 0-575  °C  for  1  ~20min.  Degree  of  vacuum  is 
5x  10'^  torr.  The  heat  treatment  was  carried  out  in  KNOs+NaNOs  salt  bath  and  the  solution 
treatment  was  carried  out  at  530*0  for  1  hour  and  the  aging  was  done  at  1750  for  2~ 
lOOOhrs 

The  tensile  test  was  performed  with  Instron  8516  at  the  cross  head  speed  of  1  mm/min.  To 
observe  the  beginning  temperature  of  eutectic  reaction  between  A16061  and  Cu,  differential 
calorimeter  was  used  at  a  heating  speed  of  10  0 /min.  which  was  the  same  as  the  heating  cycle. 
The  joined  regions  were  etched  with  Keller  solution  and  then  their  microstructure  and 
compositional  mapping  and  line  profile  were  analyzed  using  optical  microscope  and  electron 
probe  microanalyzer  (EPMA). 


3.  RESULT  AND  DISCUSSION 

3.1  Eutectic  reaction  between  A16061  and  Cu 

A16061  is  precipitation  strengthened  alloy  by  Mg2Si  and  the  contents  of  Mg  and  Si  are  0.8 
1.2%  and  0.4 -^0.8%,  respectively.  Thus,  the  eutectic  reaction  of  A16061  and  Cu  is  expected 
to  influence  on  the  other  eutectic  reactions  of  such  elements  as  Mg  and  Si  with  Cu.  The 
possible  quartemery  eutectic  reaction  in  Al-Cu-Mg-Si  system  is  listed  in  Table  2.  The  table 
shows,  as  the  reactions  become  complicated  ternary  and  quartemery,  the  reaction  temperature 
gradually  decreases  from  548  °C  of  the  A1  and  Cu  binary  reaction  temperature.  In  this  study, 
differential  thermal  analysis  was  performed  to  examine  reaction  temperature  of  the  clad  and 
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the  result  is  shown  in  Fig.3.  The  A16061/Cu  clad  was  fabricated  by  inserting  Cu  foil 
between  100/^m  A16061  foils  and  through  solid  diffusion  at  490  °C  for  2  min.  in  vacuum. 
Fig,3  shows  that  the  endothermic  reaction  start  at  about  510°C.  Thus,  reactions  such  as  D,  O, 
P,  and  Q  appear  to  have  the  highest  probability  of  the  first  liquid  formation. 

All  the  results  indicate  that  the  eutectic  melting  in  Al-Mg-Si  type  A16061  alloy,  whose 
temperature  was  lower  than  that  of  Al-Cu,  took  place  due  to  the  presence  of  matrix 
precipitates  such  as  Mg2Si  and  Si.  From  that,  it  is  conceivable  that  the  presence  of  Mg2Si  and 
Si  promotes  the  infusion  of  Cu  into  the  matrix  and  promotes  the  formation  of  eutectic  melting 
of  filler  by  steady  erosion  of  matrix. 

3.2  Effect  of  joining  parameters  on  the  characteristics  of  the  joined  interface. 

Fig.4  shows  the  strength  of  the  joint,  which  was  carried  out  at  510'^575°C.  The  strength  was 
low  when  the  joining  was  performed  at  520~530°C  for  1  min,  4  min.  As  the  time  of  joining 
increased  above  10  min,  the  strength  linearly  increased.  Base  metal  rather  than  the  joined 
region  was  fractured  when  the  joining  was  performed  at  575  °C  for  1  min. 

Fig.5  shows  the  microstructural  evolution  of  the  joined  region  at  various  joining  temperature 
with  a  fixed  duration  time  of  10  min.  The  joining  region  widened  as  the  joining  temperature 
increased  and  reached  to  300/^  at  570 °C.  On  the  contrary  to  the  dark  elongated  grains  to  the 
direction  of  rolling,  equiaxed  grains  are  observed  in  the  joined  region  which  was  clearly 
distinguished  from  the  matrix  grains.  The  big  contrast  in  brightness  is  attributed  to  the 
presence  of  Mg2Si  in  the  matrix.  The  dark  mid-regions  of  the  specimens  joined  at  510°C, 
530  °C  appear  to  be  due  to  the  remnant  of  melt  existing  at  the  last  stage  of  inward 
solidification  from  periphery.  At  the  specimen  of  560  °C  joining,  the  mid-region  of  fine 
microstructure  is  in  clear  contrast  with  that  of  the  surrounding.  In  case  of  the  specimen  joined 
at  575  "C,  the  fine  particles  observed  in  560 °C  specimen  are  further  refined  and  present  along 
the  grain  boundary  which  are  attributed  to  the  migration/dispersion  of  the  fine  particles  during 
the  recrystallization  and  subsequent  growth  of  grains. 

Fig.6  is  EPMA  line-profiles  of  the  diffusion  brazing  joined  at  various  temperatures.  The  result 
shows  relatively  high  concentration  of  Cu  and  Si  at  the  joined  regions  of  530  C  and  545  C 
specimens.  The  joined  region  widens  as  the  joining  temperature  increases. 

Fig.7  and  8  are  results  of  TEM  observation  and  elemental  analysis  of  the  joined  region  of 
560 ”C.  For  TEM  observation,  1.5  mm  thick  plate  was  obtained  from  a  region  tilted  about  30° 
from  joined  plane  and  then  ground  to  100/^m  with  #1500  grit  paper.  Twin  jet  polishing  was 
carried  out  using  electrolyte  composed  of  5%  methyl  alcohol,  5%  perchloric  acid. 

The  results  indicate  that  the  fine  particles  are  oxides  composed  of  Al,  Si,  Mg  and  O,  whose 
structures  are  amorphous  as  shown  by  the  diffraction  pattern. 
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In  short,  the  joining  strength  increased  with  the  increase  of  the  joining  temperature  with 
clearer  appearance  of  isothermal  solidification  structure.  The  fine  particles  are  found  to  be 
oxides  of  Al-Si-Mg-0. 

Fig.9  shows  the  dependence  of  strength  on  aging  time  upon  the  175°C  aging  after  joining  at 
560  °C  for  10  min.  The  results  show  similar  aging  characteristics  for  both  matrix  and  joint 
body  with  a  maximum  strength  at  8  hr.  ~  32  hr.  The  maximum  strength  of  280  MPa  was 
obtained  when  the  specimen  was  aged  at  175  °C  for  8  hr  ~  32  hr. 

3.3  Figures  and  tables 


Table  1  Chemical  composition  of  A16061  base  metal 


Ai6061 

Si 

Fe 

Cu 

Mn 

Mg 

Cr 

Zn 

Ti 

Ai 

composition 

0.6 

0.48 

0.22 

0.049 

0.99 

0.19 

0,009 

0.025 

remainder 

Table  2  The  invariant  reactions  at  the  aluminum  comer  of  the  Al-Cu-Mg-Si  system 


Readion(a) 

C 

Temperature 

F 

Cu 

Composition,  % 
Mg  Si 

A 

Binary 

Liq. ->A1  +  CiiAh 

.‘548 

1018 

33 '2 

B 

Liq. ->Al  +  Mg5A18 

451 

844 

35.0 

C 

Liq  -i'  Al  +  Si 

577 

1071 

- 

12.6 

D 

Ternary 

Liq.  Al  +  CiiAli  +  CuMgAh 

507 

944 

30.0 

60 

B 

Liq  -»Al  +  CiiMg.M!(b) 

518 

964 

24  5 

101 

- 

F 

Liq.  +  CiiMgAb  -»  Al  +  CuMg^Alt 

467 

862 

10.0 

26.0 

- 

G 

Liq  Al  +  MgsAls  +  CuMg^Ak 

448 

838 

2,7 

32.0 

- 

H 

Liq.  ->  Al  +  Mg2Si  +  Mg? Ala 

450 

842 

- 

320 

0  35 

I 

Liq  -♦Al+MfuSiCb') 

595 

1104 

8.15 

4.75 

J 

Liq  ->  Al  +  Si  +  Mg2Si 

575 

1066 

- 

4,96 

12.95 

K 

Liq.  Al  +  CiiAb  +  Si 

515 

976 

27  0 

- 

5.0 

L 

Quaternary 

Liq.  ->  Al  +  Mg?Alg  +  MgiSi  +  C«Mg4Al5 

446 

835 

IS 

33  0 

03 

M 

Liq.  +  CuMgA!2  Al  +  MgjSi  +  CuMgjAk 

466 

870 

10.0 

25  5 

0.3 

N 

Liq  -> Al  +  Cu-Ab  +  CuMgAli  (c) 

516 

960 

23  0 

10.5 

0,3 

O 

Liq.  ->  Al  +  CuAh  +  CuMgAl2  +  Mg’ Si 

500 

932 

32.0 

6.6 

0,4 

P 

Liq.  ^  Al  +  CuAh  +  MgSh  (  c  ) 

515 

958 

31  5 

39 

2,3 

Q 

Liq.  +  Mg2Si  -»■  A!  +  CuAh  +  CujMgaSiiAh 

512 

954 

31.0 

3.3 

3.3 

R 

Liq.  -+  Al  +  CuAh  I-  Si  +  CutMgaSi'Ali 

507 

945 

28,0 

2.2 

60 

S 

Liq  +  MgaSi  +  Si  .Al  +  CiuMg8Si.?.Ah 

529 

984 

13.8 

3.3 

9,6 

a.  The  letters  refer  to  points  in  Fig. 

b.  Quasibinai-v  cutccSc.  c.  Quasitemary  eutectic 
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Aluminium  6061  j 

Aluminium  6G61 

D 

1  1^  50mm 

I 

1  lOOmm  ^  n 

I 

(a)  diffusion  brazed  joint  body 


■(TT  ■;  l-_l  n 

-  I  L, - 50mm - J  I 

1^  100mm _ J 

(b)  dimension  of  a  specimen  for  tensile  test 


Fig.l  Dimension  and  shape  of  specimen 
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Fig.2  Schematic  diagram  of  bonding  apparatus 


Temperature  (’C) 

Fig.3  DAT  result  of  A16061/Cu/A16061  clads 


Fig.4  Tensile  strength  of  the  braze  joint  as  a  function 
of  brazing  temperature  and  brazing  time 
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Fig.5  Micrographs  of  diffusion  brazed  joint 
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Fig. 6  EPMA  results  in  diffusion  brazed  joint 


Fig.7  EDS/TEM  results  of  interface 


♦  560  t.  lOmln. 


w 

hn 
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Fig.8  TEM  results  of  diffusion  brazed  joint 


Fig.9  Variation  of  joining  strength  with  artificial  ageing  time 


4.  CONCLUSIONS 


As  an  effort  for  low  temperature  diffusion  brazing  of  A16061  using  Cu  insert,  the  eutectic 
reaction,  the  effect  of  heat  treatment,  and  the  characteristics  of  the  joined  region  were  studied 
and  we  reached  to  the  following  conclusions: 

1.  The  eutectic  reaction  between  A16061  alloy  and  Cu  occurred  at  510°C,  which  was  lower 
than  the  Al-Cu  binary  eutectic  temperature  of  548  °C.  The  lower  temperature  eutectic 
melting  of  A16061  was  attributed  to  the  presence  of  matrix  precipitates  such  as  Mg2Si  and 
Si, 

2.  Diffusion  brazing  of  A16061  using  Cu  insert  showed  isothermal  microstructure  of  the 
joined  region  which  showed  higher  stability  as  the  joining  temperature  increased.  The 
specimen  joined  at  575  °C  exhibited  a  high  tensile  strength  of  172  MPa  with  a  fracture 
occurring  in  the  matrix. 

3.  The  inclusions  observed  in  the  center  of  the  isothermally  solidified  joined  region  were 
found  to  be  amorphous  oxides  of  Al-Si-Mg-0  by  TEM  analysis. 

4.  When  the  joined  region  was  T6  treated,  it  showed  the  maximum  bonding  strength  of  280 
MPa,  which  was  about  93%  of  the  base  metal  strength. 
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ABSTRACT 

Mg-based  alloys  have  been  considered  as  one  of  potential  candidates  for  hydrogen 
absorbing  materials  because  of  their  large  hydrogen  capacity  and  lightweight.  Various 
methods  to  produce  Mg-based  hydrogen  absorbing  alloys  have  been  investigated,  but  mass- 
production  methods  have  not  been  developed. 

The  aim  of  this  study  was  to  develop  mass-production  method  of  Mg-Ni  alloys  in 
ambient  atmosphere  and  to  evaluate  hydrogenation  and  degradation  properties.  Mg-Ni  alloys 
with  various  nickel  compositions  were  produced  by  a  mass-production  of  Rotation-Cylinder 
Method. 


1.  INTRODUCTION 

Magnesium  is  a  promising  hydrogen  absorbing  material  due  to  its  high  storage  capacity, 
low  cost  and  abundance.  Particularly,  Mg  based  alloys  are  quite  suitable  media  for  hydrogen 
transportation  and  on-board  system  of  hydrogen  fueled  vehicle  since  they  are  the  lightest 
among  the  most  widely  used  alloys  [1].  It  has  been  recognized,  however,  that  magnesium 
requires  high  temperature  for  the  reversible  hydriding  and  dehydriding  reaction  because  of  its 
lower  equilibrium  pressure  and  poor  surface  activity  [2],  Nickel  has  been  widely  study  as 
most  effective  catalytic  elements  for  improving  hydrogenation  properties  of  Mg  hydride  [3]. 
But,  as  the  amount  of  nickel  increases,  the  specific  gravity  of  alloys  increases,  and  the 
hydrogen  storage  capacity  decreases. 

Many  attempts,  such  as  mechanical  alloying,  melt-spinning,  and  combustion  synthesis, 
have  been  made  to  produce  Mg  based  alloys  [4~6].  However,  melting  process  for  mass- 
production  in  ambient  atmosphere  has  not  been  developed. 

The  present  paper  discussed  the  mass-producibility  of  Mg-Ni  alloys  by  RCM  (Rotation- 
Cylinder  Method)  and  the  hydrogenation  and  degradation  properties  of  them. 
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2.  EXPERIMENTAL  PROCEDURES 


Pure  magnesium  (99.93%,  Xuzhou  Changhong  Magnesium  Co.)  and  nickel  (99.92%, 
Inco  Co.  Ltd)  ingots  were  used  as  raw  materials.  Nickel  chips  were  prepared  from  nickel 
ingots  by  drilling  without  cutting  oil.  About  800g  of  pure  magnesium  were  melted  in  a  steel 
crucible  in  an  electric  resistance  furnace  under  HFC-134a-C02  protective  atmosphere.  The 
melt  was  then  rotated  at  953K  and  the  desired  amount  of  nickel  (1,  5,  10mass%)  chips  was 
added  a  feed  rate  of  about  4g/min  under  a  rotating  speed  of  800  rev/min.  As-cast  alloys  were 
chipped  by  drilling  and  crushed  by  mechanical  milling  under  hydrogen  atmosphere  to  enlarge 
the  surface  area.  RCM  was  originally  developed  to  manufacture  SiC  particulate  reinforced 
magnesium  composites  and  is  being  used  for  producing  particulate  reinforced  alloy 
composites  as  well  as  for  alloying  low-melting  point  metals  with  high-melting  point  chips 
homogeneously  in  short  time  [7]. 

Noran  217Z-1SPS  electron  probe  microanalysis  was  used  to  identify  the  phases.  X-ray 
diffracted  patterns  of  specimens  were  measured  by  Macscience  M18XHF-SRA  XRD.  And  the 
hydrogenation  and  degradation  properties  were  evaluated  by  Sievert  type  apparatus.  Philips 
XL30  SEM  was  used  to  observe  the  change  of  specimen  morphology  after  given  cycles. 


3.  RESULTS  AND  DISCUSSION 
3.1  Microstructure  and  phase  analysis 

The  as-cast  microstructures  of  Mg-Ni  alloys  are  shown  in  Fig.  1  in  comparison  with  the 
microstructure  of  pure  magnesium.  A  typical  hypoeutectic  structure  of  primary  a  dendrites 
plus  an  interdendritic  eutectic  phase  is  seen  except  for  pure  magnesium.  Much  finer  primary 
phases  are  obtained  with  increasing  nickel  composition.  Especially,  the  as-cast  microstructure 
of  Mg-10mass%Ni  alloy  consists  of  the  island-like  hydride  forming  a-Mg  phase  and  the 
eutectic  phase.  It  has  been  generally  accepted  that  nickel  has  a  catalytic  effect  on  hydrogen 
dissociation  reaction.  So  the  eutectic  phase,  which  is  rich  in  nickel  composition  compared 
with  a  phase,  may  act  as  a  hydrogen  dissociation  site  and  a  channel  for  diffusion  of 
hydrogen  atoms.  These  microstructures  may  promote  hydrogenation  reaction.  Figure  2 
displays  the  schematic  illustration  of  hydrogen  dissociation  and  diffusion.  Figure  3  shows  the 
XRD  patterns  of  each  specimen  after  4  hr  crushing  under  hydrogen  atmosphere  of  2  MPa.  For 
all  specimens,  magnesium  peaks  are  major.  Nickel  and  Mg2NiHo.3  peaks  are  shown  in  Mg- 
5mass%Ni  alloy  and  Mg2NiH4  peak  is  found  in  Mg-10mass%Ni  alloy  with  the  increased 
intensity  of  nickel  and  Mg2NiHo.3  peaks.  EPMA  results  of  the  nominal  and  the  later-frozen 
compositions  of  Mg-Ni  alloys  are  summarized  in  Table  1 . 


1110 


Fig.  1  Microstructures  of  (a)  Pure  Mg  (b)  Mg-linass%Ni  alloy, 
(c)  Mg-5mass%Ni  alloy,  and  (d)  Mg-10mass%Ni  alloy. 


Hydrogen  molecule^ 


Fig.  2  Schematic  illustration  of  hydrogen 
dissociation  and  diffusion  of  hydrogen 
atom  for  hypoeutectic  Mg-Ni  alloy 
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Fig.  3  XRD  patterns  of  crushed  Mg-Ni  alloys 
under  hydrogen  atmosphere  (2  MPa) 
for  4  hr 


Table  1.  Nickel  composition  of  Mg-Ni  alloys 


Alloys 

Mg-lmass%Ni  alloy 

Mg-5mass%Ni  alloy 

Mg-10mass%Ni  alloy 

Ni  content  Nominal 

1.57 

5.62 

10.48 

(mass%)  Eutectic 

20,93 

21.00 

24.45 

3.2  Hydrogenation  properties 

Fig.  4  shows  the  PCX  curves  of  hydriding  and  dehydriding  for  Mg-xmass%Ni  alloys  at 
523,  573  and  623K.  Hydrogen  capacity  of  Mg-lmass%Ni  alloy  is  about  4.5mass%  at  573  and 
623K.  There  is  no  plateau  in  hydriding  reaction  and  a  valley  in  dehydriding  reaction  of  Mg- 
lmass%Ni  alloy  due  to  the  poor  kinetics  of  this  alloy. 
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The  hydrogen  capacity  and  reversible  capacity  of  Mg-5mass%Ni  alloy  increases  in 
comparison  with  Mg-lmass%Ni  alloy  and  the  measured  hydrogen  capacity  of  Mg-5mass%Ni 
alloy  is  83%  of  THSC  (Theoretical  Hydrogen  Storage  Capacity).  About  0.3mass%  hydrogen 
is  remained  in  specimen  without  dehydriding  at  523K.  Figs.  4  (c)  and  (f)  display  the  PCT 
curves  of  Mg-10mass%Ni  alloy.  The  hydrogen  capacity  and  reversible  capacity  are  about 
6.3mass%  and  4mass%  at  623K  respectively.  The  hydrogen  capacity  of  6.3mass% 
corresponds  to  92%  of  THSC.  This  high  hydrogen  capacity  is  attributed  mainly  to  the 
microstructure  of  Mg-10mass%Ni  alloy,  which  consists  of  island-like  a-phase  and  the 
eutectic  phase.  Mg- land  5mass%Ni  alloys  have  higher  THSC  than  Mg-10mass%Ni  alloy,  but 
a-Mg  of  those  alloys  cannot  form  hydride  entirely  because  the  eutectic  phase  is  not  enough 
10 

1 

0,1 

(2  0.01 

S 

!T 

U) 

0-  10 

1 


O.i 

0.01 


H2  Concentration  /  mass% 

Fig.  4  PCT  curves  of  Mg-lmass%Ni  alloy  (a)  hydriding  (d)  dehydriding,  Mg-5mass%Ni 
alloy  (b)  hydriding  (e)  dehydriding,  and  Mg-10mass%Ni  alloy  (c)  hydriding  (f)  dehydriding. 

to  supply  dissociated  hydrogens  to  a-Mg  sufficiently.  The  results  of  Image  analysis  done  by 
Image  Pro®  PLUS,  Media  Cybernetics,  shows  that  the  eutectic  fraction  of  Mg-10mass%Ni 
alloy  is  about  47.6%,  which  surround  the  primary  hydride  forming  a-Mg  and  act  as  the 
dissociated  hydrogen  supplier.  So,  the  a-Mg  of  Mg-10mass%Ni  alloy  can  form  hydride 
easily.  The  measured  dehydriding  plateau  pressure  is  O.lSMPa  at  573K  and  0.1mass% 
hydrogen  is  remained  without  dehydriding  at  523K.  The  calculated  reaction  enthalpy  of  Mg-1, 
5,  I0mass%Ni  alloy  is  -53.98±2.89,  -55.28±0.00,  and  -67.31±2.14kJ/mol,  respectively. 
Reilly  et  al  reported  that  reaction  enthalpy  of  Mg2Ni,  which  was  fabricated  by  induction 
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melting,  is  --64.5kJ/mol  [8].  In  spite  of  small  amount  of  nickel  contents  and  easy  producing 
method,  Mg-10mass%Ni  alloy  produced  by  RCM  achieves  excellent  reaction  enthalpy 
records. 

3. 3  Degradation  behaviors  of  Mg-10mass%Ni  alloy  by  cycling 

The  morphology  change  of  Mg-10mass%Ni  alloy  after  given  cycles  are  shown  in  Fig.  5. 
The  morphology  without  cycling  of  Fig.  5  has  flat  surface  and  sharp  edge  (a)  and  after  10 
cycles,  specimens  started  to  be  crushed  (b).  After  350  cycles,  specimens  were  pulverized  into 
fine  particles  of  100  nm  (c).  It  may  be  originated  from  the  volume  change  of  specimens 
during  hydriding  and  dehydriding  reaction.  Fig.  6  shows  the  changes  of  hydrogen  capacity 
and  the  plateau  pressure  with  the  number  of  cycles.  Hydrogen  capacity  increases  rapidly  up  to 
160  cycles,  then  decreased  slowly.  After  350  cycles,  hydrogen  capacity  is  lowered  about  20% 
of  THSC.  The  fine  particles,  which  have  large  specific  surface  area,  are  highly  reactive  with 
hydrogen.  So,  at  the  initial  stage  of  hydriding  reaction,  the  hydrogen  capacity  increases 
sharply.  After  160  cycles,  however,  the  extreme  pulverization  may  occur  and  cause  the  phase 
separation  of  a-Mg  of  the  primary  hydride  former  and  the  eutectic  of  the  dissociated 
hydrogen  supplier.  The  eutectic  phase  do  not  have  to  supply  hydrogen  to  the  a-Mg,  therefore 
hydrogen  capacity  decreased  after  160  cycles  (a)  and  all  over  the  cycles,  the  hydriding  plateau 
pressure  decreased,  and  dehydriding  plateau  pressure  increased. 


Fig.  5  Morphology  of  the  specimens  after  the  given  cycles  of  (a)  0  cycle,  (b)  10  cycles,  and 
(c)  350  cycles 


No.  of  cycles  . .  e  ^ 

^  No.  of  cycles 


Fig.  6  Variations  of  (a)  the  hydrogen  capacity  and  (b)  the  plateau  pressure  of  Mg-10mass%Ni 
alloy  during  cyclic  test 
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4.  CONCLUSIONS 


1.  Magnesium-nickel  alloys  with  various  nickel  composition  were  produced  by  a  new 
alloying  method,  RCM  in  ambient  atmosphere.  It  is  supposed  that  mass-production  of 
Mg-Ni  alloy,  which  nearly  closed  to  the  desired  composition,  is  possible.  Hydrogen 
capacity  and  reversible  capacity  of  Mg-10mass%Ni  alloy  were  measured  about 
6.3mass%  and  4mass%  at  623K,  respectively. 

2.  High  hydrogen  capacity  of  Mg-10mass%Ni  alloy  is  attributed  mainly  to  the 
microstructures  of  Mg-10mass%Ni  alloy  which  consists  of  island-like  a-Mg  phase  of 
the  primary  hydride  former  and  the  eutectic  phase  of  the  dissociated  hydrogen 
supplier. 

3.  Degradation  behavior  of  Mg-10mass%Ni  alloy  was  estimated  by  hydridng  / 
dehydriding  cyclic  test.  After  350  cycles,  specimens  were  pulverized  into  fine 
particles  of  100  nm.  During  the  cyclic  test,  hydriding  plateau  pressure  decreased  and 
dehydriding  plateau  pressure  increased.  Hydrogen  capacity  increased  sharply  up  to 
160  cycles  and  decreased  slowly.  This  results  may  indicates  that  phase  separation  of 
a-Mg  and  the  eutectic  occurs  during  cycles. 

REFERENCES 

1.  E.  F.  Emley:  Principles  of  Magnesium  Technology,  ed.,  Pergamon  Press  Ltd., 
Oxford,  (1966),  p.l. 

2.  Ed.  By  L.  Schlapbach:  Hydrogen  in  Intermetallic  Compounds  II,  Springer-Verlag, 
New  York,  NY(1992),  pp.  69-70,  p.80. 

3.  L.  Zaluski,  L.  Zaluska  and  J.  O.  Strom-Olsen,  J.  Alloys  Comp.,  Vol.217  (1995),  pp. 
245-249 

4.  T.  W.  Hong,  S.  K.  Kim,  G.  S.  Park,  and  Y  J.  Kim,  Materials  Transactions,  JIM,  Vol.41 
(2000),  pp.393-398. 

5.  G.  Friedlmeier,  M.  Arakawa,  T.  Hirai,  E.  Akiba,  J.  Alloys  Comp.,  Vol.292  (1999),  pp. 
107-117. 

6.  T.  Akiyama,  H.  Isogai,  J.  Yagi,  J.  Alloys  Comp.,  Vol.252(1997)  LI,  pp.l  1-14. 

7.  S.  K.  Kim,  W.  Ha,  C.  H.  Bae,  and  Y.  J.  Kim,  in  Magnesium  Technology  2001,  J.  Hryn, 
eds.,  TMS,  Warrendale,  PA,  (2001),  pp.205-210. 

8.  J.  J.  Reilly,  R.  H.  Wiswall,  Jr.  Inorg.  Chem.,  Vol.7  (1968),  pp.2254 


1114 


DRILLING  OF  MAGNESIUM  AM60B  ALLOY 
BY  USE  OF  PVD  COATED  TOOLS 

E.  Gariboldi,  P.  Locati ,  M.  Vedani 

Politecnico  di  Milano,  Dipartimento  di  Meccanica 
Piazza  L.  da  Vinci  32,  20133  Milano  (Italy) 


ABSTRACT 

The  present  paper  illustrates  a  research  study  on  machinability  in  drilling  operations  of  a 
magnesium  alloy  and  on  the  opportunity  offered  by  the  use  of  coated  tools.  Twist  drills  in 
HSS  steel  (10  mm  diameter)  were  used  for  the  experimental  work.  Two  different  ZrN 
coatings  were  produced  by  means  of  an  arc  evaporation  PVD  process,  using  different 
deposition  parameters  .  Each  coating  was  characterised  as  far  as  thickness  and  surface  finish 
are  concerned.  Dry  machining  drilling  tests  consisting  in  machining  holes  40  and  60  mm  deep 
were  performed.  Three  sets  of  drilling  tests  were  carried  out  with  a  fixed  peripheral  speed  (63 
m/min)  and  with  feed  speed  of  0.27,  0.37,  0.5  and  0.7  mm/rev.  In  each  test  condition  the  tool 
life  has  been  evaluated  and  the  evolution  of  tool  wear  and  of  hole  surface  finish  (roughness) 
were  also  monitored  each  50  machined  holes.  The  experimental  results  allowed  to  state  that 
an  optimal  range  of  feed  speeds  for  each  drill  surface  finish  exists,  higher  for  ZrN  coated  tools. 


1.  INTRODUCTION 

A  ^eat  deal  of  magnesium  components  is  required  by  the  automotive  market  where  the 
choice  of  materials  is  increasingly  dictated  by  weight  saving  and  recycling  needs  [1].  Further, 
the  high  fluidity,  low  specific  heat  per  unit  volume  and  very  low  solubility  of  iron  from  the 
dies  made  it  an  ideal  material  for  die  cast  production  [2]  and  counterbalance  the  complexity  of 
die-casting  equipment  imposed  by  the  reactivity  of  this  metal  [3].  Up  to  now,  the  advantages 
brought  about  by  die  casting  Mg  alloys  have  been  used  above  all  in  the  production  of  thin- 
walled,  complex  shape  products.  The  opportunity  to  produce  bulk  parts  in  Mg  alloys  is  also 
being  taken  into  consideration.  The  amount  of  machining  operations,  such  as  milling,  drilling 
or  boring  will  gain  importance  on  these  parts.  The  machinability  of  magnesium  alloys  has 
been  referred  as  very  good,  with  low  cutting  forces  and  well  broken  chips  [4],  but  the 
reactivity  of  magnesium  has  often  restrained  manufacturers  firom  machining  it.  Further,  the 
use  of  lubrication  has  widely  been  discussed  in  literature  [3,  5].  Despite  the  good 
machinability  of  magnesium  alloys,  attention  has  to  be  paid  to  tool  wear  and  surface  finish. 
Under  certain  operating  conditions,  i.e.  at  high  cutting  speeds,  dry  machining  was  reported  to 
favour  flank  built  up  (FBU)  on  tools  (i.e.  the  adhesion  of  the  materiel  being  machined  on  the 
clearance  face  of  the  tool)  and  to  increase  both  cutting  forces  and  machined  surface  roughness 
[5-7].  FBU  is  a  characteristic  feature  in  machining  Al-containing  Mg  alloys  having  significant 
amounts  of  the  eutectic  Mg-MgnAln  at  grain  boundaries.  The  main  reason  for  FBU  was 
proved  to  be  the  local  rise  to  the  eutectic  temperature  (437°C  for  Mg-Al  alloy)  at  which  the 
eutectic  melts,  thus  steeply  increasing  the  alloy  plasticity  [5-6].  Some  characteristies  of  tools 
have  been  reported  to  have  positive  effects  on  FBU  formation:  a  low  friction  coefficient 
between  tool  and  material  being  machined,  high  thermal  conductivity  (both  factors  concurring 
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in  lowering  temperature  in  the  cutting  zone)  and  a  sharp  cutting  edge.  The  present  paper 
illustrates  a  study  carried  out  on  the  machinability  in  drilling  operations  of  AM60B  alloy  and 
on  the  opportunity  of  using  PVD  coated  twist  drills  and  heavy  dry  machining  conditions. 


2.  MATERIALS  AND  EXPERIMENTAL  PROCEDURES 

Twist  drills  in  M2  grade  HSS  steel  were  used  for  the  experimental  work.  Drills, 
corresponding  to  DIN  388  standard,  had  a  diameter  of  10  mm,  an  helix  angle  of  about  35°,  a 
point  angle  of  130°.  In  order  to  evaluate  the  machinability  of  a  magnesium  alloy  and,  at  the 
same  time  the  opportunities  offered  by  coatings,  three  series  of  drills  were  coated  with 
zirconium  nitride  (ZrN)  by  an  arc  evaporation  PVD  process.  For  this  nitride  two  sets  of 
process  parameters  have  been  used  and  the  corresponding  coatings  will  be  hereafter  referred 
as  ZrN-a  and  ZrN-b.  The  coating  process  (PUSK  Process)  is  characterized  by  a  steered  arc,  by 
three  cathodes  and  a  three  axes  rotation  system  that  minimize  the  shadow  effects  allowing  an 
almost  homogeneous  thickness  to  be  obtained.  During  PVD  coating  the  tool  substrate  reached 
temperatures  of  480-500°C.  Coatings  were  characterized  by  SEM  examination  of  surface 
finish  and  by  the  thickness  evaluation  in  different  locations  on  longitudinally  sectioned  twist 
drills.  The  influence  of  substrate  surface  finish  on  the  coating  surface  characteristics  has  been 
estimated  on  sets  of  cylindrical  samples  cut  from  the  straight  shank  of  drills  and  polished  by 
conventional  metallographic  techniques  up  to  different  roughness  levels. 

The  widely  used  AM60B  die  casting  Mg-alloy,  was  chosen  to  perform  machinability  tests. 
The  alloy  was  supplied  as  ingots  measuring  320  X  1 30  X  100  mm  .  The  microstructure  of 
ingots  was  made  of  a  Mg-matrix  containing  eutectic  Mg-Mg^Al^  and  AlMn  particles.  The 
hardness  values  (52HV)  and  microstructural  features  were  similar  (apart  from  grain  size)  to 
those  of  die  cast  products  made  of  the  same  alloy  [8],  and  results  of  machinability  tests  can 
reasonably  be  transferred  to  die  cast  products.  Two  sets  of  drilling  tests  were  carried  out  on 
the  above  ingots.  In  the  first  set,  performed  using  uncoated  (UC)  and  ZrN-a  coated  tools,  40 
mm  deep  holes  were  machined  in  two  steps.  The  total  depth  was  increased  to  60  mm 
(machined  in  three  steps)  in  a  second  set  of  tests  on  uncoated  and  ZrN-b  coated  tools  in  order 
to  obtain  heavier  working  conditions.  The  drilling  parameters  and  the  number  of  test  tools 
used  for  machining  tests  are  listed  in  Table  1.  All  drilling  tests  were  performed  at  a  fixed 
peripheral  speed  (63  m/min,  in  the  low  range  suggested  in  literature  [9])  and  with  different 
feed  speed;  0.37,  0.5  mm/rev  were  chosen  for  both  sets  of  tests,  while  0.27  and  0.70  mm/rev 
feed  speed  have  been  investigated  only  for  the  first  and  second  set,  respectively.  By  this  way 
the  thickness  of  chips  was  greater  than  0.25,  as  usually  suggested  for  safety  reasons.  For  each 
test,  every  50  machined  holes  (20  at  0.7  mm/rev  feed  speed)  pictures  of  the  drill  were  taken  to 
follow  the  wear  evolution  by  means  of  observation  on  a  stereomicroscope  and,  in  particular 
cases,  SEM  analysis.  Roughness  profiles  of  the  0-6  mm  from  the  surface  of  the  holes  and,  for 
the  second  series  of  tests,  also  of  the  region  at  12-18  mm  deep  were  also  taken  in  order  to 
correlate  the  hole  finish  to  the  tool  condition. 


3.  RESULTS 

The  SEM  observation  of  the  coated  samples  surfaces  revealed  traces  of  impacts  and  metallic 
droplets,  typical  features  of  arc  evaporation  process,  particularly  evident  in  ZrN-a  coating, 
where  some  large  droplets  (up  to  50pm  long)  were  observed.  The  surface  finish  of  the  second 
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coating  (ZrN-b)  was  more  homogeneous  and  the  maximum  size  of  droplets  was  8  pm.  The 
surface  features  of  coated  tools  corresponded  to  those  previously  mentioned  on  the  clearance 
face  of  drills,  while  the  presence  of  some  craters,  as  well  as  of  droplets,  characterized  the 
surface  of  the  flutes.  Both  SEM  observations  and  roughness  measurements  highlighted  that 
the  presence  of  the  above  irregularities  were  of  particular  importance  when  well-finished 
surface  were  coated,  as  discussed  in  a  previous  analysis  [10].  The  presence  of  large  droplets 
on  ZrN-a  coating  significantly  increased  Ra  roughness  values  of  twist  drills,  as  reported  in 
Table  2.  The  different  surface  finish  of  the  tools  is  better  underlined  by  a  second  roughness 
parameter,  Rpm  (expressed  in  pm,  in  Table  2),  the  average  of  the  5  maximum  peaks  of  the 
roughness  profile  measured  in  5  corresponding  partial  measurement  sections.  Despite  the 
measurement  of  roughness  on  the  rake  face  was  prevented  by  geometrical  reasons,  its  visually 
higher  roughness  reasonably  smoothed  the  differences  between  coated  and  uncoated  tools. 
The  thickness  of  the  coating  layer,  reported  in  Table  2,  reflects  the  location  of  cylindrical 
samples  inside  the  coating  chamber  and  a  partial  shadow  effect. 

Table  1.  Machining  parameters  and  corresponding  tool  life  and  hole  surface 
roughness  for  drilling  tests  on  uncoated  (UC),  ZrN-a  and  ZrN-b  coated  tools. 


Test  reference 
number 

Peripheral 

speed 

(m/min) 

Feed  speed 
(mm/rev) 

Tested 

tools 

(Average) 
tool  life 
(m) 

Standard 

deviation 

Average  Ra 
roughness  of 
holes 
(0-6  mm) 

Average  Ra 
roughness  of 
holes 

(12-18  mm) 

ZrNa-40-0.27 

UC-40-0.27 

63 

0.27 

1 

1.4 

4.2 

- 

0.76 

0.63 

- 

ZrNa-40-0.37 

UC-40-0.37 

63 

0.35 

1 

16.1 

20 

- 

0.83 

1.35 

- 

ZrNa-40-0.50 

UC-40-0.50 

63 

0.50 

1 

16.8 

10.3 

- 

0.72 

1.08 

- 

ZrNb-60-0.37 

UC-60-0.37 

63 

0.35 

3 

12.2 

15.4 

0.28 

0.19 

0.53 

0.62 

0.54 

0.91 

ZrNb-60-0.50 

UC-60-0.50 

63 

0.5 

5 

21.7 

10.3 

0.28 

0.29 

0.49 

0.54 

0.49 

0.80 

ZrNb-60-0.70 

UC-60-0.70 

63 

0.70 

1 

1.2 

3.6 

_ 

- 

- 

The  results  of  machining  tests  expressed  in  terms  of  distance  machined  by  twist  drills  in  each 
coating/feed  speed  conditions  are  listed  in  Table  1.  Focusing  on  the  first  set  of  three  drilling 
tests,  even  if  the  reported  values  represent  the  results  of  single  tests  (and  thus  no  statistical 
evaluation  on  tool  life  can  be  performed),  significant  effect  of  the  machining  conditions  can 
be  observed.  The  tool  life  of  both  tools  at  the  minimum  feed  speed  was  very  short.  It 
displayed  a  better  behaviour  at  intermediate  feed  speed  for  the  uncoated  tools.  The  best  results 
in  terms  of  tool  life  for  ZrN-a  twist  drills  correspond  to  medium  and  high  feed  speed,  where 
this  tool  behave  better  than  the  uncoated  one.  An  analogous  tool  life  evolution  of  the  ZrN-b 
twist  drills,  with  long  machined  length  at  0.5mm/rev  resulted  from  the  second  series  of  tests  at 
increased  hole  depth.  On  the  contrary  in  this  second  series  of  tests,  life  of  uncoated  tools 
reduced  as  the  feed  speed  increased.  The  repeatability  of  tool  lives  can  be  observed  by 
standard  deviation  values  given  in  table  1 . 
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Table  2.  Thickness  and  roughness  of  the  coatings  on  samples  and  twist  drills. 


Coating 

Thickness 

Roughness  of  Clearance 
face 

Samples 

(urn) 

Clearance 

face 

(Hm) 

Rake  face 
(urn) 

R» 

//  cutting  edge 
(Hm) 

Ra 

1  cutting  edge 
(l^nt) _ 

l^pm 

//  cutting  edge 
(pm) 

F-pm 

1  cutting  edge 

_ (tim) _ 

ZrN-a 

2.0 

3 

1.8 

0.52 

0.21 

1.89 

0.94 

ZrN-b 

1.3 

2.0 

1.85 

0.45 

0.12 

1.26 

0.70 

UC 

. 

- 

- 

0.44 

0.14 

1.08 

0.40 

The  examination  of  twist  drills  every  50  holes  allowed  to  monitor  the  wear  evolution  of  the 
tool.  When  considering  the  minimum  feed  speed,  0.27  mm/rev  in  drilling  holes  40  mm  deep, 
the  formation  of  a  magnesium  FBU  was  observed  both  on  the  cutting  edge  and  on  the  margin 
of  the  drill.  Further  drilling  led  to  the  formation  of  a  continuum  layer  of  Mg  that  covered  the 
whole  flutes.  The  fomiation  of  FBU  at  the  cutting  edge  corresponded  to  an  increase  of  cutting 
forces,  vibrations  and  to  a  modification  in  the  chip  geometry  (from  short  to  longer  and  curled, 
with  evidence  of  extensive  plastic  deformation).  The  low  feed  speed  of  this  set  of  tests 
reasonably  caused  machining  of  hardened  magnesium  alloy  layers  and  thus  increased  cutting 
force,  high  local  temperatures  or  even  partial  fusion  of  this  alloy. 


Figure  1.  Typical  adhesion  of  Mg  alloy  on  twist  drills  during  machining  60  mm  deep  holes 
with  a  feed  speed  of  0.5  mm/rev:  a)  on  the  clearance  face  of  a  ZrN-b  twist  drill,  after  160 
holes  (9.6  m);  b)  on  the  surface  of  the  flutes  of  an  uncoated  twist  drill  after  200  holes  (12  m). 


Greater  feed  speed  of  0.37  mm/rev  modified  the  wear  characteristics  of  the  tools  and, 
consequently,  the  tool  life.  An  earlier  formation  of  a  built-up  layer  on  the  margin  and  the 
extension  of  magnesium  layer  from  the  margin  to  all  the  clearance  face  characterized  these 
tests  (Figure  la).  It  was  also  observed  the  presence  of  a  continuum  magnesium  layer  inside 
the  flutes  and  progressively,  the  adhesion  on  them  of  fragments  of  chips  displaying  extensive 
plasticity  (Figure  lb).  The  onset  and  the  progress  of  each  of  the  above  features  varied  with  the 
coating  and  machining  conditions.  In  drilling  of  40mm  deep  holes,  the  retarded  onset  of  the 
above  adhesive  wear  forms  produced  during  most  of  the  test  short  and  well  broken  chips.  Up 
to  the  final  holes  machined  no  difficulty  of  chip  evacuation  was  observed.  Machining  deeper 
holes  increased  the  difficulty  to  evacuate  chips,  that  partially  adhered  to  subsequent  chips  and 
then  on  the  flute  surface.  Both  the  partial  break-off  of  the  hardened  magnesium  layer  from  the 
tool  margins  and  the  presence  of  long  curled  chips  have  deleterious  effects  on  the  hole  surface 
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finish,  particularly  on  the  external  region  of  the  holes,  as  confirmed  by  comparisons  of  O-brnm 
and  12-18  mm  deep  roughness  measurements.  A  reduced  break-off  of  magnesium  particles 
from  ZrN-b  twist  drills  generally  corresponded  to  lower  roughness  of  machined  holes  than 
that  of  UC  tools,  as  clearly  appears  in  Figure  2. 


Figure  2.  Ra  roughness  measured  on  the  first  and  every  50^^  machined  60  mm  hole  (feed  speed 
0.37  mm/rev)  at  depth  of  0-6  mm  and  12-18  mm  for  UC  (a)  and  ZrN-b  (b)  coated  tools. 


At  the  feed  rate  of  0.50  mm/rev  the  formation  and  evolution  of  magnesium  built-up  layer 
was  similar  to  the  medium  feed  speed.  Under  these  machining  condition  the  duration  of  the 
step  corresponding  to  external  surfaces  kept  free  from  the  machined  alloy  was  generally 
reduced  and  the  same  was  true  for  the  period  of  generation  of  broken  chips.  At  the  same  time, 
the  presence  of  magnesium  on  flutes  was  more  significant  and  the  evacuation  of  chips,  of 
increased  thickness  and  showing  signs  of  great  plastic  deformation,  was  very  difficult.  An 
opposite  behaviour  under  this  machining  parameters  was  found  for  the  ZrN-b  tool,  displaying 
its  longest  life.  The  absence  of  a  continuum  Mg  layer  on  the  margin  as  well  as  break-off  from 
it  (Figure  3)  and  the  formation,  during  most  of  the  tool  life,  of  broken  chips,  led  also  to  low 
roughness  values  of  holes,  even  in  their  portion  near  the  external  surface. 

At  the  greatest  feed  speed,  the  tool  life  decreased  due  to  the  anticipated  onset  of  the  features 
of  adhesive  wear  already  reported  for  the  first  series  of  test. 


Figure  3.  ZrN-b  twist  drills  after  machining  60mm  deep  holes  with  a  feed  speed 
of  0.5  mm/rev:  a)  clearance  face  after  160  holes,  b)  flute  after  120  holes. 
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4.  DISCUSSION  AND  CONCLUSIONS 


The  preliminary  evaluation  of  the  coating  characteristics  evidenced  that  the  thin  layers 
produced  by  arc  evaporation  PVD  technique  had  different  surface  finish  and  displayed  the 
presence  of  droplets  typical  of  this  PVD  process,  of  larger  size  in  ZrN-a  coating.  Due  to  the 
initial  roughness  values  of  the  uncoated  tools,  the  initial  Ra  and  Rpm  roughness  parameters  of 
ZrN-b  twist  drills  were  not  significantly  increased  by  the  nitride  deposition. 

Under  the  investigated  range  of  machining  parameters  all  the  examined  tools  reached  the  end 
of  life  due  to  extensive  adhesion  of  magnesium.  The  present  machining  tests  showed  that 
there  is  an  optimal  range  of  feed  speed  that  guarantees  at  the  same  time  long  tool  life  and 
good  surface  finish  of  the  holes.  Even  if,  for  a  correct  definition  of  the  tool  life,  dependence 
on  the  feed  speed  a  more  extensive  number  of  tests  should  be  performed,  it  is  clearly 
demonstrated  from  the  present  tests  the  improved  behaviour  of  ZrN-b  coated  tools  at  higher 
feed  speeds,  both  in  terms  of  machined  length  and  hole  surface  finish.  The  improvement 
brought  about  by  zirconium  nitride  coating  when  heavy  machining  parameters  are  used  is 
confirmed  by  the  ZrN-a  coating,  despite  its  surface  finish.  Longer  tool  lives  were  found  for 
uncoated  tools  in  the  low-medium  range  of  feed  speed. 

Several  factors  play  their  role  in  determining  tool  life  and  their  combination  led  to  the  optimal 
range  of  machining  parameters:  the  heat  generated  during  the  formation  of  chip,  high  both  at 
high  and  at  low  feed  speed  (in  this  latter  case  because  an  hardened  layer  of  magnesium  is 
machined  and  because  of  the  formation  of  FBU  on  the  cutting  edge),  the  heat  removal  from 
the  machined  zone,  the  thermal  barrier  effect  of  coatings,  the  tendency  of  magnesium  to 
adhere  to  the  tool  and  the  friction  characteristics  of  the  tool  surface.  This  latter  two  factors  can 
be  reduced  by  the  presence  of  a  suitable  coating  and  on  tool  surface  roughness. 

The  results  presented  in  this  paper  offer  a  contribution  to  the  improvement  of  machining 
parameter  for  drilling  operations  on  a  magnesium  alloy.  In  order  to  determine  the  best  drilling 
parameters  for  coated  and  uncoated  tools  a  wider  set  of  experimental  tests  should  be 
performed,  also  taking  into  consideration  different  tool  geometry. 
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ABSTRACT 

With  the  prime  objective  of  contriving  an  effective  method  of  drilling  on  conventional 
machine  tools  with  conventional  drills,  the  high  feed  rate  drilling  of  aluminum  alloy  A 1050, 
A2017  and  A6061  is  attempted  with  titanium  nitride  coated  SKH56  drills  under  cutting 
conditions  (ISOOipm,  l.Omm/rev)  harsher  than  those  generally  employed.  Results  obtained  of 
cutting  characteristics  such  as  cutting  forces,  chip  shape,  burr  shape,  drill  life,  etc  were 
examined  in  order  to  determine  the  critical  cutting  condition  for  conventional  drills.  From 
results  obtained  it  is  found  that  the  high  feed  drilling  of  aluminum  alloy  A1050  is  difficult 
practically.  While  high  feed  drilling  in  A2017  and  A6061  alloys  is  very  feasible. 


1.  Introduction 

Established  custom  from  time  past  to  employ  the  conventional  norm  to  the  drilling 
operation  is  very  important  since  1/3  of  all  machining  operations  is  made  up  of  drilling,  thus, 
high  efficiency  and  stability  of  the  drilling  operation  are  important  requisites  for  enhancing 
production.  From  this  standpoint,  various  studies  into  enhancing  the  efficiency  of  the  drilling 
operation  are  undertaken.  For  instance,  super  high  speed  drilling  that  became  possible  due  to 
advances  made  in  rotating  the  spindle  of  machine  tools  at  super  high  speed  and  research  into 
high  feed  drilling  using  special  drills  with  a  web  thickness  3  times  that  of  conventional  drills 
and  having  a  second  cutting  edge  instead  of  a  chisel  edge  [1].  Super  high  speed  drilling  and 
the  use  of  special  drills  are  also  important  methods  that  can  be  used  to  enhance  drilling 
efficiency,  however,  there  are  machining  cost  related  problems  that  need  to  be  solved  before 
these  methods  are  widely  accepted. 

As  mentioned  earlier,  recently  great  strides  have  been  in  drill  strength,  cutting  edge  strength 
and  heat  resistance  etc  of  conventional  drills,  conventional  drills  are  now  believed  capable  of 
withstanding  harsher  cutting  conditions  than  conditions  generally  used  at  the  moment.  In  this 
light,  conventional  drills  and  a  conventional  machine  tool  are  employed  in  this  study  with  the 
prime  objective  of  contriving  a  high  drilling  efficiency,  to  attain  this  goal,  TiN  coated  SKH56 
drills  are  employed  in  the  high  feed  drilling  of  three  types  of  aluminum  alloy  workpiece  and 
variables  such  as  cutting  forces,  chip  shape,  burr  shape  and  drill  life  etc  are  examined  and  the 
critical  cutting  condition  of  conventional  drills  is  investigated. 

2.  Experimental  Method 

2.1  Drilling  Device,  Workpiece  and  Drill 

Tests  were  performed  on  a  CNC  drilling  machine  (FANUC)  driven  by  a  5,5kW  motor.  A 
piezo-electric  dynamometer  attached  to  the  chuck  of  the  drilling  machine  was  used  to 
measme  cutting  forces  (thrust,  torque).  Rectangular  blocks  20mm  thick  of  three  types  of 
aluminum  alloys  (A1050,  A2017  and  A6061)  were  used  as  workpiece.  TiN  coated  SKH56 
drills  of  diameter  6mm  were  used  in  the  study. 

2.2  Cutting  Conditions 

The  following  rotational  speeds  500,  750,  1000,  1250  and  1500ipm  were  employed  in 
experiments  to  investigate  the  critical  cutting  conditions  and  at  each  cutting  speed  drilled 
under  wet  conditions  using  an  emulsion  type  (JIS  Wl-1)  water-soluble  cutting  fluid. 
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3.  Results  and  Discussion 

3.1  Cutting  Forces 

3.1.1  Workpiece  A1050  Fig.l  shows  cutting  forces  (the  maximum  thrust  force  and 
torque  values)  for  alloy  A 1050  drilled  at  the  various  cutting  speed  ranging  from  500-1 500rpm 
using  the  following  feed  rates  F=  0.15,  0.5  and  l.Omm/rev.  The  plot  shows  that  the  thrust 
force  is  roughly  250N,  while  torque  is  about  INm  for  a  normal  feed  rate  F— 0.15mm/rev  and 
stays  almost  constant  with  subsequent  increases  in  cutting  speed.  In  the  case  of  feed  rate 
F=0.5mm/rev,  the  observed  trend  is  that  thrust  force  and  torque  increase  with  increases  in 
cutting  speed.  In  the  case  of  high  feed  rate  F=L0mm/rev,  at  a  cutting  speed  of  500rpm  a  high 
thrust  force  roughly  2500N  is  revealed  while  at  a  cutting  speed  of  750rpm  there  is  a  sharp 
drop  in  thrust  force  to  approx  1600N  and  torque  to  9.5Nm.  As  cutting  speed  increases  further 
the  thrust  force  and  torque  increase  once  again. 
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Fig.l  Relation  between  cutting  force  and  rotational  speed.  (  A 1 050  ) 

Fig.2  shows  plots  of  the  measured  results  of  the  thrust  force  and  torque  for  cutting  speed 
1500rpm  at  feed  rates  F-0.15,  0.5  and  l.Omm/rev.  The  plots  show  that  at  feed  rate  F=1.0 
mm/rev,  thrust  force  and  torque  show  a  rapid  increase  at  a  hole  depth  of  about  10mm,  the 
rapid  rise  is  believed  attributed  to  a  decrease  in  chip  disposal  rate.  Beside,  at  a  cutting  speed 
of  ISOOrpm,  thrust  force  and  torque  for  high  feed  F=  l.Omm/rev  are  8  times  and  11  times 
respectively  larger  than  values  for  the  normal  feed  F=0. 1 5mm/rev.  It  is  discovered  that  a  large 
load  acts  on  the  drill  when  machining  a  ductile  material  such  as  alloy  A 1050. 


Fig.2  Comparison  of  cutting  force.  (  ISOOrpm  ) 


3.1.2  Workpiece  A2017  Fig.3  shows  the  same  relationship  as  in  Fig.l  for  alloy  A2017. 
The  plot  shows  that  for  feed  rate  F=0.15mm/rev,  that  even  with  increases  in  cutting  speed  a 
constant  thrust  force  of  about  400N  and  torque  of  1  Nm  is  obtained.  In  the  case  of  feed  rate 
F=0.15mm/rev,  the  thrust  force  approx  900N  and  torque  about  3Nm  is  constant  when  drilling 
at  each  cutting  speed.  Likewise,  in  the  case  of  feed  rate  F=  l.Omm/rev  the  thrust  force  approx 
1900N  and  torque  about  5.5Nm  is  constant.  In  the  case  alloy  A2017,  overall,  cutting  forces 
are  constant  irrespective  of  the  cutting  speed. 

Fig.4  shows  the  plot  of  measured  results  of  cutting  forces  at  speed  of  1500rpm  and  feed 
rates  of  F=0.15,  0.5  and  l.Omm/rev.  Though  a  large  dynamic  component  can  be  observed  in 
both  the  thrust  and  torque  at  feed  rate  F=  l.Omm/rev,  the  cutting  state  is  relatively  steady. 
Whereas,  for  feed  rate  F=0.5mm/rev  the  dynamic  component  is  small  which  is  indicative  of 
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the  excellent  state  of  the  drilling.  Even  in  the  case  of  high  feed  rate  F=1.0mm/rev  the  thrust  ^ 
force  and  torque  are  both  4.8  times  those  for  feed  rate  F=0.15mm/rev. 


Rotational  speed  rpm  Rotational  speed  rpm 


Fig.3  Relation  between  cutting  force  and  rotational  speed.  ( A2017  ) 


Fig.4  Comparison  of  cutting  force  (  ISOOrpm ). 


3.1.3  Workpiece  A6061  Just  as  in  Fig.l,  results  for  alloy  A6061  are  given  in  Fig.5.  As 
can  been  seen  in  the  plot,  cutting  forces  show  a  similar  trend  to  those  of  A2017.  At  all  the 
cutting  speeds  employed,  the  thrust  force  and  torque  for  alloy  A6061  is  1/3  those  of  alloy 
A2017.  However,  torque  shows  a  decreasing  trend  with  an  increase  in  cutting  speed. 
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Fig.5  Relation  between  cutting  force  and  rotational  speed.  ( A 6061  ) 

Cutting  forces  measured  at  a  cutting  speed  of  1500rpm  are  given  in  Fig.6.  The  plot  shows 
that  at  feed  rate  F=1.0  the  dynamic  component  of  cutting  forces  is  smaller  than  for  alloy 
A2017,  the  smaller  dynamic  component  indicates  an  excellent  state  of  drilling.  The  thrust 
force  and  torque  for  high  feed  rate  F=1.0mm/rev  are  respectively  4.2  and  4  times  those  for 
feed  rate  F=0.15mm/rev.  It  can  be  gathered  from  measured  results  of  cuttings  forces  stated 
above  that  a  large  load  is  exerted  on  the  drill  during  high  feed  drilling  and  as  result  breaking 
strength  is  a  problem.  As  a  consequence,  the  focus  was  shifted  to  investigating  the  breaking 
strength.  The  experimental  formula  for  deriving  the  torsion  breaking  torque  Tb  of  HSS  drills 
is  generally  given  by  Eq.l  [2]. 

r,  =1.26/)'''  (1) 

where  D  =  diameter  of  drill 
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Using  the  above  equation,  the  torsion  breaking  torque  of  the  6mm  in  diameter  drills  is 
about  16.2Nm.  When  alloy  A 1050  is  drilled  at  a  speed  of  ISOOrpm  and  feed  of  F=1.0mm/rev 
the  maximum  instantaneous  torque  is  about  1 1 .5Nm  whereas,  the  maximum  torque  for  alloy 
A2017  and  A6061  is  roughly  5Nm.  This  value  is  approximately  31%  of  the  maximum 
instantaneous  torque  value.  Breaking  of  the  drill  can  be  thought  of  when  drilling  alloy  A 1050 
whereas  when  drilling  in  alloy  A2017  and  A6061  a  drill  is  thought  to  have  sufficient  strength. 


Fig. 6  Comparison  of  cutting  force  (  ISOOrpm  ). 


3.2  Chip  Shape 

3.2.1  Workpiece  A1050  Fig.7  shows  the  typical  chips  produced  when  holcmaking  in 
alloy  A 1050  at  a  speed  of  1500rpm  and  at  the  various  feed  rates  F=0.15,  0.5  and  1.0  mm/rev. 
At  a  normal  feed  rate  F=0. 1 5mm/rev,  thin  long  pitched  chips  are  formed.  Chips  of  this  nature 
are  not  influenced  by  the  strong  restraining  action  of  the  wall  of  the  drilled  hole  and  as  result 
are  easily  flow  through  the  drill  flute  leading  to  low  cutting  forces  and  subsequently  an 
excellent  drilling  state. 


!  1  P  5  :  :  n  M  M  M 

(a)  F=^0. 1 5mm/rcv 
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(b)  F^0.5mm/rcv 
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(c)  F=1  .Omm/rev 


Fig.7  Comparison  of  chip  shape  (A  1050). 
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Fig.8  Comparison  of  chip  shape  (A201 7). 


Flowever,  in  the  case  of  high  feed  rate  F=0.5  and  F=l. Omm/rev,  long  pitched  chips  of 
length  about  70~100mm  that  are  extremely  thick  are  formed.  The  strong  restraining  force  of 
the  wall  of  the  drilled  hole  is  exerted  on  chips  of  this  nature  as  the  chips  flow  throw  the  hole 
but  as  the  ductility  of  alloy  A 1050  is  large  chips  are  able  to  withstand  severe  deformation 
without  breaking  into  bits  as  evident  from  the  long  pitched  chips  produced.  In  the  case  of  feed 
rate  F=l. Omm/rev,  the  thickest  portion  of  some  of  the  chips  exceed  1.5mm  and  judging  from 
the  size  of  the  drill  flute,  chip  elimination  is  believed  to  be  difficult.  The  plot  of  cutting  forces 
in  Fig.2  discussed  earlier  substantiates  this  argument,  thus  the  cutting  condition  is  considered 
severe. 
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3.2.2  Workpiece  A2017  Fig.8  shows  chips  formed  when  drilling  alloy  A2017  under 
conditions  similar  to  that  of  Fig.7.  In  the  case  of  the  normal  feed  rate  F=0.15,  cone  shaped 
helical  chips  are  formed  at  a  shallow  depth  of  the  drilled  hole  but  as  the  hole  depth  increases 
transitional  cone  shaped  chips  are  eliminated.  Whereas,  in  the  case  of  high  feed  rate  F=0.5 
and  F=1.0  mm/rev,  fan  shaped  chips  are  eliminated,  this  is  due  to  the  large  depth  of  cut  that 
causes  thick  chips  to  be  formed,  though  the  wall  of  the  drilled  hole  exert  a  strong  restraining 
force  on  the  chips  formed,  the  breaking  strain  is  small  in  the  case  of  alloy  A2017  compared  to 
alloy  A 1050  because  of  its  small  ductility  and  is  believed  to  break  easily  due  to  the  formation 
of  cracks  on  the  chip  surface  along  the  furrows.  Chips  formed  this  way  have  excellent 
disposal  rate  as  is  evident  from  the  large  decrease  in  torque  as  compared  to  the  torque  for 
alloy  A1050. 

3.2.3  Workpiece  A6061  Fig.9  shows  chips  formed  when  drilling  alloy  A6061  under 
conditions  similar  to  that  of  Fig.7.  In  the  case  of  high  feed  rate  F==1.0  long  pitched  chips  of 
length  20-'30mm  are  eliminated.  The  ductility  of  alloy  A6061  is  a  bit  bigger  than  that  of  alloy 
2017  and  as  a  result  chips  formed  in  alloy  A6061  are  not  fan  shaped  but  rather  having  a  long 
pitch,  this  sort  of  long  pitched  chips  of  suitable  length  have  good  chip  exposal  because  the 
wall  of  the  drilled  hole  exerts  a  much  smaller  restraining  force  on  the  long  pitched  chips 
formed.  The  smaller  restraining  force  exerted  is  believed  responsible  for  the  lowest  cutting 
forces  compared  to  the  other  two  alloy  types. 


(a)  F=0. 1 5 mm/rev 
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Fig.9  Comparison  of  chip  shape  (A6061). 
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(c)  F=1.0mm/rev 


3.3  Burr  Shape 

The  burr  shape  formed  at  the  exit  of  the  drilled  hole  when  drilling  the  various  alloys  at  a 
cutting  speed  of  1500rpm  and  feed  rate  of  l.Omm/rev  is  shown  in  Fig.lO.  The  burr  shape  for 
alloy  A 1050  is  dome  shaped  with  the  workpiece  material  thrusted  out.  As  can  be  observed 
from  the  cutting  force  and  shape  of  chips  formed,  this  is  attributed  to  the  occurrence  of  severe 
clogging  of  chips  and  as  a  result  there  is  little  or  no  cutting  action  by  the  cutting  edges  around 
the  hole  exit  and  that  has  led  to  a  large  ductile  portion  of  the  workpiece  material  to  thrust  out. 
Judging  from  the  burr  shape,  cutting  forces  and  chip  shape  it  is  not  practical  to  drill  in  alloy 
A1050  at  high  feed  rate  F=0.5  or  F=1.0.  In  the  case  of  alloy  A2017,  the  height  of  the  burr 
formed  is  low  and  the  thickness  of  the  base  of  the  burr  is  also  small.  The  size  of  the  burr 
formed  is  of  the  same  size  as  that  formed  under  normal  feed  conditions.  Whereas  for  alloy 
A6061,  the  height  of  the  burr  formed  as  well  as  the  thickness  of  the  base  of  the  burr  is  large 
compared  to  those  formed  when  drilling  in  alloy  A2017. 


(a)  A 1050 


(b)  A2017 

Fig.lO  Comparison  of  burr  shape. 


(c)  A606 1 
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The  shape  of  the  burr  formed  in  alloy  A6061  resembles  a  petal.  This  is  attributed  to  a  much 
higher  ductility  when  drilling  in  A6061  compared  to  A2017  and  as  a  result,  immediately  the 
chisel  edge  penetrates  through  the  workpiece  the  uncut  portion  at  the  underside  of  the 
workpiece  is  thrusted  out.  A  burr  of  this  extent  is  believed  acceptable  in  practical  machining 
situations. 

3.4  Drill  Life 

From  examining  the  cutting  force,  chip  shape  and  burr  shape  results,  drilling  in  A 1050  was 
considered  not  feasible  at  feed  rates  of  F=0.5  and  F=1.0mm/rev.  However,  since  drilling  at 
high  feed  rates  was  deemed  possible  in  A2017  and  A6061,  drill  life  test  at  cutting  speed  of 
1500rpm  and  a  feed  rate  F=1.0mm/rev.  Since  it  was  discovered  from  preliminary  tests  that 
drill  life  exceeded  5000  holes  the  drill  life  test  entailed  drilling  500  holes  continuously  and  the 
relation  between  the  number  of  holes  drilled  and  cutting  force  was  examined. 

The  relation  between  number  of  holes  drilled  and  cutting  force  for  alloy  A2017  and  alloy 
A6061  workpiece  are  displayed  respectively  in  Fig.ll.  As  can  be  seen  in  Fig.  11,  the  thrust 
force  of  alloy  A2017  is  about  1600N  while  the  torque  is  about  4.3Nm.  It  can  be  seen  from  the 
plot  that  the  thrust  and  torque  are  almost  constant  and  that  cutting  force  does  not  vary  with  an 
increase  in  the  number  of  holes  drilled.  On  the  contrary,  in  the  case  of  alloy  A606 1  the  thrust 
force  obtained  at  the  1st  hole  approx  1400N  and  the  torque  about  4Nm  which  is  smaller  than 
the  values  for  alloy  A2017  mentioned  earlier  however,  in  the  case  of  alloy  A6061  cutting 
force  increases  with  increases  in  the  number  of  holes  drilled  and  at  the  500th  hole  the  thrust 
force  is  about  1500N  and  the  torque  is  about  4.5Nm.  From  the  above  results,  it  has  been 
clearly  shown  that  at  high  feed  rate  F=1.0mm/rev  drilling  is  still  possible  in  both  workpiece 
types  after  drilling  continuously. 


Fig.ll  Relation  between  no.  of  drilled  holes  and  cutting  force. 


4.  Conclusion 

The  following  facts  are  clarified  from  the  study  of  results  of  cutting  characteristics  such  as 

cutting  forces,  chip  shape,  burr  shape,  and  drill  life  etc. 

(1)  The  cutting  force  when  high  feed  drilling  alloy  A 1050  at  a  cutting  speed  of  1500 
rpm  and  feed  rate  of  F=0.5  or  1.0  mm/rev  is  high  resulting  in  the  creation  of  large 
burrs  making  it  practically  difficult. 

(2)  In  the  case  of  alloy  A2017  and  A6061,  results  of  cutting  variables  such  as  cutting 
force,  chip  shape,  burr  shape,  and  drill  life  indicate  that  drilling  is  possible  at  high 
feed  rates. 
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ABSTRACT 

This  paper  describes,  by  neural  network  technique,  the  optimum  welding  conditions 
friction  welding  of  A6061  aluminum  alloy.  A  lot  of  seven  input  parameters,  three  output 
parameters  for  axial  length,  five  output  parameters  for  heat  input  and  one  output  parameter  for 
tensile  strength  are  required  for  successful  implementation  of  this  approach.  An  extended 
Kalman  filtering  algorithm  was  use  to  determine  the  synapse  weights  of  the  neural  network. 

From  results  learned  by  combining  the  various  input  and  output  parameters,  seven 
factors  of  welding  condition  were  selected  as  inputs  and  three  factors  of  welding  behavior  as 
outputs  for  the  network.  These  inputs  and  outputs  were  then  interchanged,  utilizing  a 
characteristic  of  neural  networks,  in  order  to  obtain  the  optimum  welding  conditions.  As  a 
result,  the  neural  network  was  shown  to  provide  a  method  that  can  successfully  determine  the 
optimum  welding  condition,  despite  being  limited  by  the  range  of  experimental  data  used  for 
training. 


1.  INTRODUCTION 

Friction  welding  [1]  is  a  pressure  welding  process  that  employs  heat  generated  by  the 
sliding  of  friction  faces  to  produce  a  weld.  Possible  uses  of  this  technique  include  the 
joining  of  various  machine  and  electric  parts.  It  is  a  process  controlled  by  few  factors  and  as 
a  result,  it  is  simple  to  set  up.  However,  the  quality,  shape  and  dimensions  of  the  base 
material  can  have  a  significant  impact,  and,  as  a  result,  the  optimum  welding  conditions  are 
usually  determined  from  a  trial  and  error  approach  based  upon  both  experience  and 
experimentation.  Consequently,  it  is  often  difficult  to  determine  optimum  welding 
conditions  within  a  realistic  frame. 

Neural  networks  are  now  an  established  modeling  technique  with  many  applications  in 
the  field  of  engineering.  It  is  a  method  that  can  determine  if  a  parameter  value  is  suitable  for 
an  application,  using  a  pattern  presentation  obtained  by  learning  data  consisting  of  complex 
relationship  with  many  variables. 

In  this  study,  a  neural  network  technique  is  used  to  determine  welded  joint  performance 
based  upon  certain  inputs  (weld  conditions  and  heat  inputs).  Using  results  obtained  by 
reverse  calculation,  the  suitability  of  this  method  to  determine  optimum  welding  conditions  is 
examined. 
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2.  PARAMETERS  OF  FRICTION  WELDING 

There  are  a  large  number  of  input  parameters  and  controlling  factors  in  the  friction 
welding  processing.  The  fundamental  factors  that  can  be  easily  fixed  on  most  welding 
machines  are  the  friction  pressure  P|,  the  up-set  pressure  P2,  the  friction  time  ti  (or  the  friction 
bum-off  quantity  5|),  and  the  rotating  speed  N.  From  experimentation  of  these  input 
parameters,  the  bum-off  quantity  5  and  the  heat  input  q  were  selected  as  middle  stage 
parameters. 

The  bum-off  quantity  5  is  represented  by  the  friction  bum-off  quantity  5i,the  up-set 
bum-off  quantity  82  and  the  total  bum-off  quantity  8t  (5|-i-52).  The  heat  input  q  is  divided 
into  four  inputs  which  can  be  calculated  using  the  following  equations  [2]; 

qif=6.283  X  N  T  i  (J/s)  (2.1),  qid=(Pid^  tt  8  ,)/(4  x  10^,)  (J/s)  (2.2) 

qn=6.283  xNTf  (J/s)  (2.3),  qdi=(P2d^ tt  5 2)/(4 x  IO^b)  (J/s)  (2.4) 

qt=  qif+qid +qfT+qdf  (J/s)  (2.5) 

Where,  qif :  friction  input  under  friction  stage,  qid :  deformation  input  under  friction  stage, 
qff :  friction  input  under  up-set  stage,  qar :  deformation  input  under  up-set  stage 
qt :  total  input,  Tj :  friction  torque  under  friction  stage  (Nm), 

Tf :  friction  torque  under  up-set  stage  (Nm),  d  :  diameter  of  base  material  (mm), 
tfi  :  braking  time  (s). 

A  diagram  of  the  friction  welding  process  is  presented  in  Fig.l . 


Fig.l  Schematic  diagram  of  brake  type  friction  welding  process 
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3.  WELDING  DATA  USED 


The  base  material  used  in  this  experiment  was  A5056  aluminum  alloy.  The  machined 
diameter  of  the  welding  specimen  (base  material)  was  14  mm  and  the  end  face  span  was  20 
mm.  Friction  welding  was  carried  out  under  a  brake  type  welding  process  and  the  range  of 
welding  condition  was  as  follows: 

Friction  pressure  (Pi)  ^  5~45  MPa  ;  Upset  pressure  (P2)  15^135  MPa ; 

Rotating  speed  (N)  16.7-66.7  (rps) ;  Friction  time  (ti)  — ^  2  (s) ; 

Braking  time  (tfi)  0. 1  (s) ;  Upset  timing  (ts)  0  (s) ; 

Diameter  of  base  material  ( 0  d)  14  (mm). 

During  the  welding  process,  the  bum-off  quantity  and  heat  input  were  measured  and 
calculated  by  photo-recorder.  The  welded  joint  was  then  machined  to  the  dimension  of  a 
JIS-14  test  piece  and  the  tensile  strength  crB(MPa)  from  a  tensile  test  conducted  using  an 
Amuslar  testing  machine  with  a  30  KN  ability.  Some  of  these  results  are  presented  in 
Table.  1. 


Table  I  Example  Data 


Welding  condition 


No. 

Pi 

P2 

N 

t, 

h 

ts 

~Wd 

3P3 

15 

45 

16.7 

2 

0.1 

0 

14 

3P20 

20 

60 

33.3 

2 

0.1 

0 

14 

3P25 

45 

135 

2 

0.1 

- u 

— IT 

3P40 

40 

120 

50 

2 

0.1 

0 

14 

3P55 

35 

105 

66.7 

2 

0.1 

0 

14 

M 


easuring  &  Calculation  data 


No. 

5, 

<5. 

Tif 

qid 

qn 

qfd 

qt 

3P3 

0.3 

_03j 

0.6 

558 

0.3 

194 

52 

804 

82 

3P20 

1.2 

4.2 

5,4 

2076 

1.9 

309 

384 

2771 

230 

3P25 

16.8 

12.3 

29.1 

2892 

58 

488 

2552 

5990 

270 

3P40 

13.1 

14.0 

27.1 

2692 

40 

479 

2579 

5790 

264 

3P55 

6.6 

15.7 

22.3 

2343 

18 

499 

2540 

5400 

236 

4.  LEARNING  BASED  ON  NEURAL  NETWORKS 

The  network  stmcture  used  in  the  learning  process  is  formed  from  three  stmctures, 
consisted  of  the  input  layer  (variable),  the  middle  layer  and  the  output  layer  as  illustrated  in 
Fig.2.  The  learning  technique  employed  by  the  neural  network  is  such  that  when  an  output 
signal  was  given,  the  teaching  signal  was  adopted.  This  technique  is  usually  called  a  reverse 
problem,  and  reverse  analysis  (the  identical  algorithm)  can  be  used.  This  is  equivalent  to  the 
problem  of  synapse  weights.  The  problem  was  analyzed  using  a  method  based  on  expanded 
Kalman  filtering  [3],  as  a  neural  network  is  usually  expressed  as  a  non-linear  system. 

This  method  deals  with  synapse  weights  as  a  quantity  of  state  by  considering  the  neural 
network  with  a  state  space.  The  main  advantage  of  this  is  that  the  convergence  of  learning  is 
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faster  than  most  usual  back  propagation  algorithms.  In  addition,  a  sigmoid  function  with  a 
slope  of  1  (Equation  4-1)  was  adopted  as  the  transfer  function. 


Y=1  (1  +e-^) 


(4-1) 


Input 

layer 


Middle 

layer 


Output 

layer 


4.1  Teaching  data 

With  friction  welding,  the  principal  welding  conditions  are  likely  to  be  friction  pressure 
(Pi),  friction  time  (ti)  or  friction  bum-off  quantity  (<5  i),  rotating  speed  (N),  up-set  pressure 
(P2X  up-set  timing  (ts)  and  braking  time  (te). 

The  characteristics  of  the  neural  network  utilized  in  this  study  were  as  follows: 

(D  The  number  of  inputs  (variables)  in  the  input  layer  was  equivalent  to  or  greater  than  the 
number  of  outputs  (variables)  in  the  output  layer. 

(D  The  number  of  units  in  the  middle  layer  was  fixed  by  the  number  of  inputs. 

@  Fifty  iteration  were  used  in  the  learning  process. 

With  consideration  of  these  conditions,  the  method  was  implemented  in  order  to  obtain 
optimum  welding  conditions  using  a  variety  of  the  following  factors,  Pi,p2,  t],  <5  i,N,tB,ts5  <t>  d, 
^  2,  1,  qif,  qid,  qm  qfd,  qt,  cr  b. 

In  the  first,  implementation  of  the  method  (Pi,P2,  ti,N,tB,ts,0d)  and  nine  output  factors 
( (5  1,  ^  2,  <5 1,  qif,  qid,  qm  qfd,  qt,  cr  b)  were  selected.  Next,  seven  input  and  three  output  factors 
were  used.  The  optimum  combination  -  namely,  the  highest  correlation  coefficient  between 
input  and  output  —  was  then  calculated.  As  a  result,  it  was  found  that  there  was  a  strong 
correlation  coefficient  between  seven  inputs  (Pi,P2,  ti,N,tB,ts,  <t>  d)  and  three  outputs  ( d  2,qfd,  cr 
b).  These  results  are  presented  in  Table  2,  where  r  is  correlation  coefficient  and  e  is  mean 
absolute  deviation.  No  significant  differences  were  observed  between  the  tests  using  50  or 
100  learning  iterations.  Comparison  between  experimental  data  (teaching  data)  and 
calculated  values  is  shown  in  Fig. 3. 
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Table  2  Learning  results 


Data 

Middle  Layer 

Learning 

input 

Output 

r 

E 

36 

One  Layer 
Seven  Units 

100 

PhP2.N 

0d 

^2 

0.993 

0.53 

qfd 

0.996 

66 

cr  B 

0,983 

11 

1  6  11  16  21  26  31  36 
Number  of  experirnent 


Fig.3  Comparison  of  teaching  data  with  calculated  values 


4.2  Selection  of  optimum  welding  conditions 

From  Table  2,  it  can  be  seen  that  there  was  a  strong  correlation  between  welding 
condition  and  tensile  strength  <j  b.  Hereupon,  inputs  and  outputs  are  interchanged,  utilizing 
a  characteristic  of  neural  networks,  and  the  method  examined  to  determine  its  suitability  for 
obtaining  optimum  welding  conditions. 

Tensile  strength  a  b  was  selected  as  an  input,  and  friction  pressure  Pi  and  up-set 
pressure  P2  selected  as  outputs,  and  the  learning  process  was  executed.  Learning  conditions 
and  results  are  presented  in  Table  3.  From  Table  3,  it  is  suggested  that  neural  networks  can 
be  used  for  the  inputs  and  outputs  because  of  the  strong  correlation  coefficients  obtained  from 
the  study. 


Table  3  Learning  results 


Data 

Middle  Layer 

Learning 

Input 

Output 

r 

E 

36 

One  Layer 

Six  Units 

100 

^  B>N,t| 

Pi 

0.92 

3.7 

P2 

0.92 

11 

O'b 

0.991 

7.3 
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Verification  of  this  approach  was  conducted  under  varying  welding  conditions 
(Pi,P2,N,ti,tB,ts,0d),  and  the  tensile  strength  ctb  of  the  resulting  weld  dctennincd  using  a 
testing  machine.  The  results  are  shown  in  Table  4,  which  shows  that  the  values  of  calculated 
tensile  strength  aBCai  and  experimental  tensile  strength  cr  bfxp  are  almost  identical. 


Table  4  Verification  conditions  and  results 


Given  welding  conditions  1 

Results  of  calculation 

Result  of  experiment 

No. 

O-n 

N 

ti 

tu 

u 

0d 

P2 

^  BCa! 

^  BExp 

1 

;  100 

66.7 

2 

0.1 

0 

10 

32 

136 

130 

2 

150 

66.7 

2 

0.1 

0 

14 

8 

24 

165 

162 

3 

200 

:  33.3 

2 

0.1 

0 

14 

9 

27 

199 

201 

4 

200 

50 

2 

0.1 

0 

14 

16 

48 

204 

208 

5 

200 

66.7 

2 

0.1 

0 

14 

10 

28 

196 

200 

6 

250 

16.7 

2 

0.1 

0 

14 

38 

113 

253 

248 

7 

250 

33.3 

2 

0.1 

0 

14 

35 

105 

256 

252 

8 

250 

50 

2 

0.1 

0 

14' 

33 

98 

246 

250 

9 

250 

66.7 

2 

0.1 

0 

14 

43 

130 

258 

260 

10 

299 

16.7 

2 

0.1 

0 

14 

33 

98 

286 

290 

11 

299 

33.3 

2 

0.1 

0 

14 

44 

133 

284 

292 

12 

299 

50 

2 

O.I 

0 

14 

45 

135 

288 

295 

13 

299 

66.7 

2 

0.1 

0 

14 

45 

135 

291 

295 

5.  CONCLUSION 

In  this  study,  a  neural  network  technique  was  used  to  determine  weld  joint  performance 
using  various  inputs  (welding  conditions  and  heat  input),  and  results  obtained  by  reverse 
calculation.  Allowing  for  the  performance  of  the  friction  welding  equipment,  the  selection 
of  appropriate  inputs  and  outputs  makes  it  possible  to  determine  optimum  welding  conditions, 
despite  being  limited  by  the  region  of  the  network  model.  In  this  study,  base  material  shape 
and  quality  were  fixed,  and  variation  of  these  parameters  will  from  the  basis  of  future 
research. 
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Abstract 

In  all  of  the  experiments,  the  resultant  fracture  occurred  because  of  the 
formation  and  propagation  of  crack(s)  from  pits  before  and  after  coalescence  and  this  is 
very  important  because  there  is  a  challenge  to  deal  with  not  only  with  the  individual  pits 
but  also  to  consider  developing  an  estimation  of  pitting  corrosion  fatigue  life  of 
corrosion  fatigue  prone  aircraft  structural  components  with  regard  to  multiple  pit 
damage  (MPD).  In  all  but  one  of  the  experiments  conducted  in  the  present  study, 
fractography  revealed  that  the  origin  of  fracture  was  from  the  deepest  pit  measured  at 
the  location  within  the  group  of  pits  that  were  joined.  Moreover,  it  was  observed  that 
fracture  path  always  followed  the  location  of  corrosion  fatigue  nucleated  pits. 

Another  important  finding  from  this  study  is  that  the  origin  of  fracture  was 
dependent  on  the  location  of  corrosion  pits.  It  was  clearly  observed  that  the  location  of 
corrosion  fatigue  nucleated  pits  resulted  in  the  change  of  structurally  significant  location 
(SSL)  with  regard  to  the  origin  of  fatigue  fracture. 


1.  Introduction 

Many  types  of  corrosion  mechanisms  such  as  intergranular,  exfoliation,  pitting, 
crevice,  fretting,  microbiologically  influenced  corrosion,  stress  corrosion  cracking,  and 
hydrogen  embrittlement  have  been  found  to  occur  in  aircraft  structural  aluminum  alloys. 
The  synergistic  effects  of  corrosion  and  the  loading  conditions  have  been  found  to 
initiate  the  corrosion  fatigue  failure  process  in  aircraft  structural  components  and 
recommendations  to  consider  corrosion  fatigue  in  materials  selections  and  engineering 
design  were  proposed  by  Hoeppner  in  1971  [1].  Nucleation  of  cracks  from  corrosion 
pits  was  observed  by  many  researchers  including  the  works  of  Hoeppner  [2],  Goto  [3]  in 
heat-treated  carbon  steel,  and  Muller  [4]  in  several  steels.  As  well,  in  NaCl  environment, 
lowering  of  the  fatigue  life  due  to  the  generation  of  pits  in  carbon  steel  and  7075-T6 
aluminum  alloy  was  observed  under  corrosion  fatigue  conditions.  Furthermore,  recent 
studies  also  illustrated  the  effect  of  prior  corrosion  induced  pits  on  the  fatigue  life  as 
well  as  ‘‘short”  crack  behavior  of  2024-T3  and  7075-T6  aluminum  alloy  materials  [5,6]. 
In  addition,  pitting  corrosion  has  been  shown  to  affect  the  fatigue  life  of  cold  wor^d 
fastener  hole  in  2024-T3  and  7075-T6  aluminum  alloy  as  well  [7]. 

Once  the  pit  forms,  the  rate  of  pit  growth  is  dependent  mainly  on  the  material,  local 
solution  conditions  and  the  state  of  stress.  Cracks  have  been  observed  to  form  from  pits 
under  cyclic  loading  conditions.  This  work  will  remain  for  future  research. 
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2.  Experimental  Methodology 


An  interrupted  corrosion  fatigue  experimental  methodology  was  developed  to  generate 
pit  growth  rates  in  2024-T3  aluminum  alloy.  The  specimens  were  prepared  for  artificial 
corrosion  to  produce  pits  on  the  surface.  The  specimens  were  masked  except  for  a  small 
square  of  approximately  1  mm  by  1  mm  at  the  center  section  of  the  specimen.  A 
horizontal  fatigue  machine  with  MTS  serN'^o-contr oiled  and  electro-hydraulic  system 
was  used  in  conducting  corrosion  fatigue  experiment.  Environmental  chambers  were 
machined  with  Plexi  Glass.  The  environment  used  was  3.5%  NaCl  solution.  The  same 
solution  was  used  until  the  specimen  fractured.  The  solution  pH  varied  from  6.5 
(‘‘fresh”  solution  at  the  beginning  of  the  experiment)  to  6.9  (before  fracture).  The 
solution  was  introduced  into  the  environmental  chamber  by  gravity.  Inlet  and  outlet 
flow  regulators  controlled  the  flow  rate  of  solution  into  the  chamber  during  testing.  A 
maximum  load  of  312  lb  or  1.4  kN  (produced  a  stress  of  20  ksi  at  the  reduced  center 
section  of  the  specimen)  was  applied  at  the  reduced  cross  section  of  the  specimen  at  R  — 
0.1  and  at  a  frequency  of  10  Hz.  In  this  research,  corrosion  fatigue  induced  pits  were 
allowed  to  form  on  the  exposed  area  of  the  specimen  only  on  the  upper  surface  of  the 
specimen.  The  area  of  the  exposed  surface  was  approximately  a  square  of  1  mm  x  1  mm 
at  the  center  of  the  specimen  for  specimen#  2,  3,  4,  and  5.  The  testing  was  interrupted 
periodically  to  remove  the  specimen  for  analysis  of  corrosion  fatigue  induced  pits  using 
the  optical  microscope,  scanning  electron  microscope,  and  confocal  microscope(ZEISS 
LSM-510  ).  The  specimen  was  removed  periodically  from  the  fatigue  test  machine  to 
analyze  and  to  quantify  the  growth  of  pits.  In  general,  the  specimen  was  removed  for 
analysis  every  20,000  corrosion  fatigue  cycles.  Depth  of  corrosion  fatigue  nucleated  pits 
was  quantified  using  the  confocal  microscope  as  well  as  the  distribution  of  the  depth  for 
each  pit  also  was  recorded.  After  fracture,  fractography  was  performed  to  correlate  the 
origin  of  fracture  to  the  “failure  pit(s)”  that  caused  the  fracture. 

3.  Results  and  Discussion 


While  counting  the  number  of  pits  as  well  as  classifying  the  pits  with  certain 
depth  periodically,  the  following  procedure  was  used  consistently  for  all  of  the  pits 
monitored  in  all  of  the  specimens.  Once  a  group  of  pits  joined,  all  of  the  pits  in  that 
group  were  counted  as  the  pits  having  the  depth  corresponding  to  the  pit  of  maximum 
depth  measured  in  that  group.  For  example,  in  specimen  #3,  as  shown  in  Figure  1,  after 
60,000  corrosion  fatigue  cycles,  pit#  19  and  21  were  individual  pits  growing  at  a 
random  location  with  depths  of  21  and  30.8  pm  respectively.  After  80,000  cycles,  as 
shown  in  Figure  1,  the  pits  19  and  21  joined  together,  and  when  the  depth  was  measured 
at  this  location  where  the  pits  joined,  naturally  there  would  be  a  distribution  of  the  depth. 
The  maximum  depth  that  was  measured  at  this  location  was  considered  as  the  depth  for 
all  of  the  pits  that  were  joined  within  that  group.  Figurel  shows  the  distribution  of  the 
depth  of  pits  (#  19  and  21)  that  were  joined.  This  procedure  was  employed  because  once 
the  pits  joined,  it  was  difficult  to  identify  the  boundary  of  the  pit(s)  when  the  pits 
remained  as  individual  pits  before  they  joined.  The  group  of  pits  that  were  found  to  be 
joined  when  analyzed  periodically  was  indicated  clearly  in  pit  depth  for  all  of  the 
section. 
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Figure  1 :  SEM  pictures  showing  pits  developed  under  corrosion  fatigue  conditions  after 
60,000  cycles,  (top)  and  after  80,000  cycles,  (bottom). 

The  discussion  of  these  results  is  provided  in  the  next  speciman.Pit  growth  rates 
measured  in  terms  of  the  depth  (pm)  using  the  confocal  microscope  clearly  illustrate 
that  pits  once  nucleated  indeed  grow  to  a  critical  depth  resulting  in  the  fracture  of  2024- 
T3  aluminum  alloy  specimens  tested  in  this  study  The  pits  were  randomly  distributed 
with  different  sizes  and  shapes.  It  can  be  concluded  that  there  is  no  standard 
morphology  for  pits.  The  factors  that  may  decide  the  morphology  of  pits  may  include 
localized  distribution  of  material  composition  such  as  Al-Cu  distribution  in  2024-T3 
alloy,  composition  and  the  availability  of  electrolyte  inside  and  outside  of  the  pits, 
structure  and  composition  of  oxide  film,  temperature,  stress  conditions  to  name  a  few. 
As  stated  by  Smialowska  [7],  since  pitting  is  an  electrochemical  process,  these 
variations  in  the  morphology  of  pits  may  depend  on  the  uneven  distribution  of  current 
density  within  the  pit.  This  also  may  occur  because  of  the  local  changes  in  the 
thicknessof  the  salt  layer  as  well.  Therefore,  it  is  important  to  characterize  the 
distribution  of  the  depth  within  a  pit  in  addition  to  quantifying  the  maximum  depth  of  a 
pit.In  all  of  the  experiments,  the  resultant  fracture  occurred  because  of  the  formation  and 
propagation  of  crack(s)  from  pits  before  and  after  coalescence  and  this  is  very  important 
because  there  is  a  challenge  to  deal  with  not  only  with  the  individual  pits  but  also  to 
consider  developing  an  estimation  of  pitting  corrosion  fatigue  life  of  corrosion  fatigue 
prone  aircraft  structural  components  with  regard  to  multiple  pit  damage  (MPD).  This 
observation  is  supported  by  the  charts  of  pit  depth  vs.  number  of  corrosion  fatigue 
cycles  for  all  of  the  pits  monitored  in  specimen#  2,  3,  4,  and  5  tested  in  this  study.  Only 
7  pits  were  monitored  in  specimen#  1 .  A  example  is  provided  in  Figures  2  for  specimen 
#2.  For  example,  in  specimen#  4,  even  though  the  maximum  depth  (46.2  pm)  was 
recorded  at  a  location  where  pit#  24,  25,  27A,  28,  and  29  joined  together,  but  the  origin 
of  fracture  resulted  from  the  location  where  pit#  15,  16,  17,  18,  19A,  19B,  19C,  20,  21, 
and  22  joined  resulting  in  the  maximum  depth  of  41.5  pm.  This  is  because,  the  greater 
number  of  pits  join,  the  larger  the  aspect  ratio  of  the  group  of  pits.  This  observation  is 
shown  in  Figure  3.  Once  the  pits  are  nucleated  under  corrosion  fatigue  conditions,  at 
some  point  of  time  or  after  certain  number  of  corrosion  fatigue  cycles,  crack(s)  first 
fonn  from  inside  the  bottom  of  the  pits  as  Hoeppner  had  observed  this  in  his  earlier 
research,  as  is  the  case  in  the  present  study  as  well.  Examples  of  cracks  developing 
within  the  pits  were  captured  in  this  study  and  they  are  shown  in  Figure  4.  According  to 
Payer  and  Staehle  [9],  there  is  an  analogy  between  an  electrochemical  cell  and  a 
growing  pit. 
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Pit  Growth  Rates  In  2024-T3  Aiuminum  Alloy  (Specimen  #2)  [amax  =  20  ksl; 
R=0.1;  f=10  hz;  Environment  =  3.5%  NaCI] 


r 


Number  of  Corrosion  Fatigue  Cycles  (N) 


Figure  2:  Pit  growth  rates  for  Specimen#  2  . 

_  Muliple  pits  (Pit#  15,  16,  17, 


Figure  3:  SEM  and  Confocal  Images  Showing  the  Origin  of  Fracture  from  the  ‘‘Failure 


Pif’  of  Maximum  Depth  41.5  mm  for  Specimen  4  —  2024-T3  Aluminum  Alloy. 

The  bottom  of  the  pit  is  an  anode,  and  the  surface  of  the  material  and  the  surrounding 
walls  of  the  pit  are  the  cathodes.  It  is  believed  that  the  bottom  of  the  pits  is 
electrochemically  active  as  the  aggressive  chemical  solution  is  dragged  in  to  the  pit  by 
capillary  action.  As  a  result,  the  pits  grow  deeper  and  also  because  of  the  applied  cyclic 
load,  fatigue  cracks  could  very  well  originate  from  the  location  where  the  stress 
concentration  is  the  largest,  that  is,  at  the  bottom  of  the  pit.  Therefore,  it  can  be  stated 
that  in  a  corrosive  environment,  with  the  simultaneous  application  of  fatigue  loading, 
the  process  of  corrosion  fatigue  is  dependent  largely  on  the  rate  at  which  pits  fonn  and 
grow  to  a  critical  depth  to  nucleate  the  Mode-I  fatigue  crack  that  now  becomes  visible 
outside  the  pits.  Furthennore,  it  is  believed  that  the  deeper  the  pits,  the  faster  the  crack 
emanates  from  the  bottom  of  the  pits  and  the  faster  the  cracks  that  would  form  as 
surface  cracks  or  as  part  through  cracks  from  the  pits.  Is  this  a  significant  issue  with 
regard  to  the  safety  of  the  aging  aircraft  structural  component?  Of  course  it  is,  because 
if  the  metrics  with  regard  to  the  growth  or  development  of  corrosion  pits  are  ignored 


Figure  4:  SEM  pictures  showing  crack(s)  from  the  bottom  of  the  pits  as  well  as  surface 
crack  from  pits  (Specimen#  2).  Arrows  indicate  loading  direction. 

In  all  but  one  (specimen#  4  as  discussed  before)  of  the  experiments  conducted  in  the 
present  study,  fractography  revealed  that  the  origin  of  fracture  was  from  the  deepest  pit 
measured  at  the  location  within  the  group  of  pits  that  were  joined.  Moreover,  it  was 
observed  that  fracture  path  always  followed  the  location  of  corrosion  fatigue  nucleated 
pits  as  shown  in  Figure  5.  Even  though  the  objective  of  this  research  is  not  to  capture 
the  transition  pit(s)  to  crack,  the  fractography  clearly  supported  the  hypothesis  that 
fracture  occurred  from  the  deepest  pit(s)  in  specimen#  2  tested  in  this  research.  This 
means  that  crack(s)  originated  from  the  bottom  of  the  deepest  pit(s)  caused  the  fracture. 
This  alone  validates  the  significance  of  developing  pit  growth  rates  as  well  as  the  size  of 
pits  for  aluminum  alloy  material  used  in  aircraft  structures.  In  general,  cleavage  fracture 
with  river  patterns  emanating  from  the  origin  was  observed  from  fractography  in  all  of 
the  fracture  surfaces. 

4.  Conclusions 


•  These  charts  as  well  as  the  charts  of  pit  depth  vs.  pit  length  and  width  clearly 
show  that  pits  coalesce  after  a  certain  number  of  corrosion  fatigue  cycles  and  the 
group  of  pits  grows  three  dimensionally  to  cause  the  fracture  of  the  specimens. 

•  In  all  of  the  experiments,  the  resultant  fracture  occurred  because  of  the 
formation  and  propagation  of  crack(s)  from  pits  before  and  after  coalescence. 
There  is  a  challenge  to  deal  with  not  only  with  the  individual  pits  but  also  to 
consider  developing  an  estimation  of  pitting  corrosion  fatigue  life  of  corrosion 
fatigue  prone  aircraft  structural  components  with  regard  to  multiple  pit  damage 

•  The  origin  of  fracture  is  dependent  on  the  location  of  corrosion  pits.  It  was 
clearly  observed  that  the  location  of  corrosion  fatigue  nucleated  pits  result  in  the 
change  of  structurally  significant  location  (SSL)  with  regard  to  the  origin  of 
fatigue  fracture. 


Figure  5:  Confocal  images  showing  the  crack  path  through  corrosion  fatigue  nucleated 
pits  -of  Specimen#2. 
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ABSTRACT 

Microstructure  and  mechanical  properties  of  semi-solid  processed  A1  parts  for  automobile 
application  were  analyzed  and  were  compared  with  those  of  die-cast  parts  and  forged  parts. 
While  it  is  known  to  be  impossible  for  die-cast  part,  in  addition,  heat  treatment  on  the  semi¬ 
solid  processed  part  was  performed  so  that  the  effect  of  heat  treatment  on  the  improvement  of 
mechanical  properties  of  semi-solid  processed  part  could  be  evaluated  in  terms  of  tensile 
strength,  wear  properties,  etc. 

Microstructure  of  semi-solid  processed  A1  part  did  not  show  any  noticeable  micro  pores  as 
compared  to  the  microstructure  of  die-cast  part.  T6  heat  treatment  on  A3 19  alloys  has  greatly 
improved  the  hardness  as  well  as  the  wear  resistance.  Semi-solid  processed  A3 19  part  showed 
slightly  higher  hardness  value  than  and  similar  wear  resistance  to  that  of  forged  A332-T4  part. 
Abrasive  type  wear  behavior  was  observed  in  both  types  of  alloys  and  the  friction  coefficients 
of  two  alloys  were  similar  to  be  approximately  lower  than  0.5.  In  any  cases,  the  heat  treated 
semi-solid  processed  A1  parts  showed  much  improved  properties  compared  to  the  die-cast 
parts  and  could  be  competitive  with  forged  A1  parts.  Experimental  details  will  be  presented. 


1.  INTRODUCTION 

The  automotive  industry  pays  a  great  deal  of  attention  to  making  parts  as  low  cost,  light 
weight  and  reliable  as  possible  and  therefore  the  automotive  industry  is  now  using  much  more 
aluminum  than  before.  Recently  Production  of  A1  automotive  parts  using  semi-solid 
forming(SSF)  process  receives  more  and  more  attention  from  auto  manufacturers,  especially 
in  Europe  and  U.S.A, 

The  forming  of  metals  is  commonly  performed  in  fully  solid  state  (i.e.  forging)  or  in  fully 
liquid  state  (casting).  Whilst  solid  state  forming  produces  high  performance  parts,  it  is 
generally  associated  with  long  process  lines,  high  energy  consumption  and  limitation  on  shape. 
On  the  other  hand  castings  offers  the  possibility  to  produce  complex  shapes  with  few  process 
steps  but  does  not  enable  the  production  of  the  same  high  performance  quality  as  solid  state 
forming  does. 

SSF,  a  new  forming  technology  of  semisolid  metals,  allows  to  combine  the  formability  of 
liquid  metals  with  the  quality  of  solid-state  formed  products.  The  key  to  the  process  is  in 
producing  a  non-dendritic  microstructure,  consisting  of  small,  interconnected  solid  phase 
globules  suspended  in  the  liquid  matrix.  This  particular  microstructure  is  also  at  the  origin  of 
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the  thixotropic  behavior  of  the  semi-solid  alloys,  allowing  them  to  be  handle  as  a  solid  when 
at  rest  and  attaining  fluid-like  properties  when  sheared  during  the  forming  operation. 

Some  of  the  advantages  of  SSF  processing  include  near  net  shape,  the  ability  to  form  thin 
walls,  excellent  surface  finish,  tight  dimensional  tolerances  and  excellent  dimensional 
repeatability  as  well  as  good  weldability.  Compared  to  100%  liquid  processing,  such  as  used 
in  conventional  high  pressure  die  or  squeeze  casting,  semi  solid  metal  flow  is  laminar, 
contains  less  thermal  energy  and  shrinks  less  during  solidification.  Mechanical  properties  are 
comparative  with  those  of  other  premium  casting  processes  such  as  squeeze  and  low  pressure. 
It  is  outgoal  to  get  a  basic  understanding  for  the  relationship  between  microstructure  and 
mechanical  properties  of  the  SSF  parts.  This  work  includes  preliminary  results  on 
microstructure  and  mechanical  properties  of  semi-solid  processed  A1  parts  for  automobile 
application  were  compared  with  those  of  die-cast  parts  and  forged  parts. 


2.  EXPERIMENTAL 

In  this  experiment,  A1  parts  for  automobiles  which  are  subject  to  relatively  extensive  wear 
were  made  from  various  processing  methods  such  as  forging,  die  casting,  semi-solid  forming 
and  the  types  and  chemical  compositions  of  the  specimens  used  in  this  work  is  summarized  in 
Table  1 .  The  microstructure  was  studied  using  SEM  and  EDS  analysis  was  done  using  Oxford 
Link  ISIS  with  Li-doped  Si  window  at  an  accelerating  voltages  of  20  kV.  The  quantitative 
analysis  was  made  using  ZAF  method.  Microvickers  hardness  was  measured  using  a  load  of 
0.05kgf  and  the  load  was  applied  for  10  seconds.  An  average  of  seven  hardness  readings  was 
taken.  Ball-on-disk  type  wear  tests  were  performed  at  room  temperature.  Applied  load  was 
0.3kgf  and  the  sliding  distance  was  250  km  with  a  linear  velocity  of  3.75cm/sec.  Alumina  ball 
with  8  mm  in  diameter  was  used  as  counterface  ball  and  the  relative  humidity  was  50  -  60%. 
and  no  lubricant  was  used.  The  wear  track  was  analyzed  using  a  profiler  meter  and  the  friction 
coefficient  and  the  weight  change  were  measured. 


Table  1  Chemical  composition  of  specimens 


Specimen 

Process 

Chemical  composition 

Si 

Fc 

Cu 

Mn 

Mg 

Ni 

Zn 

Sn 

Ti 

A332 

Forging,  T4 

12 

1.0 

1.0 

2.5 

A332 

SSF 

A319 

SSF 

5.5~6.5 

0.15 

2.5~3.5 

0.03 

0.3~0.4 

0.03 

0.05 

0.03 

0.2 

A319 

SSF,  T6 

ADC-10 

Die-Casting 

10 

0.15 

0.03 

0.03 

0.5~0.6 

0.03 

0.05 

0.03 

0.2 

3.  RESULTS  AND  DISCUSSION 
3.1  Microstructure  and  Microhardness 

Microstructure  from  various  specimens  are  summarized  in  Fig.  1.  Fine  microstructure  with 
flow  lines  could  be  seen  from  the  forged  and  T4-treated  specimens  in  Fig.  1  a)  and  a  non- 
dendritic  microstructure,  consisting  of  small,  interconnected  solid  phase  globules  suspended 
in  the  eutectic  matrix  could  be  seen  from  the  semi-solid  formed  specimens  in  Fig.  lb)-d).  SSF 
A319-T6  specimen  showed  much  finer  microstructure  with  small  precipitates  of  Fe2Si2A19. 


1140 


Micro  pores  observed  from  the  die-cast  ADC- 10  specimen  as  shown  in  Fig  le)  were  not 
detected  from  either  forged  specimen  or  SSF  specimens. 


Fig.l  Microstructure  of  various  specimens 
(a)  Forged  A332-T4  specimen,  (b)  SSF  A332  specimen, 

(c)  SSF  A3 19  specimen,  (d)  SSF  A319-T6  specimen,  (e)  Die-Casting  ADC- 10  specimen 


Results  from  the  microhardness  measurement  were  summarized  in  Fig,  2.  Slightly  higher 
microhardness  observed  from  the  forged  A332-T4  comparing  with  SSF  A332  could  be 
attributed  to  the  finer  microstructure  and  heat  treatment.  A3 19  specimen,  containing 
approximately  one  half  amount  of  Si  content  comparing  with  A3 32  specimen  showed  lower 
microhardness,  but  T6  heat  treatment  on  SSF  A3 19  alloys  has  improved  the  hardness  so  that 
SSF  A319-T6  specimen  showed  slightly  higher  hardness  value  of  130Hv  than  that  of  forged 
A332-T4  specimen.  Die  cast  ADC- 10  specimen  with  approximately  10%Si  showed  similar 
microhardness  of  120Hv  with  forged  A332-T4  specimen. 


3.2  Wear  tests 

The  results  from  the  ball-on-disk  type  wear  test  at  room  temperature  were  summarized  in  Fig. 
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3.  The  wear  volume  in  Fig.  3  was  calculated  from  the  wear  track  using  a  profilermeter.  The 
ADC-10  die-cast  specimen  showed  the  worst  wear  resistance  and  the  forged  A332-T4  and 
SSF  A319-T6  showed  similar  wear  volume  as  shown  in  Fig.  3.  Although  ADC-10  specimen 
showed  similar  microhardness  with  forged  A332-T4,  micro  pores  observed  from  the  die  cast 
ADC-10  specimens(Fig.  le))  are  believed  to  have  effect  on  deteriorating  the  wear  resistance. 
Extensive  adhesion  type  wear  behavior  observed  from  the  surface  of  the  worn  ADC- 10 
specimen  supports  this  explanation.  A332-T6  heat  treatment  on  the  SSF  A3 19  specimen 
showed  improved  wear  resistance  comparing  with  SSF  A3 19  without  heat  treatment  and  it 
could  be  attributed  to  the  finer  microstructure  and  higher  microhardensss  from  the  SSF  A319- 
T6  specimen. 


Fig.3  Results  from  wear  test  (weight  change) 


Fig.  4  showed  the  wear  tracks  from  various  specimens.  The  wear  tracks  from  the  of  forged 
A332-T4  (Fig  4a)  and  SSF  A319-T6  specimen  (Fig.  4d)  not  only  were  narrower  than  those 
from  other  specimens,  but  showed  abrasive  type  wear,  comparing  with  the  adhesive  type  wear 
observed  from  the  die  cast  ADC- 10  specimen. 


Fig.4  SEM  micrographs  of  wear  tracks 
(a)  Forged  A332-T4  specimen,  (b)  SSF  A332  specimen, 

(c)  SSF  A3 19  specimen,  (d)  SSF  A319-T6  specimen,  (c)  Die-Casting  ADC- 10  specimen 
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Fig. 5  Results  from  wear  test  (wear  width) 


Fig.6  Results  of  the  wear  profile  after  wear  test 
(a)  Forged  A332-T4  specimen,  (b)  SSF  A3 32  specimen, 

(c)  SSF  A3 19  specimen,  (d)  SSF  A319-T6  specimen,  (e)  Die-Casting  ADC-10  specimen 


Average  wear  width  and  wear  depth  profiles  were  measured  and  summarized  in  Fig.  5  and  Fig. 
6,  respectively.  Fig,  7  showed  friction  coefficients  measured  from  various  specimens  and  after 
initial  steep  increase,  forged  A332-T4  specimen  and  SSF  A319-T6  specimen  showed  lower 
values  of  approximately  0.44  and  0.42  respectively.  Friction  coefficients  of  higher  than  0.6 
were  observed  from  the  die  cast  ADC-10  and  other  SSF  specimens  without  heat  treatment.  It 
is  noted  that  Si  content  in  the  alloy  did  not  affect  the  friction  coefficients  very  much.  Instead, 
the  degree  of  the  fineness  of  microstructure  was  appeared  to  be  a  deciding  factor. 
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1.2 


Fig. 6  Friction  coefficient 


4.  SUMMARY  AND  CONCLUSIONS 

1)  Results  from  the  micfohardness  measurement  showed  that  slightly  higher  microhardness 
observed  from  the  forged  A332-T4  comparing  with  SSF  A332  could  be  attributed  to  the  finer 
microstructure  and  heat  treatment.  Die  cast  ADC- 10  specimen  with  approximately  10%Si 
showed  similar  microhardness  of  120Hv  with  forged  A332-T4  specimen. 

2)  The  wear  volume  calculated  from  the  wear  track  using  a  profilermeter  indicated  that  die 
cast  ADC- 10  showed  the  worst  wear  resistance  and  the  forged  A332-T4  and  SSF  A319-T6 
showed  similar  wear  volume. 

Wear  tracks  from  the  forged  A332-T4  and  SSF  A319-T6  specimen  not  only  were  narrower 
than  those  from  other  specimens,  but  showed  abrasive  type  wear,  comparing  with  the 
adhesive  type  wear  observed  from  the  die  cast  ADC- 10  specimen.  Si  content  in  the  alloy  did 
not  affect  the  friction  coefficients  very  much  but  the  degree  of  the  fineness  of  microstructure 
was  appeared  to  be  a  deciding  factor. 
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